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Abstract 

The past decades have seen the rapid advance of transmission electron microscopy (TEM) techniques from 

aberration correction of the electron probe for a supreme spatial resolution to development of various 

spectroscopy detectors for better detection efficiency and higher energy resolutions. Nowadays, seeing atoms 

has become a daily routine to electron microscopists, and atomic-scale characterization accompanied by 

spectroscopic techniques is widely performed to understand the physical and chemical properties of diverse 

materials. In particular, combination of scanning TEM (STEM) and spectroscopy, which is known as 

analytical STEM, is an optimal tool to explore atomically resolved crystalline, elemental, chemical, and 

electronic structures of materials. Analytical STEM includes STEM-energy dispersive X-ray (EDX) and 

STEM-electron energy-loss spectroscopy (EELS) and has been demonstrated to be ideal to study local 

crystalline structures such as the interface of materials, crystalline defects, etc. To well perform such analysis, 

adequate TEM modes and conditions need to be employed and correct interpretation of STEM images and 

spectroscopic data should be conducted, which is possible by integrating STEM experiments and related 

computational simulations. 

In this thesis, analytical STEM is employed to study the local atomic and electronic structures embedded in 

perovskite alkaline earth stannates, particularly BaSnO3, by means of various experimental and 

computational methods. First, in Ch. 2 and 3, micro- and atomic crystalline structures in BaSnO3 thin films 

are investigated via TEM images and diffraction patterns. Image simulations based on the Multislice theory 

assist to explain the observed complex image contrast. In Ch. 4, detailed electronic structures of BaSnO3 are 

explored by combination of EELS and ab initio calculations. Next, in Ch. 5 and Ch. 6, atomic and electronic 

structures of particular local crystalline defects in BaSnO3 thin films, new line defects (Ch. 5) and threading 

dislocations (TDs) (Ch. 6), are researched by combination of analytical STEM and ab initio calculations. 

Additionally, a study of black arsenic (BAs), a promising two-dimensional material, is also presented in Ch. 

7. The individual projects that are included in this thesis are as follows: 

 

Ch. 2. Microstructure analysis of BaSnO3 thin films grown on different substrates 

Material properties of epitaxial thin films are directly affected by the microstructure of thin films, e.g. 

uniformity, orientation of grains, crystalline defects. Hence, in general, microstructure analysis is the most 
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basic and essential step in the study of thin films. When various TEM techniques along with X-ray diffraction 

(XRD) are used, comprehensive and detailed micro- and atomic structures of a material can be obtained. 

Here, epitaxial La-doped BaSnO3 (La:BaSnO3) films grown on different perovskite substrates are analyzed 

via TEM to examine micro- and atomic structures in the films. Rotational disorders of columnar grains 

present in the thin films are visualized by conventional TEM under a two-beam condition, and the degree of 

the disorders is quantified by selected-area electron diffraction. Atomic structures near the film-substrate 

interfaces are inspected via high-resolution annular dark-field (ADF)-STEM images, and correlation between 

the lattice constant mismatch and the type and density of misfit dislocations (MDs) present at the interfaces 

is revealed. 

 

Ch. 3. Visualization of misfit dislocation network at the BaSnO3-substrate interface using ADF-STEM 

At the interface of two distinct materials, e.g. a film and a substrate, lattice mismatch between the two causes 

formation of MDs, which otherwise would form an epitaxially coherent interface. And, as shown in Ch. 2., 

the interfacial structures can have a significant impact on the overall properties of a film. Here, the MD 

network at the BaSnO3-LaAlO3 interface is visualized using plan-view ADF-STEM images from 

BaSnO3/LaAlO3 bilayers. ADF-STEM images of the bilayers are demonstrated to be sensitive to the electron 

beam direction, the thickness of each layer, and the defocus of the electron beam. To understand the effect 

of each parameter, STEM beam propagation through the bilayers is simulated, and the focal series of high-

angle-ADF (HAADF)-STEM images are computed and compared with experimental data. The study 

provides a nice example of understanding complex contrast in ADF-STEM images in terms of channeling 

behavior.  

 

Ch. 4. Electronic structure of BaSnO3 analyzed using EELS and ab initio theory 

Along with crystalline structural analysis via STEM imaging, electronic structures of materials can be studied 

using EELS in STEM. In interpretation of complicated EELS data to extract useful information, introduction 

of ab initio calculations is an effective and powerful approach. In this chapter, experimental low-loss and 

core-loss EELS spectra obtained from bulk BaSnO3 are analyzed in detail with the electronic band structures 

of the material computed based on density functional theory (DFT). Low-loss EELS spectrum provides 
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information of outer shell structures including the band gap, plasmon oscillation, and interband excitations. 

Core-loss EELS of O K, Ba M4,5, Sn M4,5, and Ba N4,5 edges with distinct fine structures are presented and 

spectral shape of O K edge is explained via the unoccupied density of states (DOS) in the conduction band 

of BaSnO3. This study demonstrates how to understand features in EELS by incorporating ab initio 

calculations. 

 

Ch. 5. Atomic and electronic structures of 1D line defects in BaSnO3 

In the past decade, new kinds of atomic-scale crystalline defects have been discovered in perovskite-

structured materials via sub-angstrom resolution STEM imaging. Here, a unique and newly found line defect 

in BaSnO3 thin films is reported and analyzed using analytical STEM and ab initio calculations. This line 

defect is aligned along the film growth direction and shows an atypical atomic configuration. Structure and 

composition of the line defects are investigated using atomic resolution STEM-EDX, which is supported by 

structural optimization using DFT-based simulations. The calculated electronic structure of the line defect 

reveals that the defect structure induces additional electronic bands that cross the Fermi level, which is 

distinct from the wide bandgap host BaSnO3. The nature of the defect is further explored via parametric 

simulations, and lastly, comparison of simulated and experimental O K edges from the line defect reaffirms 

the localized electronic structure modifications at the defect. 

 

Ch. 6. Dopant segregation around dislocations in La:BaSnO3 

In epitaxially grown thin films, TDs are the most ubiquitous crystalline defects, and they alter the local atomic 

structures and modify physical and chemical properties of the material. In particular, TDs in BaSnO3 thin 

films are believed to be primarily responsible for the limited electronic transport properties of the material. 

However, detailed research on the properties of TDs in BaSnO3 is lacking. Here, local atomic, compositional, 

and electronic structures of dominant TDs in La:BaSnO3 thin films, [001]/(100) and [001]/(110) type edge 

dislocations, are explored. Core structures of dislocations show variations in their size and atomic 

configurations; especially, distinct core structures with Sn enrichment are also observed. La dopant 

segregation adjacent to TDs is monitored, and the observation is explained using a strain field map of TDs. 

Discussions in this chapter are from parts of the preliminary results of an ongoing project. 
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Ch. 7. Dielectric response and stability study of black arsenic. 

Black arsenic (BAs) is a two-dimensional van der Waals layered material that has a puckered honeycomb 

structure. BAs has gained increased interest due to its anisotropic properties and promising performance in 

devices. Here, the physical and chemical properties of BAs are examined using analytical STEM. Three-

dimensional crystalline structure and the degree of anisotropy are directly evaluated via STEM imaging, and 

the dielectric response of BAs is measured as a function of the number of layers using STEM-EELS. Lastly, 

the stability of BAs under different ambient environments is studied in detail, and its high sensitivity toward 

moisture in the air is discussed. 
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1. Introduction 

In this chapter, backgrounds on transmission electron microscopy (TEM) analysis of crystalline defects in 

thin film BaSnO3 are provided. First, the basics of TEM from a brief history to imaging mechanisms and 

theories underlying spectroscopy are presented to overview general principles and capabilities of TEM. Then, 

characteristics of perovskite stannates BaSnO3, the material of interest in the thesis, are outlined, highlighting 

increasing research attention on the material due to its favorable material properties for applications. Lastly, 

various atomic-scale defects observed in perovskite oxides and their impacts on material’s properties are 

summarized. 

1-1. Basics of transmission electron microscopy 

Across the broad range of fields in science, microscopy is a pivotal tool to study objects that are too small to 

see through our eyes. While the concept of magnifying an object using glass has been around from earlier 

days and light microscope in a practical form was invented in around 1590 by Dutch engineer, Hans Janssen 

and Zacharias Janssen, the fundamental limit of the resolution using the light source1 had remained as an 

obstacle to resolve smaller subjects. In the meantime, discovery of the ‘electron’ by J. J. Thomson in 1897 

followed by finding of wave-like properties of the electrons by L. de Broglie in 1925 engendered the idea of 

a microscope using the electron source, which can overcome the limit of resolution due to the wavelength of 

the source. In 1932, M. Knoll and E. Ruska first proposed and realized the actual electron microscope (see 

the picture of the first electron microscope and the first electron microscopy image in Figure 1-1)2. Since 

then, an enormous advance in TEM technology has been achieved ranging from improvement of spatial 

resolution in imaging, thanks to aberration correction of the electron probe3, to development of various 

spectroscopy techniques in TEM. TEM imaging accompanied by spectroscopy such as energy dispersive X-

ray (EDX), electron energy-loss spectroscopy (EELS), cathodoluminescence, etc. enables comprehensive 

chemical and physical analysis of materials with fine spatial resolutions4-6. Along with the advance of 

instruments, our knowledge on how to interpret TEM images and spectroscopic data have progressed 

enhancing the utility of the electron microscopy techniques. Nowadays, TEM has become not only an 

indispensable and powerful tool in materials sciences, chemistry, physics, biology, but also a research field 

that studies fundamental electron behaviors and electron-material interactions. In Figure 1-1, a brief history 
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of development of TEM is summarized with emphasis on the advances in scanning TEM (STEM), EELS, 

and the Multislice method that are primarily utilized in this thesis. 

 

 

Figure 1-1. History of TEM7, 8, *2, **9. 

 

In TEM, the electrons pass through a thin (less than 100 nm) specimen and interact with materials; then, they 
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are scattered by a variety of mechanisms and produce useful signals. Simple configuration of TEM is 

illustrated in Figure 1-2(a), and signals generated from the electron beam-material interactions are 

summarized in Figure 1-2(b). In Figure 1-2(b), related TEM techniques to each type of signals are also 

presented. 

 

 

Figure 1-2. (a) Schematics of electron beam optics in TEM. Yellow columns and cones represent the 
electron beam. (b) Signals generated from the electron beam-material interactions and TEM 
techniques utilizing them6. 

 

1-2. Imaging in TEM 

TEM can be operated in two modes of conventional TEM (CTEM) and STEM modes, which are 

characterized by configuration of the incident beam. In the CTEM mode, a parallel and coherent electron 

beam is irradiated onto a specimen and distribution and intensity of the electrons reaching the image plane 

are recorded. Figure 1-2(a) shows a simplified ray diagram of CTEM. A TEM image is generated by several 

notable contrast mechanisms: mass contrast, diffraction contrast, and phase contrast. When electrons pass 

through a specimen, some of them undergo Rutherford scattering, in which incident electrons are elastically 

but incoherently scattered due to the Coulombic interaction with the nucleus of an atom inside a specimen. 

Then, the bright-field (BF) detector collects the unscattered electron beam. The stronger the scattering of 

electrons, the darker the contrast is in the BF CTEM image, which is called mass contrast. In addition to the 
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mass contrast, the wave properties of electrons generate diffraction and phase contrast. When parallel beams 

travel through crystals, Bragg diffraction, a strong electron scattering at the Bragg angles, occurs due to the 

periodic structures, which generates diffraction contrast. In particular, interference between the direct beam 

and the diffracted beams affects the image contrast, resulting in high sensitivity of the contrast on the 

specimen thickness and orientation of a specimen. Hence, we can observe thickness variations or specimen 

bending in the collected images. Signal from specific electron diffractions can be selected and enhanced by 

adjusting the beam or apertures in TEM, which can be useful to visualize certain crystalline phase or 

misorientations. Additionally, the atomic potential of the specimen induces a phase shift of the incident 

electron wave, creating phase contrast. The different phases result in interference, forming constructive and 

destructive patterns on the image plane. This is only observed at very high magnification, generating a pattern 

corresponding to atomic structures. In CTEM, the above-mentioned contrast mechanisms compete to form 

an image, greatly complicating image interpretation.  

Whereas a parallel electron beam is used in CTEM, a focused electron probe is employed as the incident 

beam in STEM. The convergent electron probe scans the region of interest, and at each point, the intensity 

of scattered electrons is recorded using annular dark-field (ADF) detectors with controlled inner and outer 

angles (see Figure 1-3). Whereas the direct beam passes through the hole in the middle of the detector, the 

scattered electrons with angles are collected by the ADF detectors, and the image intensity at each probe 

position is determined by the integrated sum of the scattered electrons reaching on each detector. In this mode, 

with the choice of the ADF detector, an image without interference effects can be acquired minimizing 

complexity in image interpretation. For highly scattered electrons, i.e., the scattering angle θ > 3α, where α 

is a prove convergence angle, the effect of the Bragg diffractions is negligible, and the probability of the 

scattering (scattering cross-section, σ) is primarily governed by the atomic number (Z). Thus, image contrast 

is strongly dependent on Z; σ ~ Z1.7 for elastic scattering and σ ~ Z0.5 for inelastic scattering. Elastic scattering 

has a much broader angular distribution than inelastic scattering, hence, the elastic scattering dominates at 

high angles. Therefore, high-angle ADF (HAADF) STEM image is mainly Z-dependent with Z1.7 dependence 

in general, and the contrast is referred to as Z-contrast. The image constructed using the HAADF-STEM 

mode allows direct interpretation of the position and density of the atomic columns10. On the other hand, at 

the lower scattering angles, the other contrast formation mechanisms, e.g. strain contrast due to Bragg 
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diffraction, become in effect generating additional contrasts in an image. These additional features are 

sensitive to local structural variations in examined materials. By utilizing low-angle ADF (LAADF), annular 

bright-field (ABF), or bright-field (BF) detectors, the electrons scattered via different mechanisms can be 

caught and be useful to visualize strain fields or light atoms (low Z elements) that are not easy to detect with 

a HAADF detector. 

 

 

Figure 1-3. (a) Electron beam optics in STEM. Yellow columns and cones represent the electron beam 
and light green cones are X-ray emitted from a sample. (b) Configuration of different STEM detectors 
and corresponding imaging modes. 

 

1-3. Image and the electron beam propagation simulations using the Multislice approach 

The interpretation of TEM images can be challenging due to aliasing from instrument noise, multiple 

scattering events in thick samples, sample roughness, contamination, etc. Hence, it is important to understand 

the image generation mechanism and to predict the ideal image that can be expected from known sample 

information and experimental parameters. In this research, the Multislice method is used for image simulation 

due to its accessibility and reliability with a code developed by Kirkland8. The code also provides an option 

to compute the electron beam propagation in a material, which is useful to trace the interaction volume 
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between the beam and a material and to analyze complicated electron beam behavior such as the beam 

channeling.  

The simulation models the process of the electron wave changing upon passing through a specimen and the 

magnetic and electrostatic lenses. See illustrations in Figure 1-4. In the case of CTEM, as a parallel incident 

electron wave 𝜓 𝑥, 𝑦  passes through a specimen, the electron wave function is modified to a transmitted 

electron wave function, 𝜓 𝑥, 𝑦 . When the atomic potential of the specimen is 𝑉 𝑥, 𝑦, 𝑧 , projected potential 

𝑉 𝑥, 𝑦  is obtained by equation (1-1), then the transmission function 𝑡 𝑥, 𝑦  derived from the projected 

potential (equation (1-2)) is multiplied to  the incident wave function generating a transmitted electron wave 

𝜓 𝑥, 𝑦 . (equation (1-3)) 

   𝑉 𝑥, 𝑦 𝑉 𝑥, 𝑦, 𝑧 𝑑𝑧 (1-1) 

   t 𝑥, 𝑦 𝑒 ,   (1-1) 

   𝜓 𝑥 𝜓 𝑥, 𝑦 𝑡 𝑥, 𝑦  (1-3) 

This process implies that the projected potential of the specimen 𝑉 𝑥, 𝑦  produces a spatial phase shift of the 

electron wave function due to the interaction between the beam electrons and the electrostatic potential of 

the specimen. Subsequently, the transmitted electron beam is convoluted with the modulation transfer 

function ℎ 𝑥, 𝑦  of a lens, a function of the lens aberrations and defocus as a following equation (1-4). 

   𝜓 𝑥, 𝑦 𝜓 𝑥, 𝑦 ⊗ ℎ 𝑥, 𝑦  (1-4) 

Finally, the square of the final electron wave function |𝜓 𝑥, 𝑦 |  represents the actual image. 
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Figure 1-4. Schematics illustrating the electron wave functions in (a) CTEM and (b) STEM modes. 

 

STEM image simulation is also possible by introducing a focused beam as the incident wave function, using 

the same principles mentioned above. In the case of STEM, the incident electron beam in the form of a 

convergent probe wave function, 𝜓 𝑥 , 𝑦 , centered at a specific point (xp,yp), enters and passes a 

specimen. Then, transmitted electron wave functions from each probe point are calculated in the same 

procedures as CTEM. The electron intensity on an ADF or BF detector is integrated to generate the image 

contrast for the position at (xp,yp). The probe scans over the area of interest and the integrated ADF or BF 

intensity each probe position is assembled to construct the final STEM image.  

The above process is only applied to very thin or light atoms. For a thick specimen, the projected Vz requires 

an additional manipulation: Multislice decomposition. The specimen is sliced into very thin layers, and the 

projected two-dimensional (2D) potential Vz,i of each layer i is calculated in the same way as for the thin 

specimen. When the incident electrons 𝜓  enter the top of the first slice, they are scattered by Vz,1 and 

propagate through the vacuum of thickness ∆z (see Figure 1-5(a)). The resulting wave function from the first 

slice 𝜓  enters into the second slice with Vz,2, and the process is repeated until the wave passes through the 

last slice with Vz,n
15. The electron wave function at each slice upon the beam propagation is exemplified in 

Figure 1-5(b).  
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Figure 1-5. (a) Multislice decomposition of a thick specimen. (b) Electron wave function calculated 
from each depth of a slice. 

 

By utilizing the principle, TEM images including CTEM and STEM images and diffraction pattern can be 

accurately predicted as will be demonstrated in the main chapters. Additionally, the beam propagation 

simulation at each slice can be used to demonstrate the channeling effect of the focused beam in STEM. 

1-4. Analytical TEM: Spectroscopy in TEM  

As incident electrons travel through a specimen in TEM, they interact with the material, which results in 

inelastic scattering, as well as elastic scattering, of the probe electrons and generates various signals like X-

rays and secondary electrons as illustrated in Figure 1-2(b). The scattered electrons and signals can be 

collected as spectroscopic data along with TEM images and utilized to examine chemical, compositional, 

and physical properties of the materials. In TEM, two main spectroscopy techniques have been widely 

employed: EELS that utilizes the electron energy loss of transmitted electrons, and EDX that detects the 

generated X-rays. 

1-4-1. Electron energy-loss spectroscopy 

When the incident probe electrons pass through a specimen, they interact with the material via various 

mechanisms, such as excitation of material’s electrons, phonon excitation, or Cherenkov radiation, and the 

electrons are inelastically scattered (lose their energy). The energy loss of the probe electrons can be assessed 

by collecting transmitted electrons and measuring their energy, which forms the basis of EELS. A spectrum 

is generated by plotting the counts of electrons as a function of energy loss (see Figure 1-6), and the ranges 
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of energy loss are generally from 0 to 3000 eV. Dominant signals in EELS, except for vibrational EELS that 

is detectable only using ultra-high energy resolution EELS detector11, mostly originate from the interaction 

of the incident probe with materials’ electrons. The EELS signal is categorized into the low-loss and the core-

loss EELS depending on types of atomic electrons with which the incident beam interacts: interaction with 

valence electrons generates low-loss EELS whereas and interaction with c0re-electrons causes core-loss 

EELS (see Figure 1-6). Typically, the low-loss EELS is seen in the energy range of 0 to 50 eV, while the 

energy range for core-loss EELS is wider and dependent on the binding energy of the core level electrons.  

 

 

Figure 1-6. (left) Schematic of the interaction of incident electrons with core- and valence electrons. 
(right) Exemplary EELS spectrum obtained from SrTiO3. Characteristic features are highlighted. 

 

To understand EELS spectral shape, scattering events of the incident electrons due to the interaction with 

materials need to be described. The probability of the scattering of incident electrons can be defined as 

scattering cross section (σ), which is a general term used to explain scattering of charged particles. 

Differential scattering cross-section with respect to the energy or scattering angle can be theoretically derived, 

which can guide interpretation of EELS spectral shape. Details of differential inelastic cross-sections for low-

loss and core-loss EELS are discussed in the following sections.  

Low-loss EELS 

Dominant features in low-loss EELS are a zero-loss peak (ZLP) and peaks from the excitation of outer-shell 

electrons. The ZLP appears due to transmitted electrons that do not lose energy, and the energy-loss peaks 
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from the valence electrons are mainly attributed to generation of collective electron oscillation (plasmon 

excitation) or the excitation of the valence band electrons to the conduction band. Thus, the low-loss EELS 

is sensitive to the density of outershell electrons and the electron band structures in valence/conduction bands, 

which is shaped by bonding configurations. These valence electrons are readily responsive to the external 

electric field, and the response can be expressed using the complex dielectric function of a material, ε = ε1 + 

iε2
12. Differential scattering cross-section can be derived in terms of dielectric function such that the 

differential cross-section is proportional to the imaginary part of minus inverse dielectric constant (equation 

(1-5))5, 13. 

   ∙ ∙ 𝐼𝑚 , (1-5) 

where a0 is Bohr radius, 0.529×10-10 m, m0 is mass of the electron, v is velocity of the incident electron, na is 

the number of atoms per unit volume, θ is scattering angle, and θE is the characteristic angles dependent on 

the incident electron energy. The last term 𝐼𝑚 1 𝜀⁄  is denoted as the electron energy loss function5, 13. 

In the case of metal, behavior of the electron energy loss function is dominated by Plasmon oscillation and 

can be simply depicted via Drude model where valence electrons are considered as free electrons. Electric 

field of the external source (incident electrons) causes displacement of free electron gas in a material, and the 

equation of imposed force on electrons can be written as equation (1-6)  

   𝑚 𝑥 𝑚 Γ𝑥  𝑒�⃗�, (1-6) 

where m0 is the electron mass, x is a displacement, Γ is a damping constant, e is the electron charge, and �⃗� is 

the external electric field.  

When the time (t)-dependent electric field, represented as equation (1-7),  

   �⃗� 𝐸 ∙ 𝑒𝑥𝑝 𝑖𝑤𝑡   (1-7) 

is plugged into the equation (1-6), the equation can be solved as a harmonic equation and eigen frequency 

can be derived. The eigen frequency represents a resonant frequency of the electron oscillation, which is the 

Plasmon frequency wp. When it is converted to the energy, Plasmon excitation energy Ep can be obtained.  

   𝐸 ℏ  , (1-8) 
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where ℏ is Plank’s constant, ε0 is vacuum permittivity, n is the density of the valence electrons, and e is the 

electron charge. Within the Drude model, the dielectric function ε = ε1 + iε2 as a function of frequency w is 

described in terms of Plasmon frequency wp and a damping constant Γ as 

   𝜀 1 . (1-9) 

The exemplary real (ε1) and imaginary (ε2) parts of the dielectric function are depicted in Figure 1-7(a), and 

corresponding electron energy loss function is depicted on the bottom. 

 

 

Figure 1-7. Complex dielectric function and the electron energy loss function14 derived using Drude 
model with a plasmon frequency of wp (a) and Lorentz model with a plasmon frequency at wp and 
eigen frequencies of wi for interband excitations, respectively. 

 

In the case of insulators and semiconductors, signals from interband transitions of bound electrons with 

certain eigen frequencies also contribute largely to the dielectric response in addition to plasmon oscillations. 

The interband transition effect can be incorporated by adding corresponding spring force in the equation (1-

6), which modifies the dielectric function ε(w) and the electron energy loss function 𝐼𝑚 1 𝜀⁄  accordingly. 

This extended model from the Drude model is known as Lorentz model. In Figure 1-7(b), simple dielectric 

function and the electron energy loss function including both plasmon and an interband excitation are plotted. 

To comprehend the more complicated valence electron responses to the incident electrons, dielectric function 

of materials can be calculated from computed band structures of materials using ab initio theories. In Ch.3, 

density functional theory (DFT) is employed to calculate the band structure and dielectric function of BaSnO3 
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and the experimental low-loss EELS acquired from BaSnO3 thin films are interpreted. The study outlines 

how to connect the dielectric function computed based on a theory with experimental low-loss EELS and 

demonstrates capability of EELS to derive detailed information about the valence electrons and their 

responses to the external field.  

Core-loss EELS 

Core-loss edges with fine structures can provide information about the compositional and electronic 

structures of a specimen. Core-loss peaks are generated by the excitation of electrons in inner shells. When 

an incident electron collides with an electron in an inner shell, the core electron is excited to the empty states 

above the Fermi level. The incident electron loses the energy that is an equal amount of the electron excitation 

energy, generating core-loss edge peaks in the EELS spectrum. As core electrons have characteristic 

excitation energies corresponding to their atomic number and electronic shell, the energy of core-loss peaks 

can be used to identify the elements of an inspected specimen. In addition, the spectral shape of the core-loss 

edges is determined by the initial state of the core electron and its final state (unoccupied density of states 

(DOS) above the Fermi level that electrons are excited to).  

While low-loss EELS can be explained by approximating the valence electrons as free or bound electron gas 

that behave collectively, interpretation of core-loss EELS requires understanding on the ground electronic 

states of the core-electrons because core electrons are tightly bound and their states are not readily altered by 

surrounding environments, e.g. bonding5, 13. Theory underlying inelastic scattering of electrons by atoms has 

been developed since the early 1930s, which is known as the Bethe theory15. Excitation of individual electrons 

from core-states to empty states in conduction bands can be described by using wave functions of initial and 

final states of electrons under Quantum mechanical approach5, 13, 16, 17; the key factor deciding the transition 

probability is a transition matrix element of the Coulomb interaction between the incident probe electron and 

atomic core-electron at the initial (ψ0) and the final (ψn) states. The matrix element represents the probability 

of the initial electron wave function ψ0 to overlap with available states of ψn for the momentum transfer q. 

Differential scattering cross-section for core-electron excitation from ψ0 to a bound state ψn is, thus, 

formulated including the transition matrix εn as follows5, 13, 16, 17. 

   |𝜀 |  (1-10) 
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   𝜀  𝜓 | ∑ exp 𝑖𝑞 ∙ 𝑟 |𝜓 , (1-11) 

where γ is the relativistic factor, a0 is the Bohr radius, k0 and k1 are the initial and the final wavevector of the 

probing electron, and rj is coordinate of atom j.  

To relate the transition probability to the EELS spectrum, the excitation from the initial state ψi to the final 

states ψf in continuum needs to be formulated as a function of the energy loss; thus, the double differential 

scattering cross-section in the following formula is deduced5, 13, 15-17. 

   ∑ | 𝜓 | exp 𝑖𝑞 ∙ 𝑟 |𝜓 |, ∙ 𝛿 𝐸 𝐸 𝐸  (1-12) 

As can be seen in the equation, the cross-section is a function of scattering angle and the energy, and the 

correlation is depicted as the Bethe surface5, 13, 15. The equation is the basis to interpret and simulate EELS 

core-loss edges of materials.  

In general, the overall shape of core-loss edges is affected by the type of the initial core electrons, and the 

fine structures within the core-loss edges are determined by material’s electronic structures including 

accessible empty states of orbitals (DOS) in conduction bands, chemical states, etc.5, 13, 15 In Figure 1-8, 

common spectral shapes of core-edges are illustrated and experimental O K edges obtained from SrTiO3 are 

exemplified14, 18. The fine structure within ~50 eV from Ec (the onset energy of the core-loss edge) is known 

as the energy-loss near-edge structure (ELNES) and can be explained based on DOS approach. On the other 

hand, the fine structures that appear in the region more than 50 eV above from Ec is known as the extended 

energy-loss fine structure (EXELFS)6. EXELFS arises due to the interference of the scattered electrons and 

gives the precise radial distribution information of surrounding atoms. As discussed in this chapter, the fine 

structure is very sensitive to the atomic structure and chemical states, suggesting its promise for application 

in material characterization. In Ch. 3, the core-loss O K edges derived from calculated DOS of BaSnO3 using 

ab initio theory are presented and compared with experimental spectra providing a nice example of core-loss 

EELS interpretation. 
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Figure 1-8. (left) Schematic diagram of the basic shape of EELS core-loss edges. (right) fine structures 
on a core-loss edge14. 

 

STEM-EELS analysis 

The ADF detector in STEM has a hole in the center, which enables electrons to pass the imaging system and 

to be collected for spectroscopy as depicted in Figure 1-3. The electrons that have traveled through a specimen 

but have not scattered in high-angle can be collected and their energy is measured by an EELS spectrometer. 

STEM-EELS analysis provides a spectrum for each probe position in parallel with an ADF-STEM image. 

Thus, one can obtain the local electronic information along with atomic-resolution STEM images. These 

features make STEM-EELS analysis one of the most appropriate tools to study crystalline structure and 

electronic properties of local atomic-scale features in materials. Figure 1-9 shows a nice example of 

application of STEM-EELS in quantifying dopant, i.e. elements at low concentration, distribution at atomic 

resolution. Heterostructure of BaSnO3/1-nm undoped-SnSnO3/SrSnO3 was grown for modulation doping of 

BaSnO3, and EELS core-edges were obtained across the interface. By tracing the La dopants via La M4,5 core 

edges and comparing the dopant distribution to a SrSnO3 matrix via O K edges, the presence of the 1-nm 

undoped SrSnO3 was verified, demonstrating a powerful capability of STEM-EELS for characterization of 

atomic and compositional information of nano-scale designs.  
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Figure 1-9. Core-loss EELS obtained at the interface of BaSnO3/1 nm-SrSnO3/La:SrSnO3. (a) ADF-
STEM image of the interface. Beam positions for EELS acquisition marked. Scale bar is 1 nm. (b) 
The fraction of each element estimated from core-loss EELS (left). Difference between O K (SrSnO3) 
fraction and La M4,5 fraction (right). (c) Core-edges used to estimate the relative amount of SrSnO3 
and BaSnO3. O K edges (left) and Ba M4,5 and La M4,5 edges (right)19. 

 

1-4-2. Energy-dispersive X-ray spectroscopy 

When incident electrons kick out an electron from an inner shell, a core-hole is generated. Then, another 

electron in a higher-energy electron shell relaxes to the core-level, and the excess energy is emitted in the 

form of X-ray radiation. The energy of an emitted X-ray depends on the type of element; thus, it is possible 

to perform compositional analysis on the material by collecting the generated X-ray, which forms a basic 

principle for EDX spectroscopy6. EDX is limited by an energy resolution of approximately 150 eV, which is 

worse than that of EELS, which is 1 eV even without a monochromator. However, EDX is a simple and 

useful tool for qualification and, in some cases, quantification of a material’s composition. EDX can be 

effectively used for elemental mapping when combined with a HAADF-STEM image, which is suitable for 

revealing the atomic and chemical structure of materials. 

1-5. Introduction to Perovskite stannates 

Perovskite oxides are types of crystalline compounds with ABO3 stoichiometry and a structure shown in 

Figure 1-9. The larger A cation is located at the corner position, B cation is at the body-centered position, 

and oxygen atoms are at the face centers; the B cation and 6 surrounding oxygen atoms form octahedral BO6. 
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Diverse elements can be incorporated into the A and B sites, engendering perovskite oxides with a wide range 

of electronic and magnetic phases and functionalities20, 21. Furthermore, intriguing and unpredicted 

phenomena; such as electric conductivity at the interface of two insulators (denoted as 2D electron gas)22, 

interface superconductivity23 24, quantum hall effects25, and interface magnetism;26 have been discovered in 

diverse perovskite oxides-based structures in the past decades.  

 

 

Figure 1-10. Crystal structure of perovskite oxide. 

 

Of particular interest in this work is BaSnO3, one of perovskite alkaline earth stannates (ASnO3, A=Ba, Sr, 

Ca). Since the discovery of extremely high room-temperature mobility of single crystalline BaSnO3 in 201227-

29, BaSnO3 has rapidly emerged as a candidate material for next-generation oxide electronic devices. The 

electron mobility of BaSnO3 at room temperature has been reported to be up to 320 cm2V-1s-1 in bulk single 

crystal27, 29 and up to 183 cm2V-1s-1 in epitaxial thin films of La-doped BaSnO3 (La:BaSnO3)30, 31, which are 

order of magnitude higher than other perovskite oxides, e.g. ~11 cm2V-1s-1 of SrTiO3
32, though slightly lower 

than currently prevalent semiconductors, e.g. ~1400 cm2V-1s-1 of silicon33. The high electron mobility in 

La:BaSnO3 originates from small electron effective mass due to the valence bands comprised of Sn-O hybrid 

orbitals and the ideal bonding angle of 180º at Sn-O-Sn and La-doping at Ba sites away from the SnO 

bonding27-29. Along with the attractive electronic transport properties, BaSnO3 also exhibits appealing 

properties, such as optical transparency in the visible range28, wide band gap (~3 eV)34, and good thermal 

stability28, which can be advantageous as transparent conducting materials for energy and electronic 

applications. Adaptation of BaSnO3 as a channel material for transistors38, 39, electrodes in perovskite solar 

cells40, photoanode in dye-sensitized solar cells41, or transparent conducting oxides in opto-electronic 

applications has been field-tested42-45. Additionally, from integration of BaSnO3 with other semiconductors35, 

36 to modification of its physical properties37, a variety of research have been performed on BaSnO3 to expand 

the utility of this material.  
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Meanwhile, the lower carrier mobility of thin film BaSnO3 compared to the single crystal BaSnO3 has 

remained an obstacle that limits the film’s practicality. The reduction of mobility has been attributed to 

extended defects like grain boundaries and threading dislocations (TDs) formed due to the lattice mismatch 

or growth conditions46, 47. Various approaches to reduce defects in thin films and to enhance the electronic 

transport have been devised, which includes using a substrate with a similar lattice constant48, growing a 

buffer layer49, co-doping50, employing advanced vacuum deposition techniques30, 51 , polarization doping, 

etc.52 However, the carrier mobility of BaSnO3 in the form of a thin film has not exceeded that of single 

crystalline BaSnO3, and a vital step toward improved electronic transport of the material is to understand 

fundamental structures and properties of extended defects in thin film BaSnO3. 

1-6. Extended defects in perovskite oxides 

Structures of perovskite oxides are highly flexible and can accommodate various types of distortions 

including octahedral BO6 tilt53-55, biaxial and uniaxial strains56, orbital ordering57, 58, cation ordering59, etc. 

As such, various forms of crystallographic defects with local deformation of crystalline structures develop in 

perovskite crystals. Defects in perovskite oxides span from zero-dimensional (0D) point defects to extended 

defects such as one-dimensional (1D) defects, e.g. dislocation, and 2D defects, e.g. grain boundaries and 

stacking faults in perovskite crystals. While formation of 0D point defects is thermodynamically driven until 

their concentration reaches to the equilibrium, extended defects are generated due to certain environmental 

conditions during material growth and processing and engenders local properties that are distinct from the 

matrix60-62. 

1-6-1. The impact of threading dislocations on material’s properties 

When extended defects are present in a material, its physical and chemical properties can be considerably 

modified60-62. Among various defects in crystal, TDs are the most ubiquitous extended defects in thin film 

materials, and their effects on materials’ mechanical, electric and ionic transport, and electronic properties 

have been extensively studied in the past decades. First, dislocation is a key parameter to understand 

mechanical properties of a material as motion of dislocation plays an important role in material’s plastic 

deformation; the density and arrangement of dislocations determine properties like ductility, hardness63. 

Especially, the effect of dislocation movement on mechanical behavior of perovskite oxides comprising the 
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mantle of the Earth has been actively studied to understand seismic activity; dynamics of dislocations 

including movement, dissociation, anisotropic characteristics have been visualized using CTEM and 

corresponding materials’ mechanical responses have been explained64-67. 

Secondly, TDs affect the electronic transport properties and alter the local electronic structures of materials. 

In particular, low-angle grain boundary constituted of dislocation arrays provides a suitable system to 

examine the effect of TDs on the electronic transport, and extensive experimental and computational works 

on grain boundaries in a model material SrTiO3 have been conducted. Most notably, it has been demonstrated 

that carrier transport across grain boundaries is hindered in SrTiO3; at the grain boundary, non-stoichiometry 

of cations68or oxygens69, 70 results in charge accumulation, which contributes to form Schottky barrier71-73 in 

their band diagram. Researchers have also pointed strain-driven space-charge region73, 74, local insulating 

regions75, and carrier scattering as reasons of the interfered electronic transport. Single TDs that do not 

necessarily form a periodic array can also decrease carrier mobility by acting as a carrier scattering center. 

While TDs in SrTiO3 are known to cause a negligible effect on the material’s carrier mobility76, recent 

research on the electronic properties of BaSnO3 have demonstrated that the TDs in BaSnO3 are primarily 

responsible for limited mobility of the material46, 47. On the other hand, some researchers have focused on the 

electronic conductivity along/at dislocations; Szot et al. published a remarkable paper about dislocations in 

SrTiO3 suggesting that dislocations can become metallic by applying an electric field77. Electronic properties 

of misfit dislocations (MDs), specific dislocations formed at the interface of distinct materials, have also been 

explored; at the LaAlO3-SrTiO3 interface that are well-known for the 2D electron gases, the 2D electron gas 

were shown to condense into the MD networks78. Numerous studies have witnessed substantial impacts of 

various kinds of dislocations on the electronic properties of perovskite oxides. 

Defects in crystals also possess unique ionic transport properties that are different from host materials. While 

ionic diffusion through dislocations is expedited in metals, the ionic transport via dislocations in oxides is 

not necessarily the case, but depends on kinds of host materials. In the case of model perovskite oxide SrTiO3, 

hindered oxygen ionic diffusion at the dislocations has been evidenced experimentally79, 80; theoretical studies 

have also showed that high diffusion activation energy at TDs81 and charge accumulation at TDs82 in SrTiO3 

can lead to low ionic mobility at dislocations. Similar deteriorating effect of TDs on oxygen ionic transport 

in different oxide material CeO2 has also been reported83. On the other hand, another study on Sr-doped 
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LaMnO3 showed that oxygen ionic diffusion at TDs is facilitated84, implying that ionic transport properties 

can vary depending on type of materials. 

Local displacement of atomic positions at dislocations also induces strain and localized polarization, thus 

impacts ferroelectric properties around dislocations. As demonstrated by Masuda et al. and Gao et al., electric 

polarization around TDs in SrTiO3 engenders ferroelectric properties even though SrTiO3 is paraelectric85, 86. 

Additionally, many dislocation-driven electric and magnetic phases have been observed in perovskite oxides 

or their heterostructures signifying considerable influences of various forms of dislocations on materials’ 

properties87-89. 

1-6-2. The impact of other extended defects on material’s properties 

As well as typical 1D dislocations, other extended defects with distinct atomic configurations from the matrix 

are also observed in perovskite oxides; those extended defects in perovskite oxides include 2D stacking faults 

or intrusion of related phases, e.g. Ruddlesden-Popper phase90, 91 or Aurivillius Phase92-94, and their 

characteristics have also been explored by researchers60-62. Ruddlesden-Popper faults that are common 2D 

defects in perovskite oxides are one of the widely studied extended defects. Previous studies have 

demonstrated that Ruddlesden-Popper can alter a wide range of material’s properties such as thermal 

conductivity95, 96, superconductivity97, ferroelectricity98, electronic and dielectronic properties99, 100, Oxygen 

transport 101, 102, and chemical reaction activity103. 

While the above-presented defects have been known since earlier times, in the recent years, new and peculiar 

extended defects have been discovered in perovskite crystals104-107. For example, a unique line defect that is 

different from typical dislocations was found in NdTiO3 thin films, then further observed in similar 

perovskite-structured materials of WO3 and (K, Na)NbO3
105-107. The line defect shows B atom deficiency at 

the core, compared to the host ABO3, and the distinct atomic structure at the defect core causes modulation 

of valence states as well as the electronic band structure at the defect105. Yang et al. suggested that the defect 

is strain-driven indicating that control of formation of the defects might be possible105-107. Another nanorod-

type defect was also discovered in Nd,Ti-codoped BiFeO3
104. Core of the defect contains atomic columns 

composed of Nd dopants and, interestingly, conducting electronic bands at the core were observed from ab 

initio calculations. These recent findings hint the possibility of more diverse atomic-scale defects in 

perovskite-structured materials, which have potentials not only to adjust the electronic and magnetic 
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properties of materials in macro scale but also to generate new physics within extremely small dimensions. 

TEM has been an optimal tool to characterize the atomic, electronic, and chemical structures of 

crystallographic defects. In this thesis, 1D line defects in BaSnO3 thin films are thoroughly analyzed using 

various TEM techniques; In Ch. 5, a new line defect discovered in La:BaSnO3 thin films is described, and in 

Ch. 6, characteristics of different forms of edge dislocations in BaSnO3 films are detailed. 
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2. Microstructure and atomic structure analysis 

2-1. Structural analysis of BaSnO3 thin films grown on different substrates 

Microstructure of perovskite oxides in the form of epitaxial thin films show wide variations different from 

perfect crystal and can modify the materials physical properties, accordingly. Hence, detailed microstructure 

analysis of epitaxial thin films is an essential step in the study of thin film perovskite oxides. While 

microstructure of epitaxial layers is affected by various growth method and conditions, choice of substrates 

is one of the crucial factors governing overall crystalline quality of thin films. Here, microstructures of 

epitaxial La:BaSnO3 films grown on different perovskite substrates are investigated by utilizing various TEM 

techniques. In Table 2-1, lattice constant of commercially available substrates that were used in this study 

are tabulated along with their lattice mismatch with BaSnO3. The current work focuses on the microstructural 

analysis of BaSnO3 films grown on substrates with the best and worst lattice constant matches with BaSnO3, 

which are PrScO3 and LaAlO3, respectively.  

 

Table 2-1. Lattice constant of commercially available perovskite oxides. Lattice mismatch between 
the substrates and BaSnO3 are tabulated as well. The “pc” subscript denotes pseudo cubic notation. 

 substrates film 

 (LaAlO3)pc SrTiO3 (GdScO3)pc (PrScO3)pc BaSnO3 

lattice constant (Å) 3.78 3.905 3.96 4.022 4.116 

lattice mismatch 0.082 0.051 0.038 0.023  

 

Conventional TEM under a two-beam condition is used to inspect the two types of rotational disorder of low-

angle grain boundaries, in-plane twist and out-of-plane tilt, where the degree of twists in grains of such films 

is quantified using selected-area electron diffraction. The observed substrate-microstructure correlation is 

further explored in the atomic-dimension level using High-resolution ADF STEM imaging. Plan-view ADF-

STEM images reveal the boundary structures between grains with rotational disorientations, where TDs are 

observed. Lastly, the film-substrate interface is further explored exhibiting the atomic arrangement near the 

interface and explicating its dependency on substrates.  



 

43 
 

2-2. Microstructural analysis of BaSnO3/LaAlO3 and BaSnO3/PrScO3 

The low-magnification cross-sectional HAADF-STEM images of two epitaxial BaSnO3 films grown on 

LaAlO3 and PrScO3 are shown in Figure 2-1(a).  The exact thickness of the films was directly measured from 

the cross-sectional HAADF-STEM images to be 210 and 230 nm for BaSnO3 on LaAlO3 and PrScO3, 

respectively, and overall crystalline characteristics are seen. Columnar structures are clearly visible in the 

films on both substrates, indicating the existence of disorientation between the neighboring grains. Figure 2-

1(b) shows a simple model illustrating the possible rotational disorder of grains in these films. Grains rotated 

with respect to one another around the [001] direction, i.e., the growth direction, result in what we term in-

plane twist, while grain rotations around the [010] and [100] directions result in what we term out-of-plane 

tilt. Within this picture, even though the actual structure may be more complex, the rotational disorder in the 

BaSnO3 films on LaAlO3 and PrScO3 substrates can be analyzed from TEM data, and compared with XRD 

results.  
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Figure 2-1. (a) Cross-sectional HAADF-STEM images of BaSnO3 on LaAlO3 (left) and PrScO3 (right) 
substrates. The scale bars are 200 nm. (b) Schematics of the rotational disorders along three major 
axes: The grain rotation around the [001] direction is denoted as “in-plane twist”, while those around 
the [010] and [100] directions are denoted as “out-of-plane tilts”. (c) (002) X-ray rocking curves of 
BaSnO3 on LaAlO3 (left) and PrScO3 (right) substrates. Wide angle XRD obtained from each film is 
seen in insets. (d) grazing-incidence (020) X-ray rocking curves of BaSnO3 on LaAlO3 (left) and 
PrScO3 (right) substrates. 

 

To quantify the average rotational disorder in the films, XRD data were obtained and analyzed as shown in 

Figure 2-1(c, d). Wide-angle out-of-plane and in-plane 2θ-ω coupled scans were used to measure the lattice 

parameters of the films (see insets in Figure 2-1(c)). The out-of-plane and in-plane lattice parameters of these 

BaSnO3 films were estimated to be 4.117 Å and 4.117 Å for the film on the LaAlO3 substrate, and 4.125 Å 

and 4.122 Å for the film on the PrScO3 substrate, respectively. Next, the X-ray rocking-curves (RCs) were 

employed to approximate the average degree of rotational disorder. Figure 2-1(c, d) and 1d display the 

measured out-of-plane ω RCs for BaSnO3(002) and in-plane ϕ RCs for BaSnO3(020) from both films. The 

in-plane and out-of-plane rotational disorders are captured by the full-width-at-half-maximum (FWHM) of 

the ϕ and ω RCs in Figure 2-1(c, d), respectively. Note that the ϕ RCs have worse signal-to-noise ratio than 
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the ω RCs as a result of the film thickness being only 200 nm. The XRD RCs from these two films are notably 

different, which is clearly identified by their FWHM values. FWHMs of the ω RCs for BaSnO3 on LaAlO3 

and PrScO3 are 0.925° and 0.045°, respectively, indicating that BaSnO3 on LaAlO3 has a much higher degree 

of out-of-plane tilt. Additionally, the FWHMs of the ϕ RCs for BaSnO3 on LaAlO3 and PrScO3 are 1.540° 

and 0.867°, respectively, indicating that BaSnO3 on LaAlO3 also has a higher degree of in-plane twist, 

although the difference on the two substrates is much smaller than for the out-of-plane case. The degree of 

in-plane twist in both samples is also bigger than that of the out-of-plane tilt. While the origin of such behavior 

is not clear from XRD data alone, the monitored rotational disorder in these BaSnO3 films can be 

characterized in greater detail using TEM.  

As previously addressed, cross-sectional HAADF-STEM images of the BaSnO3 films on LaAlO3 and PrScO3 

show vertical contrast from grainy columnar structures present in both films (see Figure 2-2 (a, b)). Some 

voids (yellow arrows) and amorphous regions (red arrows) are also monitored in both films hinting non-

uniformity present in the films. In Figure 2-3, high-magnification ADF-STEM images are displayed to 

demonstrate the amorphous regions in the films. To visualize the dislocations and rotational disorder in the 

grains, a two-beam condition in a CTEM mode, known as two-beam dark-field (TBDF) imaging, was 

employed. A TBDF image is formed by a selected diffraction beam and the resultant image contrast is 

sensitive to the corresponding reflection planes. When a dislocation is present and the selected reflecting 

planes are bent (i.e., nearby planes are strained), a bright contrast is formed around the dislocation. 

Dislocations with a Burger’s vector b appear as bright line contrasts in a TBDF image with reflection g, only 

if the combination of b and g does not satisfy the invisibility criteron gꞏb = 0.6 
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Figure 2-2. Cross-sectional STEM and CTEM images of BaSnO3 on LaAlO3 (left column) and PrScO3 
(right column). (a, b) HAADF-STEM images of BaSnO3 show Z-contrast with the presence of some 
voids (yellow arrow) and amorphous regions (red arrow). (c, d) TBDF images with g=020 and (e, f) 
TBDF images with g=002. Sharp line contrast is marked by the circles. Images were obtained from 
the same region in each sample, and all scale bars are 100 nm. 

 

 

Figure 2-3. ADF- and BF-STEM images of the amorphous regions in the BaSnO3 films. Amorphous 
contrasts without any lattice fringe is monitored in the region indicated with the arrows. 
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TBDF images of BaSnO3 films recorded with reflection g = 020 from the same regions shown in Figure 2-

2(a, b) are shown in Figure 2-2(c, d), respectively. Sharp lines running along the [001] direction are observed 

in both films (marked with yellow circles), which arise from TDs. Note that, according to the invisibility 

criterion, the observed TDs are neither pure screw dislocations with b = aBaSnO3[001], nor pure edge 

dislocations with b = aBaSnO3[100]. In addition to the contrast from TDs, broad and band-like contrast are 

observed in the TBDF images. The in-plane twist of grains generate twist boundaries around which the (100) 

and (010) planes are misoriented (Figure 2-1(a)). In a TBDF image with g = 020, the misorientation of the 

(020) planes creates contrast around the twist boundaries, as shown in Figure 2-2(c, d). Therefore, grain 

boundaries that are not parallel to the electron beam direction appear as band-like contrast. Note that they 

also overlap with the contrast from TDs in the TBDF images, because the TDs exist along the boundaries. 

Next, Figure 2-2(e, f) show TBDF images recorded with the reflection g = 002. Here, clear and distinct bright 

band-like contrast is observed only in BaSnO3 on LaAlO3. When the same analysis introduced above is 

applied, it is deduced that this contrast stems from the out-of-plane tilt of columnar grains in the film (Figure 

2-1(a)); the (002) planes around the tilt boundaries are strained, which creates the broad contrast. This 

observation of the out-of-plane tilt being dominant only in BaSnO3 on LaAlO3 is consistent with the XRD 

data presented with Figure 2-1(c).  

2-3. Rotational disorientations in BaSnO3 thin films: identification and quantification using CTEM 
techniques. 

Comparison of the TBDF images with g = 002 and g = 020 shows that the position and width of the band-

like contrast regions in the images do not correspond to each other (see Figure 2-2(c, e), even though the 

images were acquired from the same region of the BaSnO3 films. Thus, it can be concluded that in-plane 

twist and out-of-plane tilt or grains in the BaSnO3 films are not necessarily correlated. An average grain size 

was measured from the distance between observed low-angle grain boundaries in TBDF images with 

reflection g = 022 that include contrast from both g = 002 and g = 020 (data not shown here). Total 1 μm 

length of regions in each sample were inspected and the average grain width was evaluated to be 31.1 ± 11.1 

nm for BaSnO3 on LaAlO3 and 30.8 ± 11.9 nm for BaSnO3 on PrScO3, which indicates that the grain sizes 

of the films show negligible differences, despite their significantly different lattice mismatch. It should be 
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noted that some of grains are likely to be bigger than the estimation considering overlap of grain boundary 

contrasts in these TBDF images. 

Next, the degrees of in-plane and out-of-plane disorder in the BaSnO3 films were quantified using selected 

area electron diffraction (SAED) patterns. Plan-view and cross-sectional view SAED patterns provide 

different information about the disorientation in the samples; to assist with interpretation of the patterns, 

schematics of reciprocal space for the BaSnO3 films are illustrated in Figure 2-4(a, d). As a TEM sample has 

a finite size and shape, the reciprocal lattice points become relrods with a specific shape that are determined 

by the shape of grains and the geometry of the TEM sample6, 108. In a plan-view sample, because the sample 

thickness is slightly larger than the average grain width, the relrod is predominantly determined by the grain 

width and has a broad disk shape slightly flattened in the (a*b*) plane6, 108. A SAED is formed when the 

Ewald sphere of the incident electron beam cuts through these relrods. The electron beam propagates along 

the [001] direction in a plan-view sample, thus, the Ewald sphere cuts through the relrods on the (a*b*) plane. 

When there is rotational disorder, the position of the reciprocal lattice points (or relrods) deviates from the 

original position as illustrated using the colored lines in Figure 2-4(a): The yellow lines correspond to in-

plane twist, whereas the blue/magenta lines exhibit out-of-plane tilt. As shown in the inset in Figure 2-4(a), 

the in-plane twist results in an angular spread (yellow arc in the inset of Figure 2-4(a)) of diffraction spots, 

while the out-of-plane tilt has insignificant effect on the deviation of diffraction spots in plan-view SAED.  
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Figure 2-4. (a, d) Schematic illustrations of three-dimensional reciprocal space, where relrods are 
drawn according to the shape of grains in the TEM samples. The displacement of the reciprocal lattice 
due to in-plane twist and out-of-plane tilt is depicted by the yellow and blue/magenta lines, 
respectively. The Ewald sphere is drawn as the gray planes. The insets show expected SAED patterns. 
The experimental SAED patterns from BaSnO3 films on LaAlO3 and PrScO3 are presented in (b, e) 
and (c, f), respectively. The scale bars in the SAEDs are 2 nm-1. The radial (black) and angular (red) 
profiles of the 440 diffraction spots in the plan-view SAEDs and the line profiles of 020 diffraction 
spots along the elongation (red) and perpendicular to the elongation (black) in the cross-sectional 
SAEDs are plotted below the corresponding SAEDs. The peaks marked by asterisks are from the 
substrates. 

 

In Figure 2-4(b, c), measured plan-view SAED patterns from BaSnO3 on LaAlO3 and PrScO3 are presented, 

where angular spread of the diffraction spots is clearly visible (in both films) indicating the presence of in-

plane twist. Angular and radial intensity profiles were obtained from 440 diffraction spots (see bottom panels 

of Figure 2-4(b, c)) to quantify the extent of in-plane twist. The degree of in-plane twist was evaluated as 

follows: (i) four 440 spots from three different regions of a film were analyzed and the results were averaged 
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to minimize the effect of the TEM sample orientation and to have better statistics; (ii) the spread in the angular 

profile with respect to the radial profile was estimated by quadratic subtraction of the two FWHMs (assuming 

the peaks are Gaussian). Matlab code for the angular radial profile extraction was written (see Figure 2-5), 

which is available online109. The estimated angular spread was 0.31 ± 0.04 and 0.24 ± 0.03 nm-1, 

corresponding to in-plane twists of 1.8° ± 0.3° and 1.4° ± 0.2°, for BaSnO3 on LaAlO3 and PrScO3, 

respectively. The values obtained from the electron diffraction patterns are similar to those acquired from 

XRD, which were 1.540° and 0.867° for BaSnO3 on LaAlO3 and PrScO3, respectively. The discrepancy 

between the results from SAED and XRD is likely due to the smaller sampling area in TEM analysis.  

 

 

Figure 2-5. Exemplary result of radial profile extractor written in Matlab code109. (a) Original 
intensity map of a diffraction map used in this example. Red circle represents the region used to 
extracted the radial profile. (b) Resulting radial profile. Radial intensity is plotted as a function of 
angle. 

 

Cross-sectional SAED patterns were also obtained as seen in Figure 2-4(d-f). In this case, slightly different 

relrod shape needs to be considered; the film thickness (along the [001] direction) is about 200 nm and the 

grain width (along the [010] direction) is about 30 nm. Hence, the relrod is shaped as a thin disk6, 108, with 

the disk being parallel to the (a*b*) plane. Then, the Ewald sphere cuts through the (b*c*) plane and the 

cross-section of the relrod made by the Ewald sphere will create streaks in a SAED pattern as depicted in 

Figure 2-4(d). The out-of-plane tilt around the a* direction leads angular spread of diffraction spots as 
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depicted using blue lines in Figure 2-4(d), while the out-of-plane tilt around the b* direction and the in-plane 

twist have an insignificant effect on the position of diffraction spots (magenta and yellow lines in Figure 2-

4(d)). Experimental cross-sectional SAED patterns acquired from BaSnO3 on LaAlO3 and PrScO3 are shown 

in Figure 2-4(e, f). As predicted, the 020 diffraction spots from BaSnO3 are elongated along the b* direction 

in both films, which likely originates from the relrod.  

The extent of elongation of the 020 diffraction spot was evaluated by comparing the line profiles along the 

elongation and those perpendicular to the elongation as seen in the bottom panel of Figure 2-4(e, f), which 

were estimated to be 0.16 ± 0.04 and 0.06 ± 0.01 nm-1 for BaSnO3 on LaAlO3 and PrScO3, respectively. As 

the grains mostly have a cylindrical shape, the width of the relrod in a certain direction is approximated as 

2/d, where d is a corresponding width of a grain6, 108. Then, the half-width of relrods along the b* and c* 

directions should be about 0.033 and 0.005 nm-1 for BaSnO3 films having a grain width of 30 nm and 

thickness of 200 nm, which are much smaller than the observed elongation of the streaks, implying that 

elongation of the 020 spots needs to be explained other way rather than the shape of the relrods. Here, we 

note the possible presence of in-plane microstrain in the film, i.e., local in-plane lattice parameter variation, 

which can lead to the elongation of diffraction spots in the a* and b* directions. To test the idea, a plan-view 

diffraction pattern was obtained from the BaSnO3 film grown on LaAlO3, while the acquisition area contains 

many grains (see Figure 2-6(a, b)). The magnified 400 diffraction (in Figure 2-6(b)) reveals scattered spots 

in addition to the radial spread of the diffraction spot, which originates from the presence of microstrain in 

the film. Another hint of the in-plane microstrain is found from the map of the extent of elongation seen in 

Figure 2-6(d). If the elongation was a result only from the shape of a relrod, it would decrease in diffraction 

spots that are further away from the 000 beam because of the curvature of the Ewald sphere. However, the 

elongation here actually increases with distance away from the 000 beam, which is the case when microstrain 

in the film is a cause of the elongation. Now that the elongation of the diffraction spots stems from microstrain 

in the films, it is concluded that, considering the similar film thicknesses and grain width in two films, 

BaSnO3 on LaAlO3 has more microstrain than BaSnO3 on PrScO3.  
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Figure 2-6.  Plan-view (a, b) and cross-sectional (c) diffraction patterns of BaSnO3 on LaAlO3. The 
400 diffraction spot from (a) is magnified in (b). (d) Map of the elongations of diffraction spots, 
marked by the circles in (c), in the b* direction from BaSnO3. The unit in (d) is nm-1. Scale bars are 
4 nm-1 in (a) and (c). 

 

2-4. Atomic structures correlated with rotational misorientation 

2-4-1. In-plane twist 

The presence of distinct grains with rotational misorientations in BaSnO3 on LaAlO3 and PrScO3 hints that 

the boundaries of grains must show irregularity with non-uniform atomic structures. Plan-view ADF-STEM 

images were acquired from the BaSnO3 films to inspect the boundary structures (see Figure 2-7). In low-

magnification LAADF-STEM images of the BaSnO3 on LaAlO3 and PrScO3, bright contrast from strain field 

around TDs and grain boundaries are seen. High-magnification HAADF-STEM images further resolves 

detailed atomic arrangements in the regions where arrays of TDs with an in-plane Burger’s vector, forming 

low-angle grain boundaries are observed. Strong strain contrast around these boundaries that are visible even 

in HAADF-STEM images implicates the existence of a high level of microstrain, consistent with the SAED 

results from above. It is noted that the observed edge TDs create distinct bright spot-like contrast in LAADF-

STEM images due to strong and localized strain field around it, which can be utilized for estimation of density 

of TDs (see exemplary images in Figure 2-7(c, d) for BaSnO3 on LaAlO3 and PrScO3, respectively). The 

density of TDs in two films are shown in Table 2-2; while BaSnO3 on LaAlO3 has slightly higher density of 

TDs, the difference between two films are not significant. Considering that (1) edge dislocations are formed 

at the grain boundaries with in-plane twist and (2) the two BaSnO3 films have similar grain sizes, the density 

of TDs is likely to be related to the degree of the in-plane twist. The diffraction pattern analysis evidenced 

slightly higher in-plane twist in BaSnO3 on LaAlO3 than in BaSnO3 on PrScO3, which is agreeing with the 

evaluated TD density. The in-plane twist of grains is also monitored from cross-sectional ADF-STEM images. 
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In Figure 2-8, displacement of the atomic columns due to in-plane twist (identified with a TBDF image with 

g=020) is seen from cross-sectional high-resolution ADF-STEM image. 

 

 

Figure 2-7. Plan-view ADF-STEM images of BaSnO3 on LaAlO3 (a, c) and PrScO3 (b, d): (a, b) 
HAADF-, LAADF-STEM, and high-magnification HAADF-STEM images. The pairs of HAADF- 
and LAADF-STEM images were obtained from the same region. High-magnification HAADF-STEM 
images were obtained from the regions indicated by the boxes. Voids are marked with arrows and 
edge dislocations are marked with dislocation symbols. (c, d) Example of counting the number of 
TDs in the BaSnO3 films in LAADF-STEM images. TDs are marked with small dots and yellow 
arrows in the images are bright contrast from misoriented grains. 

 

Table 2-2. TD densities estimated from plan-view ADF-STEM images. The total areas used for estimation 
were 0.4 μm2 and 0.1 μm2 for BaSnO3/LaAlO3 and BaSnO3/PrScO3, respectively 

 Exp. TD density (cm-2) 

BaSnO3/LaAlO3 1.8 × 1011 

BaSnO3/PrScO3 8.7 × 1010 

. 
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Figure 2-8. In-plane twist of grain evidenced from TEM images. (a) ADF-STEM image and (b) TBDF 
with g=020. Arrow indicates region with in-plane twist. (c) Atomic-resolution ADF-STEM image 
from the region in the yellow box in (a) and (b) showing the zone-axis crystal (left part) and in-plane 
twisted region (right part). 

 

2-4-2. Out-of-plane tilt 

In the microstructural analysis of BaSnO3 on LaAlO3 and PrScO3, the most notable dissimilarity between 

two films is the extent of out-of-plane tilt of grains. To understand the cause of the difference in 

microstructure between BaSnO3 films grown on different substrates, the interfacial atomic structure, which 

will subsequently affect the microstructure of the film was further analyzed. First, two-beam bright-field 

(TBBF) images of BaSnO3 on LaAlO3 and PrScO3 were acquired to inspect any crystalline irregularity in 

certain directions (see Figure 2-9(a-d)). The TBBF images with g = 020 reveal clear differences between the 

two films at the film-substrate interface. While BaSnO3 on LaAlO3 shows periodic contrast modulation at 

the interface (as shown in the inset of Figure 2-9(a)), BaSnO3 on PrScO3 displays no such contrast. This 

periodic contrast is ascribed to MDs at the interface.91, 110 The periodicity of the interfacial contrast is half of 

the distance between MDs as the two-beam condition with g = 020 generates two contrast flips per MD with 

b = a BaSnO3[010].6, 108 The larger lattice mismatch between BaSnO3 and LaAlO3 leads to a considerably 

higher density of MDs at the interface, resulting in the observed contrast. The distance between MDs with 

b=aBaSnO3[010] was determined to be 4.7 ± 2.5 nm (11.3 ± 0.6 u.c.BaSnO3), which is highly consistent with the 

theoretical prediction of 4.7 nm based on the bulk lattice parameter mismatch between BaSnO3 and LaAlO3. 
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TBBF images with g = 002 from the same regions were also recorded (Figure 2-9(c,d)). While the TBDF 

images with g = 020 also reveal the presence of small islands at the interfaces in both films, as marked by 

yellow arrows. The MDs are not visible in these images, due to the invisibility criterion of gꞏb = 0. Even 

though the reason why these islands are formed is not clear, their visibility in the TBBF images with g = 020 

and not with g = 002 implies that the feature is correlated with the in-plane misorientations.  

 

 

Figure 2-9. Cross-sectional TBBF-TEM and HAADF-STEM images of the film-substrate interface: 
(left column) BaSnO3 on LaAlO3 and (right column) BaSnO3 on PrScO3. (a-d) TBBF images with 
reflection (a, b) g = 020 and (c, d) g = 002. Images were obtained from the same regions. Inset in (a) 
is the magnified area with periodic contrast. (e and f) High-magnification HAADF-STEM images 
from regions inside the yellow dotted boxes in (a-d). Magnified images of the interface are shown as 
insets. In (e), two different types of MDs are shown. The red Burger’s circuit illustrates the presence 
of a MD with b = aBsSnO3[001] and two MDs with b = aBaSnO3[010]. The blue Burger’s circuit illustrates 
a MD with b = aBaSnO3[010]. Misoriented islands are marked by the arrows. Scale bars are 20 nm in 
(a-d) and 5 nm in (e, f). 

 

Atomic-resolution HAADF-STEM images were also acquired from the interface regions that are highlighted 

in Figure 2-9(a) and 6(b). The BaSnO3-LaAlO3 interface exhibits a dark contrast immediately above the 

atomically-sharp interface on the BaSnO3 side (see Figure 2-9(e)), which is likely generated due to a high 

density of MDs formed at this interface in both [100] and [010] directions. In Figure 2-9(e), one of the MDs, 

with a Burger’s vector of b = aBaSnO3[010], is highlighted using the blue Burger’s circuit. Interestingly, MDs 

with b = aBaSnO3[001] were also observed in addition to these typical MDs. The other MD with b = aBaSnO3[001] 
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is exemplified by the red Burger’s circuit, which is drawn over a large area because the MD was inclined 

with respect to the electron beam. Such unusual MDs have been reported in recent studies on other 

perovskite-perovskite interfaces, such as PbTiO3–LaAlO3(111)110 and BiFeO3–LaAlO3(001)111. The MDs 

with b = aBaSnO3[001] leads inclination of (001) planes, resulting in out-of-plane tilt of the grains in the film, 

thus, explains the large out-of-plane tilt observed in BaSnO3 on LaAlO3. Quantitatively, one MD with b = 

aBaSnO3[001] in a 30 nm-wide grain can cause an out-of-plane tilt of ~ 0.8°, which is in decent agreement with 

the degree of out-of-plane tilt estimated by ω X-ray RC. On the other hand, the interface of BaSnO3 on 

PrScO3 shows almost no MDs in the field-of-view of this area, which must be due to the smaller lattice 

mismatch between BaSnO3 and PrScO3 than that of BaSnO3 and LaAlO3. The relatively sharp interface and 

low dislocation density account for the smaller amount of in-plane twist compared to BaSnO3 on LaAlO3, 

and thus insignificant out-of-plane tilt. This lattice mismatch-interfacial MD correlation was further explored 

by investigating BaSnO3 films grown on four different substrates. Representative high-resolution ADF-

STEM images for in-plane twist and out-of-plane tilt are presented in Figure 2-10. 

 

 

Figure 2-10. Atomic-resolution ADF-STEM images of BaSnO3 on LaAlO3 showing (a) in-plane twist 
and (b) out-of-plane tilt. A grain boundary is approximately marked with the yellow dashed line in 
(a). In (b), (001) planes near the interface are marked with yellow lines, and the out-of-plane tilt 
(about 2 degrees) of BaSnO3 (001) planes with respect to LaAlO3(001) planes is shown with the red 
lines. The insets show a simple model of each form of rotational disorder. 

 

Lastly, the influence of the lattice mismatch between a film and a substrate on the misfit dislocations at the 

interface was examined. In Figure 2-11, ADF-STEM images of the interface of BaSnO3 films and substrates 

are displayed and the measured and expected densities of MDs at the interfaces are tabulated in Table 2-3. A 

trend of increasing number of MDs with the higher lattice mismatch is seen for MDs with b = aBaSnO3[010]. 

The higher lattice mismatch between a film and a substrate makes the higher density of interfacial MDs with 



 

57 
 

in-plane burgers vector. It is noted that only BaSnO3 on LaAlO3, the structure with the highest lattice 

mismatch, contains the MDs with b = aBaSnO3[001]. When the lattice mismatch is big, additional types of 

MDs with out-of-plane burgers vector are formed causing the out-of-plane tilt misorientations of grain in the 

film. The result re-affirms the direct relation between the density and type of MDs with film-substrate lattice 

mismatches. 

 

 

Figure 2-11. High-resolution ADF-STEM images of the BaSnO3 film-substrate interface: (a) on 
LaAlO3, (b) on STO, (c) on GdScO3, (d) on PrScO3. MDs with an in-plane burgers vector are marked 
with yellow symbols and MDs with an out-of-plane burgers vector are marked with red symbols. All 
scale bars are 100 nm and 2 nm in low- and high- magnification images. 

 

Table 2-3. Spacing and density of MDs at the BaSnO3 film-substrate interface. Spacing between MDs 
are represented by the number of BaSnO3 unit cells (u.c.BaSnO3). The total distance used to evaluate 
experimental spacing and density of MDs were 260 nm, 80 nm, 400 nm, and 50 nm for BaSnO3 
BaSnO3/LaAlO3, BaSnO3/SrTiO3, BaSnO3/GdScO3, and BaSnO3/PrScO3, respectively. 

 BaSnO3/LaAlO3 BaSnO3/SrTiO3 BaSnO3/GdScO3 BaSnO3/PrScO3 

Spacing (theo.) 
(u.c.BaSnO3) 

11.5 18.2 26.5 41.0 

Spacing (expt.) 
(u.c.BaSnO3) 

11.3 ± 0.6 | 19.4 ± 1.17 25.4 ± 2.6 | 48.5 ± 14.5 

MD density (theo.) 
(cm-1) 

2.1×106 1.3×106 9.2×105 5.9×105 

MD density (expt.) 
(cm-1) 

2.2×106 ± 
0.1×106 

1.3×106 ± 
0.1×106 

9.6×105 ± 
0.9×105 

5.0×105 ± 
5.5×105 
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Methods 

La:BaSnO3 films were grown on LaAlO3(001)pc, SrTiO3(001)pc, GdScO3(001)pc, and PrScO3(001)pc 

substrates using high pressure oxygen sputtering112, 113. The target was synthesized by solid-state reaction of 

BaCO3, SnO2, and La2O3 powders (≥ 99.99% purity) in air at 1200 °C, followed by cold pressing and sintering 

at 1450 °C. High-resolution XRD measurements were carried out in both out-of-plane and grazing-incidence 

modes, using Cu Kα radiation in a Panalytical X’Pert Pro diffractometer.  

CTEM images and selected-area electron diffraction (SAED) patterns were obtained using an FEI Tecnai G2 

F30 (S)TEM operated at 300 keV. The area selected by the selected-area aperture was about 0.7 μm2. ADF-

STEM images were acquired using an aberration-corrected FEI Titan G2 60-300 (S)TEM operated at 200 

keV. The convergence semiangle for the electron probe was 17.3 mrad. The LAADF and HAADF detector 

inner angles were in the range of 11-19 and 55-93 mrad, respectively. Plan-view TEM samples were prepared 

by mechanical polishing using MultiprepTM (Allied High Tech Products, Inc.). The thickness of the plan-

view sample was estimated to be in the range of 50-70 nm via the EELS log-ratio method, using a calculated 

mean free path of plasmon excitations in BaSnO3 of λp = 81 nm114. Cross-sectional TEM samples were 

prepared via a focused ion beam (FIB) lift-out method using an FEI Helios NanoLab G4 dual-beam FIB with 

a 30 kV Ga-ion beam. The samples were further polished at 2 kV and 1 kV to remove damaged surface layers. 

The thickness of the cross-sectional samples was in the range 40-50 nm.  

Conclusion 

The crystal structure of La:BaSnO3 films grown on four different substrates, LaAlO3, SrTiO3, GdScO3, and 

PrScO3, were studied using various TEM techniques. The microstructure of the BaSnO3 films, in particular 

rotational disorders, is highly dependent on the choice of a substrate. When cross-sectional STEM images of 

the BaSnO3 films were inspected, a similar columnar structure with grain widths of about 31 nm were 

observed. TBDF imaging of BaSnO3 on LaAlO3 (the highest lattice mismatch) and PrScO3 (the lowest lattice 

mismatch) revealed that grains with in-plane twist exist in both films, whereas grains with out-of-plane tilt 

are observed only in BaSnO3 on LaAlO3. The in-plane twist was evaluated to be 1.8° ± 0.3° and 1.4° ± 0.2° 

for BaSnO3 on LaAlO3 and PrScO3, respectively, from SAED analysis. The atomic structure at the film-

substrate interfaces showed obvious differences between BaSnO3 films. The density of MDs with 

b=aBaSnO3[100] and b=aBaSnO3[010] linearly increased with the degree of the lattice mismatch. Meanwhile, 
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due to considerably larger lattice mismatch between a BaSnO3 film and a LaAlO3 substrate (8.7%), the 

BaSnO3-LaAlO3 interface contains MDs with b = aBaSnO3[001], in addition to the typical MDs, which results 

in out-of-plane grain tilt in BaSnO3 films. In addition, atomic-resolution plan-view ADF-STEM images were 

also examined where arrays of TDs forming low-angle grain boundaries between these predominantly in-

plane twisted grains were monitored. The density of TDs was found to have a slight correlation with the 

lattice mismatch with a substrate. It is shown that TEM-based analysis can provide detailed information about 

the microstructure including grain sizes and orientations, dislocations types and their density/location, and 

presence of local strain in such films. Stark differences in out-of-plane tilt in BaSnO3 films grown on different 

substrates are shown to result from differences in MD types and densities at the interface, explaining a 

puzzling observation from X-ray diffraction. Materials in this chapter are from ‘H. Yun et al., Microstructure 

characterization of BaSnO3 thin films on LaAlO3 and PrScO3 substrates from transmission electron 

microscopy, Sci. Rep., published 2008 by Nature Publishing Group115’. 
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3. Misfit dislocation network at the interface of BaSnO3 and a substrate 

Thin films are grown on a substrate that might be the same material or the other materials with a finite lattice 

constant mismatch. The choice of a substrate is crucial in determining the microstructures and properties of 

thin films as described in the Ch. 2. The interfaces of heterostructures are of particular interest due to 

divergent phenomena and new physics emerging at the interfaces. When a thin film is relaxed, the interface 

between a film and a substrate inevitably forms MDs. The MDs are easily observed from cross-sectional 

view TEM images as a projected view, however, the distribution of the MD in two-dimensional plane of the 

interface is hard to visualize since they are buried between two layers of a film and a substrate. Here, we 

attempt to visualize the 2D MD network by employing ADF-STEM images. While STEM analysis of a single 

crystalline material is relatively straightforward as a STEM probe propagates through an atomic column that 

is uniform and comprised of one repeating unit throughout, and thus, an ADF-STEM image of the single 

crystal shows contrast that is representative of those repeating units. Characterization of the loca structural 

variations such as extended defects116-123, voids124-126, inclusions of different crystalline phase or 

composition23, 127, misoriented grains115, etc. causes complexity in obtaining and understanding experimental 

data. Depth sectioning128-131 and quantification of ADF-STEM images119, 126 have been utilized as successful 

methods for analysis of defects, i.e., dopants and vacancies116-119, 121-124. However, there have been limited 

studies on characterization of extended defects and layered crystals130, 132, 133. When these local structures in 

crystals are examined using STEM, understanding of probe channeling in the specimen is essential8, 134-136. 

Probe channeling is a term explaining a specific behavior of the electron beam; the electron beam is captured 

by atomic potential and propagates along an atomic column with specific oscillations determined by crystal 

structure of the sample. The study of beam channeling in non-uniform crystalline specimens is of significance 

since the channeling behavior can be modified due to the structural variations. Here, we study STEM probe 

channeling in bilayer crystalline films of perovskite BaSnO3 and LaAlO3. Sensitivity of the beam channeling 

on probe defocus and on misalignment of atomic columns in a sample, and their effects on ADF-STEM 

imaging are discussed.  

While rhombohedral LaAlO3 forms a pseudo-cubic perovskite structure along certain directions, BaSnO3 has 

a cubic perovskite structure115. The lattice mismatch between BaSnO3 and pseudo-cubic LaAlO3 is 8.0 %. 

Thus, when the heteroepitaxy of BaSnO3 and LaAlO3 is relaxed, MDs are formed at the interface at every 11 
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u.c. of BaSnO3 (or 12 u.c. of LaAlO3)115. The MD lines lie along the [100] and [010] crystallographic 

directions at the interface. Two sets of periodic MD lines cross each other and create 2D MD network, as 

shown in Figure 3-1. While these MDs have been observed in cross-sectional TEM and STEM images115, 137-

139, STEM-based plan-view characterization of these interfacial MD networks are lacking132, 133. This study 

provides an initial step in STEM characterization of these MD networks.  

Figure 3-1(a, b) show schematics of the atomic arrangement in BaSnO3/LaAlO3 bilayers from top view and 

the side view, respectively. Misalignment between atomic columns in LaAlO3 and BaSnO3 layers creates the 

Moiré-like pattern in the [001] projection with three distinct regions: MD-free, single-MD, and double-MD. 

While AlO-SnO and La-Ba alignments are formed in the MD-free region, the atomic columns in BaSnO3 and 

LaAlO3 are displaced from each other as they deviate from the MD-free region. In the double-MD region, 

AlO-Ba and La-SnO alignments occur due to the half unit-cell lattice translation from one layer to another 

in the [010] and [100] directions. In single-MD regions, the half unit-cell deviation between two crystals only 

occurs in one direction, either in [010] or [100]. 
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Figure 3-1. Schematic illustration of MD network for a bilayer of LaAlO3 on BaSnO3. (a) MD network 
from top view (or plan-view). MD lines are marked with shaded lines. MD-free, single-MD, and 
double-MD regions are highlighted in a box below. (b) MD network from side view (or cross-sectional 
view). Position of MDs are marked with symbols in (a) and (b). 

 

3-1. Imaging the MD network  

Plan-view HAADF-STEM images of BaSnO3/LaAlO3 bilayers were obtained as shown in Figure 3-2. 

Bilayers with different combination of thicknesses of BaSnO3 and LaAlO3 were examined and the images 

were acquired using two electron beam directions of BaSnO3 to LaAlO3 and LaAlO3 to BaSnO3. First, it is 

noticed that even from the same sample, entirely different image contrast is generated depending on the 

electron beam direction. Additionally, visibility of one layer is positively correlated with the thickness of the 

layer. In detail, for both electron beam directions, as BaSnO3 thickness with respect to LaAlO3 thickness 
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increases, the contrast from BaSnO3 becomes stronger than that of LaAlO3. However, it should be also noted 

that the contrast does not scale linearly with the thickness. 

 

 

Figure 3-2. HAADF-STEM images of BaSnO3/LaAlO3 bilayers obtained from different electron beam 
directions. Scale bars are 2 nm. 

 

3-2. Effects of probe defocus on the beam propagation in a specimen 

Key factors for understanding the STEM contrast and the actual structures of the bilayer is the electron beam 

propagation and interaction volume between the electron beam and the material in the BaSnO3/LaAlO3 

bilayers. By tracking the intensity of electron beam propagation through the material, the interaction volume 

that are significantly affected by the beam channeling can be studied. Thus, the electron beam intensity depth 
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profiles were calculated and analyzed for different STEM probes propagating through BaSnO3/LaAlO3 

bilayers. Aberration-corrected STEM probe not only has a fine lateral size (< 1 Å), but also has dramatically 

reduced nano-scale focal depth129, 135, thus, separating the effects of depth of field and defocus of the probe 

on beam channeling is necessary.  

In determination of the interaction volume and the HAADF-STEM contrast, the depth of the field of the 

electron beam plays a primary role. Here, it should be pointed that the depth sectioning, the depth of 

channeling and the depth of field of the probe are not the same. While the depth of the field is an intrinsic 

property of a probe, the depth of channeling is highly dependent on a crystal structure of a sample. Figure 3-

3 shows beam intensity depth profiles for a STEM probe placed in a vacuum and on the La column in LaAlO3. 

As a probe channels along the La column, non-symmetric beam, which is comprised of several oscillation 

packets, is generated as shown in the extracted line profiles (Figure 3-3(b)). The depth of channeling at the 

La column is smaller than the depth of the field. The depth of channeling can be either smaller or considerably 

larger than depth of field depending on the linear density of an atomic column.  

 

 

Figure 3-3. (a) 2D beam intensity depth profile of STEM probes propagating through a vacuum and 
a La column in LaAlO3. Probe defocus was ∆f = 12 nm. (b) Line profiles extracted from the optic 
axis of the depth profiles in (a). Depth of field (11.5 nm) and depth of channeling (8.5 nm) are 
estimated from the full-width-at-half-maximum of the profiles. 

While depth of field is determined by probe parameters and the crystal density of the tested materials, defocus 

can be directly controlled during an operation of the STEM. To simplify discussion and directly compare 

results of calculations with experimental data, we first fixed probe parameters, and studied the effects of 

defocus.  



 

65 
 

Figure 3-4 shows 2D electron intensity depth profiles of a probe propagating through a 30-nm-LaAlO3/10-

nm-BaSnO3 bilayer for different defocus values. Here, the probe was placed on the La-Ba column (Figure 3-

4(a, b)) and then on the AlO-SnO column (Figure 3-4(c, d)) in the MD-free region. In Figure 3-4(a), a focal 

series of the beam intensity depth profiles along the La-Ba column is shown. The average atomic number Z 

per distance in the La-Ba column is 15.04 Å-1 and 13.54 Å-1 for LaAlO3 and BaSnO3 layers, respectively, 

which puts beam channeling along these columns in high-Z regime 136. In this regime, the electron beam 

propagates with strong intensity oscillations accompanied by fast decay. When the beam is focused at the 

sample entrance, i.e., ∆f = 0, the beam channels through a La column in the top LaAlO3 layer and decays 

quickly. As the probe is focused away from the sample entrance, i.e., ∆f = 4, 8 ,12, and 16 nm, depth of 

channeling shifts down mimicking STEM depth sectioning128, 130. When the probe is defocused considerably 

away from the sample entrance, i.e., ∆f > 12 nm, the not-fully-converged broader beam enters the sample 

and, as a result, a fraction of probe electrons is ‘captured’ by neighboring atomic columns.  

 

 

Figure 3-4. Focal series of 2D electron intensity depth profile for a STEM probe placed in the MD-
free region of 30-nm-LaAlO3/10-nm-BaSnO3 bilayer. (a, b) Focal series for a probe placed at the La-
Ba column with beam direction: (a) LaAlO3 to BaSnO3 and (b) BaSnO3 to LaAlO3. (c, d) Focal series 
for a probe placed at the AlO-SnO column with beam direction: (c) LaAlO3 to BaSnO3 and (d) BaSnO3 
to LaAlO3. Schematics of corresponding atomic planes are shown on the right of each depth profile. 
The atomic columns are indicated by circles in depth profiles. Each set of focal series was normalized 
using the maximum and minimum intensity of the series. 
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The intensity depth profile of the probe located on the AlO-SnO column shows very different defocus effect 

(Figure 3-4(c)) than that in Figure 3-4(a). The beam intensity decays slower than that along the La-Ba column 

due to the smaller average Z of the AlO column (5.54 Å-1), which puts it into the low-Z regime 136. This weak 

intensity decay along the AlO column extends the depth of channeling far beyond that of high-Z La-Ba 

columns, and even farther than the depth of field of the probe. At ∆f = -8, -4, 0, 4, and 8 nm, the electron 

beam is no longer confined in the small region in a LaAlO3 layer, but channels across the interface. 

Interestingly, when the probe is defocused away from the entrance, ∆f = 12, and 16 nm, the depth of 

channeling reduces and less electrons reach the Ba column in BaSnO3 layer.  

When the sample is flipped, an incident beam enters to the thinner 10-nm- aSnO3 layer first (Figure 3-4(b, 

d)). Because Ba and SnO (average Z of 14.02 Å-1) columns fall into high-Z regime, the depth of channeling 

is reduced for both columns. As defocus of the probe increases, the depth of channeling is modified, gets 

pushed into the middle of a specimen, and the distribution of the beam intensity shifts from BaSnO3 into the 

LaAlO3. Interestingly, when the beam channels along the BaO-AlO column, once it reaches LaAlO3 layer, 

the depth of channeling extends further into the layer channeling along the low-Z AlO column (Figure 3-

4(d)). These observations demonstrate that effects of the channeling cannot be underestimated when STEM 

depth sectioning is performed even on simpler bilayers.  

In STEM, the electron beam intensity at a particular atomic column determines the amount of the electrons 

scattering from that column, generating signals for imaging and spectroscopy. HAADF-STEM image is 

formed by collecting the electrons incoherently scattered to higher angles, and the amount of the scattered 

electrons can be directly correlated to channeling beam intensity. Therefore, based on the simulated profiles, 

it can be speculated that when the beam enters from the 30-nm-LaAlO3 side, the HAADF-STEM images will 

be dominated by the LaAlO3 layer for a wide range of defocus values while extended depth of channeling at 

the AlO column will complicate quantification of these images. On the other hand, when the beam enters 

from the 10-nm-BaSnO3 side, contributions from each layer to HAADF-STEM image will depend on defocus 

of the probe. 

3-3. Defocus effect on HAADF-STEM images  

Plan-view HAADF-STEM images were simulated for the BaSnO3/LaAlO3 bilayers for a range of defocus 

values and film thicknesses with a goal to connect the electron beam intensity depth profiles to experimentally 
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assessable images. In these image simulations, the thickness of a LaAlO3 layer was varied from 5 to 30 nm, 

while the thickness of a BaSnO3 layer was fixed at 10 nm. Figure 3-5(a) shows the resulting HAADF-STEM 

images for the cases where the electron beam is propagating from BaSnO3 to LaAlO3. As can be seen, when 

the beam enters a BaSnO3 layer first, the image contrast does not change with the LaAlO3 layer thickness, 

whereas the effects of defocus is significant. At ∆f = 0 nm, the HAADF-STEM image shows contrast from 

both of BaSnO3 and LaAlO3 layers with the intensity from BaSnO3 being stronger than that from LaAlO3. 

As defocus decreases and the probe is focused above the entry surface, the image becomes blurred due to 

probe spreading. On the other hand, as defocus increases, the depth of channeling moves toward the second 

layer and contribution from the LaAlO3 layer increases. At ∆f = 4 and 8 nm HAADF-STEM images show 

clear contrast from both BaSnO3 and LaAlO3 layers with the characteristic Moiré-like pattern. At ∆f = 16 nm, 

contrast from the BaSnO3 layer diminishes and mostly LaAlO3 is visible. 
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Figure 3-5. Simulated thickness-defocus map of plan-view HAADF-STEM images for 
BaSnO3/LaAlO3 bilayers. The thickness of BaSnO3 was 10 nm and the thickness of LaAlO3 varied 
from 5 to 30 nm. The electron beam direction was (a) BaSnO3 to LaAlO3 and (b) LaAlO3 to BaSnO3. 
A set of images displaying similar Moire-like pattern from the MD network are marked with a red 
box. Images were normalized individually, and scale bars are 2 nm. 
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HAADF-STEM images simulated for a beam propagating from LaAlO3 to BaSnO3 are shown in Figure 3-

5(b). The LaAlO3 thickness-defocus map shows strong dependence of image contrast on both the LaAlO3 

layer thickness and defocus. For all LaAlO3 thicknesses, at ∆f = -8 to 0 nm HAADF-STEM images is 

dominated by contrast from the LaAlO3 layer. Here, slightly higher background observed at the single-MD 

regions in some of these LaAlO3-dominant HAADF-STEM images is due to misaligned Ba and SnO columns 

in the bottom BaSnO3 layer. As defocus increases, contribution from the BaSnO3 layer adds up creating the 

characteristic Moiré-like pattern. Here, when the thickness of the LaAlO3 layer increases, the interface moves 

further away from the beam entry surface. Thus, increasing defocus shifts the depth of the channeling toward 

the deeper located interface and allows visualization of both BaSnO3 and LaAlO3 layers, as indicated by 

images in the red boxes. Figure 3-6 displays unnormalized contrast evolution with defocus values at double-

MD and single-MD regions in 30-nm-LaAlO3/10-nm-BaSnO3 bilayer.  

 

 

Figure 3-6. Focal series of HAADF-STEM images of double-MD and single-MD regions in a 30-nm-
LaAlO3/10-nm-BaSnO3 bilayer. The beam direction is from BaSnO3 to LaAlO3. 

 

However, there are limitations to this. As defocus increases, a broader beam enters the sample causing 

weakening of main channeling and formation of satellite channelings in neighboring columns. Therefore, the 

interface depth that can be reached is restricted as too much defocus degrades the image. To illustrate this, 

Figure 3-7(a) shows HAADF-STEM images of a 15-nm-LaAlO3/10-nm-BaSnO3 bilayer simulated using ∆f 

= 0 and 16 nm and a 30-nm-LaAlO3/10-nm-BaSnO3 bilayer using ∆f = 0 and 32 nm. The interface of the 15-

nm-LaAlO3 and 10-nm-BaSnO3 can still be visualized using defocus ∆f = 16 nm. However, when the 30-

nm-LaAlO3/10-nm-BaSnO3 bilayer is imaged with ∆f = 32 nm, not only the contrast is dramatically lowered 
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but the image resolution is degraded. Figure 3-7(b) shows comparison of depth profiles of channeling probes 

with ∆f = 0 and 32 nm in the 30-nm-LaAlO3/10-nm-BaSnO3 bilayer where drastic difference in beam 

intensity and degree of localization is visible. 

 

 

Figure 3-7. (a) HAADF-STEM images of the LaAlO3/BaSnO3 bilayers with the electron beam 
propagation direction from LaAlO3 to BaSnO3. (a-1) displays individually normalized images and (a-
2) shows same images normalized to the incident probe intensity. Line profiles extracted from a 
dashed line in each image are presented below. Scale bars are 1 nm. (b) Beam intensity depth profile 
of a STEM probe propagating through 30-nm-LaAlO3/10-nm-BaSnO3 bilayer. A probe is placed at 
La (left) and AlO (right) columns in the MD-free region and defocus values of 0 and 32 nm are used. 
Positions of the atomic columns are marked with closed circles. 

 

3-4. Comparison of simulations with experiments 

Focal series of HAADF-STEM images were experimentally acquired from a 10-nm-BaSnO3/30-nm-LaAlO3 

bilayer and compared with simulated images, as shown in Figure 3-8. Two sets of experimental and simulated 

HAADF-STEM images were obtained with the beam propagating from BaSnO3 to LaAlO3 (Figure 3-8(a)) 

and from LaAlO3 to BaSnO3 (Figure 3-8(b)). As can be seen, measured and simulated images are in good 

agreement. As simulations predicted, in case of the beam propagating from BaSnO3 to LaAlO3, the image 

contrast varies with probe defocus (Figure 3-8(a)). When the defocus ∆f < 0 nm, contrast from BaSnO3 is 

dominant. Then the LaAlO3 contrast is enhanced with increasing defocus. At ∆f = 4 and 8 nm, 2D MD 

network is visible with the clear Moiré-like pattern. When the beam propagates from LaAlO3 to BaSnO3, 

again, as simulations predicted, measured HAADF-STEM images are dominated by the LaAlO3 contrast 

regardless of defocus. Even slightly brighter contrast at the single-MD regions discussed earlier is observed 
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in experiment. These results re-affirm the vital roles of probe defocus and the order in which layers are 

stacked on beam channeling and, consequently, on HAADF-STEM imaging of 2D interfacial MD networks. 

 

 

Figure 3-8. Measured and simulated focal series of plan-view HAADF-STEM images obtained from 
the 10-nm-BaSnO3/30-nm-LaAlO3 bilayer. Images are for the incident electron beam propagating 
from (a) BaSnO3 to LaAlO3 and (b) LaAlO3 to BaSnO3, respectively. Images were individually 
normalized. Scale bars are 2 nm. 

 

Unlike a HAADF-STEM image, a LAADF-STEM image of crystalline materials encompasses additional 

complexities due to overlapping low-order diffraction disks within LAADF detector angles. However, 

LAADF-STEM images can also provide useful information about crystal structure of a specimen135, 140. Pairs 

of experimental HAADF- and LAADF-STEM images were simultaneously obtained from the plan-view 10-

nm-BaSnO3/30-nm-LaAlO3 bilayer and are shown in Figure 3-9 along with simulated images. 

 



 

72 
 

 

Figure 3-9. Measured and simulated pairs of HAADF-and LAADF-STEM images from 10-nm-
BaSnO3/30-nm-LaAlO3 bilayers. Beam propagation direction: (a,b) LaAlO3 to BaSnO3, (c,d) BaSnO3 
to LaAlO3. The pairs of HAADF- and LAADF-STEM images were acquired simultaneously, and the 
images were individually normalized. Scale bars are 5 nm and 1 nm for low- and high-magnification 
images, respectively. The relative sizes of high-magnification images are indicated by yellow boxes 
overlaid on low-magnification images. The line profiles extracted from the high-resolution images 
are shown on the right. The profiles are from dashed lines shown in each image. MD-free and double-
MD regions are indicated with green shades and single-MD region is with red shades. 

 

When a beam propagates from LaAlO3 to BaSnO3, a HAADF-STEM image shows weak bright contrast 

while a LAADF-STEM image exhibits strong dark contrast at low-magnification. High-magnification images 

(both measured and simulated) reveal that the bright contrast in a HAADF-STEM image is from the single-

MD region, and the dark contrast in a LAADF-STEM image is from the MD-free and double-MD regions. 

Since the image simulations do not include strain in the structure, the strong dark contrast in the LAADF-

STEM images is not from a strain field and should be explained otherwise. It should be noted here that lack 

of the strain field around MDs and idealistic atomic model of the bilayer used in simulation could be the 
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reason for more ‘square-like’ appearance of the dark and bright contrast regions. As a STEM probe 

propagates through a sample, the channeling modifies the angular distribution of the probe electrons by 

increasing the fraction of lower angle electrons136. As a result, LAADF-STEM images are sensitive to the 

electron scattering occurring deeper in the sample. Thus, in case of the 30-nm-LaAlO3/10-nm-BaSnO3 bilayer, 

while a HAADF-STEM image is dominated by the top LaAlO3 layer, the LAADF-STEM image shows 

additional contrast from deeper located BaSnO3 layers. In particular, the enhanced sensitivity of the LAADF-

STEM image on the bottom layer produces considerable background in the regions of the sample where 

atomic columns in bottom BaSnO3 are misaligned relative to those in LaAlO3, making relatively darker 

contrast in the well-aligned atomic column regions. It should be noted that diffraction from the BaSnO3 layer 

also contributes to the LAADF-STEM image contrast and need to be considered for full quantification, but 

it is beyond the scope of this study. 

Figure 3-9 (c, d) show pairs of HAADF- and LAADF-STEM images from the 30-nm-LaAlO3/10-nm-BaSnO3 

bilayer with a probe propagating from BaSnO3 to LaAlO3. Measured low-magnification HAADF image 

shows distinct contrast where bright spots are visible not only at the MD-free and double-MD regions but 

also at the single-MD regions. This observation is consistent with a prediction from simulations in Figure 3-

5. Here again, due to the enhanced sensitivity of a LAADF-STEM image on beam channeling, the regions 

with well-aligned atomic columns in the BaSnO3/LaAlO3 bilayer exhibits relatively darker background 

intensity, which is distinctive even at low-magnifications. These observations show that LAADF-STEM 

images could be used to efficiently identify the presence of MD network at lower magnifications.  

3-5. Future works: Effects of probe location 

As the electron beam propagates through two layers in the BaSnO3/LaAlO3 bilayer, the channeling in a 

bottom layer is affected by beam propagation in the top layer. This is best illustrated by atomic column 

alignment between two layers. To examine this, the probe was placed at atomic columns in distinct regions 

of BaSnO3/LaAlO3 bilayer: MD-free (①), single-MD (③,④), double-MD (⑥), in the middle of ① and 

③ (②), and in the middle of ④ and ⑥ (⑤), as shown in Figure 3-10(a). The beam propagation direction 

was set from BaSnO3 to LaAlO3 and defocus value was set ∆f = 8 nm. 
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Figure 3-10. 2D electron intensity depth profile of a STEM probe propagating through the 10-nm-
BaSnO3/30-nm-LaAlO3 bilayer. (a) The probe positions for the depth profile simulations are 
displayed on atomic models from top-view and side-view. (b-e) Simulated depth profiles. Positions 
of atomic columns in the 2D plane is indicated with numbers in circles. The depth profiles were 
normalized using the same scale. 

 

First, the probe was placed at Ba and SnO columns of the BaSnO3 layer (Figure 3-10(b, c)). It should be 

noted that a beam channels along the columns in the first layer (in this case, BaSnO3) the same way regardless 

of the region. In the MD-free region ①, since La and AlO atomic columns of the LaAlO3 layer are aligned 

with Ba and SnO columns, the beam continuously channels at the same position in the LaAlO3 layer, but 

with different decaying rate and oscillation wavelength. The beam channeling behavior in the double-MD 

region ⑥ is similar to that in the region ①. AlO and La columns are aligned with Ba and SnO columns, 

thus, the beam again channels at the same position but with different channeling intensity. In the single-MD 
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regions (③ and ④), after channeling through the BaSnO3 layer, beam continues to channel along an oxygen 

column of the LaAlO3 layer located at the same position, but with much weaker channeling intensity.   

In the regions ② and ⑤, atomic columns of BaSnO3 and LaAlO3 are misaligned. Thus, after the electron 

beam channels through Ba or SnO columns in the BaSnO3 layer, it strays away from the optic axis and 

transfers into neighboring atomic columns of the LaAlO3 layer. Such beam behavior in the second layer may 

cause unexpected results in ADF-STEM images as well as in spectroscopic elemental maps. Additionally, in 

cases of very small misalignment between atomic columns, through-column channeling in the first layer 

results in sub-atomic channeling (beam oscillation within the dimensions of the atom as it propagates along 

the column) in the second layer141, 142. It is particularly evident in the depth profiles at the SnO column 

position in the region ② with clear sub-atomic channeling around the AlO column in the LaAlO3 layer 

(Figure 3-10(c)).  

Next, a STEM probe was located at the La and AlO column positions, on-column positions of the second 

layer (Figure 3-10(d, e)). In the regions ① and ⑥, La and AlO columns are aligned with Ba and SnO 

columns of the first layer, and the results are the same as for the Ba and SnO positions in the regions ① and 

⑥. In single-MD regions ③ and ④, the oxygen columns in the first layer weakly channel the electron 

through the BaSnO3 layer, which then channels strongly through the heavier La and AlO columns of the 

second LaAlO3 layer (Figure 3-10(d, e)). Lastly, when a probe is placed at La and AlO columns in the regions 

② and ⑤, the incident probe mostly propagates through an interatomic volume of the first layer with a small 

portion of the beam being affected by nearby atomic columns. As a result, the symmetry of the beam breaks 

and, as the beam enters to the LaAlO3 layer, sub-atomic channeling is invoked.  

These electron intensity depth profiles demonstrate that the electron channeling in a bilayer (or in a multilayer) 

can be complicated since the electron channeling in a preceding layer strongly affects the channeling in 

successive layer. Also, a considerable electron beam intensity transfer can take place due to misaligned 

atomic columns. Diverse electron channeling behaviors in sequential layers discussed here open new 

possibilities to manipulate beam propagation in a target material by using a layered sample.  
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Methods 

Experiment 

BaSnO3 films were grown on pseudo-cubic LaAlO3(001)pc substrates using hybrid molecular beam epitaxy51. 

Plan-view STEM samples were prepared by mechanical polishing (using MultiprepTM Allied High Tech 

Products, Inc.) followed by colloidal polishing with alumina abrasives to remove damaged layers on the 

surfaces. STEM experiments were carried out using aberration-corrected (probe-corrected) FEI Titan G2 60-

300 (S)TEM operated at 200 keV. The probe convergent angle was 17.3 mrad and ADF detector inner angles 

were 93 and 19 mrad for HAADF- and LAADF-STEM images, respectively. The resolution was estimated 

using Au test specimen, and was around 0.8 Å. To remove high-frequency noise from the images, a low-pass 

filter was applied. The thicknesses of samples were determined from measured electron energy-loss spectra 

employing the log-ratio method with the mean free paths of plasmon excitation: λp = 81 nm for BaSnO3 and 

λp = 89 nm for LaAlO3
13. 

Simulation 

The electron beam channeling through the bilayer is explored by calculating the intensity depth profiles of a 

STEM probe propagating through the BaSnO3/LaAlO3 heteroepitaxial structure using the TEMSIM 

simulation package, which is based on the Multislice method8, 134. Supercell of the bilayer of BaSnO3 and 

LaAlO3 was constructed by stacking 11 × 11 × nBaSnO3 unit cells of BaSnO3 on 12 × 12 × nLaAlO3 pseudo-

cubic unit cells of LaAlO3 (nBaSnO3 and nLaAlO3 are the number of BaSnO3 and LaAlO3 unit cells in 

perpendicular direction to the film surface, [001] direction). There are two possible epitaxial alignments 

between these two layers: (1) aligning the AlO atomic column of LaAlO3 layer with the SnO column of 

BaSnO3 in the end unit cells, or (2) aligning the La atomic column of LaAlO3 with the Ba column of BaSnO3 

in the end unit cells. As shown in Figure 3-11, there is no substantial difference between these two models, 

which was expected considering very small differences in lattice constants of two crystals. With a BaSnO3 

layer as a reference, the lattice of LaAlO3 layer in the model (A) is shifted in the [100] and [010] directions 

only by 0.1725 Å relative to the model (B).  
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Figure 3-11. Two possible arrangements of a bilayer of BaSnO3 and LaAlO3. Atomic models from 
cross-sectional view are shown on the left and simulated plan-view HAADF-STEM images are shown 
on the right. Scale bars are 1 nm. 

 

All the simulations presented here are hence performed using the AlO-SnO alignment. With lattice 

parameters for pseudo-cubic LaAlO3 being 3.790 Å and for cubic BaSnO3 being 4.135 Å, supercells with 

size of 45.48 × 45.48 × (3.790 × nLaAlO3 + 4.135 × nBaSnO3) Å3 were constructed. This lattice constant of 

BaSnO3 allows boundary matching between LaAlO3 and BaSnO3 layers in the [100] and [010] directions. 

The strain fields around MDs are not included in these simulations.   

STEM probe parameters were set as: beam energy of 200 keV, a convergence angle of 20 mrad, and defocus 

in the range from -8 nm to 32 nm. The convergence angle was slightly different from the experimental value 

of 17.3 mrad. However, this minor difference should not influence the other simulation results as the STEM 

probe simulated using two values showed negligible differences. (see Figure 3-12). We rounded up an 

experimental convergence angle and used 20 mrad for simulations. Figure 3 displays comparison of the probe 

function using a convergence angle of 17.3 and 20 mrad. After incorporating the source size of 1 Å, FWHM 

of probe is 0.95 Å and 1.06 Å, respectively, which is reasonably similar. 
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Figure 3-12. Comparison of STEM probes for a convergence angle of 17.3 and 20 mrad. Scale bars 
are 1 nm. Line profiles crossing the center of a probe were extracted from each image and plotted 
below. 

 

Cs was set to be 0 as the differences between probes with small, aberration corrected Cs and Cs = 0 are 

negligible136, 142. Thermal diffuse scattering was included using frozen-phonon approximation for T = 300 K. 

The number of phonon configuration was 5 for ADF-STEM images and the beam intensity depth profile 

simulations. In Figure 3-13, the beam intensity depth profiles with different number of phonons are presented. 

STEM probe propagates 10-nm-BaSnO3/30-nm-LaAlO3 bilayers and the defocus was 0 nm. All other 

parameters were same as described in the manuscript. Four distinct probe positions are shown to represent 

high-Z (La) and low-Z (Al) regime channeling and aligned (①) and misaligned (②) atomic column 

arrangements. While atomic positions are stationary with no phonon, atoms are slightly displaced from the 

original position with incorporation of phonons. The accuracy of the frozen phonon approach increases as 

the number of phonon increases. As the number of phonon increases from 0 to 1, 5, and 10, change of 
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channeling behavior is observed in Figure R2. The depth profile with five phonon configurations show 

similar enough behavior to that with ten configurations. 

 

 

Figure 3-13. Comparison of beam intensity depth profiles with the number of configurations of 0, 1, 
5, and 10. 

 

HAADF- and LAADF-STEM images were also computed using 5 and 10 phonons, which showed almost 

similar image contrast. (see Figure 3-14). For these 40-nm-thick samples with 200 slices, 5 phonon 

configuration seems sufficient8. Thus, we report the results with 5 phonon configurations throughout the 

chapter. 
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Figure 3-14. Comparison of ADF-STEM images with the number of configuration of 5 and 10. 

 

Root-mean-square thermal displacements were set to be 0.0415 Å for La, 0.045 Å for Al, 0.0658 Å for O in 

LaAlO3, 0.095 Å for Ba, 0.100 Å for Sn, and 0.089 Å for O in BaSnO3
143. ADF-STEM images were also 

simulated using the same TEMSIM package8, 134. The transmission functions were calculated using a 2048 × 

2048 pixels2 grid. High-angle ADF (HAADF)- and low-angle ADF (LAADF)-STEM image simulations 

were performed with detector inner/outer angles of 90/360 mrad and 20/80 mrad, respectively. The images 

were then convoluted with 2D Gaussian function with the full-width-at-half-maximum of 1 Å to incorporate 

the source size141.  

Conclusion 

By understanding the channeling behavior of an aberration-free STEM probe through bilayers of 

heteroepitaxial perovskite BaSnO3 and LaAlO3 layers, interfacial structure highlighted by the MD network 

was visualized using ADF-STEM images. The effects of channeling on resulting HAADF- and LAADF-

STEM images were evaluated with simulated beam propagation profiles, and corresponding images were 

calculated, which were then compared with experimental images. The effects of probe defocus and 

misalignment of atomic columns in two layers were analyzed. Resulting from this, discussion on limits of 

visualization of the MD network at the heteroepitaxial interface was provided.  

It was proven that channeling width (or depth of channeling) along atomic columns shows substantial 

differences from the depth of field as the electron channeling has a strong dependence on specifics of 

crystalline structure of the sample reshaping channeling width. Therefore, interpretation of through focal 
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series HAADF-STEM images of crystalline multilayers should be done carefully with proper quantification 

of the beam channeling. High sensitivity of LAADF signal on the embedded structures within a sample, due 

to the angular- and thickness- dependence of the channeling, was also discussed. The experimental and 

simulated results presented a nice example demonstrating the electron beam channeling in crystalline 

multilayers, and its effect on the ADF-STEM images, which can help with future STEM studies of complex 

structures. Materials in this chapter are from ‘H. Yun et al., ‘STEM beam channeling in BaSnO3/LaAlO3 

perovskite bilayers and visualization of 2D misfit dislocation network’, Ultramicroscopy, published by 

North-Holland in 2020144’. 
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4. Electronic structures of BaSnO3 probed using EELS and ab initio theory 

Combination of EELS and ab initio calculations is an excellent way to study electronic structures of a material. 

Electronic band structures and corresponding electronic properties can be derived through ab initio 

calculations, and EELS provides an experimental confirmation of the accuracy of simulated band structure. 

Electronic properties like plasmon excitation, interband electronic transitions, and DOS that are uniquely 

defined by band structure can be caught from experimental EELS spectra. In this chapter, comprehensive 

information on the electronic structure of BaSnO3 using EELS in a STEM is presented. High-energy-

resolution (of ~0.13 eV) EELS spectra are acquired and compared with predictions deduced from electronic 

structures of BaSnO3 calculated based on ab initio theory. The low-loss region (0-50 eV) of EELS reveals 

dielectric properties, including interband electronic transitions and plasmon excitations, and core-edges in 

the high-loss regions (>50 eV) are used to study the details of unoccupied DOS of the conduction band.  

4-1. Calculated dielectric function and band structure 

The calculated dielectric function of BaSnO3 is shown in Figure 4-1. The complex dielectric function ε(E) = 

ε1(E) + iε2(E) describes how the electron gas in materials responds to an applied electromagnetic field12, 13, 

145-149. The energy where the real part of the dielectric function, ε1(E), changes from negative to positive, 

evidences a bulk plasmon due to collective oscillations of the electrons. The calculated ε1(E) indicates that 

bulk plasmon excitations can be expected at 15.2, 26.4, and 26.9 eV in BaSnO3, as marked as I and EP in 

Figure 4-1. The inset figure shows the very close two plasmon energies of 26.4 and 26.9 eV. In the imaginary 

part of the dielectric function, ε2(E), peaks correspond to the direct interband electronic transitions12, 13, 145-

149. Distinguishable peaks in ε2(E) are marked with arrows and labeled in Figure 4-1, and details are discussed 

in later sections. 
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Figure 4-1. The calculated real, ε1, and imaginary, ε2, parts of the dielectric function of BaSnO3. The 
bulk plasmon energies (I, EP) in ε1 and direct interband transition peaks (a to k) in ε2 are marked. 

 

The calculated band structure and DOS of BaSnO3 are shown in Figure 4-2. The results are essentially 

consistent with previous reports150-154. The conduction band minimum is positioned at the Γ point (0, 0, 0) 

and the valence band maximum is at the R point (0.5, 0.5, 0.5) in reciprocal space. The curvatures at these 

points also predict an effective mass of the electrons in conduction band, me* = 0.54m0, and effective mass 

of the holes in valence band, mh* = -10.7m0, which are important parameters determining charge carrier 

mobilities. Estimation of the electron effective mass with the equation 𝐸
ℏ

∗ , where E is energy, ℏ is 

Planck constant, k is the absolute value of the wave vector, and 𝑚∗  is the electron effective mass, is 

exemplified in Figure 4-3. 
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Figure 4-2. Calculated band structure (a) and corresponding DOS (b) of BaSnO3: total DOS and 
elementally resolved pDOS of Ba, Sn, and O. Here EF is at the valence band maximum. 

 

 

Figure 4-3. Estimation of the electron effective mass of the valence electron. The band diagram was 
fitted around R in the range of 0.5 Å-1 in the k-space using second order polynomial fitting (R2 value: 
0.99896). 

 

Figure 4-2(b) shows that the lower conduction bands from 3 to 8 eV consist predominantly of s and p states 

of Sn and O, and the conduction bands above 8 eV are mainly composed of d and f states of Ba. The O 2p 

states are dominant in the upper valence band, and high-density Ba 5p states are found at around –10 eV. The 

principal quantum number resolved partial density of states (pDOS) of Ba, Sn, and O are shown in Figure 4-

2 (b). The pDOS data was used to identify possible interband electronic transitions in ε2(E) and Im[-1/ε], and 

the low-loss EELS spectra in the section C. 
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4-2. Band gap measurement 

The band gap of BaSnO3 films was measured using the onset of low-loss EELS data. It should be noted that 

in our experimental setup, with a wide range of q (determined by a detector aperture angle), indirect interband 

transition can be captured so that the indirect band gap of BaSnO3 can be measured. For the indirect interband 

transitions from the valence band maximum to the conduction band minimum to occur, the momentum of 

𝑘 √ 𝑘  and energy of 𝐸 ,  must be transferred to valence electrons to induce such electron excitation, 

where √ 𝑘  is the distance between R point (0.5,0.5,0.5) and Γ point (0,0,0) of the band structure in the 

reciprocal space, 𝑘  is the length of reciprocal lattice points in {100} direction (Bragg diffraction points) in 

BaSnO3, and 𝐸 ,  is the energy difference between R’ (the highest energy state in the valence band) and Γ’ 

(the lowest energy state in the conduction band) as illustrated in Figure 4-4. 

 

 

Figure 4-4. Interband transition engendering the indirect bandgap illustrated on the electronic band 
diagram (left) and reciprocal space of cubic structure (right). 

 

Since the diffraction pattern (DP) of the material coincides with the reciprocal lattice, we simulated DP of 

BaSnO3 (using the Multislice code) as shown in figure below (Figure 4-5). Needed momentum transfer of 

√ 𝑘  is marked by a red arrow. To compare this value with the size of a STEM probe (with a convergence 

semi-angle of 25 mrad) and EELS entry aperture (29 mrad), we overlaid them on this DP: the yellow-shaded 

region is the STEM probe, and the blue-shaded region is the EELS detector entry aperture. As can be seen, 
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almost all incident probe electrons generating indirect interband R’  Γ’ (depicted in Figure 4-4) are 

collected in our EELS measurements. 

 

 

Figure 4-5. Simulated electron diffraction pattern of BaSnO3 in the [001] direction. The range of the 
STEM convergence semi-angle and the detection angle used in experiments are marked. 

 

To measure the band gap from the low-loss EELS data, the ZLP was removed as follows: (1) a tail of zero-

loss EELS spectrum was acquired in vacuum, (2) it was fitted to the low-loss EELS spectra in the 1 to 2.5 

eV range using a multiple linear regression method, and (3) the fitted tail of the zero-loss EELS spectrum 

was subtracted from the low-loss EELS data. To improve statistics, 22 spectra from the BaSnO3 film were 

analyzed. One representative example is shown in Figure 4-6. The onset value of the ZLP-subtracted 

spectrum indicates the band gap energy. The measured band gap energy for the BaSnO3 film was 3.0 ± 0.1 

eV. To confirm the validity of this method, the same analysis was applied to the SrTiO3 substrate and the 

resulting band gap energy was 3.3 ± 0.1 eV, which is consistent with well documented SrTiO3 band gap 

energy of 3.25 eV155. The band gap energy of BaSnO3 films from our measurements are compared with the 

values reported in the literature in Table 4-1. A band gap energy of 3.0 eV is used for all subsequent analyses. 
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Figure 4-6. A high-energy-resolution low-loss EELS spectrum obtained from a BaSnO3 film. The 
zero-loss EELS, obtained in vacuum, was fitted to the low-loss EELS spectrum and then subtracted 
from the spectrum to get the difference. The onset of the difference, which corresponds to the band 
gap, is indicated by an arrow. 

 

Table 4-1. Experimentally-measured band gap energy (Eg) of BaSnO3 from the literature. 

Eg (eV) 
Method Ref. 

Direct Indirect 

 3.0   ± 0.1 Low-loss EELS this work 
3.56 ± 0.05 2.93 ± 0.05 Ellipsometry 45 

3.12 2.85 Diffuse reflectance 156 

3.1 2.95 Transmittance 28 
3.4  Reflectance 157 

 

4-3. Dielectric function of BaSnO3 studied by low-loss EELS analysis 

Low-loss EELS spectra were measured on the BaSnO3 film and compared with the electron energy-loss 

function calculated from the dielectric function. The energy-loss spectrum of incident probe electrons, which 

travel through a sample and act as an electromagnetic wave, can be deduced from the imaginary part of the 

inverse dielectric function, as it is proportional to the electron energy loss function12, 13, 145-149 

Im[-1/ε] (or ε2/(ε1
2 + ε2

2)). (4-1) 

To account for the energy spread of the incident electron beam, the calculated Im[-1/ε] was convolved with 

a Gaussian function158. The FWHM of the Gaussian function was set to be the FWHM of the ZLP for each 

data set. The measured low-loss EELS spectra from BaSnO3 films and the calculated Im[-1/ε] are then 

compared, as can be seen in Figure 4-7. For more quantitative analysis, the peak positions are compared in 

Table 4-2. The overall shape and peak positions from the calculation and the experimental measurements are 
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in good agreement. However, there are noticeable differences between the calculated Im[-1/ε] and the 

measured low-loss EELS spectra because: (1) the calculation underestimates damping of plasmon 

oscillations13, 145 and (2) the contributions from surface plasmons and Cerenkov radiation are not included in 

the calculations 159, 160. It should be noted that while core-loss Sn N4,5 and Ba O2,3 edges are included in the 

calculation, the peaks due to these electronic transitions should be interpreted with caution; the Sn 4d3/2 and 

4d5/2 and Ba 5p1/2 and 5p3/2 core-levels in these calculations are treated as “semi-core” levels without core-

hole effects. The effects of SO interactions on these edges can be seen in comparison between two calculated 

Im[-1/ε], shown in Figure 4-7(b). 

 

 

Figure 4-7. (a) Comparison of experimental low-loss EELS spectrum from the BaSnO3 film and 
calculated Im[-1/ε].  The peaks from interband electronic transitions are labeled from a to l. The bulk 
plasmon peak, EP, and the Sn N4,5 and Ba O2,3 edges are also indicated. For comparison, calculated 
Im[-1/ε] without SO interactions is also plotted as well. (b) High-energy-resolution low-loss EELS 
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spectra from the same BaSnO3 film. Possible interband transitions, predicted from theory, are 
indicated with the labels. The peaks I and II represent predicted second bulk and surface plasmon 
peak, respectively. 

 

As was discussed earlier, the theoretical bulk plasmon energies are 26.4 and 26.9 eV. In low-loss EELS, the 

bulk plasmon peak is part of a broader peak (labeled as ‘j’ in Figure 4-7(a)), which includes peaks from fine 

structure of the Ba O2,3 edge. The overall agreement between experimentally observed plasmon energy of EP 

= 25–27 eV and theoretical prediction is quite good. It should be noted that plasmon damping induces 

broadening and slight shift of plasmon peaks; the plasmon linewidth, ∆EP, which is the FWHM of a plasmon 

peak, is determined by the plasmon damping constant, and the plasmon peak position shifts slightly from EP 

to a lower value13 of 

E ∆E /2 . (4-2) 

Because phonons and defects are not considered in the calculations, plasmon damping through these 

mechanisms are not included161, 162. As a result, better match between theoretical and the experimental bulk 

plasmon peaks should not be expected. An additional plasmon peak at 15.2 eV is also predicted from the 

calculated dielectric function, as discussed above. We speculate that this plasmon represents oscillations of 

electrons in a subsidiary band near the valence band, but this needs further study. Due to several peaks from 

interband transitions and surface plasmons, this plasmon peak is not clearly identifiable in the low-loss EELS 

data. As stated above, the experimental low-loss EELS includes other contributions, such as surface plasmon 

peaks, in contrast to the calculation. The surface plasmon peak is expected to be at around 18.8 eV from a 

following eqn12, 13, 145, 149; 

ESP = EP /√2. (4-3) 

However, such a peak is not discernible as it is superimposed on strong interband transition peaks.  

The peaks, labeled from a to l in low-loss EELS in Figure 4-7(a), result from interband electronic transitions 

(see Figure 4-1). More detailed fine structure of these peaks is shown in Figure 4-7(b), where the peaks from 

a, b, and d are further resolved and labeled using subscripts. The second bulk and surface plasmon peaks (I 

and II), which were discussed above, are also presented. To interpret the interband transition peaks, the 

energy levels with high-density electronic states were examined from a calculated pDOS (see Figure 4-2(b)) 

and the possible interband electronic transitions from valence band to conduction band were investigated 
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within the selection rules163, 164. For easy comparison, the peaks predicted from the possible interband 

transitions are indicated as labeled from a to g in Figure 4-7(b). The energies of the majority of these interband 

electronic transition are identified from experimental low-loss EELS spectra as well as from calculated 

imaginary part of the dielectric function and from peaks of Im[-1/ε]. The results are tabulated, and the 

assigned interband electronic transitions are summarized in Table 4-2.  
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Table 4-2. Peak positions (in eV) from plasmon excitations and interband electronic transitions. The 
peaks are labeled as in Figure 4-1 and 4-7 and compared to the predicted transitions from the 
calculated ε, Im[-1/ε], and pDOS with assignments. Transitions from initial Sn 4d and Ba 5p states 
are not considered here. 

Group Peaks Experiment Theory Assignment
Plasmon EP 25-27 26.4, 26.9   1st Bulk plasmon 

I - 15.2   2nd Bulk plasmon 

II - 18.7, 19.0   Surface plasmon 

  from ε2 from Im[-1/ε] from 
pDOS 

Initial 
state 

Final 
state

Interband a1 - 8.3 8.4 7.8, 8.5 O 2p Sn 5s 

a2 - 9.5, 9.8 9.6 9.3, 10.1 O 2p Sn 5s 

a3 - 10.4 10.3 10.2, 
10.9 

O 2p Ba 5d 

b1 ~12 11.2, 12.0 11.9, 12.4 11.4, 
12.1, 
12.7 

O 2p Sn 5s 

   11.2, 
11.7, 
12.0 

O 2p Ba 5d 

   11.4, 
12.1 

Sn 5p Sn 5s 

b2 ~13 12.7 12.9 12.7 O 2p Sn 5s 

   12.8 O 2p Ba 5d 

b3 ~14 13.6 13.7, 14.0 13.6 Ba 5d Ba 4f 

   13.7 O 2p Ba 5d 

   13.7 Sn 5p Ba 5d 

c ~15 14.4 14.2 14.4 Ba 5d Ba 4f 

 14.8 ~14.7 14.7 O 2p Sn 5s 

   14.8 O 2p Ba 5d 

   14.8 Sn 5p Ba 5d 

d1 15.8 15.6 15.9 15.6 Ba 5d Ba 4f 

d2 16.6 16.5 16.9 16.4 Ba 5d Ba 4f 

e 17.5 ~17.8 17.8 17.4 Ba 5d Sn 5p 

f 19.4 19.1 19.2 19.4 Sn 5s Sn 5p 

g - 20.1  - - - 

h ~21 21.8, 22.0, 
22.4 

~21.5 - - - 

i - 23.1 23.2 - - - 

j 24.7, 26.4, 
27.3 

26.1, 27.3 26.6, 27.0, 
27.5

- - - 

k 32.7, 34.5 31.7, 32.8, 
35.4

31.9, 34.0, 
35.8,

   

l 42.5, 46.5 44.2, 45.2 44.5, 45.4 - - - 
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4-4. DOS of BaSnO3 studied by core-loss EELS analysis 

Core-loss O K edge EELS spectra were acquired from the BaSnO3 film and compared with the simulated O 

K edge generated using the WIEN2K code. A double differential cross section for core-level electronic 

transitions is calculated from the modified ground state O 2p pDOS due to core-hole effects165, 166. The double 

differential cross section is then integrated using experimental STEM probe convergence and EELS 

collection angles167, 168. In Figure 4-8(a), the result is presented as the theoretical EELS before broadening, 

which is quietly distinct from the ground state O 2p pDOS in Figure 4-8(b), indicating that the effects of 

core-hole are substantial.  

 

 

Figure 4-8. Comparison of experimental EELS O K edge from the BaSnO3 film and simulated O K 
edge. The peak c* was used as a reference for the alignment. The simulated O K edge EELS includes 
effects of core-hole and angular integration covering experimental probe convergence and EELS 
collection angles; before (thin line) and after (thick line) implementing energy broadening. The onset 
of the EELS O K edge representing the minimum of the conduction band, EC, is indicated using an 
arrow. The identifiable peaks are labeled and compared in Table 4-3. Note that the O K edge overlaps 
with the tail of the Sn M4,5 edge. (b) The calculated ground state O 2p pDOS of the conduction band 
in BaSnO3 that was used to calculate the spectrum in (a). 
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Next, energy spreading of the incident electron beam was implemented by convolving the simulation result 

with a Gaussian function with the FWHM of the ZLP. Then, the natural energy broadening that arises due to 

the lifetime of the electrons in the initial and final states of the core-electron excitation, was taken into account 

13, 114, 169. The energy level width of the initial O 1s state, Γi, is practically constant and as small as 0.153 eV. 

In contrast, the energy level width of the final state, Γf, is considerable and varies with energy relative to the 

conduction band minimum (or onset energy of core-loss edge). The Γf for O 2p increases nonlinearly from 0 

to 6 eV with increasing the energy from 0 to 40 eV above the onset energy114. The energy broadening due to 

the lifetime effect (for both initial and final states) can be represented by a Lorentzian function158. Hence, the 

simulated O K edge was further convolved with Lorentzian functions with the FWHM of the Γi and Γf, 

consecutively, to implement the natural energy broadening. A Matlab code for incorporation of the energy 

broadening for core-edges of various elements was written and generated as a graphical user interface (GUI) 

as shown in Figure 4-9. The GUI code is also openly distributed via MathWorks under a title “Natural Energy 

broadening in EELS”170. The resulting O K edge is compared to the experimental O K edge EELS spectrum 

obtained from the BaSnO3 film in Figure 4-8 as the theoretical EELS after broadening. The match is good, 

further proving reliability of this analysis. This comparison also allows the determination of the buried onset 

of the EELS O K edge, which represents the minimum of the conduction band, EC, at 528.9 eV. The remaining 

discrepancies can be attributed to the fact that the O K edge sits on the tail of the Sn M4,5 edge. The peak 

positions from the experimental O K edge EELS spectrum and the simulation result are summarized in Table 

4-3.  
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Figure 4-9. Matlab Graphical User Interface (GUI) for incorporation of the natural energy broadening 
on simulated core-loss edges. The amount of the energy broadening due to the lifetime of the initial 
and the final states is seen in the first row, and the raw and resulting core-loss spectra are displayed 
in the second and the third rows. 

 

Table 4-3. Comparison of peak positions from the experimental and the simulated O K edge EELS 
shown in Figure 4-8. The peak c* is used for alignment. 

 Expt. (eV) Theor. (eV) 

a 533.3 533.2 
b 535.5 535.8 
c* 536.8 536.8 
d 538.6 538.2 
e 539.9 540.4 
f 542.5 541.5 
g 545.0 543.8 
h 550.7 550.5 
i 560.6 559.4 
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The Sn M4,5 edge and Ba N4,5 and M4,5 edges were also measured. The results are shown in Figure 4-10. The 

Ba N4,5 edge has a delayed maximum with detectable fine structure generated by the excitation of Ba 4d 

electrons (Figure 4-10(a)). The Sn M4,5 edge, which is attributed to the excitation of Sn 3d electrons, is mostly 

positioned just before the O K edge, as shown in Figure 4-10(b). The overall peak shape follows a delayed 

maximum shape and is similar to that from SnO2
171, indicating the presence of Sn in the 4+ oxidation state. 

Due to a high density of unfilled Ba 4f orbitals above the Fermi energy, the Ba M4,5 edge appears as two 

strong white lines: M5 (labeled as n) and M4 (labeled as o), separated by 15 eV. In a simple single-electron 

excitation description, the two peaks are explained via SO splitting135. The 3d5/2 (M5) and 3d3/2 (M4) initial 

states are split due to the SO interaction, with a 6:4 ratio of degeneracy of the states13, 163. However, the ratio 

of integral intensity of M5 and M4 in experimental EELS was observed to be 0.83. The value deviates 

considerably from the 1.5 of the 6:4 ratio of degeneracy. Also, an additional pre-peak (labeled as m) is 

observed ahead of the M5 peak. It appears that this discrepancy is primarily due to the insufficient treatment 

of the overlap between the wave function of the 3d core-holes and the wave function of excited electrons 

which is not adequately treated in the simple single-electron excitation interpretation 163. Using multiplet 

theory several reports showed that such a multi-electron excitation effect can be incorporated into calculation 

when the electron-electron interaction, Hee, and the SO interaction, Hso, are added into the Hamiltonian of the 

single-electron atomic model, H1s, i.e., H = H1s + Hee + Hso
135, 163. When the Hso is negligible compared to the 

Hee, the electronic states of an atom can be described using the LS coupling scheme, in which electronic 

states are determined by a given atomic configuration. By employing the LS coupling scheme, the initial and 

final electronic states and the available electronic transitions can be taken into consideration. Radtke and 

Botton135, using this approach, predicted three transitions for the excitations of Ba 4d electrons to Ba 4f 

orbitals, which effectively describe the observations of the peaks, m, n, and o in the Ba M4,5 edge as well as 

the low value of the M5/M4 ratio135. 
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Figure 4-10. Measured core-loss EELS spectra from the BaSnO3 film: (a) Ba N4,5 edge, (b) Sn M4,5 
edge, and (c) Ba M4,5 edge.  

 

Table 4-4. Experimental peak positions of Ba N4,5 Ba M4,5 and Sn M4,5 EELS edge fine structures 
shown in Figure 4-10. 

Ba N4,5 Sn M4,5 Ba M4,5 
a 90.7 g 491.0 m 781.0 
b 94.5 h 495.5 n 784.0 
c 97.6 i 499.8 o 799.0 
d 105.5 j 503.9 p 811.5 
e 111.9 k 517.6 q 825.7 
f 118.3 l 527.4   

 

4-5. An approach to detect local electronic structural variations using STEM-EELS spectrum images 

In BaSnO3 thin films, various extended defects like dislocations exist causing non-uniformity not only in 

crystalline structures but also in electronic structures of the material. Since EELS spectra are sensitive to the 

local electronic environment, one might be able to capture local structural and electronic fluctuations by 

utilizing STEM-EELS. We attempted to detect the local electronic structure changes and visualize the 

variations by comparing spectral shapes obtained in a spectrum image using a following procedure. First, 

low-loss EELS spectrum image was acquired from an area containing TD, that will likely cause the electronic 
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structure fluctuation, in cross-sectional TEM sample of BaSnO3 as see in Figure 4-11(a). The acquisition area 

was 5×10 nm2 with a spectrum pixel size of 100×200 pixel2. 

 

 

Figure 4-11. Detection of local spectral shape fluctuation in low-loss EELS (a) Cross-sectional ADF-
STEM image of BaSnO3 film. EELS acquisition area is marked and an ADF-STEM image measured 
along with the EELS is displayed on the bottom panel. (b) Thickness map of the acquisition area 
estimated from low-loss EELS using the log-ratio method. The unit is nm. (c) Distribution of R2 
values from fitting total sum of EELS spectra with local noisy spectra (red) and bulk noisy spectra 
(black). Local EELS spectra were extracted from 1×1, 2×2, 3×3, 4×4, and 5×5 nm2 using 4, 16, 36, 
64, and 100 pixels, respectively. Corresponding bulk noisy EELS spectra were extracted by summing 
the same number of randomly collected spectra. (d) R2 map drawn using the local EELS spectra. The 
size of grouped pixels is indicated with squares with a dashed line. (e) Local EELS spectra extracted 
from 1×1 nm2 size local regions with the lowest (1) and the highest R2 values. Scale bars in (a) and 
in (b-e) are 4 and 2 nm. 

 

While the sum of the all EELS spectra from individual pixels will generate a spectrum of a bulk BaSnO3, 

each spectrum in pixels will deviate slightly from each other according to its atomic and electronic 

configurations, which must be most obvious near TDs. To evidence the fine structure modification, the 

spectrum image was sectioned into small groups with a size of 1×1, 2×2, 3×3, 4×4, and 5×5 nm2 and local 

EELS spectra were extracted from the groups. Then, for a comparison, non-local EELS spectra were also 

obtained by summing the same number of EELS spectra from randomly selected spectrum pixels. If there is 

locality in the EELS fine structures, the local EELS spectra will show systematic fine structure deviations 

from the bulk while the non-local EELS spectra will not. To test the idea, the goodness-of-match of spectral 

shape of local and non-local EELS to the total sum of EELS spectra (bulk) were evaluated by utilizing the 

linear regression method. R2 values were obtained from the linear regression, and distribution of R2 for local 

and non-local EELS spectra were plotted as displayed in Figure 4-11(c). As low-loss EELS is highly sensitive 
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to the thickness variation, the thickness effect on the R2 map was also evaluated using the thickness map 

(Figure 4-11 (b)), which did not show correlation with the R2 map.  

It is noted from Figure 4-11(c) that the larger number of pixels with the longer acquisition time results in the 

better match between individual spectrum with bulk and the higher R2 value due to the less noise. Importantly, 

clear difference between R2 values of the local and non-local EELS is visible at all pixel sizes, where the 

local EELS spectra show the smaller R2 values than that of non-local EELS spectra. It implies that local 

EELS spectra exhibit detectable fine structure modulations from the bulk spectrum that is beyond a noise 

level captured in non-local EELS. The R2 maps display the regions where the modulation appears (see Figure 

4-11(d)). It appears that the largest deviation of the spectral shape is seen in the middle of the spectrum image 

where the TD is located. To correlate the R2 value with the actual spectra, the data with a size of 1×1 nm2 

were further analyzed in Figure 4-11(e). In the R2 map, the lowest R2 value is observed from a spectrum at 

region1, indicating that the spectrum shape is deviating more from the bulk compared to spectra from the 

other regions. Low-loss EELS spectrum from the region 1 and 2 (with the smallest and the largest R2 values) 

were extracted and the difference spectra between the two and bulk spectra were plotted as shown in the 

bottom panel. The difference spectra show that the low-loss EELS from the region 1 exhibits slightly higher 

intensity near the onset.  

Similar analysis was conducted for a core-loss O K edge spectrum image obtained from the area of 5×5 nm2 

with 100×100 pixels2. (see Figure 4-12) Thickness map does not show a correlation with the TD or the R2 

map same as the analysis conducted for the low-loss EELS. The R2 distribution again shows that the locally-

obtained EELS results in smaller R2 values, i.e., more deviations, than non-local EELS spectra. (see Figure 

4-12(c).) The R2 maps reveal that the spectral shape variation is prominent in the bottom-right region of the 

spectrum image (see Figure 4-12(d)). EELS fine structure variations in the area with the smaller R2 values 

were examined using the local EELS with a size of 1×1 nm2 in Figure 4-12(e). Local EELS spectra were 

extracted from the region 1, with the smallest R2, and the region 2, and difference spectra between the local 

and bulk were plotted. The difference spectra show that visible spectral shape modifications indeed exist, 

which is obvious as dampening of the peak at 536.8 eV. 
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Figure 4-12. Detection of local spectral shape fluctuation in O K edge. (a) Cross-sectional ADF-
STEM image of BaSnO3 film. EELS acquisition area is marked and an ADF-STEM image measured 
along with the EELS is displayed on the bottom panel. (b) Thickness map of the acquisition area 
estimated from low-loss EELS using the log-ratio method. The unit is nm. (c) Distribution of R2 
values from fitting total sum of EELS spectra with local noisy spectra (red) and bulk noisy spectra 
(black). Local EELS spectra were extracted from 1×1, 2×2, 3×3, and 4×4 nm2 using 4, 16, 36, and 64 
pixels, respectively. Corresponding bulk noisy EELS spectra were extracted by summing the same 
number of randomly collected spectra. (d) R2 map drawn using the local EELS spectra. (e) Local 
EELS spectra extracted from 1×1 nm2 size local regions with the lowest and the highest R2 values. 
Scale bars in (a) and in (b-e) are 4 and 2 nm. 

 

The presented analysis using the goodness-of-fit of local EELS spectra with bulk EELS spectrum seems 

applicable to evaluate the degree of electronic structural uniformity in materials as well as to visualize the 

distribution of the uniformity through a 2D map. However, the effect of STEM probe tilt on systematic noise 

in EELS spectral shape (see Appendix) and too subtle fine structure changes from the small volume of TD 

that are hard to be caught with the current experimental signal to noise remain as obstacles to realize impactful 

results, thus, the project ended without further progress. I believe that this analytical method could become a 

practical and convenient mean investigate the local electronic structural variations of certain crystalline 

structures later when a suitable material system and better accuracy of EELS detection are available. 
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Methods 

Sample preparation 

Epitaxial, single-phase BaSnO3 film was grown on a SrTiO3(001) substrate by hybrid molecular beam epitaxy 

(MBE)51, targeting the film thickness of 72 nm. Cross-sectional transmission electron microscopy samples 

were prepared by using a focused ion beam (FEI Quanta 200 3D) lift out method, where the samples were 

thinned by a 30 kV Ga-ion beam and then cleaned with a 5 kV Ga-ion beam. The samples were further 

polished by Ar-ion milling using a Fischione 1010 ion mill and a Gatan precision ion polishing system.  This 

sample preparation provides us with relatively damage-free and electron-transparent samples. Many samples 

and areas were used in these measurements. The thicknesses of the samples were estimated from low-loss 

EELS data using EELS log-ratio method13, and they were in the range of 20-40 nm. The mean free path of 

plasmon excitation was calculated to be 81 nm13 for the BaSnO3 under our experimental conditions.  

STEM imaging and EELS data acquisition 

STEM imaging and EELS measurements were carried out using an aberration-corrected FEI Titan G2 60-

300 (S)TEM equipped with a CEOS DCOR probe corrector, a Schottky extreme field emission gun (X-FEG), 

a monochromator, and a Gatan Enfinium ER spectrometer. The microscope was operated at 200 keV. The 

semi-convergence angle of the STEM probe was 15 mrad and the beam current was set to 50 pA. High-angle 

annular dark-field (HAADF) images were recorded with a detector angle of 42-200 mrad, and the collection 

angle of the EELS was 29 mrad. A dual EELS mode, which simultaneously collects the low-loss region 

including a ZLP and high-loss region, was used to correct the energy alignment, when needed. Energy 

dispersions of 0.05 and 0.1 eV per channel were used to measure low-loss and core-loss data, while EELS 

data for detailed analysis of interband electronic transitions were acquired with an energy dispersion of 0.01 

eV per channel. Energy resolutions for these dispersion values, estimated from the FWHM of the ZLPs, were 

0.4, 0.25, and 0.13 eV for 0.1, 0.05, and 0.01 eV per channel, respectively. For an accurate determination of 

peak positions, the alignment and dispersion values of the spectrometer were calibrated using reference peaks 

of Si L2,3 of SiO2 (108.3 eV), π* of graphite (285.37 eV), and Ni L3 of NiO (852.75 eV)13. All EELS spectra 

were obtained from the central regions of BaSnO3 films in order to minimize the influence of the film-

substrate interface and surface. In our early studies, we found that the critical thickness of BaSnO3 films is 

less than 2.5 nm on SrTiO3(001)172. Therefore, all the EELS results presented here are from fully relaxed 
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films. EELS acquisition was performed in the beam spot mode. By simply assuming the beam size and the 

sample thickness to be 0.1 and 40 nm, interactive volume was estimated to be about 16 nm3 for each 

acquisition in the spot mode. To increase the signal-to-noise ratio, two-three spectra from adjacent regions 

were acquired and averaged.  

 

 

Figure 4-13. (a) Low- and (b) high-magnification cross-sectional HAADF-STEM images of 72 nm-
thick BaSnO3 film on a SrTiO3(001) substrate. Atomic-resolution HAADF-STEM images at the 
interface is shown in (b). The image is filtered using ‘HRTEM Filter’ in Gatan DigitalMicrograph 
software173, 174. MDs at the interface is marked with dislocation symbols. (c) plan-view HAADF-
STEM images of the BaSnO3 film. Ruddlesden-Popper faults are indicated by arrows. Scale bar is 30, 
2, and 5 nm in (a), (b), and (c), respectively. 

 

Ab initio calculations 

Ab initio calculations were performed using the WIEN2K code168, 175, 176. A generalized gradient 

approximation (GGA) using Perdew-Burke-Ernzenhof (PBE) parametrization177 was adopted for the 

electronic exchange and correlation functional. The Brillouin zone was sampled at a 16×16×16 shifted k-

point grid using the tetrahedron method178. The wave functions were expanded in spherical harmonics inside 

non-overlapping atomic spheres of radius RMT (muffin-tin radii) and in plane waves for the remaining space 

of the unit cell. RMT values for Ba, Sn, and O were set at WIEN2K defaults: 2.50 a. u. for Ba, 2.11 a. u. for 

Sn, and 1.82 a. u. for O. The plane wave expansion in the interstitial region was determined by a cut-off wave 

vector chosen to be kmax = 7.0/RMT. Empty states up to 4.0 Ry (= 54.4 eV) above the Fermi level, EF, were 

included in the calculations. To insure reliability of our calculations, we also performed band structure 

calculations using Heyd-Scuseria-Ernzerhof (HSE06)179 and modified Becke-Johnson (mBJ)180 

parametrizations for comparison, and they all produced very similar band structures for BaSnO3 (not 

presented here), despite differences in the band gap values (2.52 eV for HSE06 and 2.37 eV for mBJ). 
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Frequency dependent dielectric matrix calculations within the independent particle random phase 

approximation were performed using the OPTIC module of WIEN2K. Because calculations using GGA with 

PBE parameterization are known to result in a smaller band gap than experimental results 151, 181, the band 

gap, which is 0.41 eV from PBE, was adjusted to the measured value of 3.0 eV by a simple scissor operation.  

Calculations for band structure, DOS, and dielectric function include spin-orbit (SO) interactions. The effects 

of SO interactions in band diagram (and DOS) and EELS calculations were examined. Inclusion of SO 

interactions splits the Ba 5p states, that are around -10 eV with respect to EF and and Sn 4d states that are 

around -20 eV with respect to fermi level (Ef). See Figure 4-14 for a comparison of band diagram computed 

with and without SO interactions. Except for the distinctive differences, SO interaction effect on the most of 

the bands near EF is negligible. Accordingly, dielectric function and the electron energy loss function is 

slightly altered with incorporation of SO interaction as seen in Figure 4-15.  

 

 

Figure 4-14. The effect of SO effect on the ground state calculations. (a) Band diagram simulated 
with and without SO interaction. (b) DOS simulated with SO interaction. Ba pDOS showing split of 
Ba 5p states (top) and Sn pDOS showing split of Sn 4d states (bottom). 
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Figure 4-15. Calculated electron energy-loss function Im[-1/ε(E)] with and without SO.  

 

O K edge EELS simulations were performed using the TELNES3 module of WIEN2K with calculation 

parameters from the experimental setup. Core-hole effects were included by using a 2×2×2 supercell 

containing 40 atoms (8 Ba, 8 Sn, and 24 O), and a core-hole was incorporated into an absorbing oxygen atom. 

It has been well known that the core-hole effect makes a dramatic change in EELS spectral shape. In Figure 

4-16, O K edges calculated with and without core-hole effect is presented as well. 

 

 

Figure 4-16. Comparison of calculated EELS O K edge with and without core-hole effects. Both 
calculations are performed with the same specifics of experimental measurements (combination of 
probe convergence and EELS collection angles). 

 

Conclusion 

The electronic structure of the epitaxial BaSnO3 film grown on SrTiO3(001) was investigated using high-

energy-resolution EELS in STEM and ab initio calculations. The indirect band gap energy was measured 
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from the low-loss EELS to be 3.0 ± 0.1 eV. Experimental low-loss EELS spectrum, which is directly 

proportional to the electron energy-loss function, was compared with the calculated Im[-1/ε] function and the 

observed peaks due to plasmon excitations and interband transitions were analyzed. The experimental bulk 

plasmon peak was observed at 25-27 eV while the theoretical value was predicted to be at 26.4 and 26.9 eV. 

The expected small discrepancy between the experimental and calculated bulk plasmon energy was explained 

through plasmon damping, which was not properly taken into account in “phonon-free” and “defect-free” ab 

initio calculations. The interband electronic transition peaks were clearly observed and their positions were 

identified in low-loss EELS. The results were compared with predictions based on the calculated pDOS, 

where the observed peaks were assigned to distinct interband transitions from the valence band to conduction 

band.  

The core-level electron excitations were also examined using the core-loss EELS edges. O K, Ba N4,5, Sn 

M4,5, and Ba M4,5 edges were measured using high-energy-resolution EELS and their fine structures were 

analyzed. For comparison, a simpler O K edge, resulting from the excitation of O 1s electrons to the empty 

DOS above the Fermi energy, was simulated from calculated O 2p pDOS. When the instrumental and the 

natural energy broadenings were implemented into this simulation, the resulting theoretical O K edge was in 

very good agreement with the experimental O K edges, further confirming reliability of this analysis. The 

number of peaks and their relative intensities in Ba M4,5 edge fine structure, which deviate from a simple SO 

interaction model with a 6:4 ratio of degeneracy, were explained by more rigorous atomic multiplet theory. 

Importantly, this work can be used as a starting point to explore the local electronic structure changes in 

BaSnO3 films by structural defects, including dislocations, vacancies, interfaces, and impurity doping. 

Materials in this chapter are from ‘H. Yun et al., ‘Electronic structure of BaSnO3 investigated by high-energy-

resolution electron energy-loss spectroscopy and ab initio calculations’ published by American Vacuum 

Society in 200834’ with a permission to reuse. 
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5. Metallic line defect in BaSnO3 

In this chapter, newly identified line defect in La:BaSnO3 thin films is analyzed. The defect was accidently 

discovered in atomic resolution HAADF-STEM images of a plan-view BaSnO3 thin film sample, where a 

distinct atomic configuration that has not been observed before was noted. Atomic and compositional 

structures of the line defect have been investigated by using analytical STEM in combination with structural 

relaxation simulation based on ab initio theory. The defect has a specific pair of atomic columns at the center 

that is comprised of Sn and O atoms. La dopant segregation at specific atomic sites adjacent to the defect 

core is also observed. The ground-state electronic structure of the line defect has been explored by DFT 

calculations revealing metallic electronic bands formed at the defect core and STEM-EELS analysis further 

provides confirmation of the calculated electronic structures. 

5-1. Atomic structure of the line defect 

Figure 5-1(a) shows a cross-sectional HAADF-STEM image of a La:BaSnO3 thin film grown on a LaAlO3 

substrate by high pressure oxygen sputtering115, 182. The cross-sectional image confirms the uniformly grown 

BaSnO3 thin film with the thickness of 210 nm, and exhibits contrasts from grain boundaries and dislocations. 

Atomic-resolution HAADF-STEM image of the BaSnO3 film was obtained and shown along with a simulated 

image in Figure 5-1(b). Note that the cubic structured BaSnO3 generates the same projected images in the 

three major axes of [001], [010], and [100] for fully relaxed thin films. Plan-view HAADF-STEM image 

obtained from the La:BaSnO3 film is displayed in Figure 5-1(c); along with a typical edge dislocation marked 

by a dislocation symbol), unique configuration of atomic columns with distinct two atomic columns at the 

center is monitored in the regions in the boxes. The configuration is observed only when viewed in the plan-

view direction and is, often, shown as overlapped contrast with the host lattice. (see Figure 5-2.) The 

observation indicates that the contrast is a projected view of a new kind of line defect formed along the film 

growth direction and the line defect does not necessarily extend through the entire film due to a finite 

thickness. The structure is topologically not identical to the typical TD and does not deform the neighboring 

crystal at the macroscopic scale. 
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Figure 5-1. HAADF-STEM images and EDX elemental maps of the line defect. (a) Cross-sectional 
HAADF-STEM image of a BaSnO3 film on a LaAlO3 substrate. Scale bar is 100 nm. (b) Experimental 
and simulated atomic resolution HAADF-STEM image of BaSnO3 in the {001} direction. Polyhedral 
model is shown and the scale bar is 0.5 nm. (c) Plan-view HAADF-STEM image displaying unique 
line defects in boxes and a typical edge dislocation, indicated by a dislocation symbol. Scale bar is 4 
nm. (d) High-magnification HAADF-STEM image and elemental maps overlapped with the HAADF-
STEM image. Total 8 EDX elemental maps were cross-correlated to increase the signal to noise. Scale 
bars are 0.5 nm. (c) Histogram showing a distribution of the core Sn-Sn distance with respect to the 
lattice constant of the host BaSnO3. 
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Figure 5-2. Full and partial line defects. (a) Illustration of full and partial line defects. (b) HAADF-
STEM images of full and partial line defects. While the full line defect shows clear contrast of the 
characteristic paired Sn atomic columns at the defect core, the partial line defect shows superimposed 
contrast of the paired Sn atoms and bulk BaSnO3. 

 

High resolution EDX elemental maps of the line defect are shown revealing structural and compositional 

details of the defect in Figure 5-1(d). The two atomic columns at the center are revealed to be Sn atomic 

columns; at the defect core, two Ba columns are missing and two Sn columns are rotated 90 degrees along 

the [001] axis from their original position. Slight displacement of the four closest Ba atoms toward the defect 

core is also monitored. Interestingly, highly concentrated La dopants at the specific Ba sites adjacent to the 

line defect are detected in the La elemental map; the La atoms are substituting Ba atoms primarily at the site 

① and secondarily at the site ② (see Figure 5-1(d)). The core Sn-Sn distance was observed to be smaller 

than the Sn-Sn distance in the host BaSnO3, as exemplified in Figure 5-1(e). The core Sn-Sn distance of total 

48 line defects were evaluated for better statistics, which showed the average Sn-Sn distance of 61.4 % of 

the lattice constant with a standard deviation of 5.1 % (see Figure 5-1(e)). The line defect was observed in 

BaSnO3 films grown by other growth methods, i.e., hybrid MBE51, indicating that the formation of the line 

defect is a rare accident that occurs in a limited condition, but is a readily observable phenomena. 
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Detailed atomic structure of the line defect was further inspected by employing ab initio calculations. Based 

on the HAADF-STEM image and elemental map results, a primitive structure was constructed by removing 

two Ba atomic columns and rotating two Sn columns along the line defect direction from a BaSnO3 supercell 

(see methods for details) and the initial structure was relaxed. In Figure 5-3, the relaxed structure of the line 

defect is illustrated; with the structural relaxation, the distance between two core Sn atomic columns is 

reduced and positions of four adjacent Ba atoms move inward, which is consistent with the experimental 

observation. See Figure 5-4. When viewed from the side, the [100] and [010] directions, the two core Sn 

atomic columns are observed to be half-unit cell shifted in the host in the line defect direction ([001]), when 

compared to the Sn atoms. The agreement between experiment and simulation is quietly good, but meanwhile, 

the core Sn-Sn distance of simulated structure is 75.2 %, which is a little higher than the experimental value. 

Also, the degree of inward displacement of the four Ba atoms shows a slight discrepancy between experiment 

and simulations. 
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Figure 5-3. The structures of the line defects with different La dopant locations. The relaxed atomic 
structure of the line defect without La dopant (a) and with 1 La dopant and with 2 La dopants (b). As 
La dopants substitute Ba atoms at the position Ba①, the core Sn-Sn distance reduces. (c) Relaxed 
line defects with one La at different positions. (d) Relaxed line defects with two La at different 
positions. (e) The relative total energy of each configuration. With only one La dopant, the total 
energy is lower when La is at sites Ba② or Ba③. However, they lead to asymmetric configurations 
and dangling oxygen atoms. With two La dopants, the defect core is energetically favorable when 
dopants are at the site Ba①, which is also structurally closer to the experimental observations. When 
two La dopants are located symmetrically at position Ba② or Ba③, as shown in a, the structure is 
distorted, but does not introduce dangling oxygen atoms. Based on total energies of the two La-doped 
line defect structures, La will be preferably be doped in the order of:  Ba①, Ba②, and Ba③, which 
is consistent with the experimentally observations. 
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Figure 5-4. Displacements of four neighboring Ba columns toward the defect core. Experimental 
HAAD-STEM image and simulated atomic structures of the line defect showing inward displacement 
of the four neighboring Ba columns. Dash-lines connecting Ba atoms away from the defect core are 
drawn to visualize the displacement of four neighboring Ba columns with respect to the bulk lattice 
sites. In the magnified images, displacements are indicated by red arrows. Inward displacements of 
the Ba columns in x- and y-directions were 6% and 15% (experiment) and 5% and 6% (simulation). 

 

The effect of La dopant segregation at specific sites, as detected in EDX maps, on determination of the defect 

structure was studied as well. La dopants were located at surrounding Ba sites and the structure was relaxed, 

then following structural modification and the total energy variation were inspected. It was observed that 

substituting Ba atoms at site ① (in Figure 5-1(d)) with La atoms reduces the core Sn-Sn distance from 75.2 % 

to 72.4 % of the lattice constant, making the structure closer to the experimental result (see Figure 5-3(b)). 

Additionally, the total energy of the structures decreased as La atoms are doped closer to the defect core (see 

SI Figure 5-3(e)). La dopants were located at the other neighboring Ba sites and resultant structural relaxation 

was further studied, from which it was concluded that La doping at the sites of ① and ② can result in the 

structurally and energetically stable form of the line defect (see Figure 5-3(c-e) for details). Dopant 

segregation at/near extended defects typically occurs when strain field is generated due to distorted lattice or 

electronic field is formed around a defect183. In the case of the line defect, the missing Ba atoms at the core 

will induce tensile strain around the defect, which will cause segregation of impurities with the bigger size 

than the host element. However, the size of La ions is smaller than that of Ba, making the strain-induced 

dopant segregation unlikely. On the other hand, the second scenario of electronic field-induced segregation 

is more plausible considering that the missing Ba atoms can result in the positive net charge, which can be 

compensated and stabilized by extra electrons provided by La ions.  

In addition to the present structure that preserves all oxygen atoms at the defect core, a line defect structure 

with Oxygen vacancy at the center was also considered and possible presence of the center oxygen atom at 
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the defect core was tested by utilizing experimental and computed annular bright-field (ABF)-STEM imaging 

(see Figure 5-5). While determination of the existence of oxygen atom is very hard due to its weak signal 

from oxygen atoms and strain contrast that is not incorporated in simulation, our analysis implies that oxygen 

is present at the center of the defect. In reality, there is a chance that partial oxygen vacancies are formed 

through the line defect. In this study, however, the main discussion focuses on the line defect structure with 

the center oxygen atom unless otherwise mentioned. 

 

 

Figure 5-5. The structure of the line defect with and without oxygen in-between the Sn-Sn pair in the 
core. (a) Atomic structures after structural relaxation of line defect models with (ⓐ) and without (ⓑ) 
central oxygen atom, shown in three major axes. (b, c) Evaluation of presence of the central oxygen 
atom using STEM images. (b) Simulated HAADF- and annular bright-field (ABF)-STEM images of 
two possible line defect structures. Multislice algorithm was used in these simulations (for details, 
see Method). Intensity line profiles were extracted from the bulk BaSnO3 region (i) and the line defect 
region (ii), as indicated by yellow dotted lines, and plotted on the right panels. While simulated 
HAADF-STEM images of the two models do not exhibit obvious difference, ABF-STEM images 
show visible contrast difference at the defect core due to darker contrast generated from the centeral 
oxygen. (c) Experimental ABF-STEM image of the line defect. The intensity line profile across the 
line defect shows lower intensity at the core, which indicates that the structure likely contains oxygen 
atoms at the center of the line defect. 
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5-2. Metallic electronic states at the line defect 

Electronic structure of the line defect was explored by using ab initio calculations; band structure and DOS 

of the line defect with two La dopants were computed as displayed in Figure 5-6. In the band diagram, the 

electronic bands crossing the fermi level are observed (highlighted with red lines), which implies the presence 

of metallic electronic states in the line defect different from the insulating host BaSnO3. In addition to the 

metallic bands, electronic bands spanning from 0.2 eV to 1.3 eV are also noted in the band diagram. These 

features are also evidenced in the DOS of the structure. While there is a gap between the valence band 

maximum and conduction band minimum in DOS of bulk BaSnO3, distinct electronic states above the fermi 

energy are present in DOS of the line defect. Note that a band gap of insulating materials calculated using 

DFT is known to be much smaller than the actual band gap151, 181, 184, thus, the conduction bands of bulk 

BaSnO3 need to be shifted accordingly. We believe that while shift of the conduction band may be needed 

for the electronic bands in the line defect, the presence of the metallic bands due to unfilled bands should still 

hold.  

 

 

Figure 5-6. Computed electronic structures of the line defect. (a) Atomic model of the line defect in 
three major axes. Octahedral tilt in the surrounding four BO6 is monitored when viewed in the c-axis. 
(b) Electronic band structures and DOS of the line defect. Metallic bands are highlighted using red 
lines. DOS of bulk BaSnO3 (left) and the line defect (right) are compared. (c, d) Atom-projected DOS 
for (c) Sn and (d) O atoms in the line defect structure. DOS of selected atoms (shown in the schematics 
on the top panel) are plotted along with the elemental DOS for bulk BaSnO3. 

 

Element projected DOS of the line defect reveals that the metallic states originate from O and Sn atoms in 

the structure. DOS of individual Sn and O atoms in the line defect were further resolved as shown in Figure 

5-6(c, d). The atom projected DOS informs that the particular states above the fermi level are originating 
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from Sn and O atoms at the defect core, i.e., Sn①, O①, O②, and O③ atoms, which indicates that the 

additional metallic electronic states are ascribed to the bonding of the core Sn and O atoms. Electronic 

structure calculation for the line defect without La dopants was also carried out, and resultant DOS is 

presented in Figure 5-7; the electronic structure is almost identical to that of the line defect with La except 

for the valence states of La atoms and slight shift of the Fermi level due to additional electrons from La 

dopants. Thus, we can conclude that the conducting states are intrinsic property of the line defect but are not 

originating from the dopants. Additionally, the ground state structures for the line defect without the central 

oxygen were also calculated. While the band configuration is not exactly same as the result with the oxygen 

at the center in Figure 5-6, the metallic bands that cross the fermi energy are still observed. (see Figure 5-8.) 

 

 

Figure 5-7. La dopants effect on DOS of the line defect. DOS of the line defect with (a) and without 
(b) La are plotted. Atomic model for each structure is seen in the inset, and atom-resolved DOS are 
presented as well. 
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Figure 5-8. Band diagram (left) and DOS (right) of the line defect with depletion of the center oxygen. 
The atomic model is shown in the inset in the DOS plot. 

 

At the defect core, two Ba atoms are missing, which can result in the positive net charge in the region and 

attract the electrons around the defect. If extra negative charges are introduced, they will fill the available 

states, and may further adjust the atomic and electronic configurations of the structure. To examine the idea, 

structure optimization and the electronic structure calculation for the line defects with extra electrons were 

performed. In Figure 5-9(a), the Sn-Sn distance with respect to the total number of additional electrons is 

plotted for the line defect with and without La atoms. Note that each La dopant must provide one extra 

electron when substituting a host Ba atom.  First, it was observed that, additional negative charges decrease 

the core Sn-Sn distance, making the relaxed structure more similar to experimental results. Additionally, the 

line defects with and without La dopants show very similar trend in the Sn-Sn distance as a function of the 

total extra charges. This observation suggests that the amount of extra charges is the main factor determining 

the overall atomic structure of the line defect. In other words, there may be distribution of atomic 

configuration with regard to the amount of charges in individual line defects, explaining variation of the Sn-

Sn distance in different line defects as discussed with Figure 5-1(e). 
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Figure 5-9. The effect of additional negative charges on the line defect. (a) Core Sn-Sn distance of 
the line defect as a function of the additional charge. It should be noted that one La dopant (Z=57) 
introduces one extra electrons when it substitute Ba (Z=56). Thus, the net charge of 2 La doped line 
defect is 2e- (-4e- (two missing Ba) + 2e- (two substituted La)), compared to BaSnO3 crystal. The 
arrow indicates a structure that was used for the electron density different map (EDDM) in (b). (b) 
EDDM between the charged and neutral line defects. (from the left) Schematics of two crystalline 
planes for EDDMs, EDDMs (ρ2e − ρ0), magnified EDDMs overlapped with the atomic models. 

 

Next, the electron density distribution of the charged line defect was compared with that of the neutral line 

defect. The electronic structures of 2-La-doped line defect were computed with and without two additional 

electrons, and the electron density maps were simulated for the two basic crystalline planes (BaO and SnO2 

planes) perpendicular to the defect propagation direction (see Figure 5-10 for an example of the electron 

density map). Then, to visualize the distribution of the additional electrons, electron density difference map 

(EDDM) between charged and neutral line defect were calculated (see Figure 5-9). The EDDMs show that 

the additional charges are filling the available electronic states in the Sn and O atoms at the defect core. 

EDDMs for the line defect without La dopants were also simulated, which showed the similar defect-core-

concentrated distribution of the additional charges (see Figure 5-11). The EDDM results re-affirm the 

presence of the localized electronic states just above the fermi level at the core of the line defect. 
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Figure 5-10. Electron density map of the line defect. In BaSnO3, there are two unique atomic planes 
perpendicular to the {001} directions; BaO and SnO2 planes. Thus, electron density map projected on 
the BaO (top) and SnO2 (bottom) planes were computed as seen here. 

 

 

Figure 5-11. The effect of additional negative charge on the line defect with no dopants. The atomic 
arrangements (on the left) and corresponding electron density different maps (EDDM) between the 
additionally charged, with 2e-, 4e-, and original line defects without La dopants (on the right) for both 
atomic planes (BaO and SnO2 planes) perpendicular to defect line direction. Magnified EDDMs of 
the defect core overlapped with atom model show that most of the additional charge is concentrated 
at the core O and Sn atoms. Undoped line defect with additional 4e- is similar to 2-La-doped line 
defect with additional 2e-, shown in main Figure 5-9. 

 

5-3. EELS analysis 

EELS core-loss edges are closely correlated to the local DOS of a material and can be acquired in a sub-Å 

spatial resolution165, 185-187; thus, EELS analysis is an optimal method to experimentally investigate the local 

electronic structure of the line defect. Based on the calculated electronic structures of the line defect, spectral 
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shape of core-loss O K edges was simulated for core-electron excitations at different oxygen atoms in the 

line defect structure (see Figure 5-12). When compared to the simulated O K edges of the host BaSnO3 (bulk), 

O K edge fine structures of the oxygen atoms at the defect core are drastically dissimilar; in particular, three 

distinctive oxygen atoms at the core (①, ②, and ③ in Figure 5-12(a)) exhibit rise of a strong peak at the 

onset of the O K edges, which is attributed to the metallic electronic states observed in the electronic band 

structures.  

 

 

Figure 5-12. EELS core-loss O K edges of the line defect. (a) Simulated O K edges for excitation of 
core electrons at different atoms in the line defect structure. (b) Experimental and simulated O K 
edges obtained across the line defect in two perpendicular directions (ⅰ and ⅱ). EELS acquisition areas 
are displayed in the insets. Solid line: experiment, dashed line: simulation. Difference spectra between 
local and bulk EEL spectra are shown in the bottom. 

 

Core-loss O K edges were experimentally acquired from the line defects along two perpendicular directions 

of vertical (i) and parallel (ii) to the core Sn-Sn bond (see insets in Figure 5-12(c)) and compared with 

simulated O K edges. For a proper comparison of computed and experimental O K edges, the simulated O K 

edges were summed while incorporating the STEM probe broadening and channeling188 effect. As illustrated 

in Figure 5-12(b), beam propagations of a STEM probe in the acquisition area were simulated. Then, the 

beam intensity at individual oxygen atomic positions was analyzed, which was used to determine the 
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contribution of each oxygen atom to the final O K edges. In Figure 5-13, details of the summation of EELS 

spectra are described. The final calculated and experimental O K edges are presented in Figure 5-12(c). 

Difference spectra between local and bulk O K edges are also shown to clearly visualize modulation of the 

spectral shapes at the defect core.  

 

 

Figure 5-13. Estimation of O K edge intermixing in STEM-EELS spectra. STEM probe propagation 
in a crystalline material accompanies beam broadening and channeling, which affects the interaction 
volume between the electron beam and the material, and thus, the experimental EELS signals. Using 
Multislice algorithm (56-58) STEM beam propagation in the line defect was evaluated and 
contributions of core-electron excitation from individual oxygen atoms were determined. a, The 
electron beam intensity distribution at each depth was computed, as shown schematically for a probe 
located at the center of the line defect. Slice thickness of ∆z = 2.055 Å, which is a half of the unit-
cell, was used and the total thickness of the structure was set to be 40 nm. Beam intensity at each 
oxygen atom was integrated within the radius of oxygen atom (rO = 0.73 Å). b, The atomic structure 
of the line defect with highlighted oxygen atoms used for the integration (left) and the oxygen atom-
projected beam intensity maps for the probe located at the center (right). c, To account for the 
scanning probe in each area used for EELS acquisition, the acquisition areas (i0, i1, ii0, and ii1) were 
meshed to generate evenly distributed probe positions (step size of 0.5 Å). The oxygen atom-projected 
beam intensity maps were calculated for each probe position and averaged for each region. d, The 
final oxygen atom-projected beam fractional intensity maps for each EELS acquisition area of i0, i1, 
ii0, and ii1 that were used in main Figure 5-12. The fractions (in %) at each atomic column are 
indicated in boxes. 
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First, O K edges acquired along the direction i are seen on the left column in Figure 5-12(c); fine structure 

changes at the core (region i0) are monitored, which is clearly visible in the difference spectra in the bottom 

panel. At the core of the defect (region i0), intensity near the onset (531–535 eV, indicated as a1) is enhanced, 

which was already predicted from simulated O K edges as a result of conducting electronic states at the defect 

core. In addition, small peaks at 538.6 eV, 539.9 eV, 542.5 eV, and 545.0 eV disappear (a2) and dampening 

of the broad signal between 555 and 565 eV (a3) is also monitored, which shows a reasonably good agreement 

with computed spectrum. At the position i1, mixed shape of the O K edges from the core and bulk is observed 

and as it is away from the core, the fine structures of O K edges recover that of the host BaSnO3. The 

difference spectrum between the O K edges from the region i3 and bulk (in the bottom panel in Figure 5-

12(c)) shows no visible features except for noise signals, indicating identical spectral shapes.  

EELS along the direction ii are also shown on the right. While the region ii0 is almost identical to the region 

i0, the region ii1 contains La dopants dissimilar to the region i1. La adds available electronic states in the 

conduction band at around 5 eV above the fermi level (see Figure 5-7), which can result in additional 

excitation of core electrons to the states. As expected, slight increase of the intensity at around 535 eV (around 

5 eV above the onset, marked with an asterisk) is monitored in O K edge at position ii1, compared to that at 

the position i1, in both of experiment and simulation. In EELS spectra obtained in both directions, the fine 

structure change is localized within a few unit cell from the defect. While the match between the experimental 

and simulated spectral shape is not great due to inherent limitation in the core-electron excitation calculation 

using ground state electronic structure and mixed signal from the line defect with the finite thickness and 

bulk crystal16, 17, 163, 184, the localized fine structure changes at the defect, particularly enhancement of the 

signal at the onset of O K edges, are constantly observed hinting at the development of the electronic states 

near the fermi level, presumably the metallic states, at the line defect. 

Lastly, we tested the possible variations in O K edges for slightly different atomic configurations due to the 

presence of La dopants or the central oxygen atom. In Figure 5-13, O K edges for the crucial oxygen atoms 

were calculated for our model structure (Figure 5-13(a)), the structure without La dopants (Figure 5-13(b)), 

and the structure without the central atom (Figure 5-13(c)). With the structural modifications, fine structures 

of the O K edges are slightly modulated; however, the existence of the strong signal at the onset, due to the 
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metallic bands, does not change affirming the rigidity of the simulation result and also implying a possibility 

of minor variations of the core atomic structures. 

 

 

Figure 5-14. EELS O K edges simulated from different atomic models: (a) the line defect with the 
central oxygen and La dopants; (b) the line defect without La dopants; (c) the line defect without the 
central oxygen. On the top panel, the atomic model with the oxygen atoms for the O K edge 
calculations marked are displayed, and on the bottom panel, O K edges are plotted. 

 

Method 

STEM characterization 

La:BaSnO3 films were grown on a LaAlO3(001)pc substrate by using high pressure oxygen sputter 

deposition112 and on LaAlO3(001)pc and SrTiO3(001) substrates by hybrid molecular beam epitaxy51. Plan-

view STEM samples were prepared by mechanical polishing (using MultiprepTM Allied High Tech Products, 

Inc.) followed by colloidal polishing with alumina abrasives to thin the foil and to reduce damaged layers on 

the surfaces. The thickness of the area for STEM experiments was 40 – 90 nm and ~50 nm for plan-view and 

cross-sectional view samples, respectively. Cross-sectional TEM sample was prepared by focus ion-beam 

lift-out method using 30 kV Ga ion beam followed by ion shower at 2 kV Ga ion beam. The line defects were 

found in the BaSnO3 on LaAlO3 by sputtering method and BaSnO3 on SrTiO3 by hybrid MBE. Most STEM 

experiments were performed on the sputtering-grown BaSnO3 sample unless otherwise noted. 

STEM experiments were performed using aberration-corrected FEI Titan G2 60-300 (S)TEM equipped with 

a CEOS DCOR probe correct, a Shottky extreme field emission gun (X-FEG), a monochromator, a super-X 

energy dispersive X-ray detector, and a Gatan Enfinium ER spectrometer. The microscope was operated at 
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200 keV and screen current of 25–30 pA. STEM images and EDX elemental map were acquired using the 

probe semi-convergent angle of 17.3 mrad and ADF detector inner angles of 55 and 11 mrad for HAADF- 

and LAADF-STEM images, respectively. STEM-EELS analysis was conducted using a monochromated 

probe allowing the energy resolution of ~0.13 eV for the energy dispersion of 0.01 eV. The core-loss O K 

edges were acquired using the energy dispersion of 0.1 eV. Probe semi-convergent angle was 19 mrad and 

EELS collection angle was 29 mrad. Dual EELS mode was used to acquire low-loss energy region with ZLP 

and high-loss energy region simultaneously, which allows energy drift correction using the ZLP alignment. 

The thicknesses of samples were determined from measured low-loss EELS spectra employing the log-ratio 

method with the mean free paths of plasmon excitation: λp = 81 nm for BaSnO3
13. 

DFT simulation 

Structural relaxation of the defect was performed using vc-relax option implemented in the Quantum-

Espresso program package189. Initial line defect structure was constructed using the supercell of 5×4×1 

u.cBaSnO3, where two Ba atoms were removed and two Sn atoms were displaced by 90º rotation along the [001] 

axis at the center of the supercell. Ultrasoft pseudopotentials generated using Vanderbilt code and a 

generalized gradient approximation (GGA) using Perdew-Burke-Ernzenhof (PBE) parameterization for 

exchange-correlation functional were employed177. Kinetic energy cutoff for wavefunctions and for charge 

density were 50 Ry and 200 Ry, respectively. Relaxation was achieved by converging the forces on all atoms 

to less than 1×10-4 a.u. k-points grid of 2×2×6 was used as automatically set. Atomic structure visualization 

in figures were performed using VESTA software190. 

Electronic structures and EELS simulations for the relaxed structures were carried out using the WIEN2K 

code168, 175, 176. GGA-PBE parameterization was adopted for the electronic exchange-correlation functional177. 

The Brillouin zone was sampled using a 4×4×16 shifted k-point grid. RMT (Muffin-tin radii) that was 

automatically set by the code was used, which were 2.45 Å (for the structure without La dopant) and 2.5 Å 

(structure with La dopant)for Ba, 2.04 Å for Sn, 1.75 Å for O, and 2.49 Å for La. basis set cut-off wave 

vector, kmax, was determined by the criterion Rminkmax = 7. Spin-orbit interactions were also included. O K 

edges EELS simulation was performed by using the TELNES3 module in WIEN2K with parameters same 

as experimental setup. To include the core-hole effects,16, 17 the bigger supercell structure for the line defect, 

generated by doubling the relaxed line structures in the [001] direction, which is compatible to the size of 
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5×4×2 u.c.BaSnO3, and then, core-hole was incorporated in an absorbing oxygen atom. O K edge for the host 

BaSnO3 (bulk) was computed using the BaSnO3 supercell with a size of 5×4×2 u.c.BaSnO3. The natural energy 

broadening of the core edges, caused by the life time of the electrons in the initial and final states of excitation, 

was incorporated as well13, 34, 169. 

Multislice simulation 

STEM image and STEM probe propagation simulations were performed using the TEMSIM code based on 

the Multislice theory8, 134. To simulate the HAADF- and ABF-STEM images of the line defect, the relaxed 

line defect structure with two La dopants were utilized, which has the supercell size of a = 21.01 Å , b = 

16.53 Å , and c = 4.11 Å. The STEM probe parameters were set to be: beam energy of 200 keV, a convergence 

angle of 17.3 mrad (STEM image) and 19 mrad (electron beam propagation), Cs of 0, and slice thickness of 

2.055 Å. Thermal diffuse scattering was included using frozen-phonon approximation for T=300K. Root-

mean square thermal displacements were set as 0.095 Å for Ba, 0.1 Å for Sn, 0.089 Å for O, and 0.0415 Å 

for La. Inner/outer detector angles for the HAADF- and ABF- STEM images were 50/200 mrad and 10/40 

mrad. The computed STEM images were convoluted with a Gaussian function with with the full-width-at-

half-maximum of 1 Å to incorporate the source size141.  

Conclusion 

Novel line defect discovered in La:BaSnO3 thin films has been reported providing careful atomic and 

electronic structure analysis of the defect. The STEM-EDX analysis revealed a unique defect core structure 

composed of two Sn atomic columns as well as La dopant segregation at the specific crystalline sites adjacent 

to the defect core. Structural optimization analysis based on ab initio theory elucidated detailed atomic 

configuration of the defect and stabilization of the line defect with the specific La doping. Electronic structure 

of the line defect was computed where localized metallic bands at the defect core was evidenced. The effect 

of additional electrons on the atomic structures and charge distribution was explored as well; it was 

demonstrated that the extra negative charge introduced in the line defect leads to modification of the core 

structures, highlighted by a decrease of the core Sn-Sn distance, in addition to the accumulation of the 

electrons at the core Sn and O atoms. The simulation results affirm the electronic states above the fermi 

energy formed at the defect core and explicate a variation of the core Sn-Sn distance observed in the STEM 

experiments. The observation of the metallic defect in insulating host BaSnO3 is striking and intriguing; in 
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combination with a favorable electronic properties of BaSnO3, i.e., high room temperature carrier mobility, 

the line defect can provide exceptional pathways to enable advanced electronic applications in sub-Å 

dimension, where defects are not a subject to be reduced but a component to be utilized in material designs. 

Additionally, its yet-unknown physical properties need to be further investigated to find another opportunity 

using this novel structure. This chapter is based on a submitted manuscript entitled “Metallic line defect in 

wide-bandgap transparent perovskite BaSnO3”. 
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6. Dopant segregation around threading dislocations in La:BaSnO3 thin films. 

TDs are the most commonly observed 1D defects in thin films. TDs are formed due to lattice mismatch at 

the film-substrate interface, misorientation of neighboring grains, or local strain in films and can substantially 

alter material’s properties as discussed in Ch. 1-6. Therefore, analysis of types and density of dislocations in 

a thin film is essential to explain electronic, mechanical, and optical properties of a material. Full 

comprehension of the atomic structure of dislocations is also vital to understand the nature of the defects and 

corresponding impact on physical and chemical properties. There are three types of dislocations; edge, screw, 

and mixed (edge + screw) dislocations depending on the direction of the Burger’s vector of a dislocation with 

respect to the dislocation line. Edge dislocation has the Burger’s vector perpendicular to the direction of a 

dislocation while the Burger’s vector of a screw dislocation is parallel to the line direction, and each of them 

forms a distinct atomic configuration. Among three, core structures of edge dislocations have been relatively 

well-studied because their atomic displacement can be easily seen from TEM images projected in the 

dislocation direction. 

The core structure of edge dislocations in perovskite-structured crystal show a wide variety depending on the 

host material, dopants, growth condition, strain, etc. Typical edge dislocations observed in a perovskite 

oxides thin film have the Burger’s vector of {100} or {110}; the simplest forms of the two types of edge 

dislocations in prototypical perovskite oxide SrTiO3 were detailed in two consecutive papers by Zhang et 

al.(2002)191, 192, where the authors investigated the atomic structures of [001]/(100) and [001]/(110) type 

dislocations in SrTiO3 using analytical STEM. In the first paper on [001]/(100) type dislocations, the edge 

dislocations were categorized as SrO-terminated or TiO2-terminated type based on termination elements of 

inserted planes, and the core structures of both types were demonstrated to be half-unit cell dissociated in the 

Burger’s vector direction. (see Figure 6-2 for exemplary schematics.) In the case of [001]/(110) type TDs in 

SrTiO3, TDs were observed to be dissociated into two partial cores along perpendicular direction of the 

Burger’s vector by several unit cell and connected with an anti-phase boundary192. While similar atomic 

structures of TDs in SrTiO3 thin films have witnessed since 2002193, 194, more complicated dissociations of 

the defect cores have been also monitored. Especially, such complexities are frequently found in dislocation 

arrays formed at grain boundary of two misoriented grains; the atomic configuration of TDs at grain 

boundaries is related to misorientation degree and direction of two neighboring grains, and accommodates 
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various types of dissociations in terms of directions with respect to grain boundary or distances between 

partial cores194-196. 

In addition to dissociation of dislocation cores, some core structures of edge dislocations in SrTiO3 are 

reconstructed into different phase or distinct atomic configurations. The observed variations of the core 

structures include displacement of Sr columns at the core197, extra Ti atoms at the core195, 198, and Ti deficient 

cores199. Importantly, at some of the edge dislocations in SrTiO3, TiO2 rock-salt structure is formed at the 

tensile region of the core because rock-salt TiO2 with the larger unit cell size compensates the tensile strain200, 

201. Such dissociations and reconstructions of dislocation cores have been observed in other similar perovskite 

oxides like BaTiO3
202-204, CaTiO3

205, BaSnO3
115, and other well-described semiconductors like 

GaN206,Al2O3
207, ZnO208, 209.  

In addition to crystalline structure modification, chemical composition of dislocations is altered from bulk, 

creating non-stoichiometric cores. For example, accumulation of oxygen vacancies at dislocations is 

frequently monitored regardless of the core structures of edge dislocations in SrTiO3
210-212. Cation non-

stoichiometry is also observed at TDs, but types and concentration of cations at the core vary with core atomic 

configurations213. In the case of dislocation arrays at the grain boundaries, two non-stoichiometric dislocation 

cores of Sr-rich and Ti-rich appear alternatively201, 212. Another parameter leading compositional changes at 

TDs is addition of impurity atoms like dopants in a material. Doping a material can cause modification of 

dislocation core structure206 and compositional change at/around dislocation. In particular, segregation of 

dopants at dislocations has been observed in various crystalline materials such as Ⅲ-Ⅴ nitrides214-216, ZnO217, 

218, and metals219. Dopant segregation has been attributed to various elastic (strain fields), electrical, chemical, 

configurational factors that affect dislocation-dopant interactions183. While the impact of dopants on 

crystalline and compositional structures of TDs is considerable, relatively little research has been done on 

exploration of TDs in doped perovskite oxides.  

In this chapter, atomic structures of edge dislocations in BaSnO3 thin films is analyzed, and the effect of La 

doping on the crystalline and compositional structures of dislocations is explored. TDs in BaSnO3 are known 

to be the major factor restricting the electron transport in the material by acting as carrier scattering centers46, 

47. Thorough atomic, chemical, and electronic analysis of TDs can provide a fundamental ground to 
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understand the mobility-limiting mechanism and to find a way to optimize the material’s electronic properties. 

In BaSnO3 thin films, edge dislocations with two Burger’s vector of b={100}, denoted as a single TD, and 

b={110}, denoted as a dissociated TD, are observed like any other perovskite oxides. Figure 6-1(a) is a cross-

sectional HAADF-STEM images of a La:BaSnO3 thin film grown on a SrTiO3 substrate in which vertical 

lines across the film hint the existence of grain boundaries and TDs in the film. Figure 6-1(b) shows plan-

view HAADF- and LAADF-STEM images of the La:BaSnO3 film. Two different types of TDs of single TD 

(b = (100)) and dissociated TD (b = (110)) are observed as dark spot and short lines, respectively, in the 

HAADF-STEM image; on the other hand, the LAADF-STEM image reveals strong bright- single spot and 

paired spots due to the strain contrast at dislocation cores. The basic atomic configuration of two types of 

TDs are illustrated in Figure 6-1(c). 

 

 

Figure 6-1. HAADF-STEM images of TDs in a La:BaSnO3 thin film. (a) Cross-sectional HAADF-
STEM image of a La:BaSnO3 thin film. (b) HAADF- and LAADF-STEM images of the La:BaSnO3 
thin film. One of single ([001]/(100) type) and dissociated ([001]/(100) type) TDs are highlighted in 
yellow and green boxes. (c) Simple atomic models of two types of TDs. 

 

Atomic resolution HAADF-STEM image of the [001]/(100) type TDs were acquired as shown in Figure 6-

2(a); two TDs are seen in the boxes. Here, it is noted that the TD on the bottom shows a unique and clear 

atomic configuration that is dissimilar to a simple and compact dislocations. At the center, five atomic 
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columns arranged in the cross shape are seen; three atomic columns lining up along the Burger’s vector 

direction, one atomic column on the [100] direction side (inserted plane side), and one atomic column on the 

[-100] direction side with the weaker image intensity. Higher magnification HAADF-STEM image and EDX 

elemental maps were obtained from one of those [001]/(100) type TDs as seen in Figure 6-2(b). EDX 

elemental maps of the host cations reveal that the distinct five atomic columns are Sn, while configuration of 

the neighboring atomic columns is as same as a typical TD. When atomic configuration of the unique 

dislocation core is compared with typical SnO2 terminated and BaO terminated dislocation cores (illustrated 

in Figure 6-2(c)), the atomic arrangement around the reconstructed core is confirmed to be identical to that 

of the SnO2 terminated dislocation. This distinct structure at the core reminds TiO2 rock-salt phase formed at 

dislocation cores of SrTiO3
201. However, while the TiO2 phase was located at a tensile region of dislocations 

in SrTiO3, the Sn-rich structure at the dislocation in BaSnO3 spans from the core to compressive region 

implying that the lattice contrast of the phase is likely smaller than that of BaSnO3. Distribution of the dopant 

atom La around the unique dislocation was also examined using the EDX elemental map. As seen in Figure 

6-2(b), La dopants are segregated around the TD; and the La dopants are concentrated in the [100] direction 

side of the TD. Accumulation of impurities in a crystal can be attributed to factors such as size effect, 

electronic charge effect, which will be discussed in the sections below.  
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Figure 6-2. STEM-EDX images of [001]/(100) type TDs. (a) plan-view HAADF-STEM image 
showing two single TDs. (b) Illustration of different kinds of single TDs. Color code is the same as 
Figure 6-1. (c) Atomic-resolution EDX elemental maps of a SnO2 terminated TD with a reconstructed 
core. 

 

Next, the atomic structures of [001]/(110) type dissociated TDs were analyzed. In Figure 6-3(a), plan-view 

HAADF-STEM image of the La:BaSnO3 film shows two dissociated TDs in the boxes. Simple schematic of 

a dissociated TD is illustrated on the right panel in Figure 6-3(a) highlighting the two cores connected by the 

Anti phase boundary (APB). Note that the two partial cores are not identical; at the core type ①, the two 

planes from the APB are splitted into three sub-lattice planes in the [110] direction, whereas at the core type 

②, the two planes from the APB are merging into one plane. High magnification HAADF-STEM image and 

EDX elemental maps of a dissociated TD is shown in Figure 6-3(b). In principle, the two partial cores can 

have Ba-rich or Sn-rich cores as depicted in Figure 6-3(c). The observed TD is found to have Sn-rich core 

① and Ba-rich core ②. See Figure 6-3(d) for a clear image with an atomic model. When other dissociated 

dislocations were examined, there was no observable relationship between the type of non-stoichiometry and 

two partial cores. The HAADF-STEM image also reveals an interesting feature that has not been seen in 

dissociated TDs in other materials. As indicated with arrows, certain Ba atomic columns at the APB are 

displaced toward the center of the APB with slightly weaker HAADF intensity than the other columns. When 

dissociated TDs in undoped BaSnO3 thin films were inspected, this atomic displacement was not observed 
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indicating that the unique atomic displacement may be correlated with the La dopants. La elemental map of 

the dissociated TD shows that La segregation is concentrated around each partial core, and several lattice 

sites around the core ② contains notably high density of La. In Figure 6-3(d), it is noticed that those high La 

dopants are surrounding the previously observed Ba-Ba pairs in the APB.  

 

 

Figure 6-3. STEM-EDX images of [001]/(110) type TDs. (a) plan-view HAADF-STEM image and a 
simple illustration of [001]/(110) TD. Two core types are marked as core ① and ②. (b) STEM-EDX 
elemental maps of [001]/(110) type TD. (c) Illustration of types of core structures of [001]/(110) TDs. 
(d) Magnified images of core ① and ②. On the right, element for each atomic column is identified 
with overlaid colored circles. Color code of the circles is the same as Figure 6-1.  

 

In both of single and dissociated TDs, strong La dopant segregation around the dislocation cores are 

monitored. We noted that strong strain fields built around TDs, as observed in LAADF-STEM images in 

Figure 6-1(b), can be an origin of the La segregation. To elucidate the strain effect on the dopant segregation, 

strain field maps around dislocations were constructed from high resolution HAADF-STEM images via 
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geometric phase analysis (GPA)220. In Figure 6-4, strain maps (the left most column) of single and dissociated 

TDs generated from atomic-resolution HAADF-STEM images (the middle column) are presented. The strain 

maps show dipoles centered at the dislocation cores. Each dipole is composed of the compressive (blue) and 

tensile (red) strains; on one side, the compressive strain is formed due to inserted planes, and on the other 

side, the tensile strain is formed due to missing planes. The strain field was compared with the lattice sites 

with heavy La dopants. For a clear visualization, atomic models of observed dislocations were drawn in the 

right-most column in Figure 6-4. In the case of the single TD, the La atoms are substituting Ba sites in the 

region with the compressive strain. This preferential doping can be explained via the size of La and Ba ions. 

La ions are smaller than Ba ions; thus, La ions can easily fit to lattice sites with the smaller volume in 

compressive region when compared to Ba ions. In the case of dissociated TD, La atoms are clustered not 

only in compressive region but also at specific sites in tensile regions. We believe that charge effect is also 

playing an important role in the observed La accumulation, but further study is needed to fully comprehend 

the observations. 

 

 

Figure 6-4. Strain field analysis using the geometrical phase analysis. (from the left) HAADF-STEM 
images of TDs; strain field map; atomic model displaying La segregation sites observed in EDX maps.   
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As demonstrated via HAADF-STEM images and EDX maps, the dislocation core and its surrounding are 

structurally and compositionally different from the host BaSnO3, which must alter local electronic structures 

at the dislocations. Thus, EELS O K edges were obtained from the TDs to examine their electronic structures. 

Figure 6-5 shows a preliminary EELS data obtained from a simple [001]/(100) type dislocation with SnO2-

termination. In the vicinity of the defect core, visible fine structure changes are observed within ±4 Å distance 

in each direction. The enhancement at the onset of the edges indicates high density of electronic states near 

the conduction band minimum. Additionally, at the compressive region, the peak intensities at around 534 

eV increases, which is likely from high density La states at around 5eV above the onset. The presented data 

are preliminary and further EELS spectra for different types of TDs will be carried to investigate the core 

atomic structure-electronic structure relationships of various edge dislocations in BaSnO3 thin films. 

 

  

Figure 6-5. EELS O K edges obtained across a SnO2-terminated [001]/(100) TD. On the left, HAADF-
STEM image (top) and corresponding strain map (εxx) of the TD are presented. Scale bar is 1 Å. On 
the right, EELS O K edges obtained from the region marked in the images on the left are plotted. 
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Method 

STEM characterization 

La:BaSnO3 films were grown on LaAlO3(001)pc substrates by hybrid molecular beam epitaxy51. Plan-view 

STEM samples were prepared by mechanical polishing (using MultiprepTM Allied High Tech Products, Inc.) 

followed by colloidal polishing with alumina abrasives to thin the foil and to reduce damaged layers on the 

surfaces. Cross-sectional TEM sample was prepared by focus ion-beam lift-out method using 30 kV Ga ion 

beam followed by ion shower at 2 kV Ga ion beam. STEM experiments were performed using aberration-

corrected FEI Titan G2 60-300 (S)TEM equipped with a CEOS DCOR probe correct, a Shottky extreme field 

emission gun (X-FEG), a monochromator, a super-X energy dispersive X-ray detector, and a Gatan Enfinium 

ER spectrometer. The microscope was operated at 200 keV and screen current of 25–30 pA. STEM images 

and EDX elemental map were acquired using the probe semi-convergent angle of 17.3 mrad and ADF 

detector inner angles of 55 and 11 mrad for HAADF- and LAADF-STEM images, respectively. STEM-EELS 

analysis was conducted using a monochromated probe. The core-loss O K edges were acquired using the 

energy dispersion of 0.1 eV. Probe semi-convergent angle was 19 mrad and EELS collection angle was 29 

mrad. Dual EELS mode was used to acquire low-loss energy region with ZLP and high-loss energy region 

simultaneously, which allows energy drift correction using the ZLP alignment. 

GPA analysis was performed using an open source program Strain++221 based on ref. 220 220. 

Conclusion 

In this chapter, preliminary results of the analysis of edge dislocations in La:BaSnO3 thin films were 

presented. Atomic and compositional structures of [001]/(100) and [001]/(110) type edge dislocations were 

investigated using STEM-EDX revealing varieties in their core structures. Elemental analysis of these 

dislocations reveals specific La dopant segregations in vicinity of dislocations. Strain field maps around 

dislocations were constructed using the GPA and correlated with observed structural features. Finally, EELS 

spectra were acquired across TDs to compare the local electronic structures of TDs in comparison of that of 

the host. Additional experiments and interpretation of the obtained data will be performed to fully grasp the 

atomic and electronic structures of edge dislocations in BaSnO3 thin films. 
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7. BAs: thickness-dependent dielectric response and ambient stability 

Since the discovery of graphene, various 2D materials have been actively studied in last decade, leading 

advances in many research areas ranging from synthesis and characterizations to discovery of new physical 

phenomena and applications. Among 2D materials, black phosphorus (BP) occupies a unique position with 

attractive properties such as strong in-plane anisotropy, high carrier mobility, high sensitivity of band 

structure to number of layers, and tunability of the bandgap spanning from near- to mid-infrared222-225. 

Similar 2D layered group V materials, pnictogen, has also gained attentions recently, exhibiting comparable 

characteristics as BP225.  This study focuses on one of promising and recently discovered pnictogen, black 

arsenic (BAs)226-228. Earlier theoretical studies have predicted highly anisotropic and tunable electronic 

structures for BAs229, 230. From the experimental side, recently Chen et al. showed the existence of extremely 

high in-plane anisotropy in electrical and thermal transport properties, while Kandemir et al. reported high 

mechanical and vibrational anisotropy in BAs226, 228. Thickness-dependent changes in the properties of BAs 

have also been explored. For example, Zhong et al. showed a layer number-dependent changes in the 

electronic band structures of BAs allowing adjustable carrier transport for BAs-based devices227.  

To advance knowledge on the new material and determine its practical utility and limitations, study of 

ambient stability of the material is of importance. For instance, considerable research attention has been 

devoted to stability of BP regarding its degradation at ambient condition. The ambient degradation includes 

buildup of droplets comprised of phosphorus oxides (PxOy) and condensed H2O on the surface, and collapse 

of thin-layered BP, which affects the materials properties and performance of opto-electronic devices using 

BP223, 231-240.  Previous reports have shown that light, causing photo-oxidation, and ambient chemical species 

of O2 and H2O are the key sources responsible for degradation of BP. Since degradation of BP is possible via 

different reaction mechanisms, parameters affecting the chemical reactions need to be identified and 

protection methods need to be devised for development of BP-based applications. On the other hand, 

promising ambient stability of electronic device made of BAs was demonstrated raising expectation toward 

applications using BAs227. Stability analysis of the free-standing BAs at ambient condition is further needed 

to develop BAs-based nano devices with the greater freedom of device designs. 

Though in its early stages, research on BAs has witnessed its favorable characteristics and potentials as a 

candidate material for advanced electro-optical devices. To better utilize the new material and to maximize 
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its performance, understanding fundamental physical and chemical properties of the material is essential. In 

this chapter, a detailed analysis of structural and electronic properties of exfoliated BAs is presented. 

Atomic-resolution HAADF-STEM images from different crystalline orientations were acquired and used to 

evaluate the degree of structural anisotropy of BAs. It is also shown that in case of few-layer-thick BAs, 

plan-view atomic-resolution HAADF-STEM images can be used to identify the exact number of layers in 

the nanosheet. In addition, features of the electronic structures of a BAs flake and changes in its dielectric 

response as a function of the number of layers are investigated by EELS. Finally, the stability of exfoliated 

BAs flakes has been examined under various ambient conditions, which allowed identification of the key 

degradation-enhancing parameters and suggested solutions for improving the long-term stability.   

7-1. Atomic structure and anisotropy   

A plan-view HAADF-STEM image and EDX elemental maps of a BAs flake from a freshly prepared sample 

are shown in Figure 7-1. Low-magnification HAADF-STEM images from exfoliated flakes, as presented in 

Figure 7-1(a), show presence of regions with different thicknesses with relatively sharp step edges between 

the regions. EDX elemental maps obtained from the flake confirm chemical composition of the flake as 

nearly-pure As without detectable impurities. Cross-sectional HAADF-STEM images of a BAs flake in low- 

and high-magnification were also obtained (Figure 7-1(b)) showing overall quality of the flakes and van der 

Waals layered crystalline lattice in the [101] direction. It should be noted that some flakes have a planar 

defect composed of a-few-atom-thick Pb, which is likely formed during synthesis of BAs crystal (see Figure 

7-2)241, 242. All other experiments and analysis, except for the one shown in Figure 7-2, were performed using 

defect-free BAs flakes.  
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Figure 7-1. HAADF-STEM images and EDX elemental maps of a exfoliated BAs flake. (a) Plan-view 
HAADF-STEM image of a BAs flake and EDX elemental maps obtained from a region of the flake 
(in yellow box) that is suspended over the hole in holey-carbon support TEM grid. Kα emission signals 
of As, C, and O were used for these elemental maps. (b) Cross-sectional HAADF-STEM images of a 
BAs flake deposited on Si/SiO2 substrate in low- (left) and high- (right) magnifications. (c) 
Experimental and simulated atomic-resolution HAADF-STEM images of BAs from five different 
crystallographic orientations. A schematic on top illustrates the geometries of projection planes. Ball-
and-stick atomic model of BAs for each orientation is shown on the HAADF-STEM images. Scale 
bars are 2 Å. 
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Figure 7-2. Pb planar defects in a BAs flakes. Planar defects composed of lead (Pb) are observed in 
these BAs flakes. (a) Cross-sectional view low-magnification and atomic-resolution HAADF-STEM 
images of the defect (marked with an arrow). The defect is perpendicular to the [010] direction and a 
few-atomic layer-thick. (b) EDX elemental map showing the chemical composition of the defect. 
Scale bars are 5 nm. EDX spectra obtained from the planar defect and host BAs are compared on the 
right. As Lα and Pb Mα emission peaks instead of overlapped As Kα and Pb Lα were used for the maps 
to avoid interrupted signals from other element. EDX spectrum obtained from the planar defect and 
that from the host material are compared on the right. 

 

To examine the crystalline structure of BAs and determine the degree of anisotropy, atomic-resolution 

HAADF-STEM images of bulk BAs were obtained from different orientations, including three major 

crystallographic directions – armchair [001], zigzag [100], and plan-view [010] – and in two additional ones 

in minor directions ([110] and [101]). The results are summarized in Figure 7-1(c). The experimental data 

were compared with computed HAADF-STEM images where good agreement between the two, as shown in 

Figure 7-1(c), confirms the assignments of the imaging directions (major: [010] (①), [001] (②), and [100] 

(③); minor: [110] (④) and [101] (⑤)). The experimental HAADF-STEM images were then utilized to 

evaluate the degree of anisotropy of BAs compared to BP with a similar atomic structure. The lattice constant 

ratios (c/a, b’/a and b’/c) were evaluated using the Fourier transforms of images, about 15×15 nm2 in size, 

obtained in the three major axes where the reciprocal lattice peak positions and the widths in the Fourier 

transformed images were assessed to evaluate the lattice constant and the error of the analysis. To test 

reliability against sample drift, scan noise, self-consistency with images in two minor axes were analyzed 

also re-evaluated as shown in Table 7-1. By utilizing the lattice ratio acquired from the images in the [010] 



 

137 
 

and [001] directions, those in the [100], [110], and [101] directions were calculated (4th column). Comparison 

between the experiments (3rd column) and prediction (4th column) shows that the obtained lattice ratios are 

self-consistent within the margin of the error.  

Table 7-1. Self-consistency of lattice constant ratios evaluated from five different orientations. 

Image orientation Lattice Ratio Exp. Self-Consistency  

[010] c/a 1.24 ± 0.04 1.24 ± 0.04 (fixed) 
[001] b’/a 1.59 ± 0.08 1.59 ± 0.08 (fixed) 
[100] b’/c 1.27 ± 0.06 1.28 ± 0.08 

[110] 
𝑐

𝑎𝑏 𝑎 𝑏⁄
 0.623 ± 0.026 0.650 ± 0.051 

[101] 
𝑏′

𝑎𝑐 𝑎 𝑐⁄
 2.006 ± 0.110 2.043 ± 0.044 

 

The experimental lattice constant ratios for BAs were compared to values for BP found in literatures (see  

Table 7-2). The ratios calculated using the theoretical lattice constants are also listed in Table 1 for 

comparison. The results, which are consistent with theoretical predictions, show that these BAs flakes are 

structurally highly anisotropic, but with slightly lower (~5%) in-plane anisotropy compared to BP.   

 

Table 7-2. The lattice constant ratios for BAs and BP. Experimental values for BAs from this work is 
shown bold. a and c are in-plane lattice parameters in the zigzag and armchair directions and b’ is 
half of the out-of-plane lattice parameter b. 

 BAs (exp.) BAs (theor.) BP (exp.) BP (theor.) 

c/a 
1.24 ± 0.04 

1.166226 
1.225227 

1.264243 
1.283228 
1.259229 

1.311234 
1.355223 

1.377 243 
1.378 244 

b’/a 
1.59 ± 0.08 

1.439226 
1.523227 

1.540243 
1.543229 

1.63234 
1.668223 

1.769 243 
1.678244 

b’/c 1.27 ± 0.06 
1.234226 
1.243227 

1.219243 
1.226229 

1.244234 
1.231223 

1.285 243 
1.223244 

 

7-2. Thickness determination of a few-layer-thick BAs.  

The plan-view HAADF-STEM images can be used to precisely measure the thickness of atomically-thin 2D 

materials as the image contrast has a direct correlation with the number of atoms in a given atomic column245, 

246. BAs has an AB stacking of layers where every other layer is half unit-cell shifted in the [100] direction 
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from the layer before, as illustrated in Figure 7-3(a)234, 246. When viewed from the [010] direction, the lateral 

atomic position of the alternating layers, that are half unit-cell shifted in the [100] direction, can be seen. 

This configuration results in a distinct contrast in plan-view HAADF-STEM images for the odd and the even 

numbers of BAs layers234, 246. For the odd numbered BAs layers, neighboring atomic column-pairs 

(dumbbells) along the plan-view direction contain a different number of atoms, resulting in dissimilar 

intensities in a HAADF-STEM image. The intensity difference between adjacent atomic dumbbells is 

sensitive to the thickness of a BAs nanosheet, when the number of layers is relatively small. On the other 

hand, in case of even numbers of layers, the number of atoms in every dumbbell is identical, resulting in the 

almost same HAADF intensity for neighboring atomic columns (with very minor differences due to beam 

channeling)136. The strong layer-dependence of the lattice contrast in HAADF-STEM images, for odd 

numbers of layers, can be utilized to directly measure the number of layers in the nanosheet. One such 

analysis, based on HAADF intensity ratios, is presented in Figure 7-3(b-d), where the ratios from 

experimental images are directly compared with those from simulations to determine the number of layers 

in the edge region of a thin flake. It should be noted that the thickness estimation using the HAADF intensity 

ratio method is practical only in thin BAs nanosheets with less than about 15 layers (or < 9 nm), since the 

ratio saturates at the higher thicknesses.  
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Figure 7-3. Layer-dependent lattice contrast of plan-view HAADF-STEM images. (a) Atomic model 
of AB-stacked structure of BAs. A unit cell is highlighted with the gray lines. Left: projected views 
of one layer-thick and two layer-thick BAs in the [010] (plan-view) direction are compared. Right: 
two layers in a unit cell are illustrated in the [100] (cross-sectional view) direction and slightly tilted 
view on the right illustrates the laterally shifted positions of atoms in every other layer. (b) HAADF-
STEM image of an edge region of BAs flake displaying contrast variation due to the varying number 
of layers. The number of layers was estimated from selected regions. Scale bar is 1 nm. (c) 
Comparison of experimental and simulated HAADF-STEM images at different layer numbers. Sub-
regions were selected from experimental HAADF-STEM image in (b) (marked with boxes). Scale 
bars are 2 Å. Line profiles were extracted from the region indicated with red arrows as shown on the 
top-left panel. The HAADF intensities between alternating sites (I1 and I2) are indicated. (d) HAADF 
intensity ratios, R = (I1-I0)/(I2-I0), as a function of the number of layers. Intensity ratios from 
experimental images in different sub-regions are overlaid on reference ratios obtained from simulated 
images shown in (c). 

 

7-3. Dielectric response and electronic structure   

Low-loss and core-level EELS from BAs flakes were measured and analyzed to investigate the dielectric 

response and electronic structure of BAs. First, bulk EELS were acquired from relatively thick BAs samples 

(> 40 nm). Low-loss EELS, presented in Figure 7-4(a), shows the bulk plasmon peak at Ep = 18.6 eV and a 

series of features at the energies below Ep due to interband transitions, Cherenkov radiation, and surface 

plasmon excitations13, 247-249. While characteristic peaks originating from the lower and upper branches of 

surface plasmons in BAs are expected to be around 2 eV and 10–13 eV, as in BP234, they are not clearly 

identifiable here at this sample thickness because of strong “overlap” with other excitations. EELS measured 

using the higher energy resolution further reveals details of the fine structures in this lower energy-loss 
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region (shown on the right). Three distinctly observed features are grouped as a1, a2, and a3. A shoulder on 

the right-hand-side tail of the ZLP is visible in the region a1, which could be attributed to the band gap and 

surface plasmons. Band gap of bulk BAs is known to be ~0.3 eV226, 227, which is too small to be resolved 

using the available resolution of 0.13 eV and wide tails of the ZLP. Features a2 and a3, including two 

identifiable peaks at ~7.5 and ~8.8 eV, have the characteristics of interband electronic transitions and 

Cherenkov radiations; spectral shape does not vary in the thicker samples and scales with the bulk plasmon 

peak.   

 

 

Figure 7-4. Experimental EELS data obtained from exfoliated BAs flakes. (a) Low-loss EELS with 
indicated bulk plasmon peak (Ep) and region of surface plasmon (Esp) excitations. High energy 
resolution EELS from the range of 1–11 eV (shaded region) was acquired and shown on the right. 
The fine structures in the region are grouped and labeled as a1, a2, and a3. The positions of two peaks 
in a3 are indicated. (b) Thickness-dependent low-loss EELS. (Left) Stacked EEL spectra that are 
vertically shifted for clarity and the artifact of measurement marked with asterisk. The higher energy 
resolution EELS obtained from the shaded energy range and shown on the right: stacked with vertical 
shifts (top) and a few of them shown without any vertical shifts (bottom). 
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Table 7-3. Peak positions in low-loss and core-level EELS shown in Figure 7-4. 

Signal Feature Energy (eV)

Low-loss 
a1 3.3
a2 4.3 – 6
a3 7.5, 8.8

 

Here, it should be noted that, in case of anisotropic crystals, the low-loss EELS can be highly orientation-

dependent due to the anisotropic electronic structures and corresponding dielectric responses. Previous 

studies on low-loss EELS analysis of black phosphorus (BP) have reported its orientation-dependence 

experimentally and computationally. Thus, the effect of a probe propagation direction with respect to the 

crystallographic orientation on low-loss EELS of BAs was examined. In Figure 7-5, low-loss EELS acquired 

from 4 different crystallographic directions are presented. 

 

 

Figure 7-5. Low-loss EELS obtained along different crystallographic directions. Energy resolution 
was 0.25 eV (a) and 0.13 eV (b), respectively. 

 

Before directly comparing the spectral shape, the TEM sample thickness effect on the low-loss EELS signal 

needs to be considered. Nominal thickness of each sample was estimated to be 95–140 nm, 100–110 nm, 

100–120 nm, and 40–50 nm for the [100] (armchair), [101], [001] (zigzag), and [010] (plan-view) directions, 

respectively, from the EELS log-ratio method13. Thus, it is expected that the thinner plan-view specimen will 

exhibit features from surface losses than other samples. First, peak position and width of the first plasmon 

peak in each spectrum are observed to be similar while the intensity of the second plasmon peak varies with 

regard to the sample thicknesses. In case of the low-loss EEL spectrum from the plan-view orientation, weak 
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intensity at ≈ 13 eV (marked with an arrow) is monitored, which is from surface plasmon excitation, Esp = 

Ep/√2, visible in the thin sample. Figure 7-5(b) is high energy resolution low-loss EELS in the range of 0 to 

12 eV. Spectra were scaled to fit each other in the range of 6 to 12 eV for a comparison of spectral shape. In 

case of plan-view oriented EEL spectrum, enhancement in the energy below 2 eV is monitored, which is 

attributed to the lower branch of surface plasmon excitations assuming that its plasmon dispersion is similar 

to that of BP234. Note that the fine structures in the regions a2 and a3 look alike despite of slightly dissimilar 

thicknesses, which indicates that they are attributed to bulk losses and not influenced by crystal orientation.  

Overall, except for varying surface loss visibility due to the different specimen thicknesses, low-loss EELS 

spectral shape is shown to be not too sensitive to the probe propagation direction under our experimental 

condition. The alike low-loss EELS that obtained from different beam directions can be ascribed to the 

relatively large EELS detector semi-angle corresponding to scattering vector of q = 0–7.3 Å-1.250, 251 The 

dielectric responses, especially plasmon losses, are a function of energy and momentum (q), represented by 

plasmon dispersions. Our experimental condition covers broad range of plasmon dispersion and average out 

anisotropic characteristics generated in small scattering angles. Hence, orientation-dependence of low-loss 

EELS was not analyzed or discussed in the main text. 

Next, additional low-loss EEL spectra were acquired from the areas with different numbers of layers to 

investigate the dielectric response of BAs as a function of the layer number in thin BAs flakes. The exact 

layer number determination discussed above was used to evaluate the thickness of a particular area of the 

flake used for EELS as follows. ADF intensity in a HAADF-STEM image follows the power law where the 

intensity is proportional to the thickness (t) and nth power of the atomic number (Zn) as described by equation 

𝐼 ∝ 𝑡 ∙ 𝑍 . Thus, in principle, the thickness of a BAs flake can be obtained by utilizing the contrast of carbon 

film with known Z (6) and thickness (20 nm from the vendor specification). Here, the exponent n in the 

power law is known to vary from its typical value of 1.7 for high Z materials252, 253. To approximate the 

exponent n, an apparent ADF intensity from a low-magnification HAADF-STEM image was compared with 

lattice contrast from a high-magnification HAADF-STEM image. In Figure 7-6(a), three distinct regions of 

A, B, and C are identified and an ADF intensity line profile was extracted across the regions along the green 

line in the image. The line profile was scaled relative to the average ADF intensity of a carbon film in the 

same image using n = 1.1, 1.3, 1.5, and 1.7. (Figure 7-6(b)). Then, the estimated thickness level was 
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compared with those deduced from the lattice contrast. See the high-magnification HAADF-STEM image 

on the bottom. It is concluded that thickness level via n = 1.3 shows the best match, which is similar to n of 

previously studied 2D materials253. 

 

 

Figure 7-6. Exponent n determination for a HAADF-STEM image of BAs. (a) HAADF-STEM image 
of a BAs flake showing thickness contrast in regions A, B, and C. ADF intensity line profile was 
extracted from the green line in the image. (b) Thickness along the green line in (a) was estimated 
from the extracted ADF intensity profile, where the power law with different exponent n values was 
applied. Thickness estimated from the lattice contrast is overlapped and corresponding atomic 
resolution HAADF-STEM image is shown below. 

 

Next, the power law with n = 1.3 was utilized to approximate the thickness of an EELS acquisition area. 

STEM-EELS data was obtained using the monochromated electron beam, where skewed probe shape and 

slightly worse spatial resolution make unexpected ADF-STEM contrast, e.g. shade in a vacuum area. Hence, 

determination of the thickness using a monochromated ADF-STEM image is not practical and can be 

mistaken. Thus, we obtained a HAADF-STEM image of the EELS acquisition area with monochromator off 

beforehand to approximate the thickness of BAs as seen in Figure 7-7(a). Line profile extracted from the 

dashed line was scaled using the power law with n = 1.3 and the carbon intensity in the same image as done 

previously. (See the profile on the right.) Then, monochromated STEM-EELS data were acquired around the 

region highlighted by thicker part of the dashed line.  
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Figure 7-7. Thickness determination of a BAs layer and the thickness-dependent low-loss EELS. (a) 
HAADF-STEM image of EELS acquisition area when monochromator is off. Thickness profile along 
the dashed line is displayed on the right. (b) Example of monochromated STEM-EELS data. HAADF-
STEM images of before and after EELS spectrum-image acquisition are presented. Acquisition area 
is indicated by a yellow box and the intensity profile from the region is shown below.  (c) Thickness 
level dependent EEL spectra extracted from the spectrum-image. (d) Histogram showing ADF 
intensities from EELS acquisition area. (e) Comparison of experimental and simulated ADF intensity 
levels. 

 

Spectrum-images spanning laterally from the vacuum and edges to the inner area of a BAs nanosheet were 

obtained as exemplified in Figure 7-7(b). By extracting a lateral ADF intensity profile from the spectrum-

image, regions with similar ADF contrast were recognized and grouped as shown in the bottom panel of 

Figure 7-7(b). EEL spectra from the same group were averaged to construct the thickness-dependent EEL 
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spectra as shown in Figure 7-7(c). Note that delocalization of EELS signal can add influence from 

neighboring regions, but the exact probe position primarily governs a shape of a spectrum13, 254. In Figure 7-

7(d), a histogram of ADF intensity from EELS acquisition area is shown, confirming distinct intensity levels. 

Finally, the identified ADF intensity levels were compared with simulated ADF intensity. Plan-view 

HAADF-STEM images were computed as a function of the number of layers as done for Figure 7-3(b). 

Then, the average ADF intensity was obtained for each layer number. See the column graph in Figure 7-

7(e). The experimental ADF intensities were fitted to simulated ADF intensities using linear regression 

method and overlaid. The comparison of experimental and calculated intensity levels shows a good 

agreement, demonstrating that the thickness level via ADF intensity corresponds to the number of layers of 

BAs. The thickness is also in accordance with the thickness estimation done by the monochromator off ADF-

STEM image. 

In Figure 7-4(c), a set of layer-dependent low-loss EELS, going from one to 15 layers with one-layer-steps, 

is presented. It should be noted that due to long-range nature of the interactions for these low-energy 

electronic excitations13,  some intermixing between these spectra is expected. As the layer number decreases 

from > 50 to below 20, the intensity of the bulk plasmon peak drops and the fine features at lower energy 

are modified. When the thickness of a BAs nanosheet is about 15-layer-thick, features due to surface plasmon 

excitations at around 12–14 eV start to be visible. As the number of layers decreases to nine and lower, the 

features of surface plasmon losses are dampen and modified because of coupling of bottom and up surface 

plasmon oscillations and reshaping of the surface plasmon dispersion behaviour13, 250, 255, 256. Similar in nature 

changes in surface plasmon dispersion in a few-layer BP have been reported13, 250, 255, 256. Additional sets of 

spectra with higher energy resolution was also acquired in the energy-loss region below 19 eV (Figure7-

4(b), on the right) to better highlight the changes discussed.  

As the number of layers decreases to less than 6 layers, features in the range of a1 and a2 emerge. This can 

be seen in the bottom-right panel of Figure 7-4(b), where the measured EEL spectra are displayed without 

vertical shifts allowing direct comparison of the intensities. The enhancement of the features in a1 and a2, 

below 6 eV, in such a thin BAs can originate from (1) strong coupling of surface plasmon modes enhancing 

excitations or (2) changes in the electronic band structure resulting in formation of high DOS near the 

conduction band minimum that are activated by electronic interband transitions. Recently, Zhong et al. 
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reported that as the number of layer is reduced, the band gap of BAs increases and carrier mobility near the 

conduction band minimum decreases227, which implies that the onset of the low-loss region should be 

shifting to the higher energy and the DOS near the conduction band minimum should increase making the 

second argument plausible. These experimental results invite a detailed ab initio calculations of BAs 

dielectric function for different numbers of layers to provide a full understanding of the origins of these 

observed EELS fine structure changes at these low energies.   

Core-loss EELS was also measured from BAs flakes, and the results are displayed in Figure 7-8. The As 

M4,5 edge with onset at 41.5 eV is from excitation of 3d3/2 and 3d5/2 core electrons to unoccupied p or f 

orbitals (selection rule: ∆l = ±1) above the Fermi level13. The edge exhibits combination of both “saw-tooth” 

and “delayed maximum” shapes indicating that the core electrons excite to the unfilled bound electronic 

states (4p orbitals) near the conduction band minimum as well as continuum states at the higher energies13, 

14. The As L2,3 edge with onset at 1323 eV exhibits a typical “delayed maximum” edge from excitation of 

2p core electrons to 5s and 4d orbitals. Distinct fine structures (labeled as c1, c2, c3) are visible on top of 

strong tails of L2,3 edges. The L1 edge with a characteristic “saw-tooth” shape is also identifiable at 1533 eV 

(labeled as c4). These features from measured core-level EELS are fingerprints of the electronic band 

structure for bulk BAs, as they are directly correlated with electronic DOS above the Fermi level13, 165. 

 

 

Figure 7-8. Measured core-loss EELS: As M4,5 (left) and L1 and L2,3 (right) edges. Discernable peaks 
are labeled as b1and b2, and c1 through c4. 
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Table 7-4. Peak positions in low-loss and core-level EELS shown in Figure 7-8 

Signal Feature Energy (eV)

As M4,5 
onset 41.5

b1 43.3
b2 42.4

As L1, L2,3 

onset 1323
c1 1326
c2 1344
c3 1375
c4 1533

 

7-4. Ambient stability    

Stability of BAs under different environments was also investigated. When an exfoliated BAs flake is kept 

at ambient conditions, a considerable structural destruction of the flake can be readily observed over 

relatively short time (in several days). (see Figure 7-9(a).) Characterization of the degraded BAs flake, 

carried out by HAADF-STEM imaging and EDX elemental mapping, shows removal of As and no 

accumulation of oxidized As compounds as monitored in Figure 7-9(b), which is dissimilar from the well-

documented ambient degradation of BP, where formation of a:PxOy dominates223, 224, 231-235, 237, 257-260. In 

contrast to the fast degradation of BP showing formation of a:PxOy only in 40 hours when exposed to 

atmospheric air14, BAs under similar conditions etches away in about 30 days without changes in its crystal 

structure.  

 

 

Figure 7-9. BAs degradation at ambient condition. (a) Time-series HAADF-STEM images of a BAs 
flake at ambient condition (T = 20 ℃ and the relative humidity of 15–50 %, which corresponds to the 
H2O partial pressure of 2.63–8.75 torr. The sample were exposed to ambient light). Scale bars are 500 
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nm. The HAADF-STEM images were normalized to the intensity of a supporting carbon film. (b) 
EDX elemental maps from the region in a yellow box in (a). The As Kα, O Kα, C Kα emissions were 
used and each elemental map was normalized from 0 to 1. Scale bars are 200 nm. The electron beam 
induced carbon contamination in areas with extensive beam exposure can be observed. It is noted that 
carbon contamination provides some minor protection against removal of BAs from the flakes, and 
that occurs in all samples. 

 

The removal of As during ambient degradation of the flakes suggests that destruction of BAs involves 

chemical reactions with atmospheric species that result in the formation of arsenic compounds other than 

arsenic oxides (AsxOy), since arsenic oxides are solids at room temperature261.  H2O in atmosphere, on the 

other hand, can participate in the degradation of BAs leading to formation of volatile products such as arsenic 

hydride (arsine, AsH3 (g)), arsenic hydroxide (As(OH)3),  or arsenic acid (AsO(OH)3 (aq))261, 262. Thus, the 

effect of H2O on the stability of BAs was studied by analyzing BAs flakes kept in humid and dry air. To rule 

out the photo-induced chemical reactions, the BAs flakes were kept in a controlled dark environment 

between STEM experiments, except during sample transfers into and from STEM during which the flakes 

were very briefly (~5 min) exposed to light and regular ambient conditions.  

In Figure 7-10(a), a time-series of HAADF-STEM images of the BAs flakes are presented showing distinct 

structural changes in the flakes under different conditions. For direct comparison, images of each time-series 

were normalized to the same intensity scale using HAADF intensity of a supporting carbon film on a TEM 

grid as a reference. When BAs flakes were under humid environment (humidity of ~98%), destruction of 

most regions occurs just in 2 days indicating that moisture accelerates decomposition of the flake. 

Interestingly, a small region of BAs, that was not completely degraded on day 2, had a flat surface and 

several sharp boundaries along with eroded ones. On the other hand, flakes kept in dry air (humidity of 

~2.5%, or practically without H2O) did not show obvious change in HAADF-STEM images, indicating that 

O2 alone does not decompose BAs.   
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Figure 7-10. Degradation of exfoliated BAs flakes under different environments. (a) HAADF-STEM 
images of BAs flakes showing degradation over time. In the left most column, the images show the 
initial state of the flakes along with conditions they were kept. Orange box in the images show EDX 
acquisition area. The region in the solid box is magnified and presented at different times on the right. 
In the time-series images, original shape of flakes is outlined with dashed lines. The regions in the 
green box were used to measure the HAADF intensity. The initial thicknesses of the selected regions 
were between 15 and 20 nm. Scale bars are 50 nm. (b) Changes in HAADF intensity with time: humid 
condition–blue, dry condition–red, dry vacuum condition–black, ambient condition–green. (c) 
Relative elemental composition of BAs flakes as a function of time measured by EDX. Color code is 
the same as in (b). 

 

The thickness change of the BAs flakes due to degradation was quantified using HAADF-STEM imaging. 

The average HAADF intensity of a region on the flake, indicated by green boxes in Figure 7-10(a), was 

monitored with time and the results are presented in Figure 7-10(b). As observed, the BAs flakes in humid 

air degrade over time, and it is with much faster rate than at ambient condition, while flakes kept in dry air 

exhibits negligible changes in the HAADF-STEM image intensity.  The changes in chemical composition 

of BAs flakes during degradation, in particular, oxygen content was measured using EDX, as shown in 

Figure 7-10(c). These EDX data were acquired from regions with the same thickness in each specimen 

highlighted with orange boxes in low magnification HAADF-STEM images shown in Figure 7-10(a). 

Humid-conditioned BAs flake shows a systematic rapid increase of oxygen percentage due to vanishing of 

As. In the case of a dry air-conditioned BAs flake, the relative amount of oxygen also increases even though 
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there is no reduction of thickness (or As content) according to the HAADF intensity. To further examine the 

role of oxygen on degradation, a set of experiments was conducted on BAs flake stored in dry vacuum 

condition (humidity of ~0%, P  10-3 torr). The results of these experiments are also presented in Figure 7-

10. Interestingly, dry vacuum-conditioned BAs flakes degraded in the same manner as the BAs at ambient 

conditions, but the amount of degradation is very minor. The degradation observed here is likely due to short 

exposures to ambient air when transferring, loading and unloading the sample into the microscope for 

analysis. In these experiments, the total sample exposure to ambient air was about the same as those in the 

other experiments. Considering the identical sample preparation procedure and similar ambient exposure of 

all samples, the observation of no obviously visible degradation in dry air-stored samples indicates formation 

of a protection layer on BAs in dry atmosphere. To rule out the effects of often occurring carbon 

contamination on dry-conditioned sample, the oxygen content of the BAs flakes stored in dry- and dry 

vacuum-conditions was assessed by analyzing elemental ratios of O/As and C/As (Figure 7-11(a)). In the 

case of dry air-conditioned BAs flake, oxygen content increases with time while carbon content stays 

unchanged. This suggests a formation of thin AsxOy layers on the sample surfaces under dry condition, which 

then acts as a protection layer during brief exposures of the sample to ambient condition before and after 

STEM analysis. It should be noted that dry air-conditioned flakes typically have slightly higher 

contaminations. Interestingly, a formation of a thin oxide layer on the surface of BP was also reported.235, 259 
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Figure 7-11. Analysis of degradation of exfoliated BAs flakes. (a) Elemental ratios (O/As and C/As) of BAs 
flakes in dry and dry vacuum conditions with degradation quantified by EDX. (b) CBED patterns obtained 
from as-prepared (i), dry vacuum-conditioned (ii), and dry-conditioned BAs (iii). The intensities in CBED 
patterns are displayed in log-scale. The scale bars are 2 Å-1. (c) Comparison of core-loss EELS acquired 
from as-prepared and stored in dry air for 60 days flakes. (d) HAADF-STEM images of a small region of 
the BAs flake stored in humid environment for 2 days with a still mostly intact section. The edges and angles 
between them are indicated. Scale bar is 100 nm. The inset shows the entire flake with original edges outlined. 
The scale bar is 500 nm. (e) Atomic model of BAs illustrating {201} – blue, {101} – orange, and {102} – 
green crystalline planes from plan-view direction. A unit cell is shown by dashed lines. (f) HAADF-STEM 
images of a BAs flake stored in humid condition after being stored in dry air for 60 days. The original shape 
of the flake is outlined with dashed lines. A still mostly intact section of the BAs flake left on day 1 is shown 
in the bottom panel, where edges with identifiable lattice planes and angles are marked. The scale bar is 200 
nm (top) and 100 nm (bottom).   
 

To further understand the degradation of the structure, convergent beam electron diffraction (CBED) 

patterns of the flakes were also examined. Figure 7-11(b) shows CBED patterns acquired from dry- and dry 

vacuum-conditioned BAs flakes after being stored for 60 days which are compared with that from a fresh 

BAs flake (the initial flake thicknesses were about 30 nm). The CBED pattern measured from a fresh BAs 

flake shows clearly visible Kikuchi lines and the first order Laue zone ring, as would be expected from non-

degraded sample, in a good agreement with the simulated CBED pattern (see methods for a direct 

comparison). For dry vacuum-conditioned BAs flake the pattern is slightly weaker compared to the fresh 

sample, which would be consistent with the observed small thickness reduction. On the other hand, the 
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pattern from dry-conditioned BAs flake is haze despite negligible thickness reduction. This would be 

consistent with presence of a thin amorphous AsxOy layer and some carbon contamination on the sample 

surfaces. Comparison of As M4,5 and As L2,3 core edges obtained from dry-conditioned and fresh BAs flakes 

(Figure 7-11(c)) shows no obvious spectral changes in their fine structures, again pointing out that thin 

a:AsxOy should be present only on the flake surfaces.   

More insight into this water-enhanced degradation of the BAs flakes at ambient conditions can be gained 

from examination of the remaining sections of the flakes after a few-day degradation at ambient and humid 

conditions. HAADF-STEM images of remaining sections of BAs flake upon ambient exposure show non-

directional degradation of the structure. The images of the small but still remaining fragments of humid-

conditioned flakes show sharp edges and flat morphology, indicating directional (lateral) etching (see Figure 

7-11(d)). For additional input, we also placed 60 days dry-conditioned BAs flake into humid conditions (as 

in previous experiments with fresh flakes) and studied its degradation. HAADF-STEM image of a remaining 

fragment is shown in Figure 7-11(f), where again rapid etching with sharp edges can be seen similar to those 

observed for humid-conditioned flakes. Thickness reduction of the remaining fragments from humid-

conditioned flakes with and without pre-dry-conditioning were evaluated using HAADF-STEM imaging 

and compared in Figure 7-12. Much slower thickness reduction from the top and bottom surfaces in the pre-

dry-conditioned sample was noticed, which can be ascribed to the a:AsxOy layer on the surfaces protecting 

the flake surfaces from non-directional degradation. 

 

 

Figure 7-12. Evaluating humid-conditioned BAs flake degradation. HAADF intensity change of 
humid-conditioned BAs flakes with (red) and without (blue) pre-dry conditioning. The regions 
selected for the analysis are indicated in the images on the right. Scale bars are 100 nm (left) and 200 
nm (right). The regions highlighted with open squares are used to evaluate the effect of slow non-
directional degradation from top and bottom surfaces, and closed squares are used to evaluate the 
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effect of rapid directional etching combined with slower non-directional degradation. Thickness 
reduction in the pre-dry conditioned flake (from red open square) is smaller than that of originally 
humid-conditioned flake (from blue open square), indicating the slower degradation in pre-dry 
conditioned flakes. 

 

The crystallographic planes of edges in the remaining fragment in the humid-conditioned flakes were 

identified. The observed angle of 77° (or complimentary 103°) between two edges correspond to unique 

angle between two crystalline planes of {101} (Figure 7-11(e)). Once these {101} planes are identified, using 

them as references, the planes corresponding to other edges can be also identified. The analysis of fragments 

indicates that etching preferentially takes place along the {101}, {201}, and {102} planes. Such directional 

etching is not completely surprising, as anisotropic etchings have been observed in other 2D materials 

including graphene263, 264, BN264, and MoS2
265, 266.  

The result presented and discussed above demonstrate that both slower non-directional degradation and rapid 

directional etching of BAs nanosheets are facilitated by moisture in the air. The water-enhanced degradation 

at ambient condition suggests a few possible mechanisms. In one case, BAs readily reacts with oxygen 

molecules in the air, and the presence of water molecules facilitates subsequent reactions and promotes 

transformation of BAs into volatile arsenic compounds, such as AsH3 or AsO(OH)3. It is also possible that 

BAs directly reacts with H2O from edges and surface defect sites of the flakes, and the presence of oxygen 

in atmosphere further enhances the reaction promoting formation of volatile arsenic compounds. Detailed 

ab initio calculation-based study of the chemistry behind degradation of BAs is necessary to fully understand 

the degradation mechanisms and the exact role of each parameter. 

Methods 

Sample preparation  

BAs crystal used in this study was purchased from 2D Semiconductors Inc., which was synthesized by 

chemical vapor transport technique using As precursor. Plan-view TEM samples were prepared by 

mechanically exfoliating bulk BAs using Scotch tape and then transferring them onto a poly-

dimethylsiloxane (PDMS) stamp (Sylgard 184, Dow Corning Co.). The PDMS with the flakes was then 

stamped onto a 100-nm-SiO2/Si substrate and then detached slowly leaving BAs flakes on the surface of the 

substrate. Next, polymethyl methacrylate (950 ka.u. PMMA C4, Microchem Co.) was spin-coated onto the 
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substrate at 3000 rpm for 60 sec. followed by a soft bake at 120oC for 120 seconds. Then, SiO2 was etched 

away in the etching solution (buffer oxide etchant 10:1 (NH4F:HF)) leaving BAs/PMMA stacks floating 

over the etching solution. The BAs/PMMA films were washed using DI water and transferred to a TEM grid. 

Lastly, PMMA was washed off from the grid using acetone and left to dry in air for 1-2 minutes. For cross-

sectional TEM samples, exfoliated BAs flakes on a SiO2/Si substrate was sectioned using focused ion-beam 

(FIB) (FEI Helios Nanolab G4 dual-beam FIB) with 30 kV Ga-ions, which was further thinned with 2 kV 

Ga-ion beam to reduce the surface damaged layer. Amorphous carbon and Pt were sequentially deposited 

on the flake before the FIB-cutting to prevent damage from ion and electron beams of FIB. Specimen 

thicknesses were estimated using EELS log-ratio method with the plasmon mean-free path of λP = 80.6 nm13. 

STEM characterization 

STEM experiments were performed using aberration-corrected FEI Titan G2 60-300 (S)TEM operated at 

200 keV beam energy. The microscope is equipped with a CEOS DCOR probe corrector, super-X energy 

dispersive X-ray spectrometer, and a Gatan Enfinium ER EEL spectrometer. HAADF-STEM imaging and 

EDX elemental mapping were carried out using a beam current of ~30 pA and probe convergence angle of 

17.2 mrad. ADF detector inner and outer angles for HAADF-STEM imaging were 55 and 200 mrad, 

correspondingly. STEM-EELS experiments were carried out using a monochromated STEM beam with a 

beam current of ~25 pA and probe convergence angle of 19 mrad. EELS detector acceptance angle was 29 

mrad and the energy resolution was 0.13, 0.25, and 1.00 eV for energy dispersion of 0.01, 0.05, and 0.25 

eV/channel. Energy resolution was determined from FWHM of the ZLP. Very brief Ar plasma cleaning of 

specimens was carried out (for less than 7 sec.) before each experiment. No visible sample damage due to 

the electron beam exposure was observed under these STEM operational conditions.  

Sample contamination due to the electron beam-deposited carbon was notable for BAs flakes stored in dry 

and humid air, while those stored in dry vacuum did not show severe carbon contamination. The heavy carbon 

accumulation occurs when the beam sits on a sample for a relatively long time for measurement of diffraction 

patterns and EDX (for several minutes) spectrum, resulting in bright spot-like contrast and enhancement of 

rectangular shaped contrast, respectively. In Figure 7-13, such carbon contamination is shown on a HAADF-

STEM image of a dry conditioned BAs flake. Low-loss EEL spectra were obtained from regions marked with 

green boxes in Figure 7-13(a). Note that EELS acquisition time was relatively short (a few seconds) causing 
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less carbon deposition. Figure 7-13(b) shows low-loss EEL spectra from regions a, b, and c in Figure 7-13(a). 

Spectrum acquired from the region c shows strong intensity above Ep (marked with an arrow), which 

originates from carbon contamination. Compared to the spectrum from region c, those from a and b do not 

show notable signal from carbon contamination. Therefore, ADF intensity analysis for thickness estimation 

of dry conditioned BAs was performed using the region b.  

 

 

Figure 7-13. Carbon contaimation of a BAs TEM sample under beam irradiation. (a) HAADF-STEM 
image of a BAs flake stored in dry air for 60 days. Contrasts from carbon contamination are marked. 
(b) Low-loss EELS spectra obtained from regions marked in (a). Signals from deposited carbon is 
marked with an arrow. 

 

Degradation experiment  

Degradation experiments were conducted using three as-prepared plan-view samples. To prevent any photo-

induced degradation, all samples were placed inside a light-tight box. The humid air-conditioned and dry 

air-conditioned samples were stored under at ambient pressure of 760 torr and temperature of 20 ± 0.2 ℃. 

Humidity level was controlled by locating deionized (DI) water and desiccants (Calcium sulfate purchased 
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from Sigma-Aldrich, WA, US) placed alongside each sample in a closed-glass chamber, respectively (no 

direct contact with the specimens). Humidity and temperature of the closed-glass chamber were continuously 

measured (at minute intervals) with relative humidity maintained at 96–100 % and 0.6–5 % for humid and 

dry conditions, respectively. Since the vapor pressure of water at 20 ℃ is 17.5 torr, the partial pressure of 

H2O is estimated to be ~17.15 and ~0.44 torr for humid- and dry-conditioned samples, and partial pressure 

of oxygen is estimated to be ~160 torr (atmospheric condition) for both cases. Handling time for loading 

samples into the STEM chamber and for unloading was limited to be ~5 min to minimize exposure to light 

and ambient air. The dry vacuum-condition sample was stored in a vacuum box with desiccants. The vacuum 

level was measured to be in 1×10-3–2×10-3 torr range and temperature was 23 ± 1 ℃.   

HAADF-STEM image simulations  

HAADF-STEM image simulation was carried out using the TEMSIM code 20 based on the Multislice 

approach8. For the atomic structure of BAs model the lattice constants of 3.707 Å, 11.441 Å, and 4.686 Å in 

the [100], [010], and [001] diretions were used with 8 As atoms per unit cell267. STEM probe parameters 

used were: E0 = 200 keV, Cs3 = 0, Cs5 = 0, ∆f = 0, and αobj (convergence angle) = 17.2 mrad. The ADF 

detector inner and outer angles were 50 and 200 mrad, respectively, to match with experimental conditions. 

The slice thickness was set to be 1 Å for cross-sectional BAs models and 1.43 Å for plan-view models to 

preserve the atomic spacing. Frozen-phonon approximation44 was used to include thermal diffuse scattering 

at T = 300 K. Root-mean square thermal displacement of 0.13 Å was used (see Figure 7-14). A source size 

of 0.8 Å was incorporated in these image simulations141. 
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Figure 7-14. Estimation of thermal atomic displacement of BAs for the Multislice simulation. The 
root mean square (rms) thermal displacement values for As atoms in BAs was evaluated by 
comparison of experimental and simulated convergent beam electron diffraction (CBED) patterns. 
Experimental CBED pattern was obtained from a plan-view ([010]) direction. BAs flake thickness 
was about 30 nm. A set of CBED pattern series was simulated with rms values from 0.05 Å to 0.13 Å 
with 0.01 Å step. The probe parameters used in these simulations were the same as those used in 
HAADF-STEM image simulations. CBED patterns were calculated for 15 probe positions (8 on-
column and 7 in-between the columns) and averaged268. A good match was at rms values of 0.12–
0.13 Å, which is in agreement with rms = 0.134 Å deduced from report by Yoshiasa et al.267 

 

Evaluation of column-to-column ADF intensity ratio in HAADF-STEM images  

First, raw experimental HAADF-STEM images were low-pass filtered (0.6 Å) to remove the high frequency 

noise. Smaller sections of 1.39×1.39 nm (130×130 pixel) having uniform background were cut out and the 

intensities were individually renormalized for each section. Line scans were obtained across each row of the 

dumbbells averaging across 0.86 Å-wide strip to identify peak intensities I1 and I2 corresponding to that of 

neighboring dumbbells, and background intensity I0. The simulated HAADF-STEM images are analyzed in 

an identical manner to obtain the ratio R = (I1-I0/I2-I0) as a function of the number of layers.   

Conclusion 

In conclusion, 2D layered BAs was studied using STEM imaging combined with EDX and EELS 

spectroscopy. Atomic-resolution HAADF-STEM images acquired from five crystalline orientations 

confirmed the crystal structure and provide direct estimate of the structural anisotropy. It was also 

demonstrated that the lattice contrast in a plan-view HAADF-STEM image can by utilized to determine the 
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number of layers in thin BAs nanosheets. The low-loss EELS, which is direct measure of the dielectric 

response of the material, were acquired from BAs nanosheets and shown to be very sensitive to the number 

of layers in the nanosheet. As the number of layers reduces below nine layers, the surface loss at 13–14 eV 

diminishes and a new feature at energy below 6 eV becomes dominant. The study of the stability of a BAs 

flake at different ambient conditions showed that, at atmospheric condition, BAs nanosheets degrade non-

directionally and it is highly sensitive to moisture in air. At humid condition, BAs nanosheets additionally 

experience directional etching along {101}, {201}, and {102} crystalline planes. BAs flakes stored in dry 

air will form thin oxide layer on the surfaces and will be more resistant to non-directional degradation. The 

results presented here provide a guide for better utilizing the electronic and dielectric properties of BAs 

nanosheets and for improving their ambient stability. They will also play essential roles in evaluation of a-

few-layer-thick BAs’ full potential for incorporation into optical and electronic devices. Materials in this 

chapter are from ‘H. Yun et al., ACS Nano, ‘Layer dependence of dielectric response and water-enhanced 

ambient degradation of highly anisotropic black As’, published by American Chemical Society in 2020269’. 
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Appendix 

TEM sample preparation and operations (including practical tips for TEM experiments) 

1. Sample preparation 

In TEM, sample preparation is a crucial experimental step for a successful TEM operation and reliable data, 

and there are several general criteria for a good TEM sample. To collect electrons that have been transmitted 

through a sample, the sample must be thin enough to be electron transparent (less than 100 nm). A thin sample 

also minimizes plural scattering, which reduces aliasing from plural-scattered electrons and enables simple 

interpretation of spectroscopy data. Additionally, a good sample has uniform thickness with minimal 

contaminations and be structurally and compositionally representative of the material of interest. Throughout 

experiments performed in this thesis, plan-view TEM samples to see a top view of thin films were prepared 

using mechanical wedge polishing and cross-sectional view TEM samples to see a side view of thin films or 

2D materials were made by FIB processing. Simple illustrations summarizing sample preparation procedures 

for the two methods are presented in Figure A1. In the case of the mechanical polishing, a thin film deposited 

on a bulk substrate is fixed onto a polisher, and the substrate side is ground by an abrasive film (i.e., a 

diamond film) at a proper wedge angle (2º-4º). In the case of FIB lamella sectioning, a sample is made using 

scanning electron microscope (SEM) with dual-beam FIB. The instrument is equipped with a Ga+ liquid ion 

source in order to irradiate the material surface with a Ga+ ion beam and to sputter atoms from the surface. 

Sputtering allows us to mill or to precisely polish a sample to produce cross-sectional TEM samples. The 

resulting images of plan-view samples and cross-sectional TEM samples are shown in Figure A1. 
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Figure A1. TEM sample preparation and procedure. (a) Schematics illustrating plan-view and cross-
sectional view TEM samples of a thin film on a substrate. (b) Sample preparation procedures of the 
mechanical wedge polishing to make a plan-view sample and the FIB process to make a cross-
sectional sample. Exemplary images of final TEM samples are also displayed. 

 

◌ Damage layer formed in FIB sample preparation 

During the FIB procedure, damage layer can be formed at the surface of a TEM sample. To evaluate the 

thickness of the damage layer, rod-shaped SrTiO3 sample with a length of ~1μm was made using FIB (see 

Figure A2(a)), and the thickness of damage layers was measured in TEM. After FIB procedure only with a 

30 kV Ga+ ion beam, damage layer with the thickness of ~10 nm was found to be formed as seen in the left-

side image in Figure A2(b). To get rid of the surface layers, 2kV and 1kV ion beams were further sputtered 

sequentially on the same sample (denoted as ion-shower), and the thickness of the damage layer was re-

evaluated. It was monitored that the damage layer thickness was reduced to ~2 nm (see the right-side image 

in Figure A2(b)). The result highlights that the ion-shower is an important step in FIB sample preparation. 
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Figure A2. (a) Schematic of a sample used for the damage layer evaluation. (b) TEM images of 
damage layers formed from FIB procedure. 

 

2. STEM operation 

In this section, I’ve summarized notes and tips that I’ve gathered during the past few years so that anyone 

who uses the similar instruments can refer and use it when applicable. Please be noted that this section is not 

intended to be comprehensive instruction, but rather a simple summary with small tips that are particularly 

adaptable for operation of Titan G2 60-300 in Characterization Facility, UMN. 

 

2-1. General STEM 

Here is a summarized procedure for general STEM experiments; (1) Choice of a proper probe condition for 

a specimen to be analyzed is important; voltage, probe current, and convergence angle need to be carefully 

selected to guarantee the minimal sample damage via the electron beam and the suitable signal to noise ratio; 

(2) a fine and symmetric STEM probe is obtained from beam alignment and aberration correction; (3) once 

STEM probe alignment is finished, appropriate STEM detector, i.e., high-angle, medium-angle, low-angle 

ADF, or bright-field (BF) detectors, is chosen as discussed in the Introduction; (4) TEM image acquisition is 

performed in very quiet and motionless TEM room. (5) Before analysis of TEM images, one should check 

whether a scale bar in the image is correct (In particular, when using Digital Micrograph program, a scale 

bar may not be calibrated correctly). Using a specimen with known scale, calibrate a scale bar, then look for 

some amazing science in your data. 

2-1-1. Practical tips in operation of aberration corrector 



 

177 
 

Sometimes, severe aberration of the STEM probe prevents the aberration-corrector to work properly, and 

here are two tips for such an incident. 

(case 1) When probe corrector is not correcting aberration properly, or tilt images show blanks in Tableaus 

as exemplified in Figure A3. 

 

 

Figure A3. Example of the aberration corrector window with blanks in Tableaus. 

 

(solution for case 1) Reduce the tilt-angle by 3-8º. Then, run aberration-corrector. Once all the tilt images in 

Tableaus are visible and aberration is corrected enough, change the tilt angle back to the original value, and 

continue aberration correction. 

(case 2) When probe correction does not fix (or even worsen) the aberration even though all the tilt images 

are visible in Tableau. 

(solution for case 2) In this case, we can use the condenser stigmation adjustment knob (stig. x and y) and 

the aberration corrector simultaneously to adjust the probe back to a normal/correctible state. First, adjust 

condenser stigmation knobs to make a better STEM image on the pc screen and to make a flat and clean 

Ronchigram of the probe on the fluorescence screen. Then, run the probe corrector. Now the corrector should 

work properly. Next, gradually change the stig. x and y values back to 0 while running the probe corrector. 

Eventually, the stig. x and y must become 0 along with the properly working aberration corrector. 

 

2-2. Monochromated STEM imaging and EELS spectroscopy 

Operation of monochromated STEM is challenging not only because of additional steps in the alignment 

procedures but also because of non-adjustable screen current and a stretched shape of the STEM probe. To 

summarize alignment of monochromated STEM; (1) In the TEM mode, monochromator is turned on and 

excited up to a desired value (0.8-1.0); (2) The energy resolution is optimized by adjusting the mono-focus 
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and mono-stigmation. In the optimal condition, the energy resolutions at the smallest energy dispersion of 

0.01 eV should be ~0.13 eV, ~0.13 eV, ~0.2 eV for 60 keV, 200 keV, and 300 keV electron beams, 

respectively; (3) The STEM mode is switched on and STEM probe alignment including aberration correction 

is carried out in the same manner with a general STEM alignment. 

2-2-1. Practical tips for STEM imaging with monochromated STEM 

(case 1) When high frequency noise is generated in monochromated STEM images. 

High frequency noise generating periodic patterns on a STEM image appears when extremely low beam 

current is used with a monochromated beam. The noise is visible as spots in a corresponding FFT pattern 

(marked with a red circle in the right most image in Figure A4). To remove the noise, signal from a specimen 

needs to be enhanced by increasing/optimizing the probe current. For this, (1) optimize (increase) the screen 

current by adjusting monoshift x and y. (2) Go to monochromator [export] tap, adjust potential offset, and (3) 

adjust fine monoshift. Each adjustment needs to be made in the direction to increase the screen current. 

 

 

Figure A4. High-frequency noise observed in monochromated STEM images. (from the left) HAADF-
STEM image with the noise, magnified HAADF-STEM image, fast Fourier transformed image. Scale 
bar in the image is 2 nm. High frequency lines are indicated with red lines in the magnified HAADF-
STEM image, and bright dots corresponding to the high-frequency noise are visible in the Fourier 
transformed image indicated by a red circle. 

 

(case 2) High astigmatism in STEM images due to a thin and stretched shape of the monochromated STEM 

beam. 

Stretched probe can hamper aberration correction by generating inherent stigmation and induce elongated 

features in a STEM image. In this case, slightly broaden the beam by changing the monostig y (check the 
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broadening of the beam by seeing the beam on the fluorescence screen), then adjust monofocus to ensure that 

the energy resolution did not decrease by checking the EELS acquisition window. 

2-2-2. Practical tips for EELS data acquisition with monochromated STEM 

(case 1) When dual EELS mode is used, fake background intensity is generated around the ZLP in a low-

loss EELS spectrum (see an example in Figure A5).  

(No solution) There is no effective solution for now (June 2020). Hence, thickness measurement using the 

low-loss EELS obtained under dual mode is not recommended. 

 

 

Figure A5. Fake background intensity generated in dual EELS mode. 

 

(case 2) Dual EELS alignment is off and calibration is needed. 

Two kind of misalignments in energy of EELS spectra need to be checked and proper calibration needs to be 

ensured for proper data analysis; energy shift between low-loss and high-loss spectra and the energy 

dispersion value. To properly calibrate the energy of EELS spectra, well-known core-edges – Ni L2,3 edges 

of NiO, C π* edges of graphite, Si L2,3 edges of SiO2 – are utilized as references13. Each TEM specimen can 

be prepared by grinding and depositing them on a carbon-supported Cu grid. EELS spectra are obtained and 
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compared with the reference peak positions. By utilizing the reference peaks, energy shift in high-loss spectra 

and wrong energy dispersion can be calibrated and corrected. 

This issue can be resolved by contacting Thermofisher Company.  

(case 3) Systematic energy shift within an EELS spectrum image due to a large beam tilt. 

When acquiring a spectrum image from a relatively large area (> 50 nm), the STEM probe tilts, which can 

cause the energy shift of obtained EELS spectra (see Figure A6). Thus, the energy shift should be always 

properly corrected by aligning the spectra using a ZLP in a low-loss spectrum. 

 

 

Figure A6. Measurement of the energy shift of EELS spectra in an EELS spectrum image. ADF-
STEM image on the top panel shows the EELS acquisition area. EELS spectra were obtained in an 
area of 10×100nm2 in a SrTiO3 substrate where the energy of the ZLP was obtained and plotted with 
a color map. 

 


