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Chapter 1

Introduction

1.1 Quantum Dots (QDs)

Quantum dots (QDs) are small semiconducting particles on the scale of 1-10 nanome-

ters that exhibit unique optoelectronic properties due to the three-dimensional spatial

confinement of their excitons, electron-hole pairs coupled via Coulomb attraction [1].

As the size of the nanocrystal (NC) is made smaller than the Bohr exciton radius, a

measure of the average distance between the electron and hole in the bulk material,

the excitons are quantum mechanically confined, resulting in a size-dependent effective

bandgap, larger than that in the bulk semiconductor [2].

Semiconducting QDs have drawn increasing interest over the last few decades due

to their size-dependent bandgaps, providing fine control over their optoelectronic prop-

erties [3]. Since the first report of quantum confinement effect in cadmium selenide

1



2

(CdS) QDs in 1983 [4], the vast majority of quantum dot research has been focused

on direct bandgap II-VI nanocrystals, that is, binary semiconductors composed of a

group II element (Zn, Cd, Pb) and a group VI element (S, Se, Te) [3, 5]. The com-

mercial applicability of II-VI QDs was not reached until the synthesis of concentric

multi-layer semiconductor structures, termed core/shell QDs [6], enhancing optoelec-

tronic properties and improving environmental stability [7]. However, these materials

present significant drawbacks due to the toxicity (Cd, Pb) and scarcity (Se, Te) of their

constituent elements. Group IV semiconductors (silicon and germanium), offer a non-

toxic, sustainable alternative; however core/shell QD structures involving Si and Ge are

relatively unexplored.

1.2 Heterostructured QDs

This work investigates the production and properties of heterostructured QDs com-

posed of a group IV semiconductor and an inorganic shell, a combination in which the

resulting material is more than the sum of its parts. Heterostructures are defined as

a semiconducting materials in which composition varies with position. The simplest

heterostructure is a heterojuction, which consists of a single interface of one material

on another. These structures are the building blocks of semiconductor technologies as

they provide a means to manipulate the location and motion of charge carriers within

the materials.



3

One possible quantum dot heterostructure is the core/shell arrangement. The prop-

erties of semiconducting QDs with an inorganic shell are largely dictated by the band

alignment between the two chosen materials [8]. Various models have been developed

to describe band alignment at semiconductor interfaces. The simplest of these mod-

els, Anderson’s rule, assumes that the vacuum energy levels of the two semiconductor

materials should be aligned with the minimum of the conduction band offset from the

vacuum energy level by the electron affinity of the semiconductor [9]. The maximum of

the valence band is then set by the bandgap.

Figure 1.1: Relative position of valance and conduction bands for various semiconduc-
tors. Reprinted with permission from [9])

Figure 1.1 depicts the band alignment of many semiconductors (adapted from [9]).

Often, however, this simple model provides an incomplete picture and experimental

evidence is required to assess band structure through material performance. As depicted
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in Figure 1.2, core/shell systems are often classified as type-I or type-II based on this

band alignment within the heterostructure [10]. Unique advantages can be realized

depending on alignment type in core/shell QD systems.

Figure 1.2: Pictorial representation of band alignment types between core (solid,
yellow) and shell (hashed, blue) bandgaps.

Type-I Core-Shell QDs. In type-I core/shell QDs, the maximum of the valence

band and the minimum of the conduction band are both located in the core material,

which is surrounded by a wider bandgap shell. This heterostructure confines both holes

and electrons to the core material. Photoluminescence emission from carrier recombi-

nation in type-I QD ensembles occurs across the core bandgap with the emission energy

slightly red-shifted compared to uncoated QDs of the same size due to the extension of

the exciton wavefunction into the shell. The purpose of the shell in type-I core/shell

nanoparticles is to passivate the surface of the core material to reduce trap states and

improve optical properties by separating the optically active core from the surrounding

medium [6]. Often, the shell also provides additional stability against photo-oxidation

and photo-bleaching [11]. These type-I core/shell particles are pursued for their use in

light emitting applications, such as LEDs and biolabeling.
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Type-I core/shell QDs involving II-VI semiconductors have been extensively studied

and found commercial application in QD televisions. The first published type-I system,

CdSe/ZnS, demonstrated a five-fold increase in photoluminescent intensity [6]. These

CdSe/ZnS heterostructured QDs continue to be the most studied system, and have found

broad application in biological sciences for imaging and diagnostics. More recently,

type-I CdSe/CdS core/shell QDs, have been used as the optically active layer in high

performance QD LEDs, exhibiting an external quantum efficiency (EQE) of up to 20.5%

[12].

Type-II Core-Shell QDs. In type-II core/shell QDs, the band alignment is stag-

gered such that the maximum of the valence band and the minimum of the conduction

band are in different materials. This alignment leads to one carrier being mostly con-

fined to the core, while the other is mostly confined to the shell. This carrier separation

can lead to longer lifetimes and lower photoluminescent intensity [13]. By controlling

shell thickness, the emission energy may be tuned to spectral ranges that would be diffi-

cult to access with semiconductor QD of a single material. CdTe/CdSe and CdSe/ZnTe

QDs have been developed that leverage this alignment to produce near-infrared emission

[14]. Type-II core/shell QDs are being investigated for their suitability in photo-voltaic

and photo-conduction applications.

Shell Growth. A key advance in colloidal QD engineering has been the devel-

opment of methods for epitaxial shell growth in solution [6], notably successive ionic

layer adsorption and reaction (SILAR) [5] which allows for monolayer control over shell
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growth. These colloidally synthesized core/shell QDs have demonstrated that QD het-

erostructures provide a powerful means of manipulating material properties through

band alignment (type I [6], type II [14], quantum well [15], etc.) and strain [16]. How-

ever, these colloidal techniques have proven difficult to apply to group IV materials

[17].

Group IV Core/Shell QDs. Despite the technological importance of bulk group

IV semiconductors (Si, Ge) the development of core/shell QDs utilizing these materials

has lagged, likely due to the high crystallization temperatures of these materials often

requiring high-temperature, gas-phase synthesis [18, 19]. In recent years, the use of non-

thermal plasmas to synthesize group IV QDs has presented significant advantages over

other aerosol based approaches, resulting in highly crystalline, monodisperse 2-10 nm

particles, with tunable absorption and emission [20]. However, QDs of these materials

have not yet found incorporation into optoelectronic devices beyond proof of concept

demonstrations [21, 22]. The colloidal stability conferred by subsequent organic func-

tionalization results in strong covalent bonds, often rendering these plasma-synthesized

group IV QDs incompatible with common solution-phase shell growth approaches.

Silicon, with a bandgap of 1.1 eV, and germanium, with a bandgap of 0.66 eV, are

nontoxic and ideal for visible and near-infrared quantum dot application, including in

photovoltaics (QD PV), light emitting diodes (QD LEDs), and bioimaging. In order for

silicon and germanium QDs to gain broader application, their optoelectronic properties

must be on par with their II-VI competitors.
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1.3 Nonthermal Plasmas for QD Engineering

In this work, nonthermal plasma processes for the growth of heterostructured QDs have

been developed. The design of this process leverages pioneering work from Mangolini

et al. for the nonthermal plasma growth of silicon QDs [20]. The use of plasmas

has emerged as a leading technique for the synthesis of group IV NCs because of the

unique set of advantages which set this approach apart from other gas-phase approaches.

Plasma properties, specifically the temperature and density of neutral and charged

species (electrons and ions), dictate the reactive environment within which QDs are

shaped. Furthermore, these advantages extend to the growth of core/shell NCs and

allow the processing of heterostructured QDs inaccessible by conventional solution-phase

processing.

A basic diagram of the flow-through plasma reactor for QD synthesis is shown in

Figure 1.3, adapted from Mangolini et al., 2005. The carrier gas, typically argon or

helium, and precursor gases flow into the top of a glass or quartz reactor tube. A

capacitively-coupled plasma is generated by the application of an RF signal through

an impedance matching network connected to the ring electrodes. Particle nucleation

and growth occurs in the diffuse plasma above the powered electrode. Nanoparticles

initially grow through a combination of the coagulation of small clusters and surface

attachment of molecular precursors. As the particles grow larger than a few nanometers,

the particle concentration drops below the positive ion density which allows the NCs

to acquire enough negative charge to prevent further coagulation of nanoparticles and
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Figure 1.3: Schematic of radio-frequency capacitively-coupled flow-through reactor for
the production of Si QDs and accompanying digital micrograph of resulting sub-5 nm
Si QDs. Adapted with permission from [20]. Copyright (2005) American Chemical
Society.

clusters [23]. In the bright discharge below the ring electrodes, the nanoparticles are

heated above the crystallization temperature. After transiting through the plasma, the

NCs can be collected by diffusion onto a filter or can be accelerated through an orifice

and collected by impaction onto a substrate [24].

Capacitively-coupled plasma reactors. Over the last decade, capacitively-

coupled plasma flow-through reactors have grown in popularity [20, 25, 26, 27] for the

production of NCs and the library of accessible materials continues to expand. This

range of materials now encompasses elemental and doped semiconductors, metal oxides,

carbides, nitrides, phosphides, and sulfides (Table 1.1).
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Table 1.1: List of nanomaterials from nonthermal dusty plasmas.

Group IV Silicon (Si) [20]
Germanium (Ge) [28]
Silicon-Germanium alloy (SiGe) [29]
Phosphorus-doped Si, Ge, SiGe [30]
Boron-doped Si, Ge, SiGe [30]

Oxides Zinc Oxide (ZnO) [31]
Aluminum-doped ZnO (AZO) [32]

Carbides Silicon Carbide [33]

Nitrides Titanium Nitride (TiN) [34]
Gallium Nitride (GaN) [35]
Silicon Nitride (SiN) *this work

Phosphides Indium Phosphide (InP) [25]

Sulfides Copper Sulfide (Cu2S) [36]
Zinc Sulfide (ZnS) [37]
Tin Sulfide (SnS) [37]

Metals Aluminum (Al) [38]
Tin (Sn) *this work

In many cases, the plasma-grown variant of these materials is far superior to col-

loidally grown alternatives. These materials offer improved morphology and uniformity

due to high synthesis temperatures, enhanced purity due to lack of solvents, and ele-

vated doping efficiencies due to kinetically driven-growth. With this range of accessible

materials, the pursuit of heterostructured QDs from plasmas is a ripe area of research.

The specific advantages presented by nonthermal plasma for the processing of nano-

materials have been previously enumerated [39]. The unique advantages of this synthesis

approach that enable core/shell heterostructured nanocrystals include:
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1. Selective heating: NCs are heated above their crystallization temperature by en-

ergetic surface reactions. The background gas and reactor vessel remain near

room temperature, reducing the total input power requirements. This feature en-

ables the processing for core/shell heterostructures including materials with high

crystallization temperatures.

2. Particle charging: NCs become negatively charged by collisions with electrons.

Coulombic repulsion prevents NCs from agglomerating in flight, reducing size dis-

persion. This features is crucial for the in-flight growth core/shell NCs. Negative

charge takes the place of organic ligands traditionally used in solution-phase pro-

cessing, thereby allowing the coating of individual particles.

3. NC confinement: A plasma phenomenon known as ambipolar diffusion of leads

to negative charging of the dielectric reactor walls. This negative surface charge

repels the negatively charged particles and keeps them confined within the bulk of

the plasma. This confinement effect increases material yield compared to other gas

phase processes. Furthermore, NC confinement in the bulk of the plasma enables

the tailoring of regions in the plasma specifically for core and shell growth.

1.4 Scientific Objectives

The low-pressure design presented by Mangolini et al. [20] has emerged as a dominant

method for the production of nanocrystalline materials inaccessible by solution methods



11

and has been adopted by materials scientists across the world. Analogous microplasmas

are commonly used for the production of such materials at atmospheric pressure [40].

However, the design is limited to the production of simple, single-phase material systems.

In this work, we have explored a ranges of modifications to this design to process

heterostructured QDs via nonthermal plasmas. The materials presented here have been

previously inaccessible by conventional processing techniques.

1.5 Scope of Work

The preceding discussion motivates this work on heterostructured QDs. Each of the

following chapters explores a novel heterostructured QD system produced by nonthermal

plasma.

• Chapter 2 describes germanium (Ge) QDs with silicon (Si) shells deposited epi-

taxially. This simple QD heterostructure provides crucial insight into the devel-

opment of a nonthermal plasma process for the synthesis core/shell structures.

Furthermore, the epitaxial Ge/Si system allowed for the exploration of strain ma-

nipulation of semiconductor bandstructures in core/shell QDs.

• Chapter 3 explores germanium (Ge) - tin (Sn) QD heterostructures. This effort

leverages the processes developed in Chapter 2 to explore the ability to tensile

strain Ge QDs and induce a direct bandgap.

• Chapter 4 presents the nonthermal plasma growth of an amorphous silicon nitride
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a-SiNx layer on Si NC as a passivating layer. In this effort, a second process for

shell growth was developed which relies on surface layer modification by plasma

enhanced nitridation.

• Chapter 5 demonstrates the application of Reverse Monte Carlo simulations to

probe the structure and spatial composition of heterostructured NCs applies to

the well-established system of silicon NCs doped with boron and phosphorus.

Through the generation and refinement of simulated NCs based on high-energy

X-ray diffraction data, elemental distribution and coordination was investigated.

This approach may be of importance moving forward for the structural analysis of

nanocrystalline materials with increasing compositional and structural complexity.

1.6 QD Characterization

The work involved extensive material characterization. Unless stated otherwise, the

following details regarding sample preparation, instrumental setup, and data collection

apply. Parts of this work were carried out in the Characterization Facility, University

of Minnesota, which receives partial support from NSF through the MRSEC program.

X-ray Diffraction (XRD). Diffraction pattern were collected on the Bruker D8

Discover diffractometer with a beryllium 2D area detector using a Co-Kα source and

were mathematically converted to Cu-Kα patterns. Samples were prepared directly

from plasma synthesis by impaction from the gas phase onto glass microscope slides.
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Typical collection times were 10 minutes per frame.

X-ray Photoelectron Spectroscopy (XPS). XPS spectra were collected on the

PHI VersaProbe III with a monochromatic Al Kα anode X-ray source (hν = 1486.6 eV)

and a hemispherical analyzer. All spectra were recorded using the PHI software package

SmartSoftXPS v2.0 and processed using PHI MultiPack v9.0. Samples were deposited

as nanoparticle films directly from plasma synthesis by impaction from the gas phase

onto glass microscope slides. During analysis, sample neutralization was enabled.

Fourier Transform Infrared Spectroscpy (FTIR). Mid-infrared absorption

spectra were collected under inert conditions in a N2-purged glovebox using a Nicolet

spectrometer operated in diffuse-reflectance mode. Samples were prepared directly from

plasma synthesis by impaction from the gas phase onto aluminum-coated Si wafers.

Transmission Electron Microscopy (TEM). Electron micrographs were ac-

quired using the FEI Tecnai T12 operated at 120 kV. Nanoparticles were deposited

directly from plasma synthesis by impaction from the gas phase onto holey-carbon, thin

carbon composite grids on copper support (Cu-300HD, Pacific Grid-Tech).

Scanning Tunneling Electron Microscopy. Aberration-corrected (S)TEM was

performed on the FEI Titan G2 60-300 equipped with a Super-X EDX. Nanoparticles

were deposited directly onto ultrathin/holey double carbon on copper TEM grids and

transferred with less than 30 seconds of air exposure. High-resolution images were taken

at 300 kV, 25 mrad convergence semi-angle. STEM-EDX maps were taken at 60 kV

with a 25 mrad convergence semi-angle, and 120pA beam current. High-Angle Annular



14

Dark Field (HAADF-STEM) images of QDs were acquired with 2048 x 2048 pixels over

240 x 240 nm for QD size distribution analysis. Spatially-resolved STEM-EDX maps

were collected with 740 x 740 pixels over 45 x 45 nm areas and 22 x 22 nm areas for

single particles, with a dwell time of 4 µs/pixel, acquisition times of 10 minutes, and

drift correction after every frame.

UV-Vis-NIR Absorption Spectroscopy (UV-Vis). UV-Vis-NIR absorption

was performed on the Cary-5000 spectrophotometer. Samples were prepared directly

from plasma synthesis by impaction from the gas phase onto glass microscope slides.

Samples were mounted as 1cm x 1cm films onto a holder with 0.5 cm diameter aperture.

Background subtraction and baseline correction was performed.

Scanning Electron Microscopy (SEM). EDS spectra were collected for 2 min-

utes livetime in the JEOL 6500 SEM at a beam energy of 5 keV. Samples were prepared

by deposition of a thin film of Ge/Si NC via impaction from the gas phase onto a Si

wafer coated in 100 nm of aluminum. Spectra were considered representative of the NC

sample if an aluminum content of <0.1% was detected in quantization to ensure negli-

gible contribution from the Si wafer to composition estimates. Spectra were quantized

using the Noran System Six (NSS) software to estimate the elemental composition.

Raman Spectroscopy. Raman spectroscopy was performed using a Witec Alpha

300R confocal Raman microscope with 10x lens. Samples were prepared as nanopar-

ticle films directly from plasma synthesis by impaction from the gas phase onto glass

microscope slides. Minimum laser power was used to excite each sample. Samples were
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optically inspected at 10x before and after data acquisition to monitor for signs of laser

damage or crystallization during measurement. Room lights were turned off during data

acquisition.

Photoluminescence Quantum Yield (PLQY). Emission from photolumines-

cent Si QDs was measured using an Ocean Optics USB2000 spectrometer and inte-

grating sphere. The absolute spectral response of the integrating sphere was calibrated

using an Ocean Optics LS-1-CAL tungsten halogen light source. Rhodamine 101 inner

salt dispersed in ethanol was used as a fluorescent standard to validate calibration. For

measurements, the excitation source was a 405 nm light-emitting diode. Samples were

prepared as nanoparticle films a few hundred nanometers in thickness directly from

plasma synthesis by impaction from the gas phase onto glass microscope slides.

Time-resolved Photoluminescence (TRPL). Time-resolved PL measurements

were executed on a custom Horiba DeltaFlex system in right-angle alignment operated in

multi-channel scaling (MCS) mode. The excitation source is a 405 nm pulsed laser diode

operated at 2.0 mW, 50 ps, and 100 MHz repetition rate by Horiba. The detector is

the Horiba PPD-900 photon counting detector. Samples were prepared as nanoparticle

films a few hundred nanometers in thickness directly from plasma synthesis by impaction

from the gas phase onto glass microscope slides.



Chapter 2

Strained Ge/Si Core/Shell QDs1

2.1 Introduction

In this work, we present an all-gas phase approach for the synthesis of quantum confined

core/shell nanocrystals as a promising alternative to traditional solution-based methods.

1 Portions of this chapter were adapted with permission from Hunter et al., ACS Appl.
Mater. Interfaces, 9 (9) [41]. Copyright (2017) American Chemical Society.

16
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Spherical quantum dots are grown using a single-stage flow-through nonthermal

plasma, yielding monodisperse nanocrystals, with a concentric core/shell structure con-

firmed by electron microscopy. The in-flight negative charging of the nanocrystals by

plasma electrons keeps nanocrystal cores separated during shell growth. The success

of this gas-phase approach is demonstrated here through the study of Ge/Si core/shell

quantum dots (QDs). We find that the epitaxial growth of a Si shell on the Ge QD

core compressively strains the Ge lattice and affords the ability to manipulate the Ge

band structure by modulation of core and shell dimensions. This all gas-phase approach

to core/shell quantum dot synthesis offers an effective method to produce high-quality

heterostructured nanocrystals with control over core and shell dimensions.

2.2 Motivation

In this work, we present an all gas-phase alternative to traditional solution-based ap-

proaches for the bottom-up growth of core/shell QDs, tailored towards the incorporation

of group IV semiconductors in heterostructured QD systems. The method described in

this work has distinct advantages over conventional solution phase shell growth tech-

niques. Specifically, it is suitable for materials that require high synthesis tempera-

tures, does not require the addition of electrically insulating ligands, and would allow

for the deliberate doping of QD core and/or shell [42], while minimizing chemical waste.

The method presented here is broadly applicable for the gas-phase synthesis of many

core/shell structures yet unrealized through conventional wet chemistry approaches. In



18

this work, we have investigated the synthesis and optical properties of Ge/Si core/shell

QDs with varying shell thickness.

According to DFT calculations [43] and tight-binding models [44], the Ge/Si het-

erostructured QDs investigated in this work are expected to exhibit type-II carrier

confinement, with holes confined to the Ge core and electrons localized in the Si near

the core/shell interface, due to the large valence band offset between Ge and Si. Exten-

sive work on Ge/Si nanowires has leveraged the 1D hole gas resulting from this type-II

alignment to investigate single Ge/Si NW FETs [45], Ge/Si NW Josephson Junctions

[46], and Ge/Si NW qubits [47]. Additionally, surface-grown Si-capped Ge QDs have

been investigated for improved MOSFET memory structures [48], photovoltaic devices

[49], and thermoelectrics [50]. Importantly, for these Ge/Si nanostructures, the outer

Si layer provides a protective barrier against the formation of an inferior Ge oxide and

may also be chemically passivated to prevent oxide formation entirely [51].

Early efforts were made to synthesize Ge/Si nanocrystals in solution from Zintl salts

[52]. Recent efforts in aerosol community to produce free-standing Ge/Si nanocrystals

have resulted in large 80-100 nm core/shell nanocrystals, beyond the scale of quantum

confinement [53]. These particular nanocrystals suffer from a high density of defects in Si

the shell, heavy twinning of the Ge core and exhibit large, uncontrolled variation in shell

thickness. The shortcomings of this neutral aerosol method provide significant evidence

for the importance and success of our nonthermal plasma approach, particularly in

terms of control over size and morphology.
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2.3 Experimental Methods

In this work, Ge/Si core/shell QDs with increasing Si shell thickness were synthesized

using the nonthermal plasma reactor diagrammed in Figure 2.1(a). This simple flow-

through design was adapted from Mangolini et al. [20] for the nonthermal plasma

synthesis of group IV QDs, but modified to include a secondary gas stream for epitaxial

shell growth.

1
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Figure 2.1: (a) Schematic of flow-through nonthermal plasma reactor used for the syn-
thesis of core/shell semiconductor QDs. Numbers (1)-(5) on the diagram indicate the
stages of core/shell QD growth as describe in the text. (b) Select HAADF-STEM image
of a single Ge/Si core/shell QD. HAADF image shows bright Ge core (Z=32) surrounded
by Si shell (Z=14). STEM-EDX elemental maps Ge (green) and Si (red) show elemen-
tal segregation to the core and shell, respectively. Reprinted with permission from [41].
Copyright (2017) American Chemical Society.

Ge Core Growth. Ge NC cores are grown in the bulk of the plasma, as described
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elsewhere [28]. In short, the primary gas feed - a mixture of argon (Ar), hydrogen

(H2), and germanium tetrachloride (GeCl4) vapor - enters through the top of the 1”

OD glass reactor tube. A plasma is generated in the reactor tube by the application

of 50 W radio-frequency power at 13.56 MHz through a pair of copper ring electrodes,

coupled through an impedence matching network. The argon and hydrogen flowrates

in the primary gas feed are fixed throughout this study at 25 and 20 sccm, respectively.

Hydrogen is included in the primary gas feed in order to scavenge chlorine resulting

from the decomposition of GeCl4 [54]. The GeCl4 precursor was selected as the Ge

source over GeH4 due to its lower toxicity and easier handling in laboratory conditions.

The partial pressure of GeCl4 was fixed throughout the study at 50 mTorr, 2.5% of the

total pressure.

Si Shell Growth. Downstream of the Ge core growth region, additional precursor

is added through a second inlet to initiate shell growth. This secondary gas feed,

composed of 5% silane diluted in Ar (5% SiH4/Ar) and an additional feed of dilution

Ar, is added into the plasma below the electrodes, a location that is sometimes referred

to as the plasma afterglow. This secondary gas feed is injected into the coating region

through a stainless steel vacuum fitting with 16 individual 1 mm diameter holes spaced

evenly around the circumference of the reactor. The vacuum fitting itself is grounded

and serves as a counter electrode.

To control shell thickness, the 5% SiH4/Ar was varied over a flowrate of 0 to 10

sccm, while the dilution Ar was carefully adjusted in opposition to maintain a constant
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total pressure of 2 Torr in the reaction chamber. In this way, the concentration of silane

in this feed can be varied from 0-5%. For example, thin Si shells are grown on the Ge

core when the SiH4/ concentration in the secondary gas feed is 1%, while thick Si shells

are grown when the SiH4/ concentration in the gas feed is 5%.

The presumed growth mechanism is that Ge nanoparticle nucleation and growth

occurs in a diffuse, low density plasma above the ring electrodes [55]. In this phase,

as the particles grow predominantly by coagulation of initial clusters and “protoparti-

cles”, the particle concentration eventually drops below the positive ion density, and the

nanoparticles acquire on average at least one negative elementary charge per particle

[23]. Importantly, this unipolar negative charging of the nanoparticles in the nonthermal

plasma suppresses further particle coagulation, serving the role of organic surfactants in

colloidal core/shell QD synthesis to keep nanoparticles cores separated. In the bright,

higher density discharge below the ring electrodes, the nanoparticles are heated above

their crystallization temperature by energetic surface reactions [56]. In this region, the

Ge precursor is depleted. Finally, the Si precursor is added to the plasma downstream

of the Ge core growth region, initiating epitaxial gas phase surface growth of a Si shell.

These stages of growth are indicated on Figure 2.1(a) as follows: (1) Electron im-

pact initiated dissociation of GeCl4 precursor and subsequent particle nucleation [55].

(2) Ge QD growth dominated by agglomeration until the particle concentration falls

below the positive ion density of the plasma. (3) Ge QD growth by surface deposi-

tion of radical species and QD crystallization by energetic surface reactions [56]. (4)
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Silane injection, decomposition, and heterogeneous surface growth onto Ge QD cores.

(5) Ge/Si core/shell QD exit plasma reactor and are collected from the gas phase via

impaction onto substrate. Below the coating region, the QDs are accelerated through

an orifice and impacted onto select substrates depending on the desired sample char-

acterization. Samples are kept air-free by transfer through a load-lock system to a N2

purged glovebox.

2.4 Ge QDs with Epitaxial Si Shells

Sample Characterization. To investigate their structure, core/shell QDs were de-

posited directly onto ultrathin/holey double carbon on copper TEM grids and trans-

ferred with less than 30 seconds of air exposure into an aberration-corrected FEI Titan

G2 60-300 (S)TEM equipped with a Super-X EDX. STEM images were taken at 60 kV

with a 25 mrad convergence semi-angle, and 120pA beam current. High-Angle Annular

Dark Field (HAADF-STEM) images of QDs were acquired with 2048 x 2048 pixels over

240 x 240 nm for QD size distribution analysis. Spatially-resolved STEM-EDX maps

were collected with 740 x 740 pixels over 45 x 45 nm areas and 22 x 22 nm areas for sin-

gle particles, with a dwell time of 4 µs/pixel, acquisition times of 10 minutes, and drift

correction after every frame. The Si K and Ge K edges were background subtracted and

integrated, producing spectrum images. A 3-pixel Gaussian blur was applied to the final

spectrum images to reduce noise and aid visualization. During acquisition, no visible

damage to the QDs was observed. To assess the surface coverage of the core/shell QDs,
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QD films were deposited onto Al-coated silicon wafers and investigated by reflectance

Fourier transform infrared (FTIR) spectroscopy in an O2-free, dry N2-purged glovebox.

To analyze the elemental composition of the core/shell QDs, films of Ge/Si QDs were

deposited directly onto aluminum-coated Si wafer and examined by SEM-EDX using

the Jeol 6500 SEM. The crystallinity and strain in the Ge/Si QDs deposited onto glass

substrates was studied by X-ray diffraction measurements. Diffraction pattern were

collected on the Bruker D8 Discover diffractometer with a beryllium 2D area detector

using a Co-Kα source and were mathematically converted to Cu-Kα patterns. For com-

parison, reference QDs composed of only Si were synthesized from SiCl4 (2 sccm) in

an Ar (25 sccm) - H2 (20 sccm) plasma with no secondary gas feed and analyzed by

identical means.

Ge/Si core/shell QDs were synthesized with increasing Si shell thickness while the Ge

core size was held constant by fixing the primary gas feed conditions, total flowrate, and

pressure. The core/shell structure of these QDs is readily observed through High-Angle

Annular Dark Field Scanning Transmission Electron Microscopy (HAADF-STEM), with

the elemental distribution revealed by STEM Energy-Dispersive X-ray (EDX) mapping.

Figure 2.1(b) shows a single spherical Ge core uniformly coated in a conformal Si shell.

From this single particle, we see that the STEM-EDX elemental map accurately reflects

the dimensions of both core and shell as measured from the HAADF-STEM image.

Visualization of each element shows segregation of Ge to the core and Si to the shell.

Because of the important impact interface quality and composition have on material
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properties, a detailed analysis of these STEM-EDX maps to determine core/shell com-

position and interface quality is discussed in Section 2.5.

Shell Coverage. The complete encapsulation of the Ge QD core by Si is confirmed

by diffuse reflectance Fourier transform infrared spectroscopy (FTIR). The FTIR sig-

nature is dominated by surface bond with hydrogen and chlorine species, residual from

precursor gases. Signatures of Ge, Ge/Si and Si QD samples (Figure 2.2) reveal an

ability to control the extent of shell coating from negligible to complete coverage of the

Ge surface with Si. Absorption spectrum (a) of the uncoated Ge QDs exhibit a domi-

nant feature around 425 cm−1, corresponding to the stretching mode of Ge-Clx surface

bonds, while a small, broad peak at 2000 cm−1 is attributable to the stretching mode

of Ge-Hx surface bonds [28]. For comparison, spectrum (d) was collected from Si QDs

synthesized under identical nonthermal plasma condition from SiCl4. In this spectrum,

the Si-Clx and Si-Hx stretch features are shifted to 525 cm−1 and 2150 cm−1, respec-

tively. Spectrum (c) presents a representative absorption spectrum of the Ge/Si QDs,

whose features are indistinguishable from those of the Si QDs from SiCl4. The absence

of Ge-Cl and Ge-H modes from this spectrum provide evidence of complete Si shell

coverage of the Ge core. In contrast, an example of incomplete shell growth is shown in

spectrum (b); Ge-Cl and Ge-H modes are still detectable. This sample was produced

by increasing the separation of the electrode from the SiH4 injection point to 10 cm

such that the plasma density in the shell growth region was significantly suppressed and

insufficient for complete coating of the Ge core.



25

Figure 2.2: Reflectance FTIR spectra of H and Cl terminated:(a) Ge QDs, (b) Ge/Si
QDs with partial shells, (c) Ge/Si QDs with complete shells (d) Si QDs. Ge-Cl (425
cm−1) and Ge-H (2000 cm−1) absorption features indicated with green vertical line.
Si-Cl (525 cm−1) and Si-H (2150 cm−1) absorption features indicated with red vertical
line. Spectrum (c) of Ge/Si core/shell QDs is indistinguishable from spectrum (d) of
Si QD with Cl and G termination, indicating that the Ge core is fully encapsulated.
Reprinted with permission from [41]. Copyright (2017) American Chemical Society.

Shell Thickness. The sample size dispersity of Si/Ge core/shell particles is of par-

ticular interest for their optical properties. QDs produced from nonthermal plasmas,

particularly Si QDs, have garnered much attention thanks to their narrow size distribu-

tions, which yield highly uniform optical properties. We find that with the growth of a

Si shell on Ge QD cores, the size distribution remains monodisperse, but broadens with

increasing shell growth. Figure 2.4 (a)-(d) show images of QDs and their size distribu-

tions synthesized with the SiH4 concentration in the secondary feed at 0, 1, 2, and 5 %,

respectively. For each sample, the diameter of 300 QDs was measured from HAADF-

STEM images to determine the QD size distribution for each SiH4 flowrate. Quantum
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Figure 2.3: (a)-(d) Representative HAADF images used for size distribution analysis
of Ge/Si core/shell QDs synthesized with 0, 1, 2, and 5% concentration of SiH4 in the
secondary gas feed, respectively. Size distributions for each sample were determined
from the measurement of the outer diameter of 300 QDs per sample. Adapted with
permission from [41]. Copyright (2017) American Chemical Society.
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Figure 2.4: (a)-(d) Size distributions and representative STEM-EDX maps (inset) of
Ge(green)/Si(red) core/shell QDs synthesized with 0, 1, 2, and 5% concentration of
SiH4 in the secondary gas feed, respectively. Geometric mean and standard deviation
are estimated by fitting histogram with a lognormal distribution. Dashed green lines on
(b)-(d) denote geometric mean of Ge core distribution as estimated from (a). Ensemble-
average Ge and Si atomic % for each sample was estimated from SEM-EDS elemental
analysis (Figure 2.1). Reprinted with permission from [41]. Copyright (2017) American
Chemical Society.

dot size distributions were determined by measuring at least 300 nanoparticles for each

synthesis condition. Particles were measured from HAADF STEM images taken on

the aberration-corrected FEI Titan G2 60-300 (S)TEM. Representative HADDF STEM

images for each condition are shown in Figure 2.3 (a)-(d), corresponding to 0%, 1%,

2%, and 5% SiH4 in the secondary gas feed, respectively. These QD sizes were fit to a

lognormal distribution and the fit parameters are summarized in Figure 2.4. With no

SiH4 in the secondary gas feed, un-coated Ge QDs are collected, and from this samples
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we can determine a baseline size dispersity of σg = 1.21, characteristic of this nonther-

mal plasma synthesis approach [20]. With increasing SiH4 in the secondary gas feed,

the mean diameter of QDs increases, indicative of controlled shell growth. The size

distribution also broadens with increasing shell thickness due to a growing dispersity

in shell thickness with increasing SiH4 feedrate. For comparison, the ensemble-average

elemental composition of these Ge/Si core/shell at each shell thickness was determined

by Scanning Electron Microscopy Energy Dispersive Spectroscopy (SEM/EDS) analysis

of QD films.
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Figure 2.5: Energy dispersive x-ray spectra of Ge/Si NCs produced with increasing SiH4

concentration in secondary gas feed (0 to 5%). Reprinted with permission from [41].
Copyright (2017) American Chemical Society.

Atomic Composition from EDS. Samples for SEM/EDS analysis were prepared
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% SiH4 Si Ge Shell Thickness

0 0.00 1.00 -
1 0.36 0.64 0.6 nm
2 0.55 0.45 1.2 nm
3 0.67 0.33 1.8 nm
4 0.74 0.26 2.3 nm
5 0.80 0.20 2.9 nm

Table 2.1: Composition of Ge/Si QD ensembles for a given SiH4 concentration in sec-
ondary gas feed (0 to 5%) as determined by SEM/EDS analysis. For each synthesis
condition shell thickness was estimated assuming an 8 nm core and neglecting size dis-
persity in the sample.

by deposition of a thin film of Ge/Si NC via impaction from the gas phase onto a Si

wafer coated in 100 nm of aluminum. EDS spectra were collected for 2 minutes livetime

in the JEOL 6500 SEM at a beam energy of 5 keV (Figure 2.5). Spectra were consid-

ered representative of the NC sample if an aluminum content of <0.1% was detected

in quantization to ensure negligible contribution from the Si wafer to composition esti-

mates. Spectra were quantized using the Noran System Six (NSS) software to estimate

the elemental composition. Surface species such as Cl – present due to the use of a

chlorinated Ge precursor – and O – resulting from short air exposure during transfer

– were neglected from EDX results in calculating NC composition. Considering the

porous nature of these NC thin film samples, we take the error of this quantization to

be ±5% in atomic composition. Samples were collected for various SiH4 concentrations

in the secondary gas feed.

From these elemental compositions, we have estimated Si shell thickness by basic

geometric argument. We assume all NC in the sample are identical, with a core size of 8
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nm and use Si:Ge to estimate shell thickness. The Si:Ge composition and representative

shell thickness estimates are presented in (Table 2.1).

The shell thickness estimated from this elemental analysis corroborates the increas-

ing shell thickness estimates from the shift in the measured size distributions. This

demonstrated ability to grow a wide range of shell thicknesses with minimal affect on

the size distribution is important for preserving ensemble optical performance.

2.5 Extraction of Core and Shell Structural Parameters2

Quantitative analysis of STEM-EDX maps of single, select QDs was applied to gain a

deeper understanding of the structure of these core/shell QDs. Single particles were

imaged using the aberration-corrected FEI Titan G2 60-300 at 60 kV STEM beam

voltage and 25 mrad convergence angle. EDX spectral images were acquired with frame-

by-frame drift correction with a dwell time of 3 µs/pixel and a pixel resolution of 0.04

nm/pixel. Background subtraction was performed on the Si and Ge K-edges, which

were integrated to produce spectral images. Further experimental details can be found

in [57].

The core/shell QDs in question are predominantly spherical with a shell of uniform

2 Portions of this section were adapted with permission from from:

• Jacob T. Held, Katharine I. Hunter, et. al; ACS Appl. Nano Mater. 2018, 1 (2),
989-996; DOI: 10.1021/acsanm.7b00398.) [57]

• Amir M. Ahadi, Katharine I. Hunter, et. al; Appl. Phys. Lett. 2016, 108, 093105;
DOI: 10.1063/1.4942970.) [58]
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Figure 2.6: (a) Select HAADF-STEM image of a single Ge/Si core/shell QD. HAADF
image shows bright Ge core (Z=32) surrounded by Si shell (Z=14). STEM-EDX ele-
mental maps Ge (green) and Si (red) show elemental segregation to the core and shell,
respectively, as viewed in projection. (b) Radially-averaged EDX data with correspond-
ing fit, with core and shell signals scaled separately. (c) Parameters corresponding to
the optimized fit. Reprinted with permission from [57]. Copyright (2018) American
Chemical Society.

thickness. As such, a single QD can be modeled as two concentric spheres for the

purpose of simulation. Detailed criteria for selection of QDs which conform to these

assumptions can be found in [57]. Figure 2.6 (a) shows an example of a select QD.

The HAADF image in the upper left shows a bright core and dim shell, due to the

large difference in atomic number between Si (shell) and Ge (core), resulting in a large

“Z-contrast”. The remaining three panels of Figure 2.6 (a) show the STEM-EDX maps
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of Ge (green), Si (red), and both channels combined.

Each 2-dimensional STEM-EDX map, which is itself a projection of a 3-dimensional

QD, is radially averaged to reach a 1-dimensional radial intensity profile. Figure 2.6

(b) presents this experimental data (dotted) as EDX intensity as a function of radius

for Ge (green) and Si (red). This experimental data for a single particle is then fit to a

model constructed using error functions to approximate the core/shell and shell/vacuum

interfaces. The standard deviation of the representative error function is the width of

the interface, σi. The model consists of the following parameters which are fit to the

experimental data:

• rGe - the radius of the Ge core (nm)

• rSi - the radius of the Si shell (nm)

• σGe/Si - the width of the interface between core and shell (nm)

• σsurf - the width of the interface between shell and vacuum (nm)

• pGe - the percent of Ge in the Si shell (%)

Figure 2.6 (b) provides the model fit to the experimental data (solid line). The

resulting fit parameters are presented in Figure 2.6 (c). This particular QD has a core

diameter of 3.8 nm and shell thickness of 2.5 nm. The thickness of both interfaces,

core/shell and shell/vacuum, is found to be on the order of one unit cell of silicon (0.5

nm). These dimensional parameters obtained from fitting can be translated into a model
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radial composition, as shown in Figure 2.7 (a).

Figure 2.7: (a) Model composition for single QD based on fit parameters presented in
Figure 2.6. (b) Comparison of experimental HAADF radial intensity and model radial
intensity approximated by “Z-contrast”. Adapted with permission from [57]. Copyright
(2018) American Chemical Society.

As noted above, an additional parameter, pGe, is required which accounts for resid-

ual core material (Ge) that is present in the shell. Analysis of five Ge/Si core/shell

QDs shows this value consistently in the range of 2.5%, regardless of core and shell

dimensions. This model finds no evidence for inclusion of a percentage of shell mate-

rial in the core, as would be expected if substantial interdiffusion were present. The

presence of core material in the shell provides insight into the growth process of these

core/shell QDs. For there to be Ge in the Si shell, either the core precursor was not

fully consumed prior to shell injection or there exists a dynamic equilibrium following

core growth during which Ge atoms are deposited and removed from the QD at similar

rates.



34

Previous work by Ahadi, Hunter, et al. [58] into the controlled synthesis of Ge NC

from GeCl4 suggests that a dynamic equilibrium is crucially important to the growth

process of nanocrystals from chlorinated precursors via nonthermal plasma. It is well

documented that plasma synthesis of nanomaterials from chlorinated precursors typ-

ically requires the addition of H2 to act as a reducing agent [54, 25]. In contrast to

previous speculation [54] which suggested a monotonic decrease in NC size with H2 con-

tent, we found that the size of Ge NC is maximized for a particular flow rate of H2 in the

precursor admixture. Figure 2.8 shows this effect for synthesis conditions which result

in (a) larger (8-10 nm) diameter particles and (b) smaller (3-5 nm) diameter particles.

Figure 2.8: Average Ge NC crystallite determined by size distribution analysis from
TEM for NC synthesized under the following conditions (a) GeCl4 = 3 sccm, 50W, 2.5
Torr, 7/8” ID tube, (b) GeCl4 = 3 sccm, 50W, 2.5 Torr, 3/8” ID tube. In both cases, H2

feedrate was varied from 15-75 sccm while Ar flow was adjusted to maintain constant
pressure. Adapted with permission from [58].

At low H2 concentration, growth of Ge NCs is suppressed by chlorine-based etching.
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Under these conditions, adding H2 leads to larger particles by scavenging excess chlo-

rine species. In contrast, at high H2 concentrations, other plasma parameters become

significant. Specifically, the energy flux to the particle is highly dependent on ener-

getic surface reaction, of which hydrogen recombination can be a significant fraction

[56]. Langmuir probe measurements of low-pressure argon-hydrogen plasmas, similar

to synthesis conditions used in this work, have shown that the addition of H2 reduces

the electron temperature [59]. The decreased electron temperature may reduce GeCl4

dissociation and thus suppress particle growth.

This dynamic equilibrium between growth and etching of the Ge QD in the Ar-H2-Cl

plasma provides a possible explanation for the residual Ge content in the Si shell for

Ge/Si QDs.

2.6 Strain Engineering in Ge/Si QDs

Ge/Si Strain. The strain on the Ge cores caused by the 4% lattice mismatch with the

Si shell is of particular interest as it has previously not been studied. Ge/Si core/shell

QDs with increasing Si shell thickness were examined by X-ray diffraction. Figure 2.9(a)

displays the raw XRD data for Ge/Si core/shell QDs synthesized with an increasing

percentage of SiH4 in the secondary gas feed. Bulk Ge (green) and Si (red) crystal

planes are denoted with vertical dashed lines. For even the highest SiH4 flowrates

used in this work, the diffraction pattern are consistent with single crystal coherent

growth. Two trends are seen in these diffraction patterns with increasing SiH4 feedrate:
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(1) diffraction peaks shift to larger 2θ values relative to bulk Ge, indicative of lattice

contraction; (2) a 2θ-dependent broadening of the diffraction peaks.
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Figure 2.9: (a) Raw diffraction pattern for Ge/Si QDs with increasing Si shell thickness
(top to bottom) synthesized with increasing concentration of SiH4 in secondary gas feed
(0-5%). The diffraction peaks of uncoated Ge QDs closely match bulk values (denoted
with vertical dashed lines). With increasing Si shell thickness, the diffraction peaks
broaden and shift to larger 2θ values. Diffraction patterns labeled (a)-(d) correspond to
samples represented in Figure 2.4 (a)-(d). (b) Lattice constant (determined from XRD)
vs Si fraction (determined from SEM-EDS). Dashed black line indicates the lattice
constant of SiGe alloy QDs for given Si fraction. Solid line indicates lattice constant of
Ge/Si core/shell QD with 8 nm Ge core for given Si fraction using continuum elasticity
model [60]. The shaded region shows the range of lattice constants accessible for a Si
elastic modulus between 50% and 100% of its bulk value, to account for softening of the
shell at the nanoscale. Reprinted with permission from [41]. Copyright (2017) American
Chemical Society.

For a single diffraction pattern, the lattice constant is determined by taking the

average of the five indexed diffraction planes, weighted by quality of fit of a pseudo-

Voigt profile using the MDI Jade software. The largest source of error in this lattice

constant estimate is sample-to-sample variation incurred during synthesis. For each
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synthesis condition, diffraction patterns are collected for three distinct samples. The

average lattice constant of these three samples is shown in Figure 2.9(b). Error bars

indicate the range of lattice constants measured for each synthesis condition.

The lattice contraction of the QD ensemble with increasing SiH4 feedrate can be

explained by the addition of Si atoms (aSi = 5.431 Å) to the large Ge QD lattice

(aGe = 5.685 Å). If Ge and Si atoms form an alloy, the measured lattice constant will

vary linearly with atomic composition, as indicated by the dashed line in Figure 2.9(b).

Alternatively, if Si forms a shell around the Ge QD core, the compressive strain induced

by the 4% lattice mismatch can be estimated by modeling each component as a bulk

elastic continuum through the continuum elasticity model [60].

Continuum Elasticity Model. In order to estimate the strain imposed on the Ge

core from the coherently grown epitaxial Si shell, we have used a continuum elasticity

model [60]. For this model, we make the following assumptions

1. The core and shell are spherical and concentric

2. The stress/strain fields in the core are purely hydrostatic

3. The stress goes to 0 at the shell surface

4. The material properties of the core and shell (E,K, ν, a) are the same as for bulk

Following the example of Balasubramanian, et al. and others [16], we take the hydro-

static pressure in the core to be determined by the volume fraction of the core c = rcore3

rNC
3
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according to Eq 2.1.

p =

2ESi
3(1−νSi)

ε(1 − c)

1 − 2m
3 (1 − c)

(2.1)

Here, the following definitions apply for the elastic mismatch parameter:

m =
ESi

1 − νSi
[
1 − 2νSi
ESi

− 1 − νGe
EGe

]

and constrained strain:

ε =
3KGe

3KGe + 4µSi
[
aGe − aSi

aSi
]

Material properties were taken to be as follows:

Young’s modulus: EGe = 102.7 GPa, ESi = 131 GPa

Bulk modulus: KGe = 77.8 GPa

Shear modulus: µSi = 79.9 GPa

Poisson’s ratio: νGe = 0.278, νSi = 0.28

Lattice constant: aGe = 5.658 A, aSi = 5.431 A

For these calculations, we ignored the distribution of nanocrystal sizes present in

each sample. We take the core diameter as 8 nm and estimate the lattice constant of

the Ge core over a range of shell thicknesses. The resulting lattice constant estimated

from the continuum elasticity model for the Ge/Si core/shell system is given by the

solid, red line in Figure 2.9(b), well matched by the experimentally determined lattice

constants from XRD.
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Figure 2.10: Representative high-resolution HAADF images of Ge/Si QDs.
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This continuum elasticity model has previously been used for comparison of strain

in core/shell nanocrystals, for example in CdTe/ZnSe [16]. It is important to note that

material properties of nanoparticles can vary significantly from bulk values. However,

because there are no generically applicable trends for the effect of size on elastic prop-

erties, nor are there repeatedly documented measurements of these properties for our

material size and geometry of interest, bulk values have been used for these estimates.

One likely deviation of material properties from bulk values is the possible softening

of the silicon shell for small shell thicknesses [61]. To further investigate the effects of

this shell softening, the elastic continuum model was exercised with elastic modulus of

Si at 50% of bulk. The shaded region in Figure 2.9(b), represents the range of lattice

constants accessible for a given Si fraction for an Si elastic modulus in the range of 50%

to 100% of bulk. This softening would be particularly significant for the smallest Si

fraction, having the thinnest shells.

The elastic continuum model as applied assumes coherent epitaxial (non-relaxed)

shell growth. The representative high resolution HAADF-STEM images of Ge/Si quan-

tum dots produced under conditions for thickest shell growth (5% SiH4 in secondary

feed) in Figure 2.10 show predominantly coherent core/shell epitaxy. Coherent epitaxy

occurs when it is energetically favorable for the system to exist in a strained condition

rather than release some of that strain energy through defect formation [62]. In other

words, the coherent state is dominant when the elastic strain energy resulting from lat-

tice mismatch is less than the sum energy required for defect formation and the resulting
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residual elastic energy in the relaxed system (Equation 2.2).

Eelastic < Edefect + Eresidual elastic (2.2)

By comparing the elastic potential energy induced by strain to the energy required

for defect formation, we can estimated the critical shell thickness of the Ge/Si QD

system. Following this model used by Balasubramanian et al. [60], Figure 2.11 show an

estimate of the core and shell dimensions that result in coherent and incoherent epitaxy.

Figure 2.11: Estimate of critical core and shell dimensions for coherent epitaxial shell
growth of Si on Ge, following the method set forth by Ref [60]. The green box indicates
the approximate range of core and shell dimensions explored in this work.

This simple model predicts that a Ge QD core smaller than 8 nm (radius) can support

a Si shell of any thickness without defect formation, consistent with coherent growth

indicated by the diffraction patterns and high resolution imaging in this work. The

broadening of the diffraction peaks in this work with increased Si content (Figure 2.9

(a)) can be attributed to a dispersity in strain resulting for the shell thickness dispersity,

in agreement with the size distributions observed in STEM. 0D and 1D nanostructures
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are known to be more accommodating of strain than their 2D planar counterparts due

to the large radius of curvature and ability of both substrate (core) and growth layer

(shell) to accept strain, resulting in a larger critical thickness for the onset of defect

formation.

Ge/Si Optical Properties. The ability to control optical properties with QD

dimensions is key to the application of QDs in optoelectronic devices. Here, the effect

of Si shell growth on Ge QD band structure was interrogated through extinction mea-

surements of Ge/Si QD films on glass substrates. Bulk Ge exhibits an indirect Γ - L

transition of 0.67 eV followed by strong absorption onset at 0.80 eV from the direct

Γ transition. This direct feature is easily observed experimentally as a steep rise and

shoulder in the NIR extinction spectrum of the Ge QD cores around 1200 nm (∼1eV),

which is blueshifted from the bulk E0 transition shoulder due to quantum confinement

[63]. With increasing Si shell thickness, the onset of direct absorption in the extinction

spectra of the Ge/Si QDs blueshifts, indicative of a higher energy transition from heavy

holes in the valence band to the Γ point in the conduction band (Figure 2.12 (a)).

The energy of the first direct transition in the Ge core, from the heavy hole valence

band maximum at Γ to the conduction band minimum at Γ (EHH−cΓ) is estimated

from where the first derivative of the extinction spectrum is maximized (Figure 2.12

(b)), ignoring the weak, phonon-assisted bandgap transition, which manifests as a low

energy foot. The first direct transition feature blueshifts and broadens. The widening

of the HH-cΓ transition can be attributed to strain induced modulation of the Ge band
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Figure 2.12: (a) Raw NIR extinction spectra for Ge/Si QDs with increasing Si shell
thickness (top to bottom). Spectra are offset for clarity. (b) Derivative of extinction
spectra indicating blue shift and broadening of the onset of direct absorption with
increasing Si shell thickness (top to bottom). Spectra are offset for clarity. Spectra
labeled (a)-(c) correspond to samples represented in Figure 2.4 (a)-(c). (c) Energy of
heavy hole to conduction band Γ point transition (EHH−cΓ) modulated with strain.
For each Ge/Si sample, compressive strain was determine from the shift in XRD peak
positions relative to Ge, while EHH−cΓ was estimated by finding the peak in (b). A linear
fit to the experimental data (red) was used to estimate the combination of the valence
and conduction band deformation potentials (av−ac), compared to the published values
[64] for the deformation potential values of Ge (dashed line). Reprinted with permission
from [41]. Copyright (2017) American Chemical Society.
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structure with increasing Si shell thickness. The broadening of this feature is indicative

of the increasing strain dispersity with increasing Si fraction as observed in STEM size

measurements and XRD measurements. For samples synthesized at the highest SiH4

feedrates, the polydispersity of size and strain in these samples blur out the transition,

making it impossible to confidently determine the transition energy.

The variation of EHH−cΓ induced by compressive strain on the Ge core is plotted in

Figure 2.12 (c), assuming that change in lattice constant observed in XRD is due entirely

to strain. The offset in the transition energy of the unstrained Ge QDs is attributed

quantum confined band widening (EQC). While this measurement cannot elucidate the

effect of strain on the conduction and valence bands independently, a linear fit to the

data estimates the combined deformation potential of the valance (av) and conduction

(ac) band.

Deformation Potential Theory. Deformation potential theory describes how the

allowed energy bands in a solid are perturbed by strain. The deformation potentials of

the valence and conduction bands in bulk germanium have been of increasing interest

based on the promise using strain to induce a direct transition in this normally indirect

bandgap material [65]. We have followed the framework presented in [64] such that

the conduction band minimum at the Γ point can be written according to Eq. 2.3 and

reduces to Eq. 2.4 under hydrostatic strain.

EΓ = E
(0)
Γ + ac(εxx + εyy + εzz) (2.3)
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EΓ = E
(0)
Γ + 3ac(ε) (2.4)

The interband transitions at the Γ point are dominated by heavy holes, whose va-

lence band energy can be written according to Eq. 2.5 and reduces to Eq. 2.6 under

hydrostatic strain.

EHH = E
(0)
HH + av(εxx + εyy + εzz) (2.5)

EHH = E
(0)
HH + 3ac(ε) (2.6)

Under hydrostatic conditions, the energy required for a heavy hole to conduction

band transition (HH-cΓ) is given by Eq. 2.7.

EHH−cΓ = E
(0)
HH−cΓ + EQC + 3(ac − av)(ε) (2.7)

The three terms on the right hand side of the equation can be explained as follows:

(1) the first term is the energy of the HH-cΓ transition in bulk Ge, 0.8 eV; (2) the

second term is the widening of the bandgap due to quantum confinement, with 1
R2

NC

dependence - taken as a constant for a single Ge NC core size distribution; (3) the third

term is the combined effect of strain on the deformation of the valence and conduction

bands. The data in Figure 6 are fit to this equation. The slope of the fit is −(ac − av).
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The relevant effects on the energy of the first direct transition are summarized in

2.8.

EHH−cΓ = E
(0)
HH−cΓ + EQC + (ac − av)3(−ε) (2.8)

The three terms on the right hand side of the equation can be explained as follows:

(1) the first term is the energy of the HH-cΓ transition in bulk Ge, 0.8 eV; (2) the

second term is the widening of the bandgap due to quantum confinement, with 1
R2

NC

dependence - taken as a constant for a single Ge NC core size distribution; (3) the third

term is the combined effect of hydrostatic compressive strain, (ε), on the deformation of

the valence and conduction bands. The data in Figure 2.12 (c) are fit to this equation

such that the slope of the fit is −(ac − av).

Experimental and theoretical estimates of the values for these deformation poten-

tials are widely available in literature [64] because of recent interest in the transition

to a direct bandgap in tensile-strained Ge [65]; these values are used to estimate a pre-

dicted blueshift in the EHH−cΓ with strain (dashed line in Figure 2.12 (c)) compared to

measured (solid red line in Figure 2.12 (c)).

2.7 Core/Shell QD Synthesis Considerations

Homogeneous shell nucleation. For the experimental conditions presented in this

chapter, no Si only QDs are observed in STEM. This indicates that heterogeneous

surface growth is dominant over homogeneous nucleation of silyl clusters and subsequent
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Si QD growth. For heterogeneous surface growth to be preferred over Si nucleation,

the concentration of silyl radicals must remain below a nucleation threshold, which

is maintained provided that the rate of radical consumption by heterogeneous surface

growth is faster than the rate of radical generation by dissociative reactions.

Considerations for core/shell QDs from nonthermal plasmas. The synthe-

sis approach introduced here enables delicate control over the shell thickness via four

parameters that affect the shell growth region of the plasma:

1. SiH4 axial concentration profile, nSiH4(z), set by SiH4 concentration in secondary

gas feed

2. Plasma electron density axial profile, ne(z), in coating region set by input power

and electrode height, h

3. Core Ge QD size, dGeQD, and concentration, nGeQD, set by primary gas feed

conditions, which provides an effective surface area flux through the coating region

4. QD residence time within the coating region, set by total gas flowrate and pressure

Effectively, these experimental conditions dictate the number of collisions between a

QD core and silyl radicals while transiting the shell growth region. In this work, shell

thickness was modulated using only variation in shell precursor (SiH4) concentration,

while all other factors are carefully controlled. The plasma density profile in the shell

growth region is held constant by the consistent application of 50 W RF power and

by holding the powered electrode height at a fixed 6 cm distance away from the point
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of shell precursor injection. Ge QD core size and concentration are fixed by holding

primary gas feedrates constant. QD residence time is fixed by keeping the total gas flow

fixed at 55 sccm and pressure fixed at 2 Torr. The total downstream pressure below the

orifice was fixed at 600 mTorr.



Chapter 3

Ge-Sn QD Heterostructures

3.1 Introduction

In this work, we have investigated the use of tin (Sn), as a means to induce lattice

expansion in germanium (Ge) QDs and favor a direct bandgap transition.

49
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Ge-Sn heterostructured QDs were produced by nonthermal plasma with a lattice

expansion up to nearly 1% relative to unstrained Ge. We find that these QD are Ge-Sn

alloys, with a Ge rich core and Sn rich shell, coated in an amorphous Ge-Sn oxide.

Further work is required to investigate the effect of this heterostructure on the band

structure of plasma-synthesized Ge QDs.

3.2 Motivation

While Group IV semiconductors, silicon (Si) and germanium (Ge), are foundational to

CMOS technology, both materials possess indirect bandgaps, limiting their application

as photonic materials [64]. However, in bulk Ge, the direct transition at the Γ point is

only just over 0.1 eV larger than the indirect band gap of 0.67 eV. Increasing efforts

are being made to induce a quasi-direct transition by manipulating this band structure

through strain engineering, degenerate n-doping to fill lowest energy states at the L-

valley, or a combination of both [22, 66].

Direct Bandgap Transition in Ge. The direct transition of germanium has

recently been leveraged in the first Ge-on-Si NIR laser at room temperature [67]. In

this case, the direct transition was accessed by a combination of n-type doping with

phosphorus and mechanically straining the germanium on a layer of silicon. Another

approach used to induce strain in germanium is to implant tin (Sn) atoms within the

lattice [68, 69]. Theoretical work modeling the band energy change with the addition

of Sn dopant atoms have put the required Sn fraction somewhere between 6.5% - 10%
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[70] without externally applied mechanical strain. Recent work on lasing in the Ge-Sn

alloy has demonstrated evidence of a direct transition at 9% Sn [71].

The alloying of Ge with Sn has also been used in an effort to induce a direct bandgap

transition in Ge QDs [72, 73, 74]. The indirect bandgap of intrinsic Ge makes it an inef-

ficient light emitter; however, the NIR-bandgap and non-toxicity of this material makes

it enticing for biological imaging applications. Despite reports of NIR photolumines-

cent enhancement in Ge-Sn QDs coated in a CdS shell [74], conclusive confirmation

of a direct bandgap transition in Ge-Sn QDs have thus far remained absent from the

literature.

3.3 Challenges of Ge-Sn Heterostructures.

There are several challenges related to the growth of Ge-Sn heterostructures that have

limited their production. Thus far, the most successful Ge-Sn thin films rely on kineti-

cally stabilized synthesis methods such as molecular beam epitaxy [75] or chemical vapor

deposition [76]. Production of Ge-Sn heterostructures via nonthermal plasma may have

similar success overcoming these challenges through kinetically-driven growth.

Phases of Tin. At room temperature, tin is a metal, referred to as “white tin”

(β-Sn). Only at temperatures below 13◦C will tin assume its semiconducting allotrope,

“grey tin” (α-Sn), which exhibits the same diamond cubic crystal structure as Ge and

Si. At temperatures typical of nonthermal plasma processes, that is, elevated slightly

above room temperature, the β-Sn phase is expected to be energetically preferable.
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Ge-Sn Epitaxy. The lattice parameters for Group IV semiconductors and relative

mismatch to Ge are shown in Table 3.1. While the Ge-Si QD heterostructure investi-

gated in Chapter 2 has a lattice mismatch of ∼4%, there is a much larger mismatch

between Ge and Sn of approximately 15%. For this reason, thin film Ge-Sn epitaxy has

proven challenging. Recent advances in Ge-Sn thin films on Si relies on GeSn growth

on a Ge “virtual substrate”, a relaxed Ge buffer layer on Si substrate [77].

Table 3.1: Lattice constants for Group IV semiconductors (diamond cubic phase) and
relative mismatch to Ge.

Element Lattice Constant (Å) % Mismatch to Ge

Si 5.431 -4.0 (compressive)
Ge 5.658 N/A
α-Sn 6.489 +14.7 (tensile)

Ge-Sn Alloying. The key challenge for realizing Ge-Sn alloys is the relatively

low equilibrium solubility of Sn in Ge (< 1%) [78], in contrast to silicon-germanium

alloys (SiGe) which are completely miscible over the full range of compositions. The

melting temperature of Sn (∼ 500 K) is much lower than Ge (∼ 1200 K). Therefore, at

moderate temperatures above only 200◦C, the Ge-Sn phase diagram shows a two phase

mixture consisting of solid Ge and liquid Sn in the equilibrium state. Under equilibrium

conditions, this results in phase segregation of Sn to the surface leaving an insufficiently

small amount of Sn in the Ge lattice to produce the expansion required for a direct

bandgap.
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3.4 GeSn Heterostructured QDs

In this effort, we have leveraged the highly nonequilibrium plasma environment to inves-

tigate the production of Ge-Sn alloy nanocrystals as a means to induce a direct bandgap

transition in Ge. While the nonthermal plasma production of silicon-germanium alloy

nanocrystals (SiGe NCs) was demonstrated a decade ago [29] in a flow-through process

from a gas mixture of silane and germane. Plasma synthesis of Ge-Sn NCs has proven

more challenging. Unpublished previous work has shown that simply introducing Ge

and Sn precursors into a flow-through system does not successfully yield Ge-Sn alloyed

particles.

Figure 3.1: Schematic of nonthermal plasma reactor for the production of Ge-Sn QDs
and typical process conditions.
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Experimental Methods. In this work, a modified flow-through, capacitively-

coupled plasma was used for the production of Ge-Sn alloy particles, as shown in Figure

3.1. An Ar-H2 plasma was generated through the application of radio-frequency power

at 13.56 MHz through a pair of copper ring electrodes, coupled through an impedence

matching network. Downstream of power application, a mixture of GeCl4 and SnCl4

was injected into the plasma afterglow through a stainless steel vacuum fitting with 16

individual 1 mm diameter holes spaced evenly around the circumference of the reactor.

The vacuum fitting itself is grounded and serves as a counter electrode.

First, this experimental setup was used to produce Ge and Sn NC individually.

These initial experiments were used to assess the effect of applied power on particle size

and crystallinity. Ge and Sn nanoparticle films were interrogated by X-ray diffraction.

Without SnCl4 in the secondary gas feed, Ge nanocrystals are produced. Particles are

mostly crystalline at an applied power of 40 W or higher. With increasing applied

power, the average crystallite size decreases, as shown in Figure 3.2 (a). Nanocrystal

sizes were estimated based on Scherrer fitting to the broadened diffraction peaks.

Without GeCl4 in the secondary gas feed, metallic tin (β-Sn) particles are produced,

as seen in Figure 3.2 (b). Astericks indicate the location of β-Sn diffraction peaks while

open circles mark SnO features, resulting from X-ray diffraction measurements under

ambient conditions. With increasing power, the relative contribution of SnO features

to the diffraction pattern decrease, indicating that the surface area to volume ratio

decreases with increasing power as the result of increasing particle size. There is no
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Figure 3.2: X-ray diffraction patterns of (a) Ge NC and (b) (β-Sn) NC produced with
the experimental setup shown in Figure 3.1. Diffraction planes are marked as follows:
Ge (dashed verical line), β-Sn (astericks, *), SnO (open circles, o).

evidence for the presence of the desirable semiconducting phase of tin, α-Sn.

Sn-induced lattice expansion in Ge. Next, Ge-Sn alloy QDs were investigated

and probed by X-ray diffraction to determine lattice expansion. Ge-Sn QDs were with

produced with increasing SnCl4 partial pressure in the secondary gas feed, with GeCl4

partial pressure fixed at 50 mTorr. All other synthesis conditions, including pressure

(3 Torr), Ar feedrate (40 sccm), H2 feedrate (20 sccm), power (40 W), and electrode

position (5 cm upstream of secondary injection), were held constant. Resulting diffrac-

tion patterns are shown in Figure 3.3 (a). For a single diffraction pattern, the lattice

constant is determined by taking the average of the three indexed diffraction planes,

weighted by quality of fit of a pseudo-Voigt profile using the MDI Jade software. The

effective lattice expansion relative to unstrained Ge NC is shown in Figure 3.3 (b).
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Figure 3.3: (a) X-ray diffraction patterns for Ge-Sn QDs produced with increasing
SnCl4 partial pressure. (b) Percent lattice expansion relative to unstrained Ge as a
function of SnCl4 partial pressure.

For the conditions explored here, the diffraction patterns reveal diamond cubic Ge

as the sole phase. With increasing SnCl4 partial pressure up to 50 mTorr, the lattice

constant of the Ge QDs shifts to lower 2θ values, consistent with lattice expansion. A

maximum lattice expansion of nearly 1% is attained at 50 mTorr SnCl4 partial pressure.

Above 50 mTorr, the XRD-derived lattice constant is approximately independent of

SnCl4 partial pressure. Under these conditions, it is likely that an increasing excess

fraction of Sn found at the particle surface and is not integrated into QD lattice.

The effect of H2 feedrate on Ge-Sn QD growth was explored and the results are

shown in Figure 3.4. When too little H2 is included in the gas admixture, the resulting

lattice expansion of the Ge QDs is lessened. With excess H2, tin nucleates in a separated
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Figure 3.4: (a) X-ray diffraction patterns for Ge QDs produced with increasing H2 in
admixture. (b) Percent lattice expansion relative to unstrained Ge as a function of H2

in admixture.

phase from the Ge QDs as evidenced by the diffraction peaks associated with β-Sn as

H2 above 30 sccm, marked with astericks.

Optimal conditions for Sn incorporation in Ge QDs occurs in the range of 20-30

sccm H2. These finding are consistent with conditions for optimized Ge NC growth

as previously reported by Ahadi, Hunter, et al. [58], and discussed in Section 2.5.

Therefore, we conclude that plasma conditions which preference nucleation of growth

of Ge over Sn are required for the successful production of Ge-Sn alloys in the diamond

cubic phase.

Structural characterization of Ge-Sn particles. To investigate the structure

of Ge-Sn QDs, particles were deposited directly onto ultrathin/holey double carbon

on copper TEM grids and transferred with less than 30 seconds of air exposure into
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an aberration-corrected FEI Titan G2 60-300 (S)TEM equipped with a Super-X EDX.

High-resolution images were taken at 200kV. Figure 3.5 presents a representative micro-

graph of the QD population. Ge-Sn QDs were produced under the following conditions:

Ar = 40 sccm, H2 = 20 sccm, dilution Ar = 10 sccm, GeCl4 partial pressure = 50

mTorr, SnCl4 partial pressure = 50 mTorr, total pressure = 3 Torr, power = 40W.

The majority of particles, by volume, are crystalline QDs with a size distribution

20 nm in diameter. A secondary population of smaller amorphous QDs is also present.

Representative high-resolution images of these two species are shown in Figures 3.6 (a)

and (b). The larger particles possess an amorphous shell which is a few nanometers in

thickness while the smaller particles appear fully amorphous.

To investigate the elemental distributions of these two populations, STEM-EDX

maps were collected at 60 kV with acquisition times of 10 minutes, and drift correction

after every frame. The Ge K and Sn L edges were background subtracted and integrated,

producing spectrum images. A 3-pixel Gaussian blur was applied to the final spectrum

images to reduce noise and aid visualization. During acquisition, no visible damage to

the the large crystalline QDs was observed, while smaller amorphous QDs were visibly

altered based on comparison of HAADF images before and EDX mapping.

Figure 3.7 - 3.9 present three representative EDX maps. Quantization of the EDX

spectra collected in STEM from both the large crystalline particles and the small amor-

phous particles indicates a nearly identical Ge:Sn ratio in the two populations of ap-

proximately 5:1 for both. However, the elemental distributions of Ge and Sn are quite
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Figure 3.5: Representative HAADF image of Ge-Sn QD sample produced under the
following conditions Ar = 40 sccm, H2 = 20 sccm, dilution Ar = 10 sccm, GeCl4 partial
pressure = 50 mTorr, SnCl4 partial pressure = 50 mTorr, total pressure = 3 Torr, power
= 40W.

Figure 3.6: (a) High-resolution STEM-HAADF image of single crystalline Ge-Sn QD.
(b) High-resolution STEM-HAADF image of cluster of amorphous Ge-Sn QDs.
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Figure 3.7: (a) HAADF image and (b),(c) STEM-EDX maps of Ge (green) and Sn
(blue), respectively, of a several small, amorphous Ge-Sn QDs.

Figure 3.8: (a) HAADF image and (b),(c) STEM-EDX maps of Ge (green) and Sn
(blue), respectively, of a two large, crystalline Ge-Sn QDs.

Figure 3.9: (a) HAADF image and (b),(c) STEM-EDX maps of Ge (green) and Sn
(blue), respectively, of a single large, crystalline Ge-Sn QD.
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different between these two samples.

As shown in Figure 3.7, the smaller, amorphous Ge-Sn QDs appear to be uniform

alloys with no apparent elemental segregation. The outermost layer is composed of a

Ge-Sn oxide, which forms during transfer under ambient atmospheric conditions. This

Ge-Sn oxide appears amorphous as there is not a second crystalline phase in STEM or

XRD. Figures 3.8 and 3.9 show larger, crystalline Ge-Sn QDs, which appear to exhibit

a non-uniform Ge:Sn composition, forming a core/shell structure. Considering that the

population of non-crystalline Ge-Sn particles observed in STEM appear to be uniform

alloys, we hypothesize that particle heating during crystallization results in elemental

segregation of Ge and Sn to the core and shell respectively. Interestingly, the particle

assumes the diamond cubic crystal structure associated with the semiconducting phase

of Ge and Sn.

Figure 3.10: (a) Select STEM-EDX elemental maps of a single crystalline Ge-Sn QD,
showing elemental distribution of Ge (green), Sn (blue), and O (cyan). (b) Radially-
averaged EDX data.
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A single 2-dimensional STEM-EDX map, shown in Figure 3.10 (a), was radially av-

eraged to reach a 1-dimensional radial intensity profile for each element, shown in Figure

3.10 (b). Ge (green) is found throughout the nanocrystal. Sn (blue) concentration ap-

pears to be enhanced within 5 nm of the outer surface, while O (cyan) content peaks

about 2.5 nm from the outer surface. These preliminary results indicate a crystalline,

Ge-rich core and coherent, Sn-rich shell surrounded by an amorphous Ge-Sn oxide.

Interestingly, despite the apparent elemental segregation, we find no evidence of the

formation of a second crystalline phase in either STEM or XRD. Further investigation

as presented in Section 2.5 is required to determine structural parameters.

3.5 Ge/Sn Core/Shell QDs

As a comparison to the Ge-Sn alloyed particles presented in Section 3.4, Ge/Sn core/shell

quantum dots were experimentall investigated. The synthesis process described in Chap-

ter 2 was replicated with SnCl4 in place of SiH4 in the secondary gas feed. As in Chap-

ter 2, the synthesis process was adapted from Magnolini et al. [20] for the nonthermal

plasma synthesis of group IV QDs, but modified to include this secondary gas stream

for epitaxial shell growth.

Ge Core Growth. Ge NC cores are grown in the bulk of the plasma, as described

previously [41]. In short, the primary gas feed - a mixture of argon (Ar), hydrogen

(H2), and germanium tetrachloride (GeCl4) vapor - enters through the top of the 1”

OD glass reactor tube. A plasma is generated in the reactor tube by the application
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of 50 W radio-frequency power at 13.56 MHz through a pair of copper ring electrodes,

coupled through an impedence matching network. The argon and hydrogen flowrates

in the primary gas feed are fixed throughout this study at 25 and 20 sccm, respectively.

The total reactor pressure is fixed at 2 Torr. The partial pressure of GeCl4 was fixed

throughout the study at 50 mTorr.

Sn Coating. Downstream of the Ge core growth region, additional precursor is

added through a second inlet to initiate shell growth. This secondary gas feed, com-

posed 10 sccm of Ar mixed with SnCl4 vapor, is added into the plasma below the

electrodes. This secondary gas feed is injected into the coating region through a stain-

less steel vacuum fitting with 16 individual 1 mm diameter holes spaced evenly around

the circumference of the reactor. The vacuum fitting itself is grounded and serves as a

counter electrode. The concentration of SnCl4 was varied ranging from 5 to 30 mTorr

of partial pressure in the reactor chamber.

Figure 3.11 (a) shows the X-ray diffraction patterns for Ge QDs with a Sn coating

synthesized under 5, 10, 20 and 30 mTorr partial pressure of SnCl4. Ge QDs are present

in all samples. Dashed vertical lines mark the (111), (220), and (311) diffraction planes

in Ge. For Ge QDs with a Sn coating produced at the highest SnCl4 concentration

(30 mTorr partial pressure), diffraction peaks associated with metallic tin (β-Sn) are

present, marked with astericks, indicative of Sn particle formation. For all samples,

diffraction peaks attributable to tin(II) oxide (SnO) are present, marked with open

circles.
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Figure 3.11: (a) X-ray diffraction patterns for Ge/Sn core/shell nanoparticles synthe-
sized with increasing SnCl4 partial pressure. Ge diffraction planes are labeled with a
dashed vertical line. Open circles (o) indicate diffraction peaks associated with tin(II)
oxide (SnO) and asterisks (*) indicate diffraction peaks associated with metallic tin (β-
Sn). (b) Representative STEM-EDX map of nanoparticles produced at 20 mTorr SnCl4
partial pressure.

Figure 3.11 (b) shows a representative STEM-EDX map of Ge (green) - Sn (blue)

coated particles. Preliminary inspection of elemental maps reveals agglomerated Ge

particles with Sn at the surface. For all samples, the Ge diffraction planes align with

the bulk Ge diffraction planes, indicative of negligible strain imposed on the Ge core by

the shell coating. Likely, the thin Sn coating on the Ge QDs is converted to the SnO

phase upon air-exposure [79], as observed in the XRD patterns. This coating does not

strain the underlying QDs as desired; synthesis of core/shell Ge/Sn was not pursued

further.
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3.6 Discussion and Future Work

The Ge-Sn QD heterostructures developed in Section 3.4 consisting of an apparently

Ge-rich core and coherent, Sn-rich shell require further exploration to relate structure

to optical properties. A model must be developed to extract structural parameters from

STEM-EDX maps. From this, the effective strain in the system can be calculated, based

on the Ge and Sn content in core and shell.

Ge QDs explored here have a smaller average crystallite diameter than the Bohr

exciton radius in Ge, ∼24 nm, and are therefore technically in the regime of quan-

tum confinement. However, future work should extend these experiments to Ge QDs

of smaller crystallite sizes as the equilibrium composition of the resulting Ge-Sn QD

heterostructures may be size dependent. We hypothesize that with decreasing Ge QD

size, increasing Sn content may be achievable resulting in larger tensile strain on the Ge

lattice.

Most importantly, optical characterization should be done to probe band structure.

Specifically, absorption measurements may be used to investigate transition energies,

and importantly, NIR photoluminescence should be used as a diagnotic for improved

radiative recombination, characteristic of direct bandgap transitions. Time-resolved

photoluminescence of the NIR emission spectrum can be used to determine carrier

lifetimes. For a material with a direct bandgap, we expect characteristic lifetimes on the

order of nanoseconds, rather than the hundreds of microseconds measured for indirect

bandgap emitters. Successful demonstration of efficient NIR emission from Ge-Sn QDs
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would open up a new range of exciting photonic and optoelectronic applications.



Chapter 4

Si QD Passivation by a-SiNx

4.1 Introduction

In this work, we have explored the use of amorphous silicon nitride (a-SiNx) as a passi-

vant for free-standing plasma-synthesized silicon nanocrystals.

67
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4.2 Motivation

Silicon nitride as a passivant for Si QDs. Photoluminescent silicon QDs are

of interest for light emitting applications including QD-LEDs [21], biological imaging

[80, 81], and luminescent solar concentrators [82]. However, silicon, in principle, is not as

efficient an emitter as traditional II-VI QDs, attributable to its indirect bandgap which

requires phonon-assisted recombination. Experimental efforts have shown that silicon

QDs emit light in the visible and near-infrared portion of the electromagnetic spectrum

when their diameter is less than approximately 5 nm. Additionally, photoluminescence

has been observed from films of silicon QDs embedded in a dielectric matrix, including

silicon oxide (SiOx), silicon nitride (SiNx), and silicon oxynitride (SiOxNy), and have

been intensely investigated for their use in optoelectronic applications [83, 84, 85, 86,

87, 88].

The actual mechanisms involved in certain luminescence phenomena of silicon QDs

are still controversially discussed in the literature [89]. Silicon nanocrystals processed

from high-purity precursors in gas-phase processes, such as nonthermal plasmas, exhibit

quantum-confinement of carriers in the core of the nanocrystal, leading to size-dependent

emission. The wavelength of emission shifts to higher energy with decreasing core

dimensions. For light-emitting applications, photoluminescence quantum yield (PLQY)

should be maximized; thus, radiative recombination processes must be favored and

non-radiative recombination processes minimized.

Surface Recombination. Experimental and theoretical evidence point to carrier
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recombination at defect sites on the nanoparticle surface as the most significant non-

radiative process in intrinsic Si QDs [90, 91]. At the scale of quantum-confinement,

upwards of 20% of atoms in the nanocrystal can be found within one unit cell of the

nanoparticle surface. For this reason, surface passivation of light-emitting silicon QDs is

crucial for many optoelectronic applications. Popularly, surface passivation is achieved

through organic termination of the silicon surface [92, 93, 94, 95, 96, 97].

Inorganic passivation of Si. The inorganic passivation of the silicon surface has

been intensely pursued by the photovoltaics industry, where this crucial process reduces

surface recombination velocity and improves minority carrier lifetime in silicon solar

cells. For these devices, organic termination is less desirable and surface passivation

is achieved through the deposition of thin films of dielectric coatings. A silicon oxide

passivating layer is traditionally used, however, recent PV devices have employed amor-

phous silicon nitride as a passivating layer to optimize carrier transport [98, 99, 100]. In

this work, we have adapted this concept and explored the use amorphous silicon nitride,

denoted a-SiNx, as a passivant on silicon nanocrystals.

The literature presents a complex pictures of a-SiNx [101]. Often, films of a-SiNx are

described based upon their deposition conditions, for which reported compositions and

properties are poorly characterized or defined. It should be kept in mind throughout

this chapter that a-SiNx is not a monolithic material. Therefore, initial characterization

of plasma produced a-SiNx nanoparticles was crucial before moving on to more complex

heterostructured materials.
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First, a-SiNx nanoparticles were synthesized by nonthermal plasma to catalog mate-

rial properties. Next, the process of growing an a-SiNx shell by nitridation of the surface

of Si nanoparticles was explored. Finally, quantum-confined Si QDs coated in a-SiNx

were produced to investigate the impact of nitride coating on optical performance. We

find that, once oxidized, the quantum-confined Si/a-SiNx QDs exhibit longer carrier

lifetimes and enhanced photoluminescence quantum yields compared to Si QDs with a

native oxide shell. This structure may be of interest where chemically and thermally

stable emitters with moderate quantum yields are required.

4.3 Amorphous Silicon Nitride NPs (a-SiNx)

As a first step, a-SiNx nanoparticles were produced from SiH4 and NH3 via nonthermal

plasma and characterized. This process used a simple, flow-through nonthermal plasma

reactor with dimensions 1”OD, 7/8”ID and length 10”, as discussed in detail elsewhere

[20]. A precursor gas mixture consisting of argon (Ar), 5% silane (SiH4) in Ar, and

ammonia (NH3) was fed into the reactor at a pressure of 2 Torr. Typical flowrates for

each species were as follows: Ar: 30 sccm, 5% SiH4/Ar: 12 sccm, NH3: 0.4 - 2 sccm.

A nominal power of 40 W was applied to a pair of ring electrodes positioned 5 cm

upstream of the grounded downstream flange, the distance measured from top of flange

to top of powered electrode.

Figure 4.1 shows X-ray diffraction patterns from SiNx nanoparticles synthesized at

varying flowrates of NH3 with the effective SiH4 flowrate fixed at 0.6 sccm. At 40 W of
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Figure 4.1: XRD patterns from a-SiNx nanoparticles produced from silane (fixed: 0.6
sccm effective) and ammonia (0.4, 0.6, 0.8, 1.0 sccm from top to bottom). A digital
photograph of each sample is to the right.

power, the silicon nitride particles are amorphous based on their featureless diffraction

patterns. However, when the concentration of ammonia is half that at stoichiometric

conditions, silicon nanocrystals are nucleated, as seen in the diffraction pattern. The

slightly N-rich synthesis condition (NH3 = 1 sccm) was further characterized through

XPS, FTIR and TEM.

Through compositional analysis by XPS, we find that the sample produced under

slightly ammonia-rich conditions is a near stoichiometric silicon nitride (Si:N = 0.72).

Figure 4.2 (a) shows the XPS survey scan from which this composition is estimated. The

oxygen in the spectrum results from transfer in air to the analysis chamber. The inset of

Figure 4.2 (a) show a high-resolution scan of the Si2p features, consistent with the silicon



72

Table 4.1: Active mid-infrared vibrational modes of hydrogenated silicon nitride
(SiNx:H).

Mode Wavenumber Range (cm−1)

N–Hx stretch 3170-3370
Si–Hx stretch 2050-2280
N–H2 scissor 1620-1650
N–H2 wag 1080-1280

Si–N asymmetric stretch 750-1100
Si–H2 wag 600-700

Si–N symmetric stretch 450-580

Figure 4.2: (a) XPS spectrum from film of silicon nitride particles produced at 0.6
sccm SiH4 (effective) and 1.0 sccm of NH3. (inset) high-resolution scan of Si2p feature
showing the presence of Si3N4 bonding (101.8 eV) and absence of Si (99.5 ev) bonding
(b) The FTIR spectrum of these stoichiometric silicon nitride particles produced from
SiH4 and NH3 via nonthermal plasma.
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nitride binding energy. Figure 4.2 (b) shows the FTIR spectrum of this sample. The

dominant feature at 1000 cm−1 is attributable to the Si–N asymmetric stretch mode,

further confirmation of silicon nitride. Other features include N–Hx stretch (3400 cm−1),

Si–Hx stretch (2100 cm−1) and N–H2 scissor (1650 cm−1). Table 4.1 includes a list of

relevant IR active modes and their typical spectral extent.

Figure 4.3: Transmission electron microscopy images (TEM) of amorphous silicon
nitride nanoparticles produce by nonthermal Ar plasma from silane and ammonia.

TEM was used to assess size and morphology of these amorphous silicon nitride

nanoparticles. Two representative images are shown in Figure 4.3. We find that the

particles are spherical, 3-4 nm in diameter, and highly agglomerated.

Here, we are interested in the use of amorphous silicon nitride as a passivant on

silicon nanoparticles. While future efforts can and should be made to optimize the

growth of silicon nitride nanoparticles from nonthermal plasmas, that is outside the
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scope of this work.

4.4 Si NC Surface Nitridation

The synthesis method for producing core/shell NCs demonstrated in Chapter 2 was

adapted for the synthesis of Si NCs with an a-SiNx shell coating. First, we present re-

sults from Si/a-SiNx NC which exceed the dimensions required for quantum confinement

in Si, >5 nm diameter. While these NC do not exhibit photoluminescence upon optical

excitation, NC of this size are more easily characterized by electron microscopy than

those on the scale quantum confinement in Si. Therefore, these NC are useful for vali-

dating experimental methods. The production of quantum-confined photoluminescent

Si/SiNx QDs follows in Section 4.5.

Experimental Methods. Figure 4.4 shows a diagram and digital photograph of

the synthesis process. The primary gas feed - a mixture of argon (Ar) and silane (SiH4)

- enters through the top of the 1” OD glass reactor tube. A plasma is generated in the

reactor tube by the application of 20 W radio-frequency power at 13.56 MHz through a

pair of copper ring electrodes, coupled through an impedence matching network. The

argon and silane flowrates in the primary gas feed are fixed throughout this study at

21.4 and 0.6 sccm, respectively, while the pressure is held at 1.85 Torr. Downstream

of the Si core growth region, additional precursor is added through a second inlet to

initiate shell growth. This secondary gas feed, composed of ammonia (NH3) and Ar.

The ratio of NH3 to Ar is varied, while the total flow of the secondary feed is fixed at
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Figure 4.4: Schematic and digital photograph of reactor used for the synthesis of large
(> 5nm) Si/SiNx core/shell nanocrystals.

10 sccm. As before, this secondary gas feed is injected into the coating region through

a stainless steel vacuum fitting with 16 individual 1 mm diameter holes spaced evenly

around the circumference of the reactor. The vacuum fitting itself is grounded and

serves as a counter electrode.

a-SiNx Shell Growth. To produce an a-SiNx coating on Si NCs, we have ex-

plored shell growth by nitridation. Ammonia is introduced through a secondary gas

feed into the plasma afterglow, downstream of Si NC growth; additional SiH4 is not

added. Therefore, for the Si/a-SiNx heterostructure, the growth mechanism of the shell

is different than the epitaxial growth of Si on Ge observed in Chapter 2. In this case,

an a-SiNx shell is grown by nitridation of the outer layer of the Si nanocrystal [102].

As a result, the dimension of the core Si nanocrystal should be reduced with increasing
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nitride shell thickness, more of the Si core is consumed by nitridation.

This process is analogous to the thermal nitridation of Si wafers in an ammonia

atmosphere in which case atomic diffusion of N transforms the Si surface to an a-SiNx

phase. Thermal nitridation of Si wafers at 1100◦C yields nitride layers of 50-60 Å

thickness after several hours [103], while PECVD processes result in similar nitride

thickness after only a few minutes [104]. In our plasma based approach, shell thickness,

is controlled by the fraction of NH3 in the secondary feed, from 0 to 10 sccm.

Figure 4.5: X-ray diffraction patterns from Si NC having undergone nitridation by
ammonia of increasing concentration resulting in an a-SiNx coating.

Structural Characterization. As expected, the effect of decreasing Si core crys-

tallite size is evident by examining the XRD patterns of core/shell Si/a-SiNx synthesized

with increasing ammonia concentration in the secondary gas feed, shown in Figure 4.5.

Without ammonia, the dimensions of the un-coated silicon nanocrystal is approximately
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9 nm, based on Scherrer broadening of the diffraction peaks. As the ammonia concen-

tration in the secondary feed is increased, the core Si NC size drops to approximately 5

nm.

However, the diffusion of N atoms into the Si particle only one possible explanation of

the decrease in crystallite size with ammonia addition. Contributing factors to the trend

presented in Figure 4.5 might include: (1) true nitridation of the silicon nanoparticle

surface, (2) back-diffusion of ammonia upstream into the core-growth region of the

plasma resulting in SiNx deposition, (3) increased etching rate of Si core by H radical

species from ammonia precursor.

To explore the possibility of ammonia back-diffusion into the core growth plasma,

1 cm x 0.5 cm pieces of silicon wafer were adhered to the inner wall of the reactor

tube with double sided carbon tape. One substrate was placed 1 cm upstream of the

powered electrode and one was placed 1 cm downstream of the powered electrode.

Both substrates are located upstream of the secondary gas inlet by 7 cm and 5 cm,

respectively. The synthesis process is run continuously for 20 minutes at an ammonia

flowrate of 5 sccm, during which a film builds up on the reactor walls and on the Si

substrates.

XPS was used to analyze the composition of the deposited films (Figure 4.6). The

film deposited upstream of the powered electrode is orange in color and predominately

silicon in composition. The film deposited downstream is transparent to the eye, but

XPS analysis reveals that the composition is that of a silicon-rich silicon nitride. The
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Figure 4.6: (a) XPS survey scan and from films depositing with in the reactor chamber
collected above and below the electrodes. (b) High resolution scan of Si2p feature of
same films.

presence of a SiNx film upstream of the injection point indicates that there is back-

diffusion of ammonia species.

TEM was used to investigate the morphology and size distribution of these core/shell

nanocrystals. Figure 4.7 shows representative micrographs of silicon nancrystals grown

(a) without and (b) with the addition of 10 sccm of ammonia. Size distribution analysis

was carried out for 300 nanoparticles in each sample, shown in Figure 4.8. The sample

without ammonia has a single peak size around 9-10 nm consistent with XRD. For the

sample grown under nitridation by ammonia, the size distribution is bimodal. The main

peak near 9 nm are the Si/a-SiNx core/shell particles, while enhancement in sub 5 nm

particle concentration is likely due to the nucleation of SiNx due to the back diffusion
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Figure 4.7: Representative transmission electron micrographs of (a) Si NCs without a
nitride shell and (b) Si/a-SiNx NCs produced under 10 sccm NH3 in secondary gas feed.

Figure 4.8: Size distribution estimated from counting 300 particles and select image of
single NC for (a) Si NCs without a nitride shell and (b) Si/a-SiNx NCs produced under
10 sccm NH3 in secondary gas feed. Crystallite size as determine be Scherrer fitting of
X-ray diffraction pattern are marked with a dashed vertical line.
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of ammonia, leading homogeneous nucleation prior to silane depletion. The presence of

these small particles further reinforces that back-diffusion of ammonia is occurring, and

may be an integral part of the shell growth process.

Figure 4.9: Representative high-resolution HAADF-STEM of Si/Six produced at 10
sccm NH 3. (Left) a Si/SiNx as desired with an approximately 1 nm shell, and a
homogeneous nucleate of SiNx. (Right) Si/SiNx with a polycrystalline core and 1 nm
shell.

Finally, in an effort to visualize the silicon nitride shell, Si/SiNx particles were imaged

by aberration-corrected STEM (FEI Titan G2 60-300 at 200 keV). Two representative

high-resolution HAADF-STEM images are shown in Figure 4.9. These two images

show three types of particles that are present in the sample: (1) Si/a-SiNx with an

approximately 1 nm shell, (2) homogeneous nucleates of SiNx, and (3) Si/SiNx with a

polycrystalline core and 1 nm shell. The formation of polycrystalline Si NC may be

related to defects induced by nitrogen species during core growth.
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This work on nitridation of Si NC reveals several important considerations moving

forward with quantum confined nanocrystals.

• Nitridation may be an effective process for growing a silicon nitride shell on silicon

nanocrystals via nonthermal plasma in flight, without the secondary addition of

SiH4.

• Back diffusion of ammonia into the core growth region occurs and must be mini-

mized to suppress the formation of bulk defects in the silicon core.

• As expected based on the growth of homogeneous a-SiNx presented in Section 4.3,

the shell is amorphous.

These considerations have informed the synthesis of quantum confined Si/SiNx dis-

cussed in the following section.

4.5 Photoluminescent Si/a-SiNx QDs

Experimental Methods. Silicon QDs coated in an a-SiNx shelll were produced by

adapting the approach presented in Section 4.4. Silicon quantum dot cores were grown

in an upstream plasma analogous to the approach by [20] and then enter a downstream

Ar-NH3 plasma for shell growth by nitridation.

Figure 4.10 shows the dual-plasma system used to synthesize Si QD with an a-

SiNx. The primary gas feed - a mixture of argon (Ar), silane (SiH4), and hydrogen

(H2) - enters through the top of the 3/8”OD-1/4”ID borosilicate glass reactor tube. A
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Figure 4.10: Schematic of reactor used for the synthesis of core/shell Si/a-SiNx QDs.
Typical conditions for each plasma are shown the the right.

plasma is generated in the reactor tube by the application of 10 W RF power at 13.56

MHz through a pair of copper ring electrodes, coupled through an impedence matching

network. The distance separating the powered electrode from the grounded vacuum

fitting below is 5 cm. The argon, silane, and hydrogen flowrates in the primary gas feed

are fixed throughout this study at 31.4 sccm, 0.6 sccm, and 5 sccm, respectively, while

the pressure is held at 2 Torr.

Downstream of the Si core growth region, the reactor expands to 1”OD-7/8”ID

an additional precursor is added through a second inlet to initiate shell growth. This
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secondary gas feed, composed of ammonia and Ar at fixed flowrates of 5 sccm each. As

before, this secondary gas feed is injected into the reaction chamber through a stainless

steel vacuum fitting with 16 individual 1 mm diameter holes spaced evenly around the

circumference of the reactor. The vacuum fitting itself is grounded and serves as a

counter electrode. Downstream of the secondary gas inlet, a second plasma is generated

by the application of RF power at 13.56 MHz from a second power supply through a

pair of copper ring electrodes, coupled through a second impedence matching network.

The distance separating the powered electrode from the grounded vacuum fitting above

was 4 cm.

Within the second plasma, an a-SiNx shell is grown through a nitridation process

in which some fraction of the Si core is consumed and converted into the a-SiNx shell.

As in Section 4.4, substrates were placed in the primary plasma to monitor for SiNx

film deposition as evidence of ammonia back diffusion. In this case, no SiNx film de-

position was observed upstream ammonia injection. We hypothesize back diffusion is

substantially suppressed by addition of the expansion region below the primary plasma.

a-SiNx Shell Growth. The growth of the a-SiNx shell was modulated by adjust-

ing the power applied to the second (downstream) plasma in the range of 0 to 50 W

applied power. At nitridation plasma powers above 10 W, there is visible emission from

the plasma extending from above the upper electrode of the primary plasma to below

the ground electrode of the nitridation plasma. At the lowest applied powers in the

nitridation plasma, there is a gap of visible emission between the two plasmas. Plasma
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density was not characterized as part of this work.

Structural Characterization. A combination of material characterization meth-

ods were required to infer dimensions and composition of core and shell. The structural

analysis of these Si/a-SiNx core/shell is complicated by several factors including: the

presence of silicon in both core and shell, minimal Z-contrast between core and shell,

and sub 4 nm diameter size, which makes imaging difficult. Therefore, a suite of ma-

terial information was collected including composition from XPS, surface species from

FTIR, optical bandgap from UV-Vis absorption derived Tauc plots, and crystallize size

from XRD. The combined information gleaned from these sources reveals the effects of

applied power in the nitridation plasma on quantum dot properties.

Figure 4.11: High-res XPS spectra of N1s feature (a) and Si2p feature (b) from Si/a-
SiNx core/shell QD synthesized under varying power in the second plasma (1, 5, 10, 20,
30, 40, 50 W). The nitrogen to silicon (N:Si) ratio for these samples is displayed to the
right of (b).



85

Si/a-SiNx QD Compostion. The elemental ratio for silicon to nitrogen was

interrogated by XPS. XPS spectra were collected on the PHI VersaProbe III with a

monochromatic Al Kα anode X-ray source (hν = 1486.6 eV) and a hemispherical an-

alyzer. All spectra were recorded using the PHI software package SmartSoftXPS v2.0

and processed using PHI MultiPack v9.0. Samples were deposited as nanoparticle films

directly from plasma synthesis by impaction from the gas phase onto glass microscope

slides. During analysis, sample neutralization was enabled. Figure 4.11 shows high-

resolution XPS spectra of the (a) N1s feature and (b) Si2p feature from Si/a-SiNx

core/shell QD synthesized under varying power in the second plasma.

The nitrogen to silicon (N:Si) ratio depends on the the radius of the silicon core and

the thickness and composition of the silicon nitride shell. The compositions thus mea-

sured are the combined composition of core and shell and cannot be used independently

to estimate shell thickness.

Si QD crystalline core dimensions. X-ray diffraction was used to probe the

dimensions of the crystalline silicon core as a means to estimate depth of nitridation.

Diffraction patterns were collected on the Bruker D8 Discover diffractometer with a

beryllium 2D area detector using a Co-Kα source and were mathematically converted

to Cu-Kα patterns. Samples were prepared directly from plasma synthesis by impaction

from the gas phase onto glass microscope slides. Typical collection times were 10 minutes

per frame.

Figure 4.12(a) displays the diffraction patterns and crystallite size estimated by
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Figure 4.12: (a) Diffraction patterns for Si/a-SiNx core/shell QD synthesized under
varying power in the second plasma (1, 5, 10, 20, 30, 40, 50 W). Spectra are offset for
clarity. Crystallite sizes estimated by Scherrer broadening are indicated for each power.
(b) The (111) diffraction peak of silicon overlaid for all samples for ease of comparison.

Scherrer broadening. Specifically, we see that the core Si crystallite decreases with

increasing power in the nitridation plasma. From this data we conclude that there is

a monotonically increasing degree of consumption of the silicon QD with increasing

power in the nitridation plasma. Unlike in section 4.4, the lack of evidence for ammonia

back-diffusion in this system implies increasing nitridation with increasing power in the

nitridation plasma.

From these XRD results, we might conclude that the silicon nitride shell thickness

then must increase with increasing power in the nitridation plasma. However, inter-

estingly, the absorption data display a different trend. Absorption spectra collected

on the Cary 5000 from QD films on glass substrates for samples produced at 0-50 W
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Figure 4.13: Tauc plot for Si/a-SiNx core/shell QD synthesized under varying power in
the second plasma (1, 5, 10, 20, 30, 40, 50 W) derived from UV-Vis absorption data.
Tauc plot derived bandgap (Eg) and core Si size in nm are shown in the accompanying
table. *Ref [105]; **Ref [106]

power in the nitridation plasma were transformed to Tauc-plots and associated bandgap

energy was estimated. Generally, the absorption coefficient of a material, α, at a par-

ticular energy, hν, is related to the photon energy by Equation 4.1, where n = 2 for an

indirect-bandgap semiconductor.

(αhν)1/n = β(hν − Eg) (4.1)

From the Tauc-plot derived silicon core estimates, we see that the while there is a

drop in core size from 0 W (no nitridation) to 10 W, at powers of 20 W and above,

there is an apparent increase in the size of the silicon core. It should be noted that
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while the Tauc-plot method to extract the optical bandgap of bulk materials is well-

established [105], the literature shows questionable applicability to silicon quantum dot

materials [107, 108, 109]. Therefore, we use Tauc-plot derived bandgap and particle

size displayed in the table accompanying Figure 4.13 to deduce trends rather than

conclusively determine Si core size.

Figure 4.14 summarizes the discrepancy in core size trend between (a) XRD-derived

crystallite size and (b) Tauc-plot derived core size. Another mechanism must be at

play beyond nitridation in shaping the final composition and structure of these silicon

nitride coated silicon QDs. The proposed mechanism for the apparent increase in Si

core size above 20 W is precipitation of silicon from the a-SiNx coating due to increased

nanoparticle heating at higher powers. This precipitation leads to a nitrogen-rich silicon

nitride coating and an amorphous silicon interlayer deposited on the crystalline silicon

core.

Figure 4.14 (c) presents a diagram of these two proposed mechanisms. The primary

mechanism is nitridation of the Si QD surface in the second plasma which reduces the

core crystallite size. This mechanism is relevant at all powers in the secondary plasma

above 0 W. There appears to be a slight increase in depth of nitridation with increas-

ing power. The secondary mechanism within the nitridation plasma is the formation

of amorphous silicon precipitate and a stoichiometric shift toward increasing relative

nitrogen concentration in the silicon nitride shell. This mechanism is most pronounced

at nitridation plasma powers greater than 20 W, as indicated by the shaded region in
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Figure 4.14 (b).

Figure 4.14: (a) Si core crystallite dimensions derived by from x-ray diffraction patterns
by fitting the Scherrer equation. Blue shading indicates the power range over which the
nitridation process is a relevant process (b) Si core dimensions estimated from Tauc-plot
of UV-Vis absorption data. The orange shaded region indicates the power range over
which amorphous silicon precipitation is a relevant process (c) Graphical representation
of proposed mechanisms contributing to shell growth.

This secondary mechanism of silicon precipitation is likely induced by nanoparticle

heating by energetic surface reactions within the plasma [110, 56]. Previous reports of

the modeling of selective nanoparticle heating within the plasma show a dependence of

maximum particle temperature on the physical dimension of the particle, with small

particle more likely to experience excessive temperature spikes. Therefore, within a sin-

gle sample synthesized at a given power it is possible that precipitation is size-dependent

process.

We hypothesize that this precipitation is spatially localized in the plasma in the
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vicinity of the powered electrode. Experimental work by Uner and Thimsen [111] on a

similar capacitively coupled flow through plasma system found a sharp increase in ion

density and gas temperature in the region within 1 cm (axially) of the powered elec-

trode. At moderate powers of 20 W, measurements showed nearly an order of magnitude

increase in ion density and a 100 K gas temperature elevation above bulk plasma con-

ditions. Within this work, models suggest these conditions lead to particle temperature

elevations on the order of 600 K above temperatures experienced throughout the rest of

the plasma. Furthermore, in a similar flow-through capacitively-coupled plasma reac-

tor, by extracting and imaging Si nanoparticles at different stages of growth, Lopez et

al. found the most significant transformations in particle crystallinity and morphology

occurred upon transiting the powered electrode [112].

For the case of a-SiNx coated Si QDs, particles achieve their maximum temperature

approximately 5 cm downstream of ammonia injection. Particle temperature history

during transit of the nitridation plasma may play a role in the relative effects between

nitridation and precipitation. The proposed mechanism of precipitation resulting in an

amorphous silicon interlayer is further supported by investigation of the surface species

of these QDs.

Si precipitation from a-SiNx. The precipitation of silicon in the form of nanopar-

ticles from a-SiNx films is a well-documented phenomenon which can be induced under

appropriate treatment processes [83, 84, 85, 86, 87]. Specifically, crystalline silicon

nanoparticle precipitates embedded in the a-SiNx matrix are achieved when amorphous
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silicon-rich silicon nitride films are annealed at temperatures at or above 1100◦C while

amorphous silicon clusters have been observed at temperatures of 900◦C.

A key observation from films of silicon nitride with silicon precipitates is the ap-

pearance of a shoulder in the FTIR spectra between 1000 and 1100 cm−1 [113, 114].

This feature is also observed in N-rich a-SiNx [115] and is associated with the reordering

of the silicon nitride matrix that results during silicon precipitation toward increased

N3–(Si–N)–Si2 configuration (i.e. SiN4 bonding). In bulk samples, this features ap-

pears when films are annealed above temperatures of 900◦C and increasing in relative

prominence with increasing temperature.

Fourier transform infrared spectroscopy was employed to investigate silicon nitride

shell composition and restructuring during proposed silicon precipitation. Mid-infrared

absorption spectra were collected under inert conditions in a N2-purged glovebox using

a Nicolet spectrometer operated in diffuse-reflectance mode. Samples were prepared

directly from plasma synthesis by impaction from the gas phase onto aluminum-coated

Si wafers. Samples are not exposed to air prior to measurements.

Figure 4.15 (a) shows the FTIR spectra for Si/a-SiNx core/shell QD synthesized

under varying power in the second plasma (1, 5, 10, 20, 30, 40, 50 W). Above 10 W

power in the nitridation plasma, a peak emerges in the 1000 and 1100 cm−1 region

associated with N3–(Si–N)–Si2 configuration and silicon precipitation. This provides

evidence for the re-ordering of the silicon nitride shell towards SiN4 bonding and an

increased ratio of N:Si in the shell. These same samples show an increase in apparent
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Figure 4.15: (a) FTIR spectra for Si/a-SiNx core/shell QD synthesized under varying
power in the second plasma (0, 1, 5, 10, 20, 30, 40, 50 W). Spectra are offset for clarity.
Crystallite sizes estimated by Scherrer broadening are indicated for each power. Select
vibrational peaks are label. (b) Fingerprint region of FTIR spectra overlaid for ease of
comparision. Blue highlight indicates absorption features associated with N3–(Si–N)–
Si2 bonding (SiN4).

core size by UV-Vis absorption, indicative of silicon precipitation. Since no increase in

core crystallite size is seen by XRD for powers above 10 W, the precipitate is amorphous.

The FTIR spectra also reveal a marked change in spectral features associated with

hydrogen. Quantitative analysis of hydrogen content from FTIR is challenging and

typically requires a combination of measurements to assess. When a-SiNx films are

produced by PECVD, film properties such as density, refractive index, composition and

bonding configuration depend on substrate temperature and RF power [116]. It is well

documented that decreasing substrate temperature results in increased H content in the

film [117]. Typically substrate temperatures in the range of 300-400◦C produce films
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without appreciable hydrogen content, as is often desirable for solar cell passivation,

while those below 200◦C can be upwards of 20% H in composition [118]. We expect

hydrogen content to decrease with increasing power in the nitridation plasma as particles

reach higher temperatures. Furthermore, under increasing power in the nitridation

plasma the feature associated with Si-Hx stretching modes near 2100 cm−1 shifts to

slightly higher wavenumbers indicative of increased N back-bonding, forming *N-Si-Hx.

This shift is consistent with increasing nitrogen content in shells produced at higher

powers in the nitridation plasma [119].

Optical Performance. The driving motivation behind this work is to explore the

effect of a silicon nitride shell on the optical properties of Si QDs. While photolumines-

cence from Si QDs is extremely well documented, the photophysical processes that gov-

ern luminescence in Si QD ensembles are complicated. QD ensembles are polydisperse,

radiative and non-radiative recombination rates are size-dependent, and inter-particle

interactions, including exciton transport, processes are are complex and poorly under-

stood in quantum-confined materials. To characterize the optical performance of Si QD

ensembles, we rely on measurements of photoluminescence quantum yield (PLQY).

Photoluminescence Quantum Yield (PLQY). PLQY is defined as the ratio of

the number of photons emitted to the number of photons absorbed (Equation 4.2).

ΦPL =
Nemitted

Nabsorbed
(4.2)

The PLQY of a-SiNx coated QD ensembles was characterized using the absolute
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measurement method [120] where absorption and emission are recorded and integrated.

Emission from photoluminescent Si QDs was measured using an Ocean Optics USB2000

spectrometer and integrating sphere. The absolute spectral response of the integrating

sphere was calibrated using an Ocean Optics LS-1-CAL tungsten halogen light source.

Rhodamine 101 dispersed in ethanol was used as a fluorescent standard to validate

calibration. The excitation source was a 405 nm light-emitting diode. Samples were

prepared as nanoparticle films directly from plasma synthesis by impaction from the gas

phase onto glass microscope slides. The error associated with this absolute quantum

yield measurement method is on the order of 5.5% [120].

Figure 4.16: (a) Photoluminescence quantum yield (PLQY) for Si/a-SiNx core/shell QD
synthesized under selects powers in the second plasma (0, 1, 20, 50 W) over 6 months
of air exposure under ambient atmospheric conditions. Dashed trend lines are added as
a guide to the eye.

Figure 4.16 shows the PLQY for samples produced at select powers (0, 1, 20, 50 W)
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in the nitridation plasma. As-produced, there is no measurable PLQY for all samples

synthesized at powers 0-50 W. However, upon exposure to atmosphere, the a-SiNx shells

begin to oxidize and PLQY becomes measurable. Over time, the PLQY increases until

the shells reach a terminal oxide content and thickness. Samples were oxidized under

ambient atmospheric conditions for six months an PLQY was periodically measured.

Hydrogen-terminated Si QDs - produced at 0 W in the nitridation plasma - exhibit

a slow onset to PLQY and reach a maximum quantum yield of around 15%. In contrast,

the Si/a-SiNx core/shell QD produced at 1 W in the nitridation plasma rapidly exhibit

moderate quantum yields within the span of a few days and reach a maximum quantum

yield of more than 30%. As power in the nitridation plasma is increased, the rate of

increase in PLQY and maximum quantum yield after 6 months are both reduced.

Figure 4.17 (a) presents the maximum PLQY after 6 months oxidation for under

varying power in the second plasma (0, 1, 5, 10, 20, 30, 40, 50 W). At nitridation

plasma powers of 20 W and higher, the PLQY decreases, indicative of an increase in

defect concentration within the Si QD ensemble. At these powers, the deposition of

an a-Si interlayer on the c-Si core resulting from Si precipitation proposed earlier could

contribute to increasing defect density [121, 90].

Figure 4.17 (b) presents the maximum PLQY after 6 months oxidation for under

varying power in the second plasma (0, 1, 5, 10, 20, 30, 40, 50 W). For quantum-

confined nanomaterials, the peak emission wavelength is directly related to the size of

the quantum dot. The trend in peak emission wavelength, which blue shifts from 0
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Figure 4.17: (a) Photoluminescence quantum yield (PLQY) and (b) peak emission
wavelength for Si/a-SiNx core/shell QD synthesized under varying power in the second
plasma (0, 1, 5, 10, 20, 30, 40, 50 W) after 6 months of oxidation.

to 10 W and then redshifts at higher powers, is consistent with the trend seen optical

absorption (Figure 4.13). This agrees with the proposed mechanism of precipitation

which deposits an a-Si interlayer at power of 20 W and greater, increasing the effective

core Si size.

Carrier lifetime from time-resolved photoluminescence. Time-resolved pho-

toluminescence (TRPL) spectroscopy provides a powerful technique to probe the time-

scales of recombination kinetics in nanocrystal ensembles. Interpretation of these mea-

surements provides insight into dominant recombination and transport mechanisms.

For QD ensembles, the photoluminescence decay is best described by a stretched

exponential in the form of Equation 4.3, where I is the measured emission intensity, τ
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is the effective time constant, which is related to carrier lifetime, and β is stretching

exponent, between 0 and 1.

I(t) = I0 exp
[
−
( t
τ

)β]
(4.3)

The stretched exponential form can be seen as the sum of single exponential decays

described by Equation 4.4, where a single process has characteristic lifetime (τ). En-

sembles with fewer recombination pathways will have lower dispersion in time constants

and will approach a β of unity.

exp
[
−
( t
τ

)β]
=

∫ ∞
0

exp
(
− t

τ

)
P (τ, β) dτ (4.4)

Time-resolved Photoluminescence (TRPL). Time-resolved PL measurements

were executed on a custom Horiba DeltaFlex system in right-angle alignment operated in

multi-channel scaling (MCS) mode, using a Horiba 405 nm pulsed laser diode operated

at 2.0 mW, 50 ps, and 100 MHz repetition rate as the excitation source and a Horiba

PPD-900 photon counting detector. Samples were prepared as nanoparticle films a few

hundred nanometers in thickness directly from plasma synthesis by impaction from the

gas phase onto glass microscope slides. Portions of these data (presented in Figures

4.19 and 4.20) were collected with the assistance of Zhaohan Li and Gabriel Hurtado

(MRSEC, REU student).

Time-resolved spectral data were collected by taking decay curves at emission wave-

lengths from 550 to 900 nm in increments of 10 nm. Figure 4.18 shows an example decay
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Figure 4.18: Si/a-SiNx core/shell ensemble produced at 1 W power in nitridation
plasma after 1 week oxidation measured at 840 nm. Fit parameters: τ = 239.2 µs, β =
0.77

curve from an Si/a-SiNx core/shell ensemble produced at 1 W power in the nitridation

plasma after 9 days of oxidation as measured at 840 nm.

Figures 4.19 (a-h) and 4.20 (a-h) provide stretched exponential fit parameters, τ

and β respectively, for Si/a-SiNx core/shell QD synthesized under varying power in the

second plasma (0, 1, 5, 10, 20, 30, 40, 50 W) after 9, 14, 38, and 236 days of oxidation

under ambient atmospheric conditions.

Hydrogen-terminated Si QDs - produced at 0 W in the nitridation plasma - initially

exhibit short effective carrier lifetimes and low β values corresponding to large dispersion

of time constants and more recombination pathways. After nearly eight months of

oxidation, these Si QDs have effective lifetimes on the order of 200 µs, on the order of
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Figure 4.19: (a-h) Effective lifetime (τ) of stretched exponential fit derived from time-
resolved PL measurements measured on days 9 (circles), 14 (upwards triangles), 38
(downwards triangles), and 236 (squares).
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Figure 4.20: (a-h) Stretching exponent (β) of stretched exponential fit derived from
time-resolved PL measurements measured on days 9 (circles), 14 (upwards triangles),
38 (downwards triangles), and 236 (squares).
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characteristic of radiative lifetimes in silicon.

The longest effective carrier lifetimes (∼ 300µs) and highest β values (∼ 0.85) are

found for Si/a-SiNx QDs produced at only 1W in the nitridation plasma.

Consistent with PLQY measurements, there is a relative degradation in optical prop-

erties for Si/a-SiNx QDs produced at increasing nitridation plasma powers. Specifically,

with increased power in the nitridation plasma, the QD ensembles exhibit shorter effec-

tive carrier lifetimes and lower β values.

Discussion. Quantum-confined photoluminescent silicon nanocrystal with a silicon

nitride shell have been investigated elsewhere using molecular nitrogen, N2, as a precur-

sor rather than ammonia [122, 123]. These works do not fully investigate the properties

of the nitride shell and do not elucidate the shell growth mechanisms presented here -

nitridation and precipitation. Both previous efforts reach similar conclusions, that the

silicon nitride shell itself does not serve as an effective passivant nor does it prevent

oxidation of the silicon nanocrystals.

This work has shown that the structure and optical properties of Si/a-SiNx QDs is

highly dependent on processing conditions and shell composition. Upon oxidation, Si/a-

SiNx QDs produced under low power in the nitridation plasma posses higher quantum

yield and longer carrier lifetimes than achieved through the oxidation of hydrogen-

terminated silicon. In contrast, Si/a-SiNx QDs produced under high power in the ni-

tridation plasma posses degraded optical properties attributable to the presence of an

a-Si interlayer between c-Si core and N-rich a-SiNx shell.
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The rapid process of oxidation for Si/a-SiNx QDs is similar to the oxidation of a-SiNx

prepared by PECVD [124]. In PECVD processes, films prepared at low-temperature

result in a low-density, porous, “fractal-like network” which permits air and moisture

to percolate, resulting in much shorter timescale for the full conversion of a-SiNx films

to a-SiOx than for films produced at higher temperatures which are composed of higher

density a-SiNx [125]. For Si/a-SiNx QDs produced at 1 W power, we hypothesize that

a low-density, porous a-SiNx shell provides a means for the rapid vacancy oxidation to

an a-SiOxNy shell that is thicker than found from the oxidation of H-terminated Si QD

under ambient conditions.

Thus, post-oxidation, the a-SiOxNy, for samples produced below 20 W power in the

nitridation plasma provides improved surface passivation for Si QDs relative to passiva-

tion by native oxide. Further work should be conducted to for process optimization to

evaluate the effectiveness of a-SiOxNy coating across a range of Si QD size and emission

energy.



Chapter 5

Dopant Location in Si NCs

5.1 Introduction

In this work, we have explored impurity atom location and activation in doped Si

NCs using Reverse Monte Carlo (RMC) simulations of HE-derived pair distribution

103
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functions. Silicon nanocrystals (Si NCs) doped with boron and phosphorus exhibit a

localized surface plasmon resonance (LSPR) that is tunable in the mid-infrared. At

sufficiently high doping levels, the LSPR-inferred free carrier concentration of doped

Si NCs produced by nonthermal plasma is on par with or exceeds the thermodynamic

solubility limits in bulk silicon. To assess this apparent hyperdoping of Si NCs, we

have employed pair distribution function analysis of high-energy XRD data to capture

the short-range periodicity and long-range disorder inherent in these nanocrystalline

systems. Reverse Monte Carlo (RMC) simulations, which minimize the discrepancy

between measured and modeled HE-XRD-derived pair distribution functions, provide

ensemble-average nanocrystal configurations for a range of doping levels. Analysis of

the structure of these model configurations reveals an estimate of dopant location and

structural coordination within the nanocrystal. The structural characteristics garnered

from these simulated configurations elucidate material properties and doping efficacy

from an atomic-scale perspective.

5.2 Motivation

The ability to confer augmented functionality to semiconductor nanocrystals by the

addition of selected impurities in the form of dopants has been an enticing and fraught

challenge [126, 127]. Gas phase approaches to nanoparticle growth, specifically the use

of nonthermal plasmas, have demonstrated an impressive ability to incorporate dopant

atoms as electrically active donors [42]. By leveraging nonequilibrium kinetically-driven
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growth processes, plasma-synthesized nanocrystals with doping levels perceived to be

in excess of traditional solid solubility limits have been realized [128]. While early suc-

cesses in nanocrystal doping relied on surface coordinated ligands or electrochemical

approaches rather then impurity atoms, wet chemical strategies have been developed to

achieve efficient dopant incorporation through the controlled balancing of host matrix

and dopant growth rates [129]. With these advances in materials synthesis, techniques

for assessing dopant location and activation remain a fundamental and important en-

deavour.

Dopants may be added to semiconductor nanocrystals to modulate the Fermi en-

ergy [130], enhance conductivity [131], control emission through color center impurities

[132], amongst many reasons. For doping to occur, impurity atoms must sit at substi-

tutional sites within the host matrix rather than adsorbed to the nanoparticle surface.

Furthermore, the effective performance of doped semiconductor nanocrystals may be

vastly different if dopants reside primarily deep within the core or nearer to the surface,

as demonstrated in the aluminum-doped zinc oxide (AZO) system [133, 134].

In practice, developing an accurate assessment of dopant location in nanocrystals is

challenging. In select cases, imaging of specific dopant-host systems through electron

energy loss spectroscopy (EELS) mapping is possible [135]. This technique is limited to

material systems with distinguishable EELS edges for each element. Often, a combina-

tion of elemental characterization and phenomenological approaches, including optical

absorption, lattice modulation, luminescence spectroscopy, are used to assess doping
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efficacy [136]. However, as material complexity increases, relying on dopant-derived

material properties becomes insufficient to characterize the materials structure and new

tools for probing dopant location must be established.

Experimentally, diffraction measurements are a direct method of probing the mi-

croscopic structure of solids, particularly when sufficient long range order is present.

XRD experiments performed at sufficiently high irradiation energy provide access an

expanded reciprocal space range, enabling access to atomic pair distribution functions

(PDFs) [137]. Through a Fourier transform of all collected scattering intensity, atomic

PDFs represent the structure of a material in terms of atomic-pair distances, often up

to 40-50 Å. Both Bragg and diffuse features are collected in the Fourier transform,

thus allowing for the structural analysis of materials with limited long range order and

intrinsic structural perturbation, such as those in doped systems. The atomic PDFs

can further allow for non-crystallographic nanoparticle model construction to directly

observe structural motifs of potential interest.

Reverse Monte Carlo (RMC) modeling of atomistic configurations to recreate mea-

sured HE-XRD patterns has been used to investigate the structure of complex amor-

phous glasses [138]. Importantly, this technique has been shown well-suited to the

structural characterization of nanocrystalline materials which exhibit short-range order

but long-range disorder [139, 140, 141, 142]. Petkov et al. [143] employed RMC simula-

tion of Au nanoparticles around 2 nm in diameter to study atomic ordering in nanosized
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crystals as it deviates from bulk structural properties. The utility of HE-XRD in combi-

nation with RMC-modeling to probe structural properties of doped nanocrystals should

not be overlooked. This approach may be of significant importance moving forward for

the structural analysis of doped nanocrystalline materials with increasing compositional

and structural complexity.

Doped Si Nanocrystals. The ability to add impurity atoms of boron and phos-

phorus to bulk silicon to confer p-type and n-type conductivity, respectively, is funda-

mental to modern semiconductor technology. It is understandable then that there is

significant interest in doping silicon nanocrystals (Si NCs) with boron and phosphorus

to facilitate electronic transport in nanocrystalline films. To varying degrees of success,

a range of methods have been used to produce doped Si NCs, resulting in free-standing

(nonthermal plasma [42], colloidal [144], microwave reactor [145]) and embedded (co-

sputtering [146], molecular beam epitaxy [147]) products. For a comparative review of

these methods, see Oliva-Chatelain et al. [148].

For Si NCs in the regime of quantum confinement, upwards of 20% of atoms reside

within one unit cell of the surface. This extreme surface area further complicates the

doping process as impurity atoms in this outer most region of the nanocrystal may not

act as electrically active donors. Early efforts to assess dopant location for nanocrystals

in this size range by ab initio calculation of formation energies [149] and real-space

first-principles pseudopotential method [150] showed that dopant atoms are energeti-

cally preferenced toward this outer surface region. Over the past decade, experimental
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evidence has been mixed. Oxidation-etching experiments of doped Si NCs from low-

pressure plasmas indicated a preference for boron to be found in the core of the Si

NC with phosphorus found in the near-surface region [42]. Later work on doped Si

NCs produced under similar conditions but with approximately twice the nanocrystal

diameter concluded the opposite dopant behavior [151]. Atom probe tomography ap-

plied to embedded nanocrystals has shown a preference for dopant localization at the

nanocrystal-oxide interface [152]; however, the mechanisms affecting dopant distribution

are likely much different for this type of fully-dense sample compared to free-standing

nanocrystals.

It has been widely documented [153, 151, 154] that Si NCs doped with boron and

phosphorus can exhibit broad absorption in the mid-infrared attributable to the local-

ized surface plasmon resonance (LSPR) of free-carriers [155]. Kramer et al., demon-

strated the ability to manipulate this plasmonic resonance by post-synthesis treatments

[151]. Specifically, low-temperature annealing under inert environment led to a blue

shift in the peak of the plasmonic resonance indicating an enhancement in free-carrier

concentration for both doping species. In this work, we have applied pair distribution

function analysis of HE-XRD data to boron- and phosphorus-doped Si NCs to investi-

gate the structural nature of the tunability of the LSPR from doped Si NCs.
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5.3 Experimental Methods

A schematic of the work flow for sample synthesis, processing, data collection, and

evaluation used in this work is shown in Figure 5.1.

1. Sample synthesis
Nonthermal plasma (UMN)

2. Sample Packaging
Nanoparticle powder transferred to capillary 
in N2-purged glovebox (UMN)

3. High-Energy XRD
11-ID-B beamline at 100 keV
Advanced Photon Source (Argonne)

4. Transform to Pair Distribution Function
Atomic PDF: ! " = 4%" & " − &(

5. Reverse Monte Carlo (RMC) Simulation
Software: RMC++
Run-time: 8-10 hours

6. Structural Analysis of Simulated NPs
Output RMC Configuration analyzed for 
structural parameters

Figure 5.1: Work Flow for the production, packaging, and characterization of doped
silicon nanocrystals by HE-XRD

Nanoparticle Synthesis. All samples were prepared using a capacitively-coupled

plasma reactor operated at low pressure. This synthesis process has been discussed in

detail elsewhere [20, 42]. Briefly, a low-pressure discharge is generated by the application

of 110W nominal radio-frequency (13.56 MHz) power to a pair of copper ring-electrodes

wrapped around a borosilicate glass tube (1” OD, 0.8 ID) through which an argon-silane
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gas mixture is introduced. Silane is maintained at a flowrate of 0.5 sccm, which the argon

flowrate is adjusted in the range of 40-50 sccm to maintain the desired pressure (1 Torr).

Dopants are included by the addition of either a diborane-hydrogen mixture (10:90) or

phosphine-hydrogen mixture (15:85). Samples are collected from the gas-phase as a

powder by impaction onto a substrate and transferred air-free to a nitrogen-purged

glovebox.

Samples. Two sets of sample pairs (as-produced and annealed) were analyzed for

each dopant, yielding a total of 8 samples, as summarized in Table 1. Boron-doped Si NC

samples were prepared with a low (2.5%) or high (10%) nominal doping concentration,

as estimated from the relative diborane flow. Phosphorus-doped Si NC samples were

prepared with a low (10%) or high (20%) nominal doping concentration, as estimated

from the relative phosphine flow.

Low-temperature annealing. Half of each sample was processed by annealing at

low-temperature in a nitrogen-purged glovebox. A glass slide containing the nanocrystal

powder was placed on a hotplate at 200 ◦C for 30 minutes. O2 and H2O levels within

the glovebox are maintained below 0.1 ppm for the duration of annealing by the use of

a copper catalyst and activated carbon purification system. Samples were allowed to

cool to room temperature before further characterization.

Fourier Transform Infrared (FTIR) Spectroscopy. Nanoparticle samples were

collected on aluminum-coated Si wafers and examined using a Nicolet spectrometer

operated in diffuse-reflectance mode. Spectra were collected without air exposure in a
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nitrogen-purged glovebox.

Figure 5.2 shows mid-infrared absorption specta obtained by diffuse reflectance

Fourier-Transform Infrared (FTIR) for all samples, untreated (solid line) and annealed

(dashed line). The relationship between peak plasmon resonance and free-carrier con-

centration is describe by ω =
√

4πne2

m∗(ε+2εm) where ω is the peak resonant LSPR frequency,

n is the free carrier density, ε is the dielectric constant for bulk Si (11.7), and εm is the

dielectric constant of the surrounding N2 atmosphere (1). All samples exhibit an in-

crease in free carrier concentration upon low-temperature annealing, as documented

previously [151].

Figure 5.2: Diffuse Reflectance Fourier-Transform Infrared (FTIR) spectra of (a)
boron-doped and (b) phosphorus-doped Si NCs. Solid lines are spectra of untreated
samples, while dashed lines are spectra of samples which have undergone low temper-
ature annealing. The plasmonic resonance is shifted to higher wavenumber (higher
energy) for annealed samples, indicative of higher free carrier density.

Sample Packaging. All sample packaging was done air-free. Nanocrystal powder
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was transferred to 2 mm diameter quartz capillary tubes (Charles Supper Company),

stuffed with Teflon tape, and sealed with epoxy. The capillary was placed inside of a 7

mm diameter, thin-walled NMR tube and flame-sealed. Sample packing was determined

to be sufficient to minimize oxidation by the absence of a peak in pair distribution

function data at 1.6 Å, characteristic of the Si-O bond.

High-Energy X-ray Diffraction. HE-XRD measurements were performed at

the 6-ID-D beamline of the Advanced Photon Source, Argonne National Laboratory.

Diffraction patterns were taken at 100 keV with a Qmax of 30 Å. HE-XRD patterns were

background subtracted against a blank X-ray capillary inside an NMR tube, converted

into reduced structure functions, and Fourier transformed into atomic PDFs using RAD

[156]. The PDFs used herein are of the representation of g(r) = ρ(r)
ρ0

, where ρ(r) is the

atomic density at the r-space value of interest and ρ0 is the average atomic density of

the material. This formulation of the atomic PDF allows for immediate use for reverse

Monte Carlo modelling using RMC++ [138].

Reverse Monte Carlo Simulations. RMC simulations were performed on a

spherical configuration of 3410 atoms, approximately 50 Å in diameter, arranged ini-

tially in a perfect face-centered cubic lattice, typical of bulk silicon. Within this initial

configuration, an appropriate fraction of dopant atoms were randomly distributed in

substitutional sites throughout the silicon lattice based on nominal doping concentra-

tions. Simulations were run in RMC++ [138] using non-periodic boundary conditions
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through the random serial displacement of a selected atom in any direction and ampli-

tude up to 0.05 Å. Constraints were imposed to limit the distance of closest approach

to 2 Å for Si atoms and to 1.8 Å for dopant atoms. At each move, the Chi-squared

difference between the experimental pdf and the simulated pdf was calculated, over the

ranges from 1.8 to 20 Å. Random atomic moves were performed using the Metropo-

lis criteria to minimized the reduced Chi-squared value. 10% of moves are swap the

position of Si and B/P atoms to minimize the biasing effect of the initial configura-

tion. Simulations were stopped when an Rw factor of less than 10% was maintained

while still accepting > 3% of the randomly generated move. Each simulation yielded an

ensemble-average nanoparticle configuration.

5.4 Reverse Monte Carlo Simulations

RMC Simulation Results. RMC simulations were run on HE-XRD-derived pair

distribution function data collected from each Si NC sample. HE-XRD derived pair

distribution function data and resulting pair distribution function from each simulated

nanoparticle is shown in Figure 5.3. Simulations were constrained by minimum Si-Si,

Si-B/P, and B/P-B/P distances (see Experimental Methods section for description of

constraints).

The output of each RMC simulation is a configuration file consisting of positions

for all atoms in the simulated nanoparticle. Simulated nanoparticles are analyzed for

relevant structural parameters. For untreated, “as-produced” samples, Figure 5.4 shows
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Figure 5.3: HE-XRD derived pair distribution function data (solid line, red) and
resulting pair distribution function from simulated nanoparticle (dotted line, black) for
all samples.
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cross-sections of the RMC-generated nanoparticles and their corresponding atomic den-

sity for Si and dopant atoms as a function of radius in the simulated particle.

Figure 5.4: Cross-section of simulated nanoparticle configuration result from RMC
simulations (inset) and corresponding atomic density for untreated samples. Dashed line
indicates bulk atomic density of silicon 50 nm−3. (a) 2.5% boron-doped Si, untreated
(b) 10% boron-doped Si, untreated (c) 10% phosphorus-doped Si, untreated (d) 20%
phosphorus-doped Si, untreated.

Considering that the output of the RMC-simulation is a simulated nanoparticle,

it may be tempting to view this configuration as “the answer”; however, the struc-

tural configurations produced by RMC simulations should not be over interpreted. The

following points must be considered
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1. The result of the simulation represents an ensemble-average nanocrystal. There

is no nanocrystal in the sample that has a structure identical to the result of the

simulation

2. The result of the simulation is one possible configuration. The solution is not

unique. If the simulation were run again, a different yet equally valid simulated

particle would result. Simulations arrive at similar structures across the modeled

r-space range. Consequently, dopant profiles are expected to be consistent.

3. There are certain crystallographic features that the RMC simulations will not

replicate autonomously. For example, the simulation will not generate a twin plane

in the simulated particle unless the starting configuration contains this feature or

such a feature is intentionally enforced in the simulation.

In the case of boron-doping, for both low and high doping concentrations, we find

that the majority of dopant atoms reside at or near the surface of the simulated particle.

The inner 2 nm of the simulated particle has an average atomic density approximately

equal to that of bulk silicon (50 nm−3), indicated with a dashed horizontal line. Fur-

thermore, the simulated particles possess a slightly lower density surface, approximately

0.5 nm (one unit cell) in extent. A thin, amorphous surface layer is a well-documented

feature of Si NCs [157] and is well replicated by these simulations.

In the case of phosphorus doping, the sample produced at a low-dopant concentra-

tion results in a simulated nanoparticle with dopants mostly towards the surface, while
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the simulated nanoparticle for high-dopant concentrations appears to have dopants dis-

tributed more uniformly throughout the nanoparticle interior. Both configurations pos-

sess a low-density disordered surface more than 1 nm in extent, significantly larger than

seen in the simulations of boron-doped samples. Though it is well-established that the

surface of Si NCs produced by nonthermal plasma is amorphous, the 2% lower density of

a-Si compared to c-Si would not account for the extremely low-density surface of these

simulations. We suggest instead that this surface is a non-physical contrived result of

the simulation. This low-density surface indicates what can be interpreted as a higher

degree of disorder in the untreated P-doped Si NCs relative to B-doped particles.

For the annealed set of samples, Figure 5.5 shows cross-sections of RMC-generated

nanoparticles and their corresponding atomic density for Si and dopant atoms as a

function of radius in the simulated particle. Atomic densities of the annealed boron-

doped samples are similar the those of their untreated counterparts, with dopant atoms

tending towards the surface. RMC-generated configurations of annealed phosphorus-

doped samples are altered compared to the untreated version. Both low and high doping

levels show phosphorus atoms distributed throughout the nanoparticle. Furthermore,

the extent of the disordered surface is substantially reduced, on par with the boron-

doped samples.
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Figure 5.5: Cross-section of simulated nanoparticle configuration results from RMC
simulations (inset) and corresponding atomic density for samples treated with low-
temperature annealing. Dashed line indicates bulk atomic density of silicon 50
nm−3. (a) 2.5% boron-doped Si, annealed (b) 10% boron-doped Si, annealed (c) 10%
phosphorus-doped Si, annealed (d) 20% phosphorus-doped Si, annealed

5.5 Structural Analysis of Doped Si NC

To further analyze the structure of the RMC-generated doped Si nanoparticles, bond

length and bond angle distributions were derived for each configuration. RMC-generated

configurations specify atomic position, but cannot specify which atoms are “bonded” to

one another. There is no potential built into RMC++ [138] which would cause atoms to
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be attracted to or repelled by each other. Instead, distance is used as a proxy for bond-

ing. Crystalline bulk silicon exhibits diamond cubic crystal structure with an average

Si–Si bond length and angle of dSi−Si = 2.35 Å and θSi−Si = 109.5◦. Geometrically, for

a perfect crystal structure, each atom should have four nearest neighbors at 2.35 Å, with

the next closest atom residing 2 dSi−Si sin(
θSi−Si

2 ) = 3.8 Å away. Therefore, we define

the first coordination sphere to have a radius of r =
dSi−Si(1+2 sin(θSi−Si/2))

2 = 3.0 Å.

For each atom in the simulation, all atoms that fall within its first coordination

sphere are counted to determine the configuration number. Bond lengths are determined

as the separation between each atom and those within its first coordination sphere. For

each nanoparticle, a core region is defined as r < 2.0 nm and a surface region as r > 2.0

nm. The average bond length and coordination number for each region is calculated and

presented in Table 5.1. We find that for all simulated particles, the average bond length

of the core region indicates a contraction of approximately 2% relative to bulk Si, in

agreement with reports of a decrease in lattice parameter with decreasing nanoparticle

size [158, 159, 160]. Furthermore, for all samples, the average bond length of the surface

region is greater than found in the core, reflective of a low-density disordered surface,

with a higher concentration of under-coordinated atoms.

Bond angle configurations were determined by pairwise relation of bonds, as previ-

ously defined, for each atom. Figure 5.6 displays the resulting bond angle distributions.

Boron-doped Si samples possess a narrow distribution with peak bond length around

110◦, consistent with the tetrahedral bonding geometry of crystalline silicon. The bond
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Table 5.1: Summary of structural parameters of simulated doped-Si NCs from RMC
simulations, including average bond length, average coordination number, and dopant
location. ‘Core’ refers to the simulation space r < 2.0 nm of the particle configuration,
while ‘Surface’ refers to r > 2.0 nm.

angle distribution for both high and low boron doping conditions is unaffected by an-

nealing treatment.

The bond angle distribution of the phosphorus-doped samples also peaked around

110◦, but comparatively is broader, possibly indicative of an increase in the amorphous

fraction in the particle. Furthermore, a secondary peak can be observed near 60◦, related

to the arrangement of Si triads as equilateral triangles in the simulated particle. The

occurrence of this non-physical bonding arrangement has been previously documented

for unconstrained RMC simulations of amorphous silicon [161]. The relative height of

this feature is decreased for samples processed by low-temperature annealing. While

the feature itself is non-physical, its relative change from untreated to annealed samples

hints at a decrease in overall disorder in the nanoparticle. Specifically, the fraction of

atoms involved in these equilateral configurations in the simulated particle may scale

with the amorphous fraction of Si in the particle.
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Figure 5.6: Bond angle distributions as derived from nanoparticle configuration results
of RMC simulations for (a) boron-doped and (b) phosphorus-doped Si NCs. Un-shaded
distributions are from untreated samples, while those shaded in pink have undergone
low temperature annealing. The bond angle of the tetrahedral bonding geometry for
bulk silicon is 109.5◦.

Discussion: Boron-doped Si NCs. For the boron-doped samples investigated

in the work, the RMC simulations clearly identify a segregation of dopant atoms to the

surface region of the nanoparticle. These samples have a narrow bond angle distribu-

tion consistent with crystalline silicon. Figure 5.7 indicates the carrier concentration

within the doped Si NCs estimated in two ways: (1) by counting the number of dopants

within the core region of the RMC simulation and assuming all are electrically active,

and (2) by using the LSPR peak frequency from FTIR data of the mid-infrared absorp-

tion. The RMC simulations would predict that nearly equal carrier concentrations for

as-produced boron-doped Si NCs and their annealed counterparts; however, the blue

shift in the plasmon indicates significant enhancement in carrier concentration. Despite
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a significant change in the plasmonic resonance of these samples with treatment by low-

temperature annealing, we find little evidence of a structural change in the nanocrystal

itself. For this reason, we hypothesize that the blue-shift in peak LSPR frequency is

the result of chemical changes at the surface of the particle; specifically, oxidation re-

sulting from interaction of surface boron species with residual oxygen and water in the

nitrogen-purged environment, accelerated by low-temperature annealing. The coordi-

nation of boron with oxygen at the surface of the particle activates the surface dopant

as an electrical donor, increasing the free-carrier density, with no change in nanoparticle

structure. Therefore, we conclude that the electrical activity of carriers in boron-doped

Si NCs is strongly dependent on chemical processes at the surface, consistent with pre-

vious work by Kramer et al., which must be accounted for when using methods which

rely on carrier behavior to evaluate doping performance.

Discussion: Phosphorus-doped Si NCs. The modeled results for phosphorus-

doped Si NCs are more ambiguous than for the boron-doped case. We find that the

phosphorus atoms are more likely than boron atoms to be found in the ‘core’ region

of the simulated nanocrystal. Compared to the simulated boron-doped Si NCs, those

doped with phosphorus have a lower density surface. Figure 5.7 (b) indicates that in all

cases, the number of dopants within the core of the RMC-simulated NC over-estimates

the carrier concentration. This observation provides evidence that while there may be

phosphorus atoms in the bulk of the NC, some fraction of the dopant atoms are electri-

cally inactive. In bulk silicon, when the atomic concentration of phosphorus is in excess
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Figure 5.7: Carrier carrier concentration in (a) boron-doped Si NCs and (b)
phosphorus-doped Si NCs estimated by the number of dopant atoms found in the ‘core’
region of the RMC-generated simulated NC (filled squares) and LSPR peak frequency
from FTIR data of mid-infrared absorption (open circles). Note that for the untreated
2.5% B-doped sample, the carrier concentration is too low to support a collective reso-
nance.

of the solid-solubility limit, multiple mechanisms have been found for the electrical de-

activation of phosphorus. Specifically, the formation of precipitates by the diffusion of

phosphorus towards the surface during annealing, occupying electrically inactive config-

urations [162], or vacancy cluster-formation, an electrically inactive complex consisting

4 phosphorus atoms and a vacancy [163].

Based on the results presented in Figure 5.7, we deduce that the discrepancy between

total atomic phosphorus concentrations estimated by RMC and charge carrier density

evidenced by the plasmonic response is through inactivation of species by defect or

trap states likely at the surface of the nanocrystal. Furthermore, we reason that the
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increase in free carrier concentration determined by the blue shift in LSPR upon low-

temperature annealing is due to the slight reduction in these defects resulting from

structural changes near the surface of the NC. Comparing the structural parameters

from RMC configurations of untreated and annealed phosphorus doped samples, for the

surface region, there is a decrease in average bond length and corresponding increase

in atomic coordination. This provides evidence that a structural change occurs upon

annealing and is responsible for reducing surface defects, leading to an enhanced carrier

concentration.

This defect reduction in Si NCs by low-temperature annealing has been proposed

elsewhere. Electron paramagnetic resonance (EPR) performed on Si NCs from a low-

pressure microwave plasma revealed a significant reduction in the density of dangling

bond defects upon vacuum annealing at 200◦C [164]. This effect was further confirmed

by photothermal deflection spectroscopy and photoconductivity measurements. The

authors propose that a structural change induced by the diffusion of hydrogen as a

mechanism for initiating these structural changes. Hydrogen may be effectively incor-

porated as an interstitial during the plasma synthesis process using silane as a precursor.

Therefore, this proposed mechanism would be relevant to the doped Si NCs considered

in this work. For the case of phosphorus-doped Si NCs, the electrical activity of carriers

in the Si NC is dependent not just on atomic concentration but on the presence of

structural defects in the Si NC, mostly-likely present in the region near the NC surface.

We caution that conclusions drawn here cannot be generalized to all doped Si NCs.
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Although compositionally comparable, each synthesis method may result in a product

with a unique doping efficacy and behavior. Furthermore for a single synthesis method,

dopant location may be found to vary with nanocrystals size or morphology. Ultimately,

these results provide insight into the utility of RMC simulations on HE-XRD derived

pair distribution function data for the structural analysis of doped nanocrystals.
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Conclusion and Discussion

In this work, we have demonstrated that nonthermal plasmas provide a unique reaction

environment, well-suited to the gas-phase growth of core/shell QDs. Specifically, the

negative charging of core QDs in the plasma suppresses coagulation, keeping the QDs

singly dispersed, such that the shell growth occurs around isolated particles rather than

agglomerates. Effectively, Coulombic repulsion between QDs provides a barrier to core

agglomeration generally afforded by organic surfactants in solution-phase approaches.

Additionally, the in-flight selective heating of these QDs exploits the nonequilibrium

within the plasma such that Tgas < TQD < Te. This allows for the synthesis of materials

requiring high synthesis temperatures while the background gas is maintained near room

temperature [56].

This gas-phase approach to core/shell QD synthesis is particularly exciting as it

opens up a wide range of possible heterostructures. Nonthermal plasmas have been

126
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used for the synthesis of Si (P and B-doped)[42], Ge[54], SiGe[29], ZnO (Al-doped)[32],

ZnS[37], GaN[35], and InP[25], to name a few. The methods presented here should

allow for the synthesis of novel, technologically relevant core/shell QDs which have so

far been difficult or impossible to produce in solution.

The core/shell systems presented here only begin to scratch the surface. As this work

has been published and presented within the community, it has generated interested

in the exploration of other material systems. Each system will have its particular

challenges depending on selected precursors. The two shell growth strategies optimized

here, epitaxial and diffusive growth, provide a framework for the future exploration of

more complex material systems.
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