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Abstract

Perovskite oxide (ABO3 type compounds) is an important class of materials exhibiting

a wide range of functionalities. However, in comparison to conventional semiconduc-

tors such as silicon, they possess orders of magnitude lower room-temperature electron

mobilities. For example, in doped SrTiO3, the best reported room-temperature value

of electron mobility has remained below 10 cm2 V−1 s−1 for over five decades. The

realization of a perovskite oxide semiconductor with high room-temperature mobility

would constitute a significant advancement, enabling novel physical and perhaps even

a plethora of new and more realistic device concepts. Very recently a key step in this

direction was taken via the growth of bulk doped BaSnO3, where room-temperature

mobilities as high as 320 cm2 V−1 s−1 was reported. Thin films of BaSnO3 show much

lower room-temperature mobility values ranging between 1-180 cm2 V−1 s−1 and highly

dependent on the growth method, choice of substrate, and dopants. Although these

findings have been encouraging for fundamental studies and potential applications in

room-temperature oxide electronics, there still remains many open fundamental ques-

tions and challenges including the role of defects on the properties of BaSnO3 and the

scattering mechanisms that limit the mobility in thin films from reaching values close

to bulk mobility. These questions will be addressed in this thesis by studying thin films

of BaSnO3 grown by molecular beam epitaxy.

One of the challenges with the growth of BaSnO3 is the high electronegativity (low

oxidation potential) of tin suggesting that stronger oxidizing conditions such as ozone

or high-pressure oxygen plasma are required to achieve full oxidation of Sn. Such ex-

treme oxidation conditions in an ultra-high vacuum molecular beam epitaxy system

may lead to undesirable consequences such as oxidation of elemental sources leading to

flux-instabilities, filament oxidation, and potential damage to vacuum pumps. As the
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first step in this direction, a new radical-based hybrid MBE approach for tin-based com-

pounds is developed. For BaSnO3 growth, Ba is supplied through effusion from a cell, Sn

using a chemical precursor (hexamethylditin – (CH3)6Sn2), and oxygen using a radio fre-

quency plasma source. The unique aspect of our approach is that hexamethylditin forms

highly reactive Sn• radicals, which facilitate the growth of phase-pure, stoichiometric

films even in weak oxidizing environment such as molecular oxygen. Using this approach,

synthesis of phase-pure and epitaxial BaSnO3 with scalable growth rates and layer-by-

layer control over thicknesses is reported. Reflection high-energy electron diffraction

is used to describe the strain relaxation behavior of BaSnO3. Various characterization

techniques are employed for establishing the stoichiometric growth condition such as

X-ray diffraction for lattice parameter measurements, Rutherford backscattering spec-

trometry for quantification of cation (Sn:Ba) ratio, atomic force microscopy for imaging

the surface morphology, electronic transport for measuring the carrier concentrations,

resistivity, and electron mobility in lanthanum-doped BaSnO3 films, and time-domain

thermoreflectance for determining the thermal conductivity. With the combination of

these techniques, existence of a self-regulating “growth-window” is demonstrated.

Through controlled La-doping in BaSnO3 films, a highest room-temperature elec-

tron mobility of 120 cm2 V−1 s−1 is achieved on a -5.12 % lattice-mismatched SrTiO3

substrate. The optimal doping range for the highest mobility is found to be 5.0× 1019

cm−3 to 5.0× 1020 cm−3. Mobility decreases at higher or lower doping concentrations.

Temperature-dependent measurements of mobility provide insights into the scattering

mechanisms limiting the mobility at different doping concentrations and temperatures.

While dislocation scattering is found to be dominant at low doping regime, ionized

impurity scattering plays a major role at high doping levels. At intermediate doping

concentrations, both scattering mechanisms control the transport behavior. Phonon

scattering accounts for the decreasing trend in mobility with increasing temperature.

Building upon these findings which revealed mobility-limiting mechanisms in uniformly

doped BaSnO3, the final step involves the development of modulation doping approach
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in BaSnO3-based heterostructures. The basic idea behind modulation doping is to sep-

arate electrons from their ionized donors. Favorable band offsets in BaSnO3–SrTiO3

and BaSnO3–SrSnO3 systems are established. Taking BaSnO3–SrSnO3 as the model

heterostructure, electron transfer from La-doped SrSnO3 to BaSnO3 is demonstrated,

resulting in dramatic changes in the transport behavior. Results are encouraging and

clearly suggest that electrons in BaSnO3 can be separated from ionized dopants. The

transport, however, is still limited by dislocations and defects at the interface which

should be the focus of future studies.
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Chapter 1

Introduction to Perovskite Oxides

Metal oxides are the most abundant of all compounds found on Earth, many

of which serve as ores for the extraction of pure elements. Oxides are ubiquitous,

finding applications in numerous hand-held electronic devices, either in the form of

display screens, or gate dielectrics in transistors. These oxides can be binary (AmOx),

or ternary (AmBnOx), or quaternary. Some of the commonly used binary oxides include

silicon dioxide (SiO2) in field-effect devices [1] and indium-tin-oxide (Sn:In2O3 or ITO)

as transparent conductors [2]. Over the years, beta-gallium oxide (β-Ga2O3) has become

popular for potential applications in high power electronics owing to its wide band gap,

high room-temperature electron mobility, and high breakdown voltage [3, 4]. Ternary

oxides, on the other hand, like barium titanate (BaTiO3) or lead-zirconium titanate

(Pb(Ti,Zr)O3) find applications in transducers due to their piezoelectric properties [5,6].

Recently, alkaline earth stannates such as barium stannate (BaSnO3) and strontium

stannate (SrSnO3) have garnered much interest due to their optical transparency, wide

band gap, and high electrical conductivity at room-temperature [7, 8, 9].

Parts of this chapter have been adapted from – (i) Abhinav Prakash and Bharat Jalan. Molec-
ular Beam Epitaxy for Oxide Electronics. In: Molecular Beam Epitaxy: Materials and Applica-
tions for Electronics and Optoelectronics (ed. Hajime Asahi and Yoshiji Horikoshi), 423-452, DOI:
10.1002/9781119354987.ch26, John Wiley & Sons (2019) and (ii) Abhinav Prakash and Bharat Jalan.
Wide band gap perovskite oxides with high room-temperature electron mobilities. Adv. Mater. Inter-
faces, submitted (2019).
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1.1 Structure-Property Relationship in Perovskite Oxides

Among various oxides, one class of materials that has emerged to be of great impor-

tance is perovskite oxides. These compounds have a general chemical formula of ABO3,

where A-sites are usually occupied by alkaline-earth (Ca, Sr, Ba, etc.) or rare-earth

elements (La, Gd, Nd, etc.) and B-sites by transition metals (Ti, Mn, Ru, etc.) or

some of the p-block elements (Al, Sn, Ga, etc.). They have a simple crystal structure

wherein A-site refers to the corners of a unit cell and B-site refers to the body-centered

position. Six oxygen ions that sit at the face centers form a three-dimensional network

of BO6 octahedra as illustrated in figure 1.1.

Figure 1.1: (a) A perovskite unit cell, where A atoms (blue) are present at the corners,
B (green) at the body center, and O (red) at face centers, and (b) Perovskite oxides
seen as a three dimensional network of BO6 octahedra.

The stability of the crystal is often given by the Goldschmidt’s tolerance factor

(t) [10]-

t =
rA + rO√
2(rB + rO)

(1.1)

where, rA, rB, and rO are the ionic radii of elements A, B, and oxygen, respectively. For

the perovskite structure to be stable, t should lie between 0.8 and 1.1. A broad range of

acceptable tolerance factor that holds the atomic arrangement suggests that the BO6
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octahedra can withstand a large amount of strain. The crystal prefers to be cubic if the

tolerance factor is close to 1.0 [11,12]. Deviations in t can occur due to differences in the

ionic radii of various cations that can be accommodated in the perovskite structure [13].

As t starts to deviate from 1, the structure undergoes symmetry-lowering changes and

no longer remains cubic. These structural changes can exist in the form of octahedral

tilts, or distortions, or both [14]. Octahedral tilts and distortions lead to changes in the

bond lengths and the B–O–B bond angle, which in turn affect the orbital overlap and

hence the band width. Band width, W , being coupled with the electronic structure, has

a strong influence on the properties of perovskite oxides.

1.2 Lattice Degrees of Freedom

In addition to the flexibility provided by the crystal structure, there are several

other degrees of freedom that can be exploited to engineer the physical properties of a

perovskite oxide.

1.2.1 Point Defects

Due to their flexible structure, perovskite oxides can adapt to a combination of

cation oxidation states if the charge neutrality condition is satisfied (sum of the ox-

idation states for cations = 6). Further modifications to the crystal and electronic

structures of perovskite oxides can be achieved by alloying (isovalent substitution) or

doping (aliovalent substitution) at the A or B sites. Structural changes are discernible

in oxides when they are alloyed above a certain limit due to changes in the tolerance

factor. Lattice parameters of the alloyed compound can vary linearly between the two

parent compounds following the Vegard’s law. However, Vegard’s law is not strictly

followed with deviations observed in alloyed compounds such as Sn-alloyed SrTiO3 [15]

or Sr-alloyed BaSnO3 [16].
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Doping concentrations, on the other hand, are usually smaller to cause global struc-

tural changes. Aliovalent substitution introduces extra electrons or holes in the lattice

resulting in noticeable changes to the electronic structure. Depending on whether the

dopant acts as an acceptor or donor, p-type (hole) or n-type (electron) carrier transport

can be observed, respectively. For instance, in SrTiO3, p-type conduction is observed

if it is doped with Sc on the B site, whereas La doping at A site results in n-type

transport [17, 18]. Some of the oxides can also accommodate oxygen vacancies to a

certain extent, which provides another route to alter the electronic properties. This is

one of the simplest ways of making a film conducting as creating oxygen vacancies only

requires heating the material to high temperatures in moderate to high vacuum. At

such temperatures, oxygen diffuses out of the lattice and leaves as molecular oxygen. It

can be visualized with the help of a simple defect reaction which also shows that oxygen

vacancies can dope the material with electrons [19].

OO −−→
1

2
O2 + V ••O + 2e

′
(1.2)

The ability to create oxygen vacancies in a perovskite structure depends on the acti-

vation energy associated with the formation of oxygen vacancies and the diffusivity of

oxygen vacancies in the material [20]. For instance, in BaSnO3, although the enthalpy

of vacancy formation is low [21], oxygen diffusion coefficient is known to be orders of

magnitude smaller than other perovskite oxides such as SrTiO3 [22] at typical anneal-

ing conditions. As a result, in thin films of BaSnO3, annealing in vacuum can create

oxygen vacancies due to small diffusion lengths [23]. On the other hand, oxygen vacan-

cies in bulk single crystals of BaSnO3 are hard to create and are often formed during

the growth process [23]. In many oxides, mainly the ones having high oxygen diffu-

sivity, oxygen vacancies can be suppressed by annealing in oxygen atmosphere at high

temperatures [24,25].
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1.2.2 Strain

When perovskite oxides exist in the form of thin films, strain provides another tuning

knob for controlling their properties. Availability of commercial substrates with lattice

parameters close to many of the perovskite oxides, makes the growth of single crystalline,

epitaxial thin films possible. Below a critical thickness, films can grow commensurately

(completely strained), taking the in-plane lattice parameter of the underlying substrate.

The biaxial constraint induced by the substrate can play important roles and can affect

the structural, electronic, and magnetic properties significantly. Structurally, substrate-

induced strain and coupling effects have been observed to affect the octahedral tilts in

perovskite oxides such as LaNiO3 [26], for instance. In the case of SrTiO3, which is an

incipient ferroelectric, tensile strain can stabilize the ferroelectric phase even at room

temperature [27].

1.2.3 d-orbital Splitting

Many of the perovskite oxides are transition metal oxides (TMOs), where the B

site is occupied by transition metals. The physical and electronic properties of TMOs

are mostly governed by the electrons in the d-orbitals. Due to the directional nature of

d-orbitals and the system’s propensity to minimize the total energy, several other effects

have been observed that are unique to TMOs. Therefore, it is important to review some

of the factors relevant to TMOs, such as crystal field splitting, Hund’s coupling, and

Jahn-Teller distortion.

Crystal field splitting in TMOs refers to the splitting of the otherwise degenerate

d-orbitals into different energy levels in the presence of the crystal’s static electric field

as shown in figure 1.2. In the octahedral coordination geometry of the perovskite struc-

ture, dx2-y2 and dz2 orbitals (called eg orbitals) are directed towards the oxygen ions

and therefore electrons in these orbitals experience greater coulombic repulsion. This

increases their energies relative to the other three dxy, dyz, and dxz orbitals (called t2g
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Figure 1.2: Crystal field splitting, Hund’s coupling, and Jahn-Teller distortion can lead
to different ground states in transition metal oxides.

orbitals). The energy difference between the eg and t2g orbitals is called the crystal field

splitting parameter, (∆o). When filling these orbitals, electrons first occupy the lower

energy t2g orbitals. Once all three orbitals are filled with one electron each, ∆o prevents

the occupancy of higher energy eg orbitals and favors pairing of electrons with opposite

spins. The overall spin angular momentum is thus reduced in such a configuration.

This is known as the low spin state. However, when electrons with opposite spins are

paired, there exists an energy penalty called the Hund’s rule coupling energy (Hex) due

to electrostatic repulsion. When Hex > ∆o, it is energetically favorable for the electrons

to occupy eg orbitals before pairing with t2g electrons, thus maximizing the total spin

angular momentum (Hund’s Rule). This configuration is known as the high spin state.

The ground state in transition metal oxides, therefore, may result from a competition
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between crystal field splitting and Hund’s coupling. When Hex and ∆o are comparable,

the electronic and magnetic properties of TMOs can be tuned by driving the system

from a low spin ground state to a high spin state or vice versa.

For certain electronic configurations, perovskite oxides can further lower their total

energy by undergoing Jahn-Teller distortions. These distortions are accompanied by

further splitting of the eg and t2g orbitals depending on the type of distortion (elongation

vs compression) as depicted in figure 1.2. Since two electrons with different spins can

occupy d orbitals, degeneracy can further be lifted in transition metal oxides when

strong spin-orbit coupling exists.

1.2.4 Interfacial Physics

Besides a diverse range of fascinating properties in bulk and thin films, new in-

terfacial phenomena continue to unfold in heterostructures of perovskite oxides. A

big impetus to the study of interfacial properties and physics came with the realiza-

tion of two-dimensional electron gas (2DEG) at the LaAlO3/SrTiO3 interface in the

year 2004 [28]. The existence of a conducting 2D layer between two band insulators

was attributed to the polar discontinuity resulting in electronic reconstruction at the

interface. Following the seminal work of Ohtomo and Hwang, many interfacial proper-

ties and novel physics were identified including superconductivity [29,30,31], ferromag-

netism [32, 33, 34, 35, 36, 37], quantum hall effects [38, 39], ferroelectricity [40], charge

transfer via broken-gap junction [41], etc., which are otherwise absent in the parent

oxide layers. Superconductivity and ferromagnetism have even been shown to coexist

at such interfaces [42]. Furthermore, these properties can be tailored with external

parameters such as strain effects and electric, or magnetic fields [43, 44, 45, 46, 47, 48].

Novel physical phenomena and properties are not just limited to the interfaces but can

even be realized in superlattices and heterostructures [49,50,51,52,53].
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Several degrees of freedom such as point defects, strain, d-orbital splitting, and in-

terfacial physics provided by the amenable crystal structure of perovskite oxides are re-

sponsible for the existence of a wide range of novel functionalities. Some of the intriguing

properties that have been discovered include high-temperature superconductivity (e.g.,

BaxLa5− xCu5O5(3− y)) [54], room-temperature ferromagnetism (e.g., La0.7Sr0.3MnO3)

[55], multiferroicity (e.g., BiFeO3, BiMnO3) [56, 57], colossal magnetoresistance (e.g.,

La0.67Ca0.33MnO3) [58], etc. Despite showing multitude of functionalities, perovskite

oxides have intrinsically low room-temperature electron mobilities. For example, room-

temperature mobility in n-type SrTiO3 is less than 10 cm2 V−1 s−1 [18, 19, 59] due to

high longitudinal optical phonon scattering and large electron effective mass arising

from Ti 3d-derived conduction band minima [59]. Higher room-temperature mobility

can be realized by choosing a material system with large momentum relaxation times

or small electron effective mass (me). Materials such as ZnO satisfy the criterion of

small me as their conduction band minima is derived from s-orbitals (more dispersed)

instead of d-orbitals (less dispersed) as in SrTiO3. Driven by the need to replace current

industry standard of transparent conductors – indium tin oxide, recently alkaline earth

stannates such as BaSnO3 has been explored. Conduction band minima in BaSnO3 is

also derived predominantly from s-orbitals resulting in high room-temperature electron

mobilities. At the same time, wide band gap of BaSnO3 makes it transparent in the

optical regime.

1.3 BaSnO3 as a High Room-Temperature Mobility Per-

ovskite Oxide

Indium tin oxide (ITO) has been at the forefront of display technologies due to its

high electrical conductivity which is the result of high electron mobility at high carrier

concentration and its wide band gap that make it optically transparent with transmis-

sion more than 70% in the visible range [2]. The importance of ITO and therefore
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indium in current and future technologies cannot be overstated. It is anticipated that

the supply of indium would not be able to keep up with this increasing demand [60]. As

a result, the U.S. Department of Energy has declared indium as one of the six energy

critical elements foreseeing a shortage of indium in the coming years. At the same time,

the European Commission Joint Research Center (JRC) also scored indium to be of high

overall risk in their supply-chain bottleneck evaluation [61, 62]. The current ITO tech-

nology has matured significantly, and therefore is hard to replace. Still, it is desirable

to look for alternative materials that can meet the demand without compromising on

the benefits [63]. Several binary oxides have been proposed as transparent conductors

such as ZnO, TiO2, and SnO2. Amongst them, ZnO stands out in terms of its electrical

conductivity as well as optically transparency when compared with ITO [64]. However,

there are certain issues that need to be addressed before it can replace ITO especially

those related to the oxide stability and patterning process. BaSnO3 has emerged as one

of the potential candidates for transparent conducting oxides with room-temperature

conductivity exceeding 1.0× 104 Scm−1 [7, 65].

1.3.1 Electronic Transport in n-type BaSnO3

Figure 1.3 summarizes room-temperature electron mobility as a function of carrier

density in BaSnO3 single crystals as well as thin films. BaSnO3 crystallizes in an ideal

cubic structure (Goldschmidt tolerance factor, t = 1.02) and belongs to the space group

Pm3̄m (s.g. 221) [66]. It has an experimentally determined bulk lattice parameter of

4.116 Å [67]. Interests in BaSnO3 as a potential candidate for transparent conductors

were generated by the discovery of high room-temperature mobility in single crystals

of La-doped BaSnO3 by Luo et al. when they reported electron mobilities above 100

cm2 V−1 s−1 at a carrier concentration of 1.0× 1020 cm−3 and a wide direct band gap

of 4.0 eV [68]. Later, Kim et al. showed that mobility in La-doped BaSnO3 single

crystals can reach as high as 320 cm2 V−1 s−1 at a carrier concentration of 8.0× 1019

cm−3 [69]. No particular trend, however, was shown to exist in the mobility-electron
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density plot for La-doped single crystals with values lying between 200 cm2 V−1 s−1 -

300 cm2 V−1 s−1 over a wide range of carrier concentrations possibly due to the presence

of unintentional non-stoichiometry-related defects [65].

Figure 1.3: Room-temperature electron mobility in single crystals and epitaxial thin
films of doped BaSnO3. Data were taken from ref. [7, 8, 21,23,65,68,69,70,71,72]

Similar mobility values were also reported by Galazka et al. in La-doped BaSnO3

single crystals [70]. McCalla et al. recently examined magnetic dopants - praseodymium

(Pr) and neodymium (Nd) in place of non-magnetic La yielding room-temperature

mobilities as high as 170 cm2 V−1 s−1 and 174 cm2 V−1 s−1, respectively at 1.1× 1020

cm−3 [23]. Pr- and Nd-doped BaSnO3 single-crystals also show paramagnetic behaviors.

Figure 1.4 shows the calculated electronic band structure of BaSnO3 along with partial

density of states [73]. High room-temperature electron mobility in doped BaSnO3 is usu-

ally attributed to low electron-phonon scattering and small electron effective mass (me).

The conduction band minima in BaSnO3 is derived predominantly from a more dispersed

Sn 5s state which results in a small me [73, 74]. A wide range of electron effective
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mass between 0.06 m0 - 0.6 me (m0 is the rest mass of an electron) have been reported

through experiments and theoretical calculations for BaSnO3 [65,75,76,77,78,79]. How-

ever, recently this number has been shown to converge towards 0.2 m0 [80,81], which is

comparable to the electron effective mass of other transparent conductors such as ZnO,

In2O3, and SnO2.

Figure 1.4: (a) Calculated band structure and partial density of states for BaSnO3.
Blue curve on the right corresponds to s-states, green to d-states, and red to p-states.
Reproduced with permission from ref. [73]

Besides having high room-temperature mobility, BaSnO3 also has a wide indirect

band gap experimentally determined to be in the range of 2.9 - 3.2 eV [74, 82], which

makes it optically transparent. Although theory is prone to underestimate the band

gaps, Tran-Blaha modified Becke-Johnson (TB-mBJ) and Perdew-Burke-Ernzerhof den-

sity functionals predict indirect band gaps of 2.8 eV [73,83]. Compared to other alkaline

earth stannates such as SrSnO3 and CaSnO3, the Sn–O–Sn bond angle in BaSnO3 is

exactly 180°. This leads to a smaller overlap between Sn 5s and O 2p orbitals and

hence smaller band gap in comparison to SrSnO3 and CaSnO3 that have band gaps in

the range of 4 - 5 eV. Due to similar crystal structure of alkaline-earth stannates, band
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gap can be tuned between anywhere between those of BaSnO3 and CaSnO3 by alloying

BaSnO3 with Sr or Ca [84]. Tunable band gap between 3.2 eV and 4.5 eV has been

shown in a (Sr, Ba)SnO3 system [16].

Figure 1.5 shows the transmission spectrum of a La-doped BaSnO3 on a SrTiO3 sub-

strate along with the refractive index. Substrate transmission and refractive index is also

shown for reference. Higher transmission through the BaSnO3 film on SrTiO3 substrate

than on bare SrTiO3 is due to a more reflective surface of SrTiO3 [85]. Optical trans-

parency and good electrical conductivity in doped BaSnO3 have prompted researchers

to theoretically and experimentally explore this material as a potential indium-free

transparent conducting oxide (TCO) for applications such as flat-panel displays, trans-

parent contacts, energy efficient windows, etc. Although BaSnO3 may form a future

environment-friendly TCO, economic viability of using BaSnO3 needs to be considered

before they are established on a commercial scale [76]. Other applications of BaSnO3

include - anodic material for Li-ion batteries [86], carbon dioxide and carbon monoxide

gas sensors, working electrodes for dye-sensitized solar cells, etc. Powders of BaSnO3

for these applications are prepared through several routes such as solid state synthe-

sis, sol-gel chemistry, co-precipitation technique, wet-chemical peroxide route, and hy-

drothermal method. However, for use as a transparent conducting channel material for

applications in oxide electronics operative at room-temperature, thin films of BaSnO3

are required.

1.3.2 Mobility in Thin Films of BaSnO3

Electron mobilities in thin films of doped BaSnO3 have remained lower than bulk

single crystals. They vary between 1 - 183 cm2 V−1 s−1 with the majority of works

focused on lanthanum (La+3) as the dopant atom [7, 8, 69, 71, 87]. La+3 has an ionic

radii of 1.36 Å and substitutes the A-site Ba+2 (1.61 Å) ions, therefore acts as an

n-type dopant. La donor levels are shallow creating degenerate doping in BaSnO3.

Highest room-temperature mobility reported in La-doped BaSnO3 is 183 cm2 V−1 s−1
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Figure 1.5: Optical transmission through a BaSnO3 film on SrTiO3 substrate along
with transmission through a bare substrate. Inset shows their refractive indices. Repro-
duced with permission from ref. [85] licensed under a Creative Commons Attribution
4.0 International License.

at 1.20× 1020 cm−3 on DyScO3 (001) substrate having a lattice mismatch of - 4.2

% with BaSnO3 [8]. Mobilities, however, do not scale proportionally with decreasing

lattice mismatch. For example, highest room-temperature mobility on PrScO3 (110)

substrate is 150 cm2 V−1 s−1 at 1.20× 1020 cm−3 which offers much lower lattice mis-

match of -2.3 % [71]. Even films grown on homoepitaxial BaSnO3 (001) substrate show

mobilities of only 100 cm2 V−1 s−1 at 1.3× 1020 cm−3 [72]. On the other hand, films

grown on a highly mismatch substrates such as SrTiO3 (001) (-5.1 %) have mobilities

exceeding 120 cm2 V−1 s−1 at 4.0× 1020 cm−3 [7]. Apart from La, Gd doping has been

demonstrated in thin films of BaSnO3 films [88]. Gd being a magnetic impurity, intro-

duces localized magnetic moment while preserving the optically transparency and high

room-temperature conductivity of films [88].

Various B-site aliovalent dopants have also been studied including but not limited to

Sb+5, Nb+5, and Co+3 [67, 89, 90, 91]. These, however, result in much lower mobilities

compared to A-site substitution. Since the conduction band minima in BaSnO3 is
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derived from Sn 5s states, the conduction channel is believed to pass through the SnO6

octahedra. As a result, substituting Sn with Sb increases the electron scattering rates

and causes a subsequent reduction in mobility. Additional factors such as clustering of

ionized impurities and enhanced scattering of conduction electrons from donor sites are

also responsible for lower mobility values [92]. On one hand, Sb [74,93] and Nb [90] act

as n-type dopants, Co acts as acceptors and introduce holes in the valence band [91].

p-type transport has been observed in such systems. Just like SrTiO3, BaSnO3 can also

become conducting (n-type) by doping with oxygen vacancies. Ganguly et al. [21] have

explored the mobility-electron density relationship in oxygen vacancy-doped BaSnO3

grown by high-pressure oxygen sputtering over a wide range of carrier concentrations

by annealing in ultra-high vacuum at different temperatures. They found a µ ∝ n0.65

scaling in BaSnO3–δ for 2.0× 1017 cm−3 ≤ n ≤ 5.0× 1019 cm−3 which is close to µ

∝ n0.5, typical of scattering from dislocations present in the film due to large lattice

mismatch between the film and the substrate [21]. The highest mobility in oxygen

vacancy-doped films was found to be 25 cm2 V−1 s−1 which is comparable to some of

the La-doped films grown by other growth techniques [21, 94]. Although the density of

oxygen vacancy can be controlled in thin films by the choice of reduction temperature,

time, and background pressure, vacancies in bulk single crystals are determined by the

growth method and condition. Annealing of bulk single crystals of BaSnO3–δin ultra-

high vacuum and under high oxygen pressure at high temperatures are shown not to have

a significant influence on the vacancy concentration. This has been attributed to a small

enthalpy of formation of VO in BaSnO3 and low diffusivity of VO [23]. Besides oxygen

vacancies in BaSnO3, substitution at the anion-site is also a viable doping scheme.

Fluorine and hydrogen doping are predicted to be shallow donors in BaSnO3 [78].

1.3.3 Field-Effect Transistors (FET) Based on BaSnO3

As stated earlier, BaSnO3 is a promising material for field-effect devices due to its

high room-temperature mobility. At the same time, the thermal stability of BaSnO3 is
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7 times higher than that of SrTiO3 in terms of oxygen diffusion constant [95]. Figure 1.6

shows the device with the best reported field-effect mobility in the La-doped BaSnO3.

The device uses a lattice-matched LaInO3 high-κ dielectric (κ = 38.7) gate oxide and

showed a room-temperature mobility of 90 cm2 V−1 s−1 [95]. High field-effect mobility

is due to better BaSnO3/gate oxide interface. The on/off ratio (Ion/Ioff) was found to

be larger than 107 with a subthreshold swing of 0.65 V/dec. Similar on/off ratio (107)

and subthreshold swing (0.8 V/dec) has been reported in devices with a BaHfO3 gate

oxide which has comparably high dielectric constant (κ = 37.8). Mobility was however

found to be lower by about 40 percent and is ascribed to enhanced impurity scattering

due to higher lanthanum doping [96].

Several conventional gate oxides have also been studies including Al2O3 and HfO2. A

larger subthreshold swing of 3.2 V/dec in devices with Al2O3 as the gate oxide has been

attributed to high density of charge traps in the gate oxide and threading dislocations

in the film. This resulted in a much lower field-effect mobility of 17.8 cm2 V−1 s−1 with

an Ion/Ioff ratio of 105 [97]. In comparison, field-effect transistors with HfO2 as the

dielectric material show an order of magnitude lower subthreshold swing of 0.42 V/dec

which is attributed to the much higher dielectric constant of HfO2. Such devices showed

higher Ion/Ioff ratio (6.0× 106) and higher field-effect mobility (25 cm2 V−1 s−1) [98].

These two devices differ in the amount of interfacial trap densities as well 4.3× 1013

cm−2 with Al2O3 vs. 1.0× 1013 cm−2 with HfO2. The properties of BaSnO3 FET

with HfO2 gate oxide can be further improved by using MgO as the substrate. An

Ion/Ioff ratio of 3.0× 107 and a subthreshold swing of 0.21 V/dec was reported in such

devices [99]. It is therefore intuitive to imagine that a gate oxide with higher dielectric

constant will result in better device performance. Yue et al. however reported that in

devices based on SrTiO3 (κ = 300) as the gate dielectric, the Ion/Ioff ratio was poor (≈ 2)

at room-temperature. The field-effect mobility reported was 70 cm2 V−1 s−1 compared

to 90 cm2 V−1 s−1 with LaInO3 as the gate oxides [95,100]. These results suggested that

parameters such as the interface and the band offset between the gate oxide and the
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Figure 1.6: (a) Schematic cross-section of the LaInO3/(La, Ba)SnO3 heterostructure,
(b) Top view of the device from an optical microscope, transfer characteristic of the
FET in the (c) linear, (d) saturation regime, and (e) Output characteristic of the device
shown in (a). Reproduced with permission from ref. [95] licensed under a Creative
Commons Attribution 3.0 Unported License.
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channel material play significant roles. Use of a barrier layer of (Sr, Ba)SnO3 between

the gate oxide (parylene) and the BaSnO3 channel was proposed by Fujiwara et al. [101]

to suppress the interfacial scattering from traps, which resulted in a higher mobility of

52 cm2 V−1 s−1. Lower mobility is conceivably due to a much lower dielectric constant

of parylene (κ = 3.2).

1.3.4 Defects in BaSnO3

Mobilities in thin films of BaSnO3 vary considerably due to the presence of different

amount of defects in the films. These defects could be point defects such as cation or

anion vacancies due to non-stoichiometry, substitutional or interstitial defects due to

impurities from source materials, and/or choice of deposition technique. They could

also be in the form of line defects such as dislocations. BaSnO3 has a fairly high lattice

parameter. Figure 1.7 compares the lattice parameter of BaSnO3 with commercially

available perovskite substrate [102]. Notably, the lowest mismatch accessible is - 2.3

%. The lattice mismatch between the film and the substrate results in the formation

of dislocation in the film at thickness above a critical thickness. These defects can be

acceptor-like in n-doped BaSnO3 and compensate for charge carriers besides introducing

additional scattering centers [87]. Electron mobility is therefore adversely affected with

the incorporation of such defects.

Mobilities also depend significantly on the choice of deposition method and syn-

thesis conditions. Different growth methods involve different energy of the depositing

species and hence account for variations in electronic properties [102]. The difference

in properties could also be due to the difference in the synthesis condition. For exam-

ple, first principles calculations suggest that oxygen-rich conditions promote formation

of compensating defects in alkaline-earth stannates as opposed to oxygen-poor condi-

tions [78, 103]. Although calculations show that the anti-site defect (LaSn) and cation

vacancies at the A-site are more favorable to form under such growth conditions, the

exact nature of compensating defects is still debatable. There also remains many open
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Figure 1.7: Lattice parameter of various commercially available substrates in comparison
with BaSnO3. Reproduced with permission from ref. [102].

questions such as – Can these defects be controlled in thin films of BaSnO3 by proper

choice of growth conditions and/or deposition method? What limits the mobility in

BaSnO3? Is it limited by the electronic band structure, or scattering mechanisms such

as ionized impurity scattering, phonon scattering, or scattering from defects and dis-

locations? Can higher room-temperature electron mobility, equivalent to that of bulk

single crystals, be obtained in thin films of BaSnO3 through defect management and/or

band structure engineering?

1.4 Thin Film Growth Approaches

The observations of novel ground states unique to perovskite thin films and het-

erostructures have been made possible by the ability to produce films with abrupt in-

terfaces, and controlled defect densities. Even after five decades of existence of thin film
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growth techniques, they continue to mature. Recent demonstration of two-dimensional

hole gas at LaAlO3/SrTiO3 interface is a good example [104]. Growth approaches avail-

able today are capable of precisely varying the thickness of films to atomic layer pre-

cision [105, 106, 107]. Properties in thin films and heterostructures are, however, found

to be extremely sensitive to stoichiometry, defects, interfacial roughness, surface ter-

mination, thickness etc. [108, 109]. For example, the two-dimensional electron gas that

was first observed in LaAlO3/SrTiO3 heterostructure, only forms if the SrTiO3 sub-

strate has a TiO2-termination. LaAlO3 films grown on SrO-terminated substrate were

found to be insulating [110]. In addition to surface termination, cation stoichiometry

also has a strong influence on the properties of 2DEG [108, 111, 112, 113]. For exam-

ple, La-rich LaAlO3 films have been shown to result in non-conducting LaAlO3/SrTiO3

interfaces [112,114,115].

For fundamental study and discovery of novel phenomena, it is thus critical to have

both good structural quality and excellent control over the point defects in thin films

grown using ultra-high vacuum deposition techniques [116]. This section will review

some of the common thin film growth techniques employed today and compare their

advantages and disadvantages. Thin film growth techniques for oxides can be classified

into two broad categories – solution and vapor-based approaches.

1.4.1 Solution Phase Synthesis

Solution phase methods are perhaps the oldest known way of depositing films on a

substrate. It is illustrated in figure 1.8. In step 1, a mixture of solutes is first dispersed

in a solution to form colloids also known as precursors. The solutes react with each other

during the ageing step either at room-temperature or moderately high temperature to

form the desired material to be deposited. In step 2, the precursor is then transferred

to the substrate using a coating technique such as spin-coating or dip-coating. The next

step involves removal of the liquid phase either by baking at high temperature or using

a centrifuge. This leaves a layer of film on the substrate which are usually amorphous.
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Annealing at high temperature improves the crystallinity of the films, however grain

boundaries exists with grain sizes of the order of a few nanometers. These steps can be

repeated to achieve a desired thickness of the film. The simplicity with which films can

be deposited with this approach makes it one of the most popular, cost-effective, and

energy-efficient ways of thin film deposition methods, albeit it does not provide atomic

layer control over film thickness with the properties being limited by the structural

imperfections such as grain boundaries and impurities in solutes [117].

Figure 1.8: Schematic showing a typical sol-gel method for producing thin films.
Adapted from ref. [117].

1.4.2 Vapor Phase Synthesis

Vapor phase deposition techniques differ from solution-based approaches in a way

that it involves a phase change, where the starting material (originally existing as a solid
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or liquid) is transformed to vapors before encountering the substrate. Vapor deposition

can be further classified into chemical and physical deposition approaches. Chemical

deposition includes a chemical reaction taking place at the surface of the substrate

whereas in physical deposition methods, films are directly transferred on the substrate

by evaporation or sublimation. Three of the widely used physical vapor deposition

methods are discussed below.

Sputtering

In sputtering, the source material is a bulk sintered target of the film that is be-

ing deposited on a substrate. Sputtering of the target is carried out using a plasma

source -typically a mixture of an inert gas like argon with oxygen for oxide materials.

The ionized species of plasma with positive charges bombard the surface of the target

removing some of the material. The materials coming off the target are also charged

and travel towards the substrate due to the applied potential difference between the

target and the substrate. The voltage difference can be either DC or AC, depending on

the electrical property of the target. Insulating targets require an AC source to avoid

charge build-up at the surface, which would suppress the kinetic energy with which the

ionized plasma travels towards the target [118]. Cost-effectiveness and high throughput

of sputter deposition make it one of the preferred industrial growth techniques.

Pulsed Laser Deposition

Pulsed laser deposition (PLD) is similar to the sputtering approach except that in-

stead of an argon plasma, a laser beam is used to ablate the target [119]. The target

material should have a high optical absorption coefficient at laser wavelength. Due to

ionization by the high energy laser beam, the material creates its own plasma which is

directed towards the substrate. The flux of the plume is responsible for film deposition.

The film growth can be controlled using the laser pulse. The growth rate is dependent

on the laser energy, distance between the substrate and the target, and the background
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gas pressure. By proper choice of these parameters, each laser pulse can be used to

deposit submonolayer of material at a time. Growth rates are typically below 1 Å per

pulse. PLD is usually equipped with in-situ Reflection High Energy Electron Diffrac-

tion (RHEED), which helps in monitoring the surface crystallinity and growth mode.

RHEED intensity oscillations can provide information about the growth rate as well for

layer-by-layer growths [120].

Sputtering and PLD have been used to create some of the structurally superior

quality thin films and heterostructures with properties not observable in films grown

with solution based approaches [28, 38]. One of the main advantages of sputtering and

PLD is their applicability to a wide range of materials. The processes are cheap and can

be scaled up to meet industry requirements. In both these methods, the stoichiometry

of the target can be preserved (‘congruent material transfer ’) under proper choice of

growth conditions. However, if laser fluence is not selected appropriately, stoichiometry

has been found to vary considerably during PLD growth [121]. Even for the same

growth parameters, sample-to-sample variation has been observed. Sputtering and PLD,

both are high-energy deposition techniques, where the high kinetic energy of particles

leaving the target can re-sputter the film. The re-sputtering effect can create defects

which are deleterious to the properties of the films. This can, however, be minimized

by a modified sputtering technique called high-pressure sputtering in which oxygen

is supplied at relatively high pressure to decrease the kinetic energy of the particles

[94, 122, 123]. Film properties are also limited by the composition control and purity

of the target [124, 125]. Sometimes single-crystalline targets are used to overcome this

issue, which however, increases the total cost of production [126].

Molecular Beam Epitaxy

In the late 1960s, another thin film growth technique known as Molecular Beam

Epitaxy (MBE) was devised by A.Y. Cho and J.R. Arthur, which overcame some of the
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challenges with other deposition methods [127, 128, 129]. MBE is a low energy, ultra-

high vacuum thin film deposition technique which employs molecular beam of source

materials impinging at the substrate kept at high temperature. Molecular beam means

that the mean free paths of atoms or molecules are larger than the source-to-substrate

distance (due to the UHV environment). As a result, no inter-atomic/molecular colli-

sion occurs before they reach the substrate. High temperature promotes formation of

single crystalline films. MBE can be thought of as a combination of chemical and phys-

ical vapor deposition, where individual species are either evaporated using an effusion

Knudsen cell or an electron beam. These species react with each other to form a layer

of material at the surface of the substrate. MBE offers atomic layer control over film

composition, thickness and roughness. Films can be grown with low defect densities

due to molecular growth regime. MBE also comes equipped with other in-situ tools in

addition to RHEED, such as quartz crystal microbalance and/or beam flux monitor to

precisely control the flux of individual beams for better stoichiometry control [128].



Chapter 2

Oxide Molecular Beam Epitaxy

2.1 Historical Perspective

The first demonstration of oxide MBE dates back to 1978, when Hirose, Fis-

cher, and Ploog [130, 131] used a molecular oxygen source for the growth of amor-

phous aluminum oxide (Al2O3) on gallium arsenide (GaAs) film to make a metal-oxide-

semiconductor (MOS) heterostructure. One of the challenges associated with the growth

of oxides on conventional semiconductors such as GaAs was the incorporation of oxy-

gen in the semiconductor lattice. In this case, it was found that the stoichiometry of

the underlying GaAs layer was modified in the presence of oxygen. Even with the in-

sertion of Al0.5Ga0.5As layer between Al2O3 and GaAs to prevent oxidation of GaAs,

oxygen diffusion was found to be an issue due to relatively high growth temperatures.

Lower growth temperatures, on the other hand, would reduce the reactivity of oxygen

remarkably. To strike a balance between the two, more efficient oxygen sources were

desirable [130], but were not implemented in MBE growths until 10 years later due to

compatibility issues as we discuss later.

Parts of this chapter has been adapted from – Abhinav Prakash and Bharat Jalan. Molec-
ular Beam Epitaxy for Oxide Electronics. In: Molecular Beam Epitaxy: Materials and Applica-
tions for Electronics and Optoelectronics (ed. Hajime Asahi and Yoshiji Horikoshi), 423-452, DOI:
10.1002/9781119354987.ch26, John Wiley & Sons (2019).
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The first growth of ternary oxides was reported in 1982-83 by Stall [132] who used

volatile oxides (As2O3 and Sb2O3) as a source of oxygen to grow amorphous spinel

Al2MgO4, but it was not until 1985 that the first crystalline ternary oxide (LiNbO3)

was grown [133]. Major advancements to the development of oxide MBE came after

the discovery of high-temperature superconductivity in copper-based oxides (cuprates)

[54, 134, 135, 136, 137, 138, 139]. Thin films grown using MBE with molecular oxygen

were, however, amorphous and showed no sign of superconductivity. Long post-growth

anneals at high temperatures and high oxygen pressures were required to make films

crystalline and to stabilize the superconducting phase [140]. To utilize full advantages

of MBE over other growth techniques such as atomic layer control and ability to grow

uninterrupted superlattice structures with smooth interfaces, controlling the properties

of the films in-situ was desirable. This was achieved by integrating more efficient oxygen

sources such as oxygen plasma [141, 142] and ozone [143, 144] with molecular beam

epitaxy. With the use of more reactive oxygen sources, post-growth annealing step was

largely eliminated.

2.2 Design of Oxide MBE

2.2.1 Plasma-Assisted MBE

Figure 2.1(a) show a typical design of a radio-frequency (rf ) plasma source consisting

of a water-cooled rf coil inductively coupled with the rf source operating at 13.56 MHz.

It is supplemented with an external matching unit for optimum plasma coupling and

to minimize the reflected power. The efficiency of plasma sources are argued to vary

anywhere between 10% - 70% depending on the choice oxygen pressure and plasma

power (figure 2.1(b)) [145]. Additionally, rf plasma sources are often equipped with ion

deflection plates to prevent electrons and high energy ions from reaching the growth

surface. Atomic source of oxygen has also proved effective in substrate cleaning prior to

growth and remove any carbon contamination from the surface [146,147]. This ensures



26

that the interface between the film and the substrate is clean, which is essential for

studying novel interfacial phenomena.

Figure 2.1: (a) Schematic of the radio frequency plasma source in Jalan MBE lab at the
University of Minnesota, and (b) Dissociation efficiencies of an rf plasma as a function
of gas pressure and rf power. Dissociation efficiencies are taken from ref. [145].

2.2.2 Ozone-Assisted MBE

Ozone delivery system, on the other hand, consists of a silent discharge ozone gener-

ator and a temperature controlled ozone trap/still (figure 2.2). Ozone is either stored in

the trap in liquid form or adsorbed on silica gel in gaseous form. Silica gel is supposed

to be safer as liquified ozone is prone to explosions due to abrupt changes in tempera-

ture. Cases of explosions have been reported even with the use of silica gel due to the

presence of small amount of liquid ozone. A region of flowing nitrogen gas between the

trap and liquid nitrogen panel keeps the temperature above liquefaction temperature of

ozone and has proved useful in avoiding these explosions [148,149].
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Figure 2.2: Schematic of the ozone delivery system. Reproduced with permission from
ref. [150].

2.2.3 NO2 and H2O2 MBE

Besides molecular oxygen, oxygen plasma and ozone, nitrogen dioxide (NO2) and

hydrogen peroxide (H2O2) have been shown to work as oxidizing agents. Growths using

NO2 were carried out even at pressures as low as 10−7 Torr [151,152,153,154]. However,

the reactivity of NO2 was found to be lower than ozone. NO2 is not a preferred oxidant

when substitutional defects become detrimental to the properties of thin films [155] due

to the incorporation of nitrogen ions at oxygen sites. A H2O2/H2O mixture was also

demonstrated to be a good source of oxygen for oxide film growth [156]. Since the water

vapor is undesirable for the UHV synthesis, the use of H2O2/H2O mixture is limited.

2.3 Challenges with Oxide MBE

With the oxygen sources, either in the form of molecular oxygen, rf plasma, ozone,

NO2, or H2O2/H2O mixture, practical compatibility issues in an ultra-high vacuum en-

vironment need to be considered. In what follows, we discuss potential issues associated
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with the use of oxygen in MBE along with possible remedies.

2.3.1 Issues with the Substrate Heater Filament

The lifetime of the substrate heater filament, generally operating at high tempera-

ture, is severely reduced in the presence of high oxygen pressure. With the introduction

of more efficient oxygen sources, although the life span was improved as a result of the

use of lower oxygen partial pressure, operating temperature was still limited by fila-

ment oxidation [149]. Nowadays, oxygen-resistant heater filaments made from SiC or

noble-metal-alloys (Ni or Pt) have replaced tungsten filaments in oxide MBE systems

to achieve higher operating temperatures. The working temperature of SiC filaments

can be as high as 1000 ◦C depending on the partial pressure of oxygen during growth.

Besides the filaments, shields that prevent radiative loss of heat should be compatible

with oxygen. Tantalum and stainless steel are most common. Their performance at

high temperature and high oxygen pressure can be further enhanced with coatings of

oxidation-resistant nickel alloys, or by replacing them with Ni-based alloys such as In-

conel. Vapor pressure, and cross contaminations are always important considerations

in choosing parts consisting of non-refractory materials.

2.3.2 Issues with Substrate Holders and Cell Crucibles

Substrate holders made from molybdenum may oxidize in plasma or ozone. Molyb-

denum oxides having higher vapor pressure than molybdenum itself can get incorporated

in the film, which is undesirable [148,157]. This type of contamination can be avoided by

choosing holders made of materials that are oxidation-resistant (such as stainless steel,

Inconel alloy, etc.), or materials whose oxides have a much lower vapor pressure (such

as tantalum). Use of oxygen resistant materials recently led to the discovery of high-

est mobility (> 106 cm2 V−1 s−1 ever reported in MgZnO/ZnO heterostructures [158].

The choice of crucible should also consider their wettability and reactivity with the

source material and reactivity with an oxidizing atmosphere. Pyrolytic boron nitride is
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a widely used crucible in MBE growths. However, its reactivity in oxygen-rich environ-

ment results in the formation of B2O3 which may contaminate the films [149].

2.3.3 Flux Instability and Issues with Effusion Cells

Oxidation of the filaments used in the effusion cell is critical for the sources that

operate at high temperatures. Filament oxidation leads to instability in the flux due to

temperature fluctuations which has undesirable effects on the stoichiometry of the films.

Filament materials are, therefore, chosen such that stable fluxes are achievable in high

oxygen background. Perhaps even more severe concern than the filament oxidation,

there is a greater risk of oxidation of the source material in oxide MBE, which again

leads to flux instabilities. This issue becomes especially important for high oxidation

potential elements such as Sr, Ba, Ca, etc. and for elements with low vapor pressure such

as Ti, Sn, etc. that require high cell temperatures [159, 160, 161]. At high effusion cell

temperatures, reactivity of elements with oxygen is enhanced that can result in oxidation

of the charge and flux instability. A significant change in the fluxes is observed when an

oxygen source is introduced (figure 2.3) [159,162] due to partial oxidation of the sources.

Time dependent flux measurements for Ti have shown that flux monotonically decreases

in high pressure of oxygen [161]. This is attributed to the formation of titanium dioxide

and its low vapor pressure. In case of ternary oxides, flux instabilities often result in non-

stoichiometric defects. On the other hand, for binary oxides, although stoichiometry can

be maintained, lower flux causes a decrease in the growth rate. Growth rates become

important when dopant are used because doping concentration varies with the growth

rate [163].

The oxidation of source elements can be minimized either by use of differential

pumping through a port aperture [164], or a crucible aperture to minimize the charge

exposure to oxygen environment [165]. The use of a ceramic aperture, however, also

decreased the growth rates. For elements that readily oxidizes, it is critical to protect

them when they are not in use. Retractable effusion cells are designed to prevent
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Figure 2.3: (a) Variation in the quadrupole current for Sr, Mg, Ca, and Ba (an indirect
measure of flux) at different oxygen pressure (Adapted from ref. [159]), (b) Changes in
the growth rate for titanium oxide as a function of time in an ozone background pressure
of 5× 10−5 Torr (Adapted from ref. [161]).

oxidation of such elements during venting of the growth chamber or while growing

other oxides. Moreover, they also facilitate replacement of charge without breaking the

vacuum of the growth chamber.

Flux instabilities due to source or filament oxidation make beam flux calibration

very critical in oxide MBE. Popular ways of measuring fluxes include quartz crystal

microbalance (QCM) and beam flux monitor (BFM). These two techniques allow for

measuring the growth rate and flux, respectively directly below the substrate using

linear travel mechanism. While QCM relies on the change in mass of the quartz crystal

and can be used with oxygen, BFM is a type of ionization gauge that is prone to

oxidation. Therefore, flux measurements using BFM are usually done prior to growth.

On the other hand, quartz crystal in the QCM needs to be replaced more often than

the BFM. To overcome these challenges, sometime real-time flux-monitoring systems

such as atomic absorption spectroscopy is utilized that improves the accuracy of flux

calibration [166].
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One of the advantages of MBE is the availability of in-situ diagnostic tools for sur-

face characterization such as reflection high-energy electron diffraction. Apart from

providing information about the surface morphology, growth modes, and growth rates

(for layer-by-layer growth mode) [167], RHEED can be used to adjust the fluxes so to

achieve stoichiometric growth conditions [168, 169]. It should be noted that RHEED

cannot be used as a standalone method for optimizing the stoichiometry as it is a surface

sensitive technique. Stoichiometry needs to be simultaneously confirmed by other com-

position characterization methods such as X-ray diffraction, Rutherford Backscattering

Spectrometry (RBS), for example. However, during prolonged exposure to oxygen,

RHEED filament oxidation is inevitable if proper caution is not taken. One way to

minimize the effect of oxygen is by using differential pumping near the filament which

helps in increasing its lifetime.

2.4 Recent Developments in Oxide MBE

2.4.1 Adsorption-Controlled Growth

The existence of adsorption-controlled growth in some of the ternary perovskite

oxides helps in eliminating the disadvantages of flux instabilities and unreliability in

growths. The first study of adsorption-controlled growth was reported by Arthur, where

the growth of GaAs was studied using MBE [127] following the work of Gunther [170].

Theis and Schlom were the first to demonstrate adsorption-controlled growth in the

perovskite oxide - PbTiO3 [171, 172]. In this kind of growth mode, non-stoichiometry

resulting from small fluctuations in the beam flux of Pb or Ti is compensated by excess

Pb desorbing from the surface in the form of PbO. The deposition rate in adsorption-

limited regime is determined by the non-volatile component - in this case TiO2 (figure

2.4).

Although adsorption controlled growth has been demonstrated for many perovskite

oxides including PbTiO3, Bi2Sr2CuOy, Bi4Ti3O12, BiFeO3, BiMnO3, LuFe2O4, etc.
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Figure 2.4: Theoretical growth window for PbTiO3 and SrTiO3 assuming a titanium
sticking coefficient of 1. Thermodynamic data taken from ref. [173,174].

[175, 176, 177, 178, 179], to access such growth regime or “MBE growth window” as it

is called now, certain conditions should be satisfied. First, at a given temperature,

the equilibrium partial pressure of the volatile oxide should be high enough to enable

deposition of perovskite oxide with practically achievable growth rates. Secondly, the

growth window should be accessible at realistic temperatures.

However, it is not possible to satisfy these criteria for all the perovskite oxides.

For example, in the case of MBE growth of SrTiO3 using solid sources for Sr and

Ti, it has been found that a growth window may exist at much lower vapor pressures

(in this case SrO) as illustrated in figure 2.4. To achieve practical fluxes, much higher

substrate temperatures are required that may not be feasible for oxide MBE. Besides an

inaccessible growth window, several other challenges existed for the growth of SrTiO3.

1. One of the issues is the low vapor pressure of titanium. As a result, the growth rate
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of SrTiO3 is limited by titanium. Higher growth rates are required for practical

applications.

2. Titanium flux is unstable in the presence of oxygen as previously shown in figure

2.3(b), which can result in high defect concentrations in the film in the form

of cation non-stoichiometry. Beam fluctuation in the range of 0.1 - 1.0% can

introduce a defect density of ∼ 1020 cm−3 in films [180].

3. To maintain the desired mean free path of atomic species and due to the limitations

put on the system by pumps, oxygen pressure is usually kept low. At the same

time, high substrate temperatures are necessary for better crystallinity of films.

As a result, oxygen vacancies are prone to form in the film during growth. These

oxygen vacancies often tend to make the film conducting which may be undesir-

able for some applications such as a dielectric. Post oxygen annealing, therefore,

becomes necessary adding an extra processing step. In fact, post oxygen annealing

step may or may not work in some cases.

These issues are not just pertinent to titanium but also apply to other elements that

have low vapor pressures for example vanadium, ruthenium, etc. To achieve a balance

between elemental flux stability and due to the need of high oxygen pressure, an al-

ternative MBE approach was devised known as hybrid MBE (conventionally known as

metal-organic MBE or MOMBE [181,182]).

2.5 Hybrid Molecular Beam Epitaxy

Hybrid molecular beam epitaxy is a combination of conventional MBE and metal-

organic MBE approach. The method, first introduced for SrTiO3 films, used a con-

ventional effusion cell for strontium and a metal-organic precursor - titanium tetraiso-

propoxide (TTIP) for titanium [180, 183, 184]. TTIP is supplied through a gas in-

let system as illustrated in figure 2.5. The precursor is thermally evaporated from a
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stainless-steel bubbler. The gas lines are maintained at higher temperature than the

bubbler to prevent any condensation and subsequent blockage. The pressure of the gas

precursor is controlled using a linear leak valve that receives feedback from a capacitive

manometer (Baratron®). Unlike MOCVD, no carrier gas is used. The shower head

nozzle design of the gas injector provides an effusive beam of TTIP. At high growth tem-

peratures (> 400 ◦C), TTIP decomposes via the following reaction [185, 186] thereby

forming TiO2 at the surface of the substrate -

Ti(OC3H7)4 −−→ TiO2 + 4C3H6 + 2H2O (T ≥ 400 ◦C) (2.1)

Hybrid MBE approach offers several advantages over conventional MBE approach.

1. TTIP has much higher vapor pressure than solid titanium allowing for growth

rates to be scalable. Due to its high vapor pressure, no carrier gas is needed,

thereby reducing the load on vacuum pumps [184].

2. The beam flux remains stable in the presence of oxygen as the precursor does not

come in direct contact with oxygen. This also facilitates refilling the metal-organic

source without venting the growth chamber [183,184].

3. Since the precursor comes already bonded with oxygen, the oxidation state of Ti

is preserved. The use of TTIP with oxygen plasma also helps maintain the oxygen

stoichiometry and the insulating nature of SrTiO3 films [183].

4. TTIP enables adsorption-controlled growth window to be accessible at reasonable

growth temperatures [180].

Using this precursor, several perovskite oxides have been grown including SrTiO3,

CaTiO3, BaTiO3 [183,187,188]. Figure 2.6(a-c) show the out-of-plane lattice parameters

for SrTiO3 films grown at different Ti:Sr beam equivalent pressure (BEP) ratio and

different growth temperatures. For all three temperatures, there was a range of Ti:Sr

ratio for which the lattice parameter was identical to the bulk value. This suggested that
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Figure 2.5: Schematic showing (a) conventional MBE set-up with both elements supplied
through an effusion cell, and (b) hybrid MBE set-up where one of the effusion cell is
replaced by a gas inlet system. Reproduced by permission of The Royal Society of
Chemistry from ref. [87].

a self-regulated growth window exists for SrTiO3 when TTIP is used as a Ti source.

With increasing temperature, the lower boundary of the growth window shifted to a

higher TTIP flux because of increased rate of TTIP desorption. Moreover, higher growth

temperatures also resulted in broadening of the growth window [189, 190]. Outside

the growth window, lattice parameter showed an increasing trend due to cation non-

stoichiometry. Non-stoichiometry is generally incorporated in thin films as vacancies due

to their ease of formation as opposed to other defects such as interstitials. Therefore, the

expanded lattice parameter is a result of increased interaction between two negatively

charged oxygen ion.

Point defects, either in the form of vacancies or interstitials, strongly affect the

physical properties. Having an accessible growth window for SrTiO3 eliminates non-

stoichiometry due to fluctuations in the beam flux thus minimizing defect concen-

trations in thin films. As a result, electron mobilities exceeding 50000 cm2 V−1 s−1
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Figure 2.6: (a-c) Change in the out of plane lattice parameter of homoepitaxial SrTiO3

films grown by hybrid MBE at different growth temperatures - 800◦C, 725◦C, and
700◦C showing shrinking growth window with decreasing temperature, (d) Schematic of
the three-point bending setup that allows application of uniaxial strain to the thin film,
(e,f) Effect of strain on mobility in La-doped SrTiO3 films with carrier concentrations of
3.6× 1017 and 7.5× 1017, respectively. Reproduced with permission from ref. [180,191].

(n = 8.0× 1017cm−3) has been achieved in La-doped SrTiO3 films at 2 K [192]. This

value is higher than those reported in the bulk single crystals (20000 cm2 V−1 s−1) [193]

by more than two times and much higher than those reported for films grown by PLD

(6600 cm2 V−1 s−1) [194] or any other techniques. This suggests that hybrid MBE pro-

vides excellent control over defects [18]. Electron mobility can be further enhanced by

300 % under strain (Figure 2.6(d-f) [191]. High mobilities at low temperature also allow

for quantum effects such as Shubnikov-de Haas oscillations to be observable in magnetic

fields enabling direct measurement of electron effective mass [18, 195]. Recently, use of
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hybrid MBE approach has led to the discovery of quantum hall effects for the first time

in perovskite oxides [196].

Similar growth windows have been shown to exist for vanadium precursor – vanadium-

oxytriisopropoxide (VTIP) during the growth of SrVO3, LaVO3, and CaVO3 [197,198,

199, 200]. Both TTIP and VTIP precursors, having the same isopropoxide (C3H7O-)

group bonded with the metal ion, are expected to show similar growth kinetics at the

substrate surface. Oxygen-containing precursor has now been successfully employed for

zirconates (zirconium tert-butoxide) as well ruthenates (ruthenium tetroxide) [201,202].

2.6 Challenges with Hybrid MBE

2.6.1 Carbon Contamination

As with any other approaches, hybrid MBE also has its limitations. Metal-organic

precursors contain carbon which can potentially result in contaminations within the film

or at the film surface. Below 725 ◦C, carbon contaminations exceeding 2.0× 1018 cm−3

has been detected in SrTiO3 films using dynamic Secondary Ion Mass Spectroscopy

(SIMS). Carbon contamination was found to be negligible (< 1.0× 1017 cm−3) at higher

substrate temperatures (≥ 800 ◦C), likely due to dissociation of C-O bond in TTIP [203].

2.6.2 Volatility and By-Products

In conventional MBE, most of the source elements or the species formed during re-

action in the growth chamber have low vapor pressure. Therefore, they get permanently

attached to the chamber walls. They desorb during high-temperature bake out if their

vapor pressure is sufficiently high. Whereas, in hybrid MBE, precursors that stick to

the cryopanel during growth also desorb during warmup due to their high vapor pres-

sure even at room-temperature. As a result, the pressure inside the growth chamber

may rise over time to as high as 1.0× 10−4 Torr. This can put tremendous load on the

vacuum pumps if proper caution is not taken during regeneration [204]. At the same
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time, intercell contamination should also be considered due to high volatility of these

by-products.

2.6.3 Availability of UHV Compatible Precursors

While precursors already bonded with oxygen is desirable, it may not be trivial to

find such precursors for every element for which conventional MBE may be problematic.

So, one must resort to the idea of using other available precursors. Several precursors

exist for various elements and have been shown to work in Atomic Layer Deposition

(ALD) and/or Chemical Vapor Deposition (CVD). However, they may not be compati-

ble with the UHV MBE approach. Many of these precursors that have been successfully

used for depositing metals and their oxides contain halogen atoms, or sulfur, or nitrogen

that can potentially react with residual water vapors in the chamber to form corrosive

acids. Other considerations when choosing appropriate precursors include their vapor

pressures, thermal decomposition temperatures, and their reactivity with oxygen at

growth temperatures.



Chapter 3

Characterization Techniques

Several characterization and measurement techniques were utilized in this thesis

for studying the structure and electronic properties of thin films. This chapter briefly

reviews their basic operation principles. In situ characterization was performed using

reflection high-energy electron diffraction (RHEED) to study the growth mode and sur-

face crystallinity. Ex situ characterization involved high-resolution X-ray diffraction

(HRXRD) for elucidating the crystal structure and measuring the out-of-plane lattice

parameter, omega scans (rocking curves) for studying the mosaicity of crystals, and

reciprocal space mapping (RSM) for analyzing the strain state of films and determining

the in-plane lattice parameters. Atomic force microscopy (AFM) was used for imaging

the surface morphology and measuring the room mean square roughness. Rutherford

backscattering spectrometry (RBS) was employed for determining the relative com-

position of cation species. Electronic transport measurements were carried out in a

Physical Property Measurement System (PPMS) that measures resistivity (ρ), carrier

density (n), and carrier mobility (µ) in thin films.

39
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3.1 X-Ray Diffraction

X-rays are electromagnetic radiations having dual wave-particle character. It is the

wave nature that allows for the interference of elastically scattered X-rays. This process,

known as diffraction, occurs when the spacing between the scattering centers is similar

to the wavelength of the X-ray, λ. X-rays with 0.5 Å < λ < 5 Å are, therefore, ideally

suited for diffraction experiments on crystals composed of regularly spaced atoms as they

typically have interatomic spacings of a few angstroms. Due to the periodicity of the

lattice, however, diffraction from a crystal only occurs in certain directions that satisfy

the Bragg’s law. When a beam of parallel and monochromatic X-rays are scattered

from a crystal composed of atomic planes separated by distance, dhkl, constructive

interference between the scattered X-rays occurs when the path difference between the

interfering X-rays (2dhklsinθ) is an integer multiple of the wavelength (λ). This is

represented by the Bragg’s law –

2dhklsinθ = nλ (3.1)

where, θ is the angle between the incident beam and the crystal surface, and n is the

order of reflection. Intensity maximums are, therefore, observed at specific angles known

as Bragg angles, which are characteristic of dhkl. The interplanar spacing, commonly

referenced as the d-spacing is related to the crystal lattice parameters. For a cubic

lattice,

dhkl =
a√

h2 + k2 + l2
(3.2)

The diffraction pattern thus generated carries information about the symmetry, lattice

parameters, texture, grain size, and microstrain.

A beam of X-ray can also be represented by its wave vector, k that has a magnitude

of 2π/λ and points in the direction of wave propagation. When an X-ray beam with

wave vector, kI is incident on a crystal plane at the Bragg angle θ, it gets diffracted

with wave vector, kD having the same magnitude due to the elastic scattering event.
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By definition, the diffracted wave vector always points at an angle 2θ with respect to

the incident wave vector. We can then define the scattering vector, q as -

q = kD − kI (3.3)

Figure 3.1: Incident and diffracted X-rays represented by their wave vectors, kI and
kD, respectively, along with the scattering vector, q for the case of specular diffraction.

High-resolution X-ray diffraction

When the crystallographic planes are parallel to the crystal surface, it can be deduced

from simple geometrical construction shown in the figure 3.1 that the scattering vector,

q points in the z-direction such that -

q = qz = 2ksinθ =
4πsinθ

λ
(3.4)

This case, resembling mirror-like reflection of waves, is known as specular X-ray diffrac-

tion. Combining equations 3.1 and 3.4, a relationship between the scattering vector, qz

and interplanar spacing, d00l (h = k = 0 for planes parallel to the surface) can be easily
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Figure 3.2: A representative wide-angle X-ray diffraction pattern of a BaSnO3 film on
a (001) SrTiO3 substrate. A schematic of the structure is shown in the inset.

derived for a first order reflection (n = 1).

qz =
2π

d00l
(3.5)

The above mathematical formulations suggest that specular X-ray diffraction can be

used to identify the d-spacings, d00l of planes parallel to the crystal surface by mapping

θ. In principle, this can be achieved by changing the angle between the X-ray source

and the crystal surface and simultaneously rotating the detector (coupled scan) such

that the specular condition is satisfied i.e., q has no in-plane components. X-ray source,

however, is usually fixed and θ is mapped by tilting the sample instead. Figure 3.2

shows a typical X-ray diffraction scan for a film grown on a substrate, in this case,

BaSnO3 on SrTiO3. The substrate is oriented such that the c-axis of the crystal is out-

of-plane. Alignments are done with respect to the substrate whose lattice parameters

and therefore Bragg angles are known from standards. Each peak in the diffraction

pattern corresponds to a particular set of atomic planes in the film or the substrate as
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labeled in figure 3.2. The out-of-plane lattice parameter for the BaSnO3 film, calculated

using equations 3.1 and 3.2 was 4.130 Å.

Figure 3.3: (a) High-resolution X-ray diffraction pattern for a 60 nm thick BaSnO3 film
on SrTiO3 (001) substrate. Gaussian fit to the film peak is shown in red and (b) Linear
fit to the plot of sinθL vs. nL determined from Laue oscillations gives a thickness of 57
nm.

Looking closely at the (002) diffraction peaks (figure 3.3(a)), fringes are observed

around the film peak indicating smooth film on short lateral length scale. These are

called finite-size thickness fringes or Laue oscillations. Their 2θL positions can be used

to estimate the value of film thickness (t) using the equation below -

2tsinθL = nLλ (3.6)

The slope of the linear fit to a plot of sinθL vs. nL (figure 3.3(b)) gives the value of film

thickness (t = λ
2∗slope). In this case, it was found to be 60 nm. The value of thickness

calculated using this method are usually accurate within a few percentages. Film peak

ideally should be a delta function. Instead, the peak has a width associated with it and

is related to the film thickness through the Scherrer equation -

Λ =
0.9λ

βcosθB
(3.7)

where, θB is the Bragg angle and β is the full width at half maximum of (002) film peak.

Λ is known as the Scherrer length. This equation is, however, only valid if the film is
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Figure 3.4: (a) Schematic of rocking curve measurement and (b) A representative rock-
ing curve scan of a BaSnO3 film on (001) SrTiO3.

free of microstrain. A thickness of 57 nm is calculated for the BSO film shown in figure

3.3, which is close to the value obtained using Laue oscillations suggesting negligible

microstrain in the film. For polycrystalline films or powder samples, Scherrer equation

can be used to determine the crystallite or grain size.

In an ideal crystal, any (hkl) set of planes are parallel to each other. In reality, films

always grow with some misorientation. For the (00l) set of planes, it means that the

scattering vector is not perfectly aligned with the surface normal. The spread in crystal

plane orientation is known as mosaicity and can be studied by rocking curves. The

measurement it done by rocking the sample at film’s Bragg condition. Figure 3.4 shows

a representative rocking curve for a BaSnO3 film on SrTiO3 substrate. The full width at

half maximum is typically used as a measure of mosaicity which has contributions from

the spectral width of the X-ray source as well. Rocking curves also provide information

about dislocation density in the film which also contributes to the mosaicity.
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Reciprocal Space Mapping

Specular diffraction only gives information about the out-of-plane lattice parame-

ter. In order to acquire in-plane lattice parameters, scattering vectors that are not

perpendicular to the surface needs to be studied. Equations 3.2 and 3.5 imply that the

scattering vector is inversely related to the lattice parameter. Therefore, it is possible

to construct a reciprocal lattice for any real lattice. Figure 3.5 shows the construction of

a reciprocal lattice from a real lattice. Each point in the reciprocal lattice corresponds

to a set of planes in the real crystal. The distance between the origin and a reciprocal

lattice point is the inverse of the interplanar spacing, 1/dhkl = |q|/2π.

Figure 3.5: Construction of reciprocal lattice from a real lattice. Reproduced with
permission from ref. [205]

For the derivation of scattering vector for any family of planes not parallel to the

crystal surface, a generalized treatment of figure 3.1 is required and is shown in figure

3.6. As opposed to specular diffraction, the entry angle of X-ray differs from the exit

angle. From geometry, it can be deduced that -

ω = Ω− 1

2
(2θ) (3.8)

where, Ω is the angle between the incident ray and the crystal surface and ω, known
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as offset is the angle between the plane normal and the surface normal. Specular

diffraction, therefore, corresponds to Ω = 1
2(2θ) or ω = 0.

Figure 3.6: Schematic showing diffraction from hkl family of planes.

The in-plane and out-of-plane components of the scattering vector, lying in the plane

of the incident and diffracted wave vectors, are then defined as -

qx =
2π

dh00
=

2π

λ
[cosΩ− cos(2θ − Ω)] (3.9)

qz =
2π

d00l
=

2π

λ
[sinΩ + sin(2θ − Ω)] (3.10)

A reciprocal space map is a two-dimensional scan around reciprocal lattice points.

It is essentially a set of coupled scan taken at different values of offset as shown in

figure 3.7(a). As a result, reciprocal lattice points corresponding to both the substrate

and the film can be mapped and the strain state of the film can be analyzed. If the

film is coherent with the substrate, both the film and the substrate will have the same

magnitude of in-plane scattering vector at the Bragg peak. On the other hand, when the

film is completely relaxed, i.e., it has attained its bulk lattice parameter, the reciprocal

lattice point for the film will lie on the line joining the origin to the substrate reflection
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Figure 3.7: (a) Reciprocal lattice points corresponding to (h0l) planes in real space.
Green and red points belong to the substrate and the film respectively, (b) A repre-
sentative reciprocal space map for a BaSnO3 film on SrTiO3 around (103) reflection,
and (c) Schematic showing the equivalent coupled scan and rocking curve in reciprocal
space.

in reciprocal space. Figure 3.7(b) shows a representative reciprocal space map for a

BaSnO3 film on SrTiO3 around (103) reflection suggesting that the film is relaxed.

3.1.1 X-Ray Reflectivity

Unlike diffraction which is based on constructive interference of X-rays diffracted

at crystallographic planes, X-ray reflectivity relies on interference of X-rays reflected at

the vacuum-film and the film-substrate interface as shown in figure 3.8. Depending on

the the path difference between the two X-rays, an interference pattern with intensity

oscillations is created. These oscillations are known as Kiessig fringes. X-ray reflectivity

is sometimes also referred to as grazing-incidence X-ray reflectivity (GIXR) due to small

incidence angles.

From Snell-Descartes’ law,

n1sinα = n2sinβ (3.11)
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Figure 3.8: Schematic showing interference of X-rays reflected from the top surface and
the film-substrate interface.

n1cosθ = n2cosγ (3.12)

where, n1 (=1) and n2 are the refractive indices of vacuum and film, respectively.

The complex refractive index of a material for X-rays can be expressed in terms of its

dispersion (δ) and absorption coefficients (β) as -

n = 1− δ − iβ (3.13)

δ depends on the X-ray wavelength (λ), electron density of the material (ρe), and

the classical radius of an electron through the relationship - δ = λ2reρe/2π, while

β = λµ/4π where, µ is the linear absorption coefficient. The refractive index of a

material is slightly less than 1 at X-ray wavelengths and therefore, the X-rays undergo

total external reflection below a critical incidence angle, θc. At θc, equation 3.12 can be

expressed in terms of the real part of material’s refractive index as -

cosθc = n2 = 1− δ (3.14)

cos2θc = n2
2 = (1− δ)2 = 1− 2δ + δ2 ≈ 1− 2δ (3.15)
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since, δ2 << 1. Therefore,

sinθc ≈ θc =
√

2δ (3.16)

Equating the path difference between the two X-rays to a multiple of λ -

2tn2cosβ = mλ (3.17)

where, t is the thickness of the film and m depends on the refractive indices of the film

and the substrate. Using equation 3.11, we can rewrite equation 3.17 as -

2tn2

√
1− sin2β = 2tn2

√
1− sin2α

n2
2

= 2t
√
n2

2 − sin2α = mλ (3.18)

Combining equations 3.15 and 3.18, we arrive at the Kiessig’s formula -

sin2θ = (
(n− k)λ

2t
)2 + 2δ (3.19)

where, m = (n−k) and k = 0 (k = 1/2) for intensity minima (maxima) if the refractive

index of the substrate is greater than that of the film. If the refractive index of the

substrate is smaller than that of the film, k = 0 (k = 1/2) corresponds to intensity

maxima (minima) in reflectivity.

Figure 3.9: A representative reflectivity data from a 57 nm thick BaSnO3 film on SrTiO3

substrate (left) along with a plot showing linear dependence of sin2 θ vs n2 (right).
Thickness is calculated from the slope of the line.



50

Typically, X-ray reflectivity is plotted with scattering vector (qz) as the x-axis and

normalized intensity as y-axis on a logarithmic scale. Figure 3.9 shows a representative

plot of reflectivity as a function of qz for a 57 nm thick BaSnO3 film on SrTiO3 substrate.

The periodicity of oscillations determines the film thickness. The slope of sin2θ vs. n2

gives the thickness as per equation 3.19. y-intercept provides information about θc

and therefore should be positive. The value of n is determined by minimizing the

correlation function of the linear fit. Reflectivity fitting softwares can be utilized for

thickness calculations as well. They are particularly useful because softwares such as

GenX also incorporates interfacial and surface roughness in fitting. The oscillations

decay rate at higher angles is also related to the surface or interfacial roughness. When

the magnitude of scattering vector, qz > 3qc (corresponding to critical angle for total

reflection, θc), the intensity decreases proportionally to q−4 following Fresnel reflectivity

given by -

R =
q4
c

16q4
(3.20)

The amplitude of intensity oscillations depends on the contrast in the X-ray scattering

length density (SLD) between the film and the substate which is related to the mass

density through the following relationship.

p = SLD =
ρmNA

∑n
i=1Zire∑n

i=1mi
(3.21)

where, ρm is the mass density of the material, NA is the Avogadro’s number, re is the

classical electron radius (re = e2

4πε0mc2
= 2.82 × 10−15 m), Zi and mi are the atomic

number and atomic mass of the ith atom in the unit cell, respectively, and the summation

is over all n atoms in the unit cell.
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3.2 Reflection High-Energy Electron Diffraction

Reflection high-energy electron diffraction (RHEED) is a characterization technique

for analyzing surface structures of thin films during growth. RHEED is a surface sensi-

tive technique and provides information about symmetry, periodicity, and reconstruction

of the crystal surface. Typically, electrons with energy 5 - 100 keV is used in RHEED.

A similar technique - low-energy electron diffraction (LEED) uses a much lower energy

of ∼ 100 eV. An important distinction between them is the appearance of streaks in

RHEED instead of spots in LEED patterns.

Figure 3.10: Geometrical construction of RHEED. Adapted with permission from ref.
[206].

The basic principles of diffraction still applies for electron diffraction. RHEED has

a sampling depth of a few atomic layers of thin films and consequently the surface of
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the crystal can be viewed as a two-dimensional layer of periodically spaced atoms. The

corresponding reciprocal lattice is then composed of one-dimensional rods directed along

the surface normal as shown in figure 3.10. One can construct an Ewald sphere with

a radius same as the magnitude of the scattering vector. Diffraction condition is satis-

fied at points were the Ewald sphere intersects the reciprocal lattice rods. Diffraction

pattern therefore consists of spots for an ideal crystal. However, due to undulations

from domains present on the surface, these spots manifest themselves as streaks. This

is schematically illustrated in figure 3.11 and requires kinematic diffraction theory to

explain their origin. The width and length of these streaks depend on the finite size

of the lattice and the incidence angle of the electron beam. The specular reflection

(labelled as L0 in figure 3.10) occurs on the 0th order Laue circle or zone. Streaks

appearing on 0th order Laue zone are labelled as ...(1̄0), (00), (10)... and known as

fundamental reflections. Additional reflections may appear between these fundamental

reflections resulting from an increase in the effective size of the unit cell due to atomic

reconstruction of the surface.

Besides providing information about the surface structures, RHEED is often utilized

for determining the growth modes in situ. For a layer-by-layer or Frank-van der Merwe

growth mode, RHEED intensity oscillates as the surface roughness changes. Maximum

in the intensity value corresponds to a full coverage of the surface with atoms, while

an intensity minimum is observed when the atoms occupy 50% of the available sites.

Therefore, each oscillation is equivalent to the growth of one monolayer of crystal. For

a layer-by-layer growth mode, RHEED can hence be used to quantify the growth rate

useful for atomic layer control over thickness of the film. On the other hand, RHEED

intensity remains nominally constant for a step-flow growth mode. When the adatom

mobility is not high enough, island or Volmer-Weber growth mode is preferred. In such a

scenario, transmission spots are observed in the RHEED pattern and RHEED intensity

usually falls off monotonically. Stranski-Krastanov growth mode is a two-step growth

mode involving layer-by-layer growth followed by island growth. Therefore, RHEED
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Figure 3.11: Schematic illustration of the origin of RHEED streaks. Reproduced with
permission from ref. [167].

oscillations are accompanied by a monotonic decrease in the overall intensity. Figure

3.12 summarizes different RHEED patterns originating from various types of surface

structure.

RHEED can also be utilized to measure the lattice parameter of the crystal if the

camera length i.e. distance between the sample and the diffraction pattern is known.

One can also use the substrate RHEED pattern and measure the initial separation

between diffraction streaks that corresponds to the substrate lattice parameter. The

film’s lattice parameter can then be estimated from its RHEED pattern without the

knowledge of the camera length.
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Figure 3.12: Schematic of different kinds of surfaces in real space (first column), their
reciprocal space (second column), and their corresponding RHEED patterns. Adapted
with permission from ref. [206]
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3.3 Atomic Force Microscopy

Atomic force microscopy (AFM) is a non-destructive characterization technique used

for imaging the surface morphology and phase, studying the electrical, magnetic, and/or

mechanical properties of the surface, and/or manipulating these properties using the in-

teraction between the tip and the surface atoms/molecules. One of the major advantages

of AFM is its applicability to a wide variety of materials including, but not limited to,

organic, inorganic, and biological samples. This thesis will primarily focus on the imag-

ing aspect of AFM and using the digital data to calculate root mean square (RMS)

roughness which is the standard deviation of height as a metric of surface roughness.

Since AFM produces the surface topography in digital form, care should be taken while

interpreting the RMS roughness. Other metrics such as skewness (cubic deviation of

height), kurtosis (quartic deviation of height), or partial spectral density are also used

as measures of surface roughness.

Figure 3.13: A typical setup of scanning probe microscope.

Figure 3.13 shows the setup of a scanning probe microscope consisting of a sharp

tip, typically with a diameter of a few tens of nanometers, attached to a cantilever.
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The AFM tip rasters over the sample surface and collects digital information about

topography and force. The displacement of the cantilever is monitored by the deflection

of the laser spot on a position sensitive quad-photodiode. The lateral displacement of

the spot is associated with twisting, whereas the vertical displacement is related to the

bending of the cantilever. Together, they provide information about the lateral force

on the tip and topography, respectively. Typical resolution of AFM is about 30-50 nm

and 1 Å in horizontal and vertical directions, respectively.

Figure 3.14: Interaction potential between the sample surface and the AFM tip.

The interaction between the tip and the surface atoms is given in terms of the

Lennard-Jones potential that describes both the repulsive interaction due to ionic or
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Pauli repulsion and attractive interaction due to van der Waals forces at different tip-

sample (interatomic) distances –

V (d) = 4ε[(
σ

d
)12 − (

σ

d
)6] (3.22)

where, ε and σ are the depth of the potential well and tip-to-sample distance at zero

inter-particle potential, respectively. Atomic force microscopy can be operated in a few

different modes – contact mode, tapping mode, and non-contact mode. These modes

are defined based on the interaction between the tip and the sample surface. The AFM

is said to operate in contact mode when the tip-to-sample separation is less that σ

i.e. the net force between them is repulsive as shown in figure 3.14. Contact mode is

also known as static mode in which the vertical cantilever bending or deflection is kept

constant and therefore drives the feedback for Z displacement – the measure of surface

height. On the other hand, tapping and non-contact modes are dynamic modes as the

cantilever oscillates during the scan. Either amplitude or frequency of oscillation is kept

constant in tapping or non-contact mode, respectively.

3.4 Rutherford Backscattering Spectrometry

Rutherford backscattering spectrometry (RBS) is an analytical technique used to

quantify the structure and composition of a material. The method relies on Rutherford

scattering of high energy beam of alpha particles from the nuclei present in the material.

A typical RBS experimental setup is shown in figure 3.15. It consists of a sample that is

placed in front of a collimated and monoenergetic beam of high energy alpha particles

(4
2He2+ ions) generated by an ion accelerator. The energy of alpha particles typically

ranges between 0.5 MeV to 5 MeV. The scattered particles are detected at angles close

to 180° with respect to the incident beam. The placement of the ion source restricts the

detector angle between 160° and 170° as shown in figure 3.15

Figure 3.16 shows an illustrative example of Rutherford backscattering spectra. The

spectra was generated by a RBS simulation software - QUARK. The sample consists of
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Figure 3.15: Geometry of a typical Rutherford backscattering experiment.

three metallic (Al, Ni, and Au) layers of various thicknesses on a SrTiO3 substrate. A

beam of alpha particles bombards the sample at close to normal incidence. Crystalline

specimens are given a small tilt (θi) with respect to the incoming beam to avoid non-

channeling conditions. Focusing on the Au layer first, as soon as the beam hits the

surface of the specimen, a part of it is scattered in all directions. The scattered alpha

particles from the surface atoms are collected by the detector at θd, which contributes

to the right edge of the Au peak observed in the spectra. The energy at which this

leading edge is observed depends on the product of the kinematic factor, KM and the

energy of the incident alpha particles, K0. The kinematic factor, KM is derived from

the conservation of energy and conservation of momentum (elastic collision) given by -

KM =
{ [1− (m/M)2sin2θd] + (m/M) cos θd

1 + (m/M)

}2
(3.23)

and therefore depends only on the ratio of the mass of alpha particles (m) to the mass

of target atom (M) and the scattering angle (θd).

Particles that pass through the topmost layer without being scattered will subse-

quently be scattered by the Au layers underneath. The particles lose some of their

energy passing through the dense medium. This process contributes to the stopping

cross-section. Additionally, backscattered particles also lose their energy while travers-

ing their path back through the specimen. As a result, an energy distribution exists
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Figure 3.16: A simulated RBS spectra of a representative specimen.

for the alpha particles that are scattered by the Au layer. The width of the Au peak

is determined by the thickness of the Au layer - larger the thickness, broader the dis-

tribution. Evidently, the yield from the substrate (thick layer) could spread to very

low energies as shown in 3.16. The height or yield is determined by the differential

scattering cross section given by -

∂σ

∂Ω
=
( 1

Nt

)
[(
∂Q

∂Ω
)/Q] (3.24)

where, t is the thickness of the film, N is the volume density of target atoms (Nt is the

areal density of target atoms), ∂Ω is the detector solid angle, Q is the total number of
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particles hitting the specimen, and ∂Q is the number of particles reaching the detector.

This leads us to the Rutherford’s formula:

∂σ

∂Ω
=
(Z1Z2e

2

4E0

)2 4

sin4 θd

{[1− (m/M)2sin2θd]1/2 + cos θd}2

[1− (m/M)2sin2θd]1/2
(3.25)

where, Z1 and Z2 are the atomic numbers of the alpha particles and the target atom

respectively. This also suggests that for m << M , the ratio of yield for two elements

distributed over the same thickness and present in equal amounts is proportional to

the square ratio of their atomic numbers. This attribute is utilized in quantifying the

elemental stoichiometry in a material by way of RBS. Moreover, the cross section varies

inversely with E2
0 that accounts for the slope observed at the top of the peak. Other

factors that contribute to the shape of the RBS peak include detector energy resolution,

stopping cross section, and energy straggling. Energy straggling also influences the

resolution with which depth profile and energy loss can be quantified. From equation

3.23, it is easy to notice that the position (energy) of the peak’s leading edge can be

used to identify the element contributing to the spectra as shown in figure 3.16.

An important parameter in RBS is the resolvable mass difference (δM), which is

given by -

δM =
δE

E0

(∂KM

∂M

)−1
(3.26)

where, δE is the energy resolution of the detector. Applications of RBS include de-

tection of surface impurities, non-destructive elemental depth profiling, thickness mea-

surements, and investigating crystallinity of a materials using channeling. Dedicated

softwares such as SIMNRA, RUMP, exist for fitting the RBS spectra and circumvents

the need to perform rigorous calculations to quantify material parameters.

3.5 Electronic Transport

Electronic transport in thin films were measured in a Quantum Design, Inc. Physical

Property Measurement System (PPMS® Dynacool™). The sample is characterized in a
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van der Pauw geometry, which is a 4-terminal measurement (a positive and a negative

terminal each for current and voltage) technique for accurately measuring the resistivity

(ρ) and Hall coefficient (RH). The van der Pauw geometry provides an alternative to the

Hall bar geometry and overcomes the issue of contact and wire resistances. One of the

major advantage of van der Pauw geometry is the assessment of anisotropy in the film.

Measurement is valid for any arbitrarily shaped specimen as long as it is homogenous

in thickness, it does not have isolated holes, contacts are present at the periphery, and

contact area is sufficiently small.

Measuring Resistivity

The resistivity of a sample is quantified by measuring the voltage across two ter-

minals when a current is flown between the other two terminals. The measurement is

performed for two different configurations shown in figure 3.17(a) and the resistivity (ρ)

is calculated from the following equation -

exp

(
−πt
ρ
RCB,DA

)
+ exp

(
−πt
ρ
RCD,BA

)
= 1 (3.27)

where, t is the thickness of the film. RCB,DA is the ratio of the voltage measured across

the terminals D and A to the current flown from C to B. Similarly, RCD,BA is the ratio

of the voltage measured across the terminals B and A to the current flown from C to

D. Note that the magnetic field is zero in this case.

Equation 3.27 can be simplified to -

ρ =
πt

ln 2

RCB,DA +RCD,BA

2
f (3.28)

where, factor, f depends on the ratio
RCB,DA

RCD,BA
as shown in figure 3.18 and is mathemat-

ically expressed as -

cosh
(RCB,DA/RCD,BA − 1

RCB,DA/RCD,BA + 1

ln 2

f

)
=

1

2
exp

(
ln 2

f

)
(3.29)

By applying a magnetic field, magnetoresistance (longitudinal resistance as a function

of magnetic field) can also be measured.
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Figure 3.17: van der Pauw geometry for measuring (a) Resistivity and (b) Hall coeffi-
cient. Arrows indicate the direction of current flow.

Figure 3.18: Factor, f for determining the resistivity of a sample. Reproduced with
permission from [207]

Measuring Hall Coefficient, Carrier Density, and Mobility

In the presence of a uniform magnetic field perpendicular to the current flow as

shown in figure 3.17(b), moving charges experience an additional Lorentz force. As a

result, a voltage drop (Hall voltage, VH) is induced in the direction perpendicular to the

velocity vector. Hall coefficient is then expressed in term of VH as -

RH =
VHt

IBDB
(3.30)
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where, VH/(IBDB) is the slope of measured RBD,CA vs magnetic field, B. With these

measurements, 3D carrier density (n) and mobility (µ) are calculated using the following

relations –

RH = − 1

ne
(3.31)

and,

µ =
1

neρ
(3.32)

These relations are valid for one type of carriers i.e. either electrons or holes, and

that these carriers have the same mobility and are distributed uniformly throughout

a known thickness of the film. In a typical magnetotransport, Hall and magnetoresis-

tance measurements are convoluted with each other, needing data analysis that involves

anti-symmetrization and symmetrization to extract pure Hall and magnetoresistance,

respectively. For BaSnO3 samples, electronic transport measurements were performed

in DC mode with indium as ohmic contacts.

3.6 X-Ray Photoelectron Spectroscopy

X-ray photoelectron spectroscopy (XPS) is a versatile surface analysis technique for

studying the electronic structure, atomic composition, and elemental oxidation state.

XPS is based on the principles of Photoelectric Effect. When a material is irradiated

with X-rays with energy larger than the binding energy of electrons, those electrons are

knocked out of their orbitals. The emitted electrons are known as photoelectrons and

carry valuable chemical and electronic information. In a typical XPS setup, the kinetic

energies of photoelectrons are measured by a hemispherical analyzer (HSA) attached

to a detector which counts the number of electrons. The kinetic energy of an electron

(EK) can then be converted to it corresponding binding energy using the following

relationship -

EB = hν − EK −W (3.33)
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where, the incident photon energy (hν) and the spectrometer work function (W ) are

known. Contradictory to what equation 3.33 suggests, binding energy (EB) is inde-

pendent of the photon energy used for photoemission. The dependence of EK on hν

cancels the effect of hν on EB. This is one of the reasons XPS spectra is plotted on

EB scale rather than the measured EK scale. One of the applications of XPS which

will be used in this thesis is the determination of valence band offset at the interface of

two materials. The valence band offset can be easily deduced from the reference XPS

spectra of materials A and B along with the spectra of the heterostructure (see figure

3.19). The top layer (in this example material B) should be thin enough so that the

interface can be probed.

Figure 3.19: Flat-band diagram of a heterojunction interface between two materials A
and B.

The valence band offset between materials A and B in the heterostructure is then
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given by -

∆EV = EV1 − EV2 = (ECL1 − ECL2)HJ + (ECL2 − EV2)B − (ECL1 − EV1)A (3.34)

Positive value of ∆EV implies that the valence band minimum of material A lies at

a higher binding energy that that of materials B i.e. EV1 > EV2. One of the major

challenges with accurately measuring the valence band offset is the precise determination

of valence band edge (EV), which involves fitting the XPS data with a valence-band

density of states. The most commonly used method was introduced by Kraut et al.,

which uses a linear square fit and accounts for the instrument broadening improving

the accuracy to ± 0.03 eV [208].



Chapter 4

Radical-based Molecular Beam

Epitaxy

Choice of synthesis conditions for a metal oxide are often informed by thermo-

dynamics considerations, as commonly represented in the Ellingham diagram. Con-

sideration of the metal’s redox potential can also be instructive. Metals possessing

high oxidation potential are readily oxidized, whereas those with lower potential re-

quire stronger reaction conditions: high oxygen pressures [209], high processing tem-

peratures [210, 211], sol-gel chemistry [212, 213], application of reactive gases such as

ozone [171,177,214,215,216,217], or even combustion [218]. For ternary oxides such as

perovskite oxides (ABO3, where A and B are elemental metals), a difference in oxidation

potentials of metal A and B can make synthesis even more demanding as compared to

their binary oxide counterparts. For instance, if metal B has a lower oxidation potential

than that of metal A, a more severe oxidation condition may be required to achieve full

oxidation of B in the presence of A. Figure 4.1 shows the standard oxidation potential

of elements used in common perovskite oxides [219, 220]. B-site elements (Ti, V, Sn,

This chapter has been adapted from – Abhinav Prakash, John Dewey, Hwanhui Yun, Jong Seok
Jeong, K. Andre Mkhoyan, and Bharat Jalan. Hybrid molecular beam epitaxy for the growth of
stoichiometric BaSnO3. J. Vac. Sci. Technol. A 33, 060608 (2015).
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Ni, etc.), in general, have lower oxidation potential than A-site elements (Ba, Sr, La,

Y, etc.), implying stronger oxidation conditions may be required for nickelates or stan-

nates as compared to their titanate equivalents. Owing to this complication, ultra-high

vacuum (UHV) growth techniques such as oxide molecular beam epitaxy (MBE) often

result in incomplete oxidation of elements with low oxidation potential, leading to the

formation of secondary phases. For example, NiO is a known impurity phase in nicke-

lates due to incomplete oxidation of Ni under standard MBE conditions [221]. Similarly,

undesirable SnO phase forms during the MBE growth of SnO2 [222]. Potentially, higher

oxygen pressure or the application of reactive gases such as hydrogen peroxide [223] or

ozone [171, 177,214, 215, 216, 217] can be used to avoid such issues. However, they may

lead to undesirable consequences in MBE such as metal flux instability [159,161,165] due

to the surface oxidation, or filament oxidation, or even damage to the vacuum pumps

due to high oxygen pressure.

Alternative MBE approaches, such as hybrid MBE, overcome these challenges to

a certain extent [183, 224]. Hybrid MBE supplies low-vapor-pressure-elements in the

form of chemical precursors, with metal atoms already bound to oxygen. For exam-

ple, titanium tetraisopropoxide (TTIP) [180,188,225] and vanadium oxytriisopropoxide

(VTIP) [197,226] precursors are used to supply Ti and V, respectively. The advantages

of this approach include scalable growth rates, self-regulating stoichiometry control,

and potentially superior oxygen stoichiometry owing to the additional source of oxygen

from the precursor. However, it may not always be possible to find an oxygen-containing

metal precursor that benefits the oxide growth in this fashion. In particular, for the stan-

nate compounds (ASnO3), identifying a suitable precursor is non-trivial. Emulating the

recent success of TTIP and VTIP precursors, a chemical precursor like tin tert-butoxide

(TTB) [227] that coordinates tin atoms to four oxygen atoms would appear to be a log-

ical choice. When tested, however, TTB was found to be thermally unstable, with a

vapor pressure much lower than appropriate for use in the MBE system [228].

In this thesis, we report on a radical-based MBE approach for epitaxial growth of
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Figure 4.1: Standard oxidation potentials for A- and B-site elements in common per-
ovskite oxides, ABO3 in the order of increasing difficulty to oxidize them to their re-
spective oxidation state. For these values, n = 2 for Ba and Sr; n = 3 for La, Y, Ti, V,
Co, and Ni; n = 4 for Sn. Data were taken from references

phase-pure, stoichiometric BaSnO3 films [65, 69, 73] using hexamethylditin, (CH3)6Sn2

(HMDT) as a tin precursor. This precursor decomposes above 200 ◦C into reactive tin

radicals. It is noteworthy that the reactivity of HMDT is strong enough to produce

phase-pure BaSnO3 films when combined not only with an oxygen plasma but also

with molecular oxygen. Attempts to grow BaSnO3 films using tetraethyltin (C2H5)4Sn

(TET), a similar alkyl-tin precursor proven successful in the hybrid MBE growth of

SnO2 resulted in drastically lower Sn incorporation, even though growth conditions

were kept identical [228].
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4.1 Thin Film Growth

Phase-pure, single-crystalline, epitaxial BaSnO3 films (a0 = 4.116 Å; space group:

Pm3̄m) were grown by co-deposition on SrTiO3 (STO) (001) and LaAlO3 (LAO) (001)

substrates in a UHV oxide MBE system (EVO 50, Omicron Nanotechnology, Germany).

The lattice mismatch of BaSnO3 is −5.12% and −7.89% (compressive) with SrTiO3

and LaAlO3, respectively. A hybrid MBE approach was employed using HMDT (Sigma

Aldrich, USA) as a metalorganic precursor for Sn, an elemental solid source for Ba using

an effusion cell and an rf plasma source for oxygen. The plasma source (Mantis, UK),

equipped with charge deflection plates, was operated at 250 W and oxygen pressure

of 5 × 10−6 Torr. The HMDT precursor was introduced via a gas injector (E-Science,

Inc., USA) by thermal evaporation in a bubbler, which was connected to the gas injector

through a gas inlet system equipped with a linear leak valve and a Baratron manometer.

The HMDT flux was controlled by feedback control of the linear leak valve. Given the

high volatility of HMDT at low temperatures, no carrier gas was used. A 350 nm thick

Ta layer was deposited on the back of the substrates to improve heat transfer between

the film and the substrate heater. Substrates were cleaned in oxygen plasma for 20 min

prior to film deposition ensuring no carbon contamination was present at the surface.

The growth of stoichiometric BaSnO3 films was then carried out at a fixed substrate

temperature, 900 ◦C (thermocouple temperature) for 1 h keeping the beam equivalent

pressures for Sn and Ba at 1.3× 10−6 and 5.0× 10−8, respectively. Figure 4.2 and 4.2

show a typical beam flux calibration for hexamethylditin and barium. Oxygen plasma

was left on during cooling until the samples reached 400 ◦C.

Film growth was monitored in situ using reflection high- energy electron diffraction

(RHEED, Staib Instruments, Germany), operating at an accelerating voltage of 14 kV

and 1.48 A. Structural characterization was performed using a high-resolution Pana-

lytical X’Pert thin-film diffractometer with Cu Kα radiation. High-resolution X-ray

diffraction 2θ − ω scans and reciprocal space maps (RSMs) were taken to determine
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Figure 4.2: Beam flux measurement of hexamethylditin at different Baratron setpoints.
Inset shows the linear behavior between the beam flux and the Baratron setpoint.

phase purity, and out-of-plane/in-plane lattice parameters. Grazing-incidence X-ray

reflectivity (GIXR) scans, wide-angle X-ray diffraction finite-size fringes, and RHEED

intensity oscillations were analyzed to determine the film’s thicknesses, which were in

excellent agreement with each other. GenX [229] was used to fit GIXR data. During film

growth, time-dependent in-plane lattice parameters of BaSnO3 were determined by mea-

suring the spacing between diffraction streaks in real-time RHEED patterns and then

normalizing with respect to the spacing corresponding to the in-plane lattice parameter

of the SrTiO3 substrate. Atomic force microscopy (AFM) in contact mode was used to

probe surface morphology. Scanning transmission electron microscopy (STEM) analysis

was conducted using an aberration-corrected FEI Titan G2 60-300 STEM microscope
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Figure 4.3: Beam flux measurement of barium at different effusion cell temperatures to
attain a desired flux of 5.0× 10−8 Torr.

equipped with a CEOS DCOR probe corrector operated at 200 keV. Energy disper-

sive X-ray spectroscopy (EDX) and electron energy-loss spectroscopy (EELS) maps

were recorded using Super-X system with a quad-Silicon Drift Detector windowless

in-polepiece EDX detector, and Gatan Enfinium ER spectrometer in the microscope,

respectively. The convergent semi-angle of the incident STEM probe beam was 21

mrad and the annular dark-field (ADF) detector inner angles were in the range of 43–77

mrad. Beam currents of 45 pA and 125 pA were used for imaging and spectroscopy,

respectively. Transport measurement was performed using a Quantum Design physical

property measurement system. Indium was used as an ohmic contact. No measurable

conductivity (< 10−4 Ω−1cm−1) was observed in as-grown stoichiometric BaSnO3 films.
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4.2 Critical Thickness for Strain Relaxation

Figure 2(a) shows time-dependent RHEED intensity oscillations observed during

a stoichiometric film growth. RHEED intensity oscillations indicate a two-dimensional

Frank–van der Merwe (layer-by-layer) growth mode. A damping of the RHEED intensity

for the first few monolayers was observed, which is attributed to an increase in the

long-range roughness [230, 231]. However, a phase shift in the RHEED oscillations

after 2–3 monolayers was observed, accompanied by an increase in the overall RHEED

intensity. Such phase shifts are indicative of changes in growth dynamics and/or surface

reconfiguration [232,233]. In fact, we found that this abrupt phase shift is marked by the

onset of strain relaxation as illustrated in figure 2(b), which shows time-dependent in-

plane lattice parameters determined from the analysis of RHEED patterns. To obtain

further insights into the mechanisms of strain relaxation, we analyzed the thickness-

dependent (i.e., growth-time dependent) in-plane lattice parameters using the elastic

theory of strain relaxation [234].

Figure 2(b) shows a reasonable fit (shown as a solid line) of the experimental data

with a hyperbolic function, which represents strain relaxation behavior often via for-

mation of misfit dislocations [234]. It is noted that our experimental critical thickness

for strain relaxation (tcritical = 1.2 nm), is smaller than the theoretical critical thickness

value (3 nm on SrTiO3 substrate) determined using Matthews-Blakeslee equation [235].

It should, however, be noted that the role of thermal stresses between film and substrate

is not accounted for in the Matthews–Blakeslee equation, which may also be at play at

high growth temperatures. After film growth, RHEED showed streaky patterns along

both [100] and [110] azimuths of the substrate, establishing a cube-on-cube epitaxial re-

lationship and smooth surface morphology. The correlation between strain relaxation,

phase shift, and growth dynamics is still unclear.
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Figure 4.4: (a) Time-dependent RHEED intensity oscillations for BaSnO3 grown on
SrTiO3 substrate. Inset shows the schematic of the structure. (b) In-plane lattice
parameter of the film determined using in situ RHEED as a function of growth time.
The shaded region marks the onset of strain relaxation. A black solid line above tfilm

= 1.2 nm is a hyperbolic fit to the experimental data. The dotted line is a guide to
the eye. RHEED patterns after growth along (c) [100] and (d) [110] azimuths of the
substrate. The film thickness is 40 nm.
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Figure 4.5: On-axis high-resolution X-ray diffraction 2θ−ω scans for (a) 40-nm BaSnO3

(BSO) on SrTiO3 (STO) (001), and (b) 34-nm BaSnO3 on LaAlO3 (LAO) (001) sub-
strate. Insets show close-ups along (002) film/ substrate peaks. The out-of-plane lattice
parameter was calculated to be 4.127 ± 0.002 Å and 4.116 ± 0.002 Å for films grown
on SrTiO3 and LaAlO3, respectively. Films were grown at identical growth conditions:
Tsub = 900 ◦C, PHMDT = 1.3× 10−6 Torr, PBa = 5.0× 10−8 Torr, Poxy = 5.0× 10−6

Torr.
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4.3 Cation Stoichiometry

The lattice parameter was used as a sensitive probe of the cation stoichiometry of

our films. Figure 4.5(a) shows a WAXRD scan for a 40-nm-thick film on SrTiO3 (001)

with finite-size fringes, indicating crystalline phase and smooth morphology on a short

lateral length scale. It also reveals phase-pure BaSnO3 (001) within resolution of XRD,

with an expanded out-of-plane lattice parameter of 4.127 Å ± 0.002 Å, which is about

0.26 % larger than the bulk value of 4.116 Å. The increased lattice parameter could

result from a small amount of residual strain, cation non-stoichiometry, and/or other

structural defects. To examine the influence of strain, a similar thickness of BaSnO3

film was grown on a LaAlO3 (001) substrate under identical growth conditions. LaAlO3

substrates offer a larger lattice mismatch, and therefore, films grown on LaAlO3 are

expected to achieve full strain relaxation compared to films of similar thicknesses grown

on SrTiO3. A WAXRD scan is shown in figure 4.5(b) for a 34-nm BaSnO3 film grown

on LaAlO3 (001) substrate yielding an out-of-plane lattice parameter value of 4.116 Å

± 0.002 Å. This value is identical to the bulk value, suggesting that the expanded out-

of-plane lattice parameter of the film on SrTiO3 is likely due to an incomplete strain

relaxation. We confirmed these results using asymmetric X-ray scans.

Figures 4.6(a) and (b) show off-axis RSMs taken around (103) reflection peak of

the films grown on SrTiO3 (001) and LaAlO3 (001), respectively. The RSM of a 40-

nm-thick film on SrTiO3 shows an out-of-plane lattice parameter value of 4.127 Å ±

0.002 Å, consistent with the results of on-axis WAXRD scans, and an in-plane lattice

parameter value of 4.100 Å ± 0.002 Å. We calculate the unstrained film parameter of

BaSnO3 using the following equation [236]:

aunstrained =
2ν + (1− ν)a⊥

1 + ν
(4.1)

where, ν is the Poisson’s ratio for bulk BaSnO3 (set to 0.247 [237]) and a‖ and a⊥ are the

experimental values of the in-plane and the out-of-plane lattice parameters, respectively,

determined from the RSM. The value of aunstrained was calculated to be 4.116 ± 0.002 Å,
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Figure 4.6: Off-axis RSMs of (a) 40-nm-thick BaSnO3 film on SrTiO3, and (b) 34-nm-
thick BaSnO3 film on LaAlO3, taken around the (103)-reflection peak of the film. The
film on SrTiO3 was partially strained while the film on LaAlO3 was completely relaxed.
Black and white cross-markers show expected positions of a fully relaxed and a fully
strained film, respectively. The marker for fully strained film on LaAlO3 is not shown
as it lies outside the field of view.
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which is identical to the bulk value, consistent with a stoichiometric film composition.

Likewise, the film on LaAlO3 was found to be fully relaxed with aunstrained = 4.116 Å

± 0.002 Å, as would be expected in stoichiometric films. These results thus further

support our conclusion that films grown on both substrates are nearly stoichiometric.

4.4 Phase-purity via Transmission Electron Microscopy

To investigate structural defects arising from strain relaxation, cross-sectional STEM

imaging and spectroscopy were performed. Figure 4.7(a) shows a low-magnification

high- angle ADF (HAADF) STEM image of a 40-nm-thick BaSnO3 film on SrTiO3

(001). Important features of this image are uniform film thickness over a large lateral

length scale, a sharp film/substrate interface, and evenly spaced regions of different

contrast with a spacing of ≈ 15 nm. We attribute the HAADF contrast to the complex

defect regions propagating through the film from misfit dislocations, leading to slightly

preferential milling during STEM sample preparation. The thickness contrast was also

observed in the EELS map (figure 4.7(d)) corresponding to these regions. It should

be noted that a spacing of 7.5 is expected if misfit dislocations are responsible for

relaxing the full 5.12 % lattice mismatch [94]. This spacing is consistent with strain

contrast modulations at the interface (figure 4.7(d)). The questions of how and why

dislocations propagate in the growth direction despite an in-plane mismatch and why the

defect regions span twice the misfit dislocation distance are however open and require

further investigations. Figure 4.7(b) shows an atomic-resolution HAADF- STEM image

of BaSnO3 on SrTiO3, confirming a cube-on-cube epitaxial relationship. STEM-EDX

elemental maps were recorded over a large lateral length scale (figure 4.7(c)), confirming

uniform distribution of the elements in the film and no obvious signs of formation of

different phases. It is noted that the poor contrast in Ba and Ti signals between film

and substrate is due to overlap of Ba and Ti X-ray peaks. The STEM-EELS composite

map (figure 4.7(d)) for Ba M4,5 and Ti L2,3, however, confirms no obvious intermixing
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Figure 4.7: (a) HAADF-STEM image of a 40-nm-thick BaSnO3 film on SrTiO3 (001);
(b) atomic-resolution HAADF-STEM image of a BaSnO3/SrTiO3 interface; (c) STEM-
EDX maps of Ba Lβ, Sn Lα, Sr Lα, Ti Kα, and O Kα from a BaSnO3/SrTiO3 structure
shown in the top panel. Poor contrast for Ba and Ti signal between film and the
substrate is due to overlap of Ba and Ti X-ray peaks; (d) STEM-EELS composite map
of Ba M4,5 and Ti L2,3 signals (right panel), collected along with a low-angle ADF
(LAADF) STEM image (left panel).
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of Ba and Ti.

4.5 Growth of BaSnO3 using Molecular Oxygen

The high reactivity of Sn-radicals allows the growth of BaSnO3 films even in molec-

ular oxygen. Figure 4.8(a) shows X-ray diffraction pattern for a 42 nm thick BaSnO3

film grown using radical-based MBE with molecular oxygen. The lattice parameter was

found to be 4.116 Å – equal to the bulk lattice parameter of BaSnO3. This suggests that

there was no residual biaxial strain present in the film as opposed to the film grown

with oxygen plasma. The critical thickness for complete strain relaxation, therefore,

also depends on the growth dynamics in addition to the choice of substrate. Due to

low reactivity of molecular oxygen, higher beam flux of hexamethylditin was needed in

comparison with oxygen plasma to achieve the correct cation stoichiometry. The films

grown with molecular oxygen were, however, found to be more disordered indicated

by the absence of thickness fringes in figure 4.8(a) and a broad rocking curve in figure

4.8(b) that followed a Gaussian distribution.

Figure 4.8: (a) Wide-angle X-ray diffraction pattern of a 42 nm thick BaSnO3 film
grown on SrTiO3 using molecular oxygen, and (b) Corresponding rocking curve fitted
with a Gaussian peak.
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The film was found to be smooth with a mean square roughness of 7.1 Å – less than

2 unit cells. No change in the X-ray diffraction was observed after annealing the film in

high oxygen background pressure at 800 ◦C for 2 min. This is consistent with previous

reports on bulk BaSnO3 that the concentration of oxygen vacancies are difficult to

manipulate due to low diffusivity of oxygen in BaSnO3. On the other hand, the surface

showed presence of pits in the atomic force image after annealing which is likely due to

preferential etching around the dislocation cores present in the film.

Figure 4.9: Atomic force micrograph of the films shown in 4.8 before (a) and after (b)
annealing in a rapid thermal annealer.

4.6 Reactivity of Tin Precursor

Finally, we attempt to discuss the role of HMDT chemistry in assisting the MBE

growth of BaSnO3, using a previously explored tin source (TET) as a reference. Appli-

cation of HMDT results in the growth of stoichiometric BaSnO3, while TET does not,

despite the similar vapor pressures and thermal stabilities of the two chemicals. These

precursors differ in two important aspects - the mass (and number of C–C bonds) of the

alkyl group attached to Sn and the presence of a Sn-Sn bond in HMDT. The thermal

dissociation energy of the Sn-Sn bond (146.7 kJ mol−1) [238] in HMDT is reported to be

smaller than that of Sn–C bonds (199.7 kJ mol−1) in TET [238]. Additionally, based on

the fact that TET is attached to bulkier C2H5– groups (cf. the CH3– groups present in
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HMDT), one would expect the reactivity of HMDT to be higher than TET, as observed

in our experiments. The striking difference in growth performance displayed by these

two chemicals demonstrates the vital role that precursor chemistry plays in the incor-

poration of tin, even at the elevated temperatures used in MBE. Future investigations

should be directed toward investigating the reaction mechanisms involved in tin incor-

poration using HMDT, TET, and perhaps other similar precursors of tin, which may

allow us to potentially design novel precursors for elements that are ordinarily difficult

to oxidize.

4.7 Conclusion

We demonstrated the growth of epitaxial, phase-pure, stoichiometric BaSnO3 films

via hybrid MBE using HMDT for tin, elemental source for Ba, and an rf plasma for

oxygen. Phase-pure films were also grown with molecular oxygen owing to the high

reactivity of HMDT. We illustrated using in situ RHEED that films grow in a layer-

by-layer growth fashion and have a critical thickness of 1 nm when grown on SrTiO3 at

900 ◦C. Phase-purity, cation stoichiometry, surface morphology, and film microstruc-

ture were investigated using a combination of high-resolution X-ray diffraction, AFM,

STEM imaging, and spectroscopy techniques. Finally, we argue that with a carefully

selected/designed chemical precursor, MBE growth of complex oxides of elements pos-

sessing low vapor pressure and low oxidation potential may become possible, which are

otherwise difficult to grow in a conventional MBE setup.



Chapter 5

Adsorption-controlled Growth of

BaSnO3 Films

5.1 Introduction

The pursuit for high room-temperature mobility in BaSnO3 thin films has been

challenging due to the non-stoichiometry related defects and large substrate/film lat-

tice mismatch. Large variation in the mobility values between 10-180 cm2 V−1 s−1 are

observed in BaSnO3 films grown using different synthesis approaches [8, 65, 68, 69, 71,

88, 94, 239, 240, 241, 242]. Among these approaches, molecular beam epitaxy (MBE)-

grown BaSnO3 films have yielded films with the highest mobility. These results while

attested to the affordability of MBE to produce highest mobility films, also showed

large variation in the mobility values for identical growth conditions at similar carrier

concentrations suggesting a possibility of flux instability leading to the incorporation of

uncontrolled point defects during growth. Growth factors influencing intrinsic or extrin-

sic defects in addition to substrate-induced dislocations are critical in unambiguously

This chapter has been adapted from – Abhinav Prakash, Peng Xu, Xuewang Wu, Greg Haugstad,
Xiaojia Wang, and Bharat Jalan. Adsorption-controlled growth and the influence of stoichiometry on
electronic transport in hybrid molecular beam epitaxy-grown BaSnO3 films. J. Mater. Chem. C 5,
5730-5736 (2017). Adapted with permission from The Royal Society of Chemistry.
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probing fundamental material properties of BaSnO3. For instance, homoepitaxial films

with no obvious lattice mismatch showed much lower mobility value as compared to

bulk single crystals attesting to the important role of point defects [239]. Much of the

studies on thin films to-date have focused on the role of dislocations and ionized impu-

rities on electronic transport in BaSnO3 films with nearly no discussion of point defects

perhaps due to the difficulty associated with controlling non-stoichiometry-related de-

fects [8, 65, 68, 69, 71, 88, 94, 239, 240, 241, 242]. Theoretically, Scanlon et al. has shown

that a number of acceptor-like intrinsic defects such as Ba-vacancies, Sn-vacancies or

anti-site defects (SnBa) can form under a practical growth conditions influencing elec-

tronic properties of BaSnO3 [78].

In an attempt to investigate the role of point defects on structure, and electronic

transport, we use hybrid MBE approach to intentionally grow Ba-rich, stoichiometric

and Sn-rich films. First, we report on the discovery of a growth window for BaSnO3

films, i.e., the range of Sn/Ba flux ratio for which films’ cation stoichiometry remains

self-regulating. Using a combination of methods including lattice parameter measure-

ments, a direct compositional analysis using the RBS, electron mobility, and thermal

conductivity, a correlation between growth conditions and stoichiometry is established.

We then discuss the role of non-stoichiometry defects, both Ba- and Sn-vacancies on

the mobility, charge compensation, and metal-to-insulator transition in BaSnO3 films.

5.2 Growth and Characterization

Single-crystalline, epitaxial BaSnO3 films were grown on SrTiO3(001) and LSAT

((LaAlO3)0.3(Sr2AlTaO6)0.7) (001) substrates using hybrid MBE approach [243]. The

lattice mismatch of BaSnO3 is compressive, -5.12 % and -6.02 % with SrTiO3 and LSAT,

respectively. The hybrid MBE employs hexamethylditin (CH3)6Sn2, (HMDT) as a met-

alorganic precursor for Sn, an elemental solid source for Ba using an effusion cell and an

rf plasma source for oxygen. [243] The plasma source (Mantis, UK) was operated at 250
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W and at a constant oxygen pressure5.0× 10−6 Torr. All films were grown at a fixed

substrate temperature of 900 ◦C (thermocouple temperature). A 350 nm thick Ta layer

was deposited on the back of the substrates to improve heat transfer between the film

and the substrate heater. Substrates were cleaned at 900 ◦C in oxygen plasma for 20 min

prior to film deposition. Lanthanum (La) was used as n-type dopant. In situ reflection

high-energy electron diffraction (RHEED) and ex situ Atomic Force Microscopy (AFM)

were used for surface characterization. Structural characterization was performed us-

ing a high-resolution Panalytical X’Pert thin film diffractometer with Kα radiation.

Wide-angle X-ray diffraction (WAXRD) 2θ − ω coupled scans were taken to determine

phase-purity, and out-of-plane lattice parameters. Films’ thicknesses were measured

by grazing incidence X-ray reflectivity (GIXR). GIXR data were fitted using GenX, a

python-based freeware [229]. For cation stoichiometry optimization, we employed four

different approaches with different level of sensitivities to point defects: lattice param-

eter measurement, direct compositional analysis using the Rutherford backscattering

spectrometry (RBS), electron mobility and thermal conductivity measurements, with

the carrier mobility being the most sensitive measure of point defects.

For RBS, a 4.278 MeV 4
2He2+ beam (spot size of 2 mm × 2 mm) was generated

by a MAS 1700 5SDH pelletron tandem ion accelerator (National Electrostatics Cor-

poration, NEC). This relatively high energy was employed so as to nearly separate the

heavy element spectral peaks. Data acquisition employed RC43 (NEC) and an RBS

400 analytical endstation. Elemental composition was analyzed using SIMNRA spec-

tral simulation software [244]. For each RBS spectrum, the total integrated charge on

the sample (i.e. dosage) was ≈ 45.7 µC. To attain non-channeling conditions, the sam-

ple was mounted on the goniometer so as to achieve a 3 ° polar tilt of sample normal

relative to the beam while completing a 360 ° azimuthal rotation during each spectrum.

Scattered 4
2He2+ particles were detected at a 165 ° angle relative to the incident beam

using a Ortec Ultra silicon barrier detector of 3.6 msr solid angle. Electronic trans-

port measure- ments were carried out in a conventional van der Pauw geometry using
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indium as an Ohmic contact in a Quantum Design Physical Properties Measurement

System (DynaCool). Prior to transport measurements, all films were oxygen annealed

at 800 ◦C fo 2 min in a rapid thermal annealer (RTA) ensuring no measurable conduc-

tion in the substrate. The thermal conductivities of BaSnO3 films were measured using

the time-domain thermoreflectance (TDTR) method. Prior to the measurements, a 70

nm thick aluminum layer was deposited on each BaSnO3 films as a metal transducer.

Thicker BaSnO3 films (350 nm) were used for thermal conductivity measurements elim-

inating substrate/film interface contribution. The thermal conductivity of the BaSnO3

film was obtained by fitting the TDTR experimental data to a multilayer heat diffusion

model [245]. Details regarding the TDTR method and data reduction can be found in

references [245,246,247].

All BaSnO3 films were grown by co-deposition of Ba, HMDT and oxygen plasma.

Cation stoichiometry (Sn:Ba ratio) in BaSnO3 films was varied by tuning HMDT beam

equivalent pressure (BEP) at a constant Ba BEP of 5.0× 10−8 Torr. Sn was supplied

by thermal evaporation of HMDT precursor in a bubbler, connected to a gas injector

through a gas inlet system equipped with a linear leak valve and a Baratron manometer.

The HMDT flux was controlled by feedback control of the linear leak valve. No carrier

gas was used in this process. The key advantage of HMDT originates from its ability

to form highly reactive Sn radicals allowing for phase pure BaSnO3 even without the

use of plasma [243]. Other advantages include high vapor pressure leading to scalable

growth rates [243], and the basis for the origin of MBE growth window as discussed

here.

5.3 Growth Window for BaSnO3 Films

Figure 5.1(a) shows on-axis high-resolution X-ray 2θ − ω coupled scans of BaSnO3

films grown on SrTiO3 (001) at different Sn:Ba BEP ratios. Phase-pure, single crys-

talline BaSnO3 films were obtained for 9.72 ≤ Sn:Ba BEP ratio ≤ 30.6. Additional
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Figure 5.1: (a) Wide-angle X-ray diffraction 2θ − ω coupled scans, and (b) rocking
curves for BaSnO3 films on SrTiO3 substrates with different Sn:Ba BEP ratios. Inset
shows a schematic of the structure.
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diffraction peak observed for films with 21.4 ≤ Sn:Ba BEP ratio ≤ 30.6 results from

hybrid reflection from the film and the substrate [248]. Films with 13.5 ≤ Sn:Ba BEP

ratio ≤ 30.6 showed finite-size thickness fringes indicating smooth morphology on short

lateral length scale. Films grown with excess of Ba (Sn:Ba BEP = 9.72) showed no

thickness fringes. Figure 5.1(b) shows the corresponding rocking curve scans of these

films indicating a correlation between growth conditions and the structural quality.

Both Ba- and Sn-rich regimes revealed a narrow and a broad peak component in the

rocking curve whereas intermediate growth regimes (13.5 ≤ Sn:Ba BEP ratio ≤ 18.3)

showed only a narrow peak component with a full width at half maxima (FWHM) of

0.05° - 0.06°. While further microscopic analysis would be required to understand the

structural features yielding narrow and broad peaks, these results clearly indicate a

more disordered structure for films grown at Ba- or Sn-rich conditions.

To determine cation stoichiometry (Sn:Ba ratio) of these films, we performed RBS.

Figure 5.2 shows measured Sn:Ba ratios (right axis) as a function of Sn:Ba BEP ratios,

overlaid with the out of plane lattice parameter (aOP) (left axis). With increasing Sn:Ba

BEP ratio, film’s Sn:Ba ratio determined from RBS first increases, remains constant at

1:1 between 13.5 ≤ Sn:Ba BEP ratio ≤ 18.3, and then continues to increase. The

corresponding aOP, however, first decreases and then remains unchanged. These results

suggest three growth regimes: Ba-rich (Sn-deficient); stoichiometric; and Sn-rich (Ba-

deficient). The expansion of aOP in the Ba-rich regime (Sn:Ba BEP < 13.5) is expected;

and is consistent with the presence of non-stoichiometry-related defects as observed in

other perovskite oxides [121,183,198,249,250,251]. Notably, aOP remains unchanged for

both stoichiometric, and Sn-rich compositions and that these values are higher than the

bulk value (4.116 Å). These results raise further questions as to why stoichiometric films

have higher aOP than bulk, why Sn-rich films have identical lattice parameters as that

of the stoichiometric films and why cation stoichiometry remains 1:1 and self-regulating

despite varying Sn/Ba BEP ratio? To address these questions, we grew a representative

series of samples on LSAT substrate (figure 5.3). A similar trend in aOP vs. Sn:Ba
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Figure 5.2: (a) The out-of-plane lattice parameter (aOP) (red diamond symbols, left
axis), and Sn:Ba ratios determined using RBS (blue triangular symbols, right axis) as
a function of Sn:Ba BEP ratios. The green shaded region indicates the MBE growth
window for self-regulating cation stoichiometry control. A dashed-dotted line indicates
lattice parameter of bulk BaSnO3, 4.116 Å. (b) Film thicknesses as a function of Sn:Ba
BEP ratios. All films were grown on SrTiO3 substrates for 1 h.
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BEP ratio was observed for films grown on LSAT but with aOP value for stoichiometric

and Sn-rich films similar to that of the bulk BaSnO3 suggesting the increased aOP

for stoichiometric BaSnO3 on SrTiO3 is due to the residual compressive strain in the

film. Note that LSAT offers larger lattice mismatch to BaSnO3 than SrTiO3 for strain

relaxation. Moreover, measurements of in-plane lattice parameters of BaSnO3 films on

SrTiO3 and LSAT confirm the increased value of aOP in the stoichiometric regime is

due to the residual strain and not due to non-stoichiometry as shown in figure 5.4.

However, these results did not allow us to explain the unchanged aOP for Sn-rich films.

We hypothesize that it may be due to the anti-site defect formation by Sn occupying Ba-

site (SnBa), which is known to be energetically stable under these growth conditions [78].

Since Sn+2 has smaller ionic radii than Ba+2, isovalent substitution of Sn+2 at Ba-site

may compensate for the increased aOP owing owing to non- stoichiometry. A similar

behavior is observed for Sn+2 doping at Sr-site in SrTiO3 films [15].

Figure 5.3: Out-of-plane lattice parameter of BaSnO3 films grown on LSAT (001) sub-
strates as a function of Sn:Ba BEP ratio. The trend in the aOP is similar to the films
grown on SrTiO3 substrates.

As for the question of why Sn:Ba ratios in films (13.5 ≤ Sn:Ba BEP ratio ≤ 18.3)

remained nearly 1:1 over a range of BEP ratios, we show in figure (b) film thickness as a

function of Sn:Ba BEP ratios at a constant Ba BEP, 5.0× 10−8 Torr. Note the growth

time for these samples was kept fixed at 1 h. Notably, no change in thickness or growth
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Figure 5.4: Off-axis reciprocal space maps around (103) plane of substrate of BaSnO3

films on SrTiO3 (left panel) and LSAT (right panel) substrates grown under identical
conditions (Sn:Ba BEP = 18.5) for stoichiometric composition. Film thicknesses were
between 36-45 nm. Clearly, film on SrTiO3 (a = 3.905 Å) is not fully relaxed whereas
that on LSAT (a = 3.868 Å) is fully relaxed. These results confirm why aOP of films
on SrTiO3 is slightly increased compared to bulk BaSnO3 lattice parameter (4.116 Å)
whereas aOP is identical to that of bulk for film on LSAT. Note that the expected value
of aOP for a fully coherent BaSnO3 film on SrTiO3 and LSAT substrates is 4.255 Å and
4.279 Å respectively.

rates was observed for samples with Sn/Ba ratio of 1 : 1 followed by an increase with

increasing Sn/Ba BEP ratio implying that an adsorption-controlled growth kinetics is

at play owing to the desorption of excess HMDT precursor for films with 13.5 ≤ Sn:Ba

BEP ratio ≤ 18.3. We refer this growth regime to the “MBE growth window” in which

cation stoichiometry remains self-regulating and 1:1. Similar growth windows have

been reported previously for other conventional semiconductors and complex oxides

such as GaAs, SrTiO3 [180], PbTiO3 [172], BiFeO3 [177], LuFe2O4 [179], and vanadates

[197,198] and has been attributed to high volatility of one of the constituents.
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5.4 Correlation Between Cation Stoichiometry and Sur-

face Morphology

We now show a correlation between cation stoichiometry and surface morphology.

Figure 5.5 shows RHEED and AFM images of representative samples grown in Ba-rich,

stoichiometric and Sn-rich regimes on LSAT (001) owing to its superior surface qual-

ity. Streakier RHEED patterns were observed for stoichiometric films. Irrespective of

whether films were Ba- or Sn-rich, a rather fuzzier pattern with diffracted spots was

observed. Consistent with the observations in RHEED, AFM confirmed smoother mor-

phology for stoichiometric films, and displayed surface crystallites for non-stoichiometric

composition likely also responsible for diffracted spots in RHEED. While both AFM and

RHEED may not be used as standalone methods for stoichiometry optimization, such

correlation between surface morphology and composition enables a “coarse” but faster

calibration of films’ stoichiometry using AFM and RHEED. None of these films, de-

spite having a small root mean square (RMS) roughness value, showed atomic terraces.

Figure 5.5: RHEED patterns along [110] azimuth of the substrate, and the correspond-
ing AFM images of representative BaSnO3 films on LSAT substrates grown in Ba-rich,
stoichiometry and Sn-rich regimes.
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5.5 Electronic Transport as a Sensitive Measure of Cation

Stoichiometry

Next, we turn to the discussion of electronic transport in these films on SrTiO3

substrate as a function of cation stoichiometry. Incorporation of dislocations in these

films is unavoidable due to the film/substrate lattice mismatch. Dislocation density,

however, in these films is kept nominally fixed by the keeping same film’s thicknesses

(Figure 5.6(a)) and growth temperature. La was used as n-type dopant. Significantly,

unlike undoped samples, La doping yielded films with atomically smooth surface mor-

phology with atomic terraces (Figure 5.6(b)), which we attribute to the enhanced surface

adatom mobility owing to the dopant atoms. It is conceivable that rough surface may

cost larger energy in the presence of charged surface sites, i.e. La•Baand therefore result-

ing in the atomically smooth morphology. Further study should be directed to examine

the surface kinetics in the presence of dopant atoms in these materials.

To investigate the effect of cation stoichiometry on electronic transport, we fix the

dopant concentration by keeping growth rate and La-cell temperature constant. Cation

stoichiometry was then varied by changing Sn BEP at a constant Ba BEP. For Ba-

deficient growth condition, it is expected that each resulting Ba- vacancy would create

2 holes, which can compensate electrons due to La-doping. Similar argument is valid

for Sn-deficient growth conditions. Possible defect reactions governing this behavior are

shown for both Ba- and Sn-deficient conditions -

Ba-deficient conditions:

Ba×Ba −−→ VBa
′′

+ 2h• (5.1)

2Ba×Ba
La−−→ 2LaBa

• + 2e
′

(5.2)

Overall defect reaction:

3Ba×Ba
La−−→ 2LaBa

• + VBa
′′

(5.3)
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Figure 5.6: a) A schematic of the structure used for electronic transport measurements
with 31 nm buffer layer and a 31 nm doped layer; (b) AFM image of a La-doped BaSnO3

film grown within the growth window with a La-cell temperature of 1140 ◦C showing
atomically smooth surface morphology with σRMS of 1.2 Å; (c) resistivity (ρ) as function
of temperature (T ) for films grown with different Sn:Ba BEP ratios at a fixed La-cell
temperature of 1230 ◦C; (d) and (e) n3D and µ, respectively as a function of Sn:Ba BEP
ratios. No hall data is included for sample grown with Sn:Ba BEP ratio of 56.2 due to
its very low mobility. The film with Sn:Ba BEP ratio of 10.8 was completely insulating
and is indicated by black arrows in (d) and (e).
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Sn-deficient conditions:

Sn×Sn −−→ VSn
′′′′

+ 4h• (5.4)

4Ba×Ba
La−−→ 4LaBa

• + 4e
′

(5.5)

Overall defect reaction:

4Ba×Ba + Sn×Sn
La−−→ 4LaBa

• + VSn
′′′′

(5.6)

From the above defect reactions, it is apparent that electrons in the doped BaSnO3 films

can be compensated by both Ba- and Sn-vacancies. It may further be argued that Sn-

deficient conditions would cause stronger charge compensation given each Sn-vacancy

can compensate 4 electrons. A similar behavior is observed in our experiment as will

be discussed below. We however note that the above defect reactions should only be

taken as a guide, and to qualitatively understand the experimental data given defect

chemistry in these materials is often more complicated.

We now turn to the experimental data shown in figure 5.6(c–e). Figure 5.6(c) shows

temperature dependent resistivity (ρ) for representative samples with 14.9 ≤ Sn:Ba

BEP ratio ≤ 56.2. Carrier density (n3D) and mobility (µ) at 300 K are also shown as a

function of Sn:Ba BEP ratio in figure 5.6(d) and (e), respectively with the green shaded

region corresponding to the growth window determined using RBS. As one would expect,

the stoichiometric films grown within the growth window showed metallic behavior and

a peak in the value of n3D (2.5× 1020 cm−3) and µ (105 cm2 V−1 s−1). Irrespective of

Ba- or Sn-rich composition, both n3D and µ decreased with increasing non-stoichiometry

with stronger dependence for Sn-deficient films. We note that all these n3D and µ values

are also limited by the threading dislocations present in our films so they only allow a

comparison with respect to each others. Additionally, one may also question how the

incorporation of point defects may influence the threading dislocation density in doped

layer. As illustrated in figure 5.7, we found that transport in doped BaSnO3 layer

remain unchanged with varying Sn:Ba ratio in buffer layer suggesting threading dislo-

cation density in doped layer may not be affected by stoichiometry variation. However,
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further experiments combined with detailed microstructural analysis are clearly needed

to investigate this effect in details. Nevertheless, with increasing non-stoichiometry

(Ba-deficiency), a metal-to-insulator transition was observed between 4.0× 1019 cm−3

< n3D < 7.0× 1019 cm−3. The theoretical critical carrier density (nC) [252] for an in-

trinsic metal-to-insulator transition in an uncompensated, degenerately doped BaSnO3

semiconductor is 1.0× 1017 cm−3 - 1.0× 1018 cm−3 assuming an effective mass (m∗) 0.2

me - 0.4 me [80, 241], and a dielectric constant of ∼ 20 [253, 254]. This value is about

1–2 orders of magnitude smaller than our experimental value. These results show non-

stoichiometry not only results in the compensation of carriers but also increases disorder

yielding lower mobility and increased value of nC for metal-to-insulator transition. The

results of increasing disorder for non-stoichiometric samples are also consistent with the

rocking curve measurements in figure 5.1(b). In analogy with well-studied prototypical

oxide semiconductor, SrTiO3, where non-stoichiometry often results into a completely

insulating sample, [121] non-stoichiometry defects specifically Ba-vacancies in BaSnO3

seems to be more forgiving to the electronic transport. Our finding of Ba-vacancies

being acceptor-type is consistent with the theoretical prediction of Scanlon et al. [78].

5.6 Thermal Conductivity as a Measure of Cation Stoi-

chiometry

Finally, we show the thermal conductivity of our BaSnO3 films (≈ 350 nm), which

can also be affected by structural or point defects [246,251,255]. Figure 5.8 shows TDTR

signals and fitting data indicating a thermal conductivity, Λ = 13.3 ± 1.46 W m−1 K−1

and 1.89 ± 0.15 W m−1 K−1 for a stoichiometric and a Ba-rich film (Sn:Ba = 0.92 ±

0.02, and a trace amount of secondary phase consistent with Ba3Sn2O7), respectively.

Significantly, the stoichiometric film showed comparable thermal conductivity as that

of the BaSnO3 bulk single crystals (Λ = 13.2 W m−1 K−1) [256], further attesting to the
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Figure 5.7: (a) Schematic of two sample structure to disentangle the role of dislocations
and point defects on the transport in BaSnO3 films, (b) temperature-dependent resistiv-
ity of structure B containing buffer 1 of stoichiometric (Sn:Ba BEP = 18.8) and highly
non-stoichiometric composition (Sn/Ba BEP = 41.7), (c and d) room-temperature car-
rier density, n3D and mobility, µ values as a function of Sn:Ba ratio for structure A and
B.

excellent crystalline quality and stoichiometry afforded by the hybrid MBE approach.

5.7 Conclusion

We have demonstrated the adsorption-controlled growth of stoichiometric BaSnO3

films with a MBE growth window using hybrid MBE. The hybrid MBE approach uses

a metal-organic chemical precursor for Sn allowing for adsorption-controlled growth.

The out-of-plane lattice parameter was found to increase for Ba-rich films whereas no

change was observed for stoichiometric and Sn-rich films. Unlike undoped BaSnO3

films, La-doping yielded films with atomic terraces. Regardless of whether films were
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Figure 5.8: TDTR signals with fittings for a 350 nm thick stoichiometric (red line); and
a non-stoichiometric (blue line) with Sn:Ba = 0.92 ± 0.02 films. Inset shows a schematic
of the structure.

Ba- or Sn-rich, increasing non-stoichiometry resulted in significant reduction in electron

mobility and density leading to a compensation-driven metal to insulator transition. A

bulk-like thermal conductivity was obtained in BaSnO3 films. In closing, we argue that

it is vital to understand how stoichiometry can affect the intrinsic properties in these

exciting materials. The failure to understand the impact of different growth methods

on stoichiometry can lead to misinterpretation or difficulty in identifying fundamental

mechanisms responsible for intrinsic/extrinsic phenomena observed in these materials.



Chapter 6

Electronic Transport in La-doped

BaSnO3 Films

6.1 Introduction

The difference in mobility values between bulk single crystals and thin films of

BaSnO3 has been largely attributed to the substrate-induced misfit/ threading dislo-

cations [8, 65]. Dislocations can introduce charged defects leading to compensation of

carriers, and an overall reduction in mobility. For instance, threading dislocation cores

in GaN have been shown to consist of Ga-vacancy (VGa) based defect complexes [257],

which form deep compensating acceptors [258, 259] together with space charge regions

around the dislocation lines, resulting in enhanced electron scattering and thus reduced

mobility [260]. To understand the role of dislocations, non-stoichiometry, and chemical

dopants on electronic transport, and to examine mobility-limiting scattering mecha-

nisms in doped BaSnO3, we combine experiments and modeling using the Boltzmann

transport and density functional theory (DFT) calculations. First, we investigate the

This chapter has been adapted from – Abhinav Prakash, Peng Xu, Alireza Faghaninia, Sudhanshu
Shukla, Joel W Ager III, Cynthia S. Lo, and Bharat Jalan. Wide bandgap BaSnO3 films with room-
temperature conductivity exceeding 104 S cm−1. Nat. Commun. 8, 15167 (2017). Licensed under a
Creative Commons Attribution 4.0 International License.
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influence of dislocations on the carrier concentration and mobility in doped BaSnO3

by tailoring the dislocation density by varying undoped buffer layer thickness. Second,

we investigate the role of charge compensation on the critical density for the metal-to-

insulator transition, carrier concentration, mobility, and the Seebeck coefficient. Finally,

we calculate the band structure, mobility and Seebeck coefficient to shed light on the

scattering mechanisms limiting the mobility at different carrier concentrations and tem-

peratures and provide the upper limits for mobility in a dislocation-free material.

6.2 Growth and Characterization of BaSnO3 Films

BaSnO3 films were grown via hybrid molecular beam epitaxy (hybrid MBE). Hex-

amethylditin was used as the metal-organic chemical precursor for Sn. Ba and La were

evaporated using effusion cells, and oxygen was supplied using an RF plasma source.

The oxygen pressure and substrate temperature were fixed at 5.0× 10−6 torr and 900

◦C, respectively for all growths. A 350-nm-thick Ta layer was deposited on the back of

the substrates to improve heat transfer between the film and the substrate heater. Sub-

strates were cleaned in oxygen plasma for 20 min before film growth ensuring no carbon

contamination was present at the surface. Dopant density in the films was controlled

by varying La-cell temperature (1060 ◦C ≤ TLa ≤ 1290 ◦C). Films were annealed after

growth in oxygen using rapid thermal annealer at 800 ◦C for 2 min to ensure oxygen

stoichiometry. All substrates after film growth and undoped films were confirmed to

be insulating (ρ > 1.0× 105 Ω cm). Electronic transport measurements were performed

in a Quantum Design Physical Property Measurement System (DynaCool) using in-

dium as ohmic contacts in a van der Pauw geometry. Thermopower measurements were

performed with a home built system described elsewhere [261].
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Figure 6.1: Variation of n3D (black open circles) and µ300 K (red solid circles) in doped
BaSnO3 films as a function of (a) tbuffer for fixed tactive = 31 nm and (b) tactive for fixed
tbuffer = 124 nm. Inset shows a schematic of the structure.

6.3 Optimization of Buffer and Active Layer Thickness

All BaSnO3/ SrTiO3 heterostructures were prepared using hybrid MBE. Growth

conditions were chosen to yield phase pure, epitaxial and stoichiometric films on SrTiO3

substrates [87,243]. The lattice mismatch of BaSnO3 is -5.12 % (compressive) with the

SrTiO3 (001) substrate, resulting in the formation of misfit dislocations and strain

relaxation for films with thickness above 1 nm [243]. The density of misfit dislocations

is largest near the film/substrate interface, which reduces the carrier mobility and also
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affects defect densities. Inserting a thick insulating (undoped) buffer layer between the

substrate and the doped (active) layer may reduce the defect density in doped layers

grown on top of it [262]. It must, however, be noted that dislocations remain present

in doped layers as threading dislocations [243], which are inevitable without a lattice-

matched substrate.

To investigate the role of dislocations on the electronic transport, we grew a series of

31nm La-doped BaSnO3/tbuffer BaSnO3/SrTiO3 (001) films, as illustrated in the inset

of figure 6.1(a). Here, we fix the thickness of the active layer for which the transport will

be evaluated, while varying tbuffer between 30 and 250 nm. Dopant density in the active

layer was kept constant by fixing the La-cell temperature (TLa) at 1230 ◦C. Figure

6.1(a) shows room temperature carrier concentration (n3D) and mobility (µ300 K) as a

function of tbuffer. n3D increases monotonically between 2.50× 1020 cm−3 and 4.0× 1020

cm−3 whereas µ300 K first increases to 115 cm2 V−1 s−1 at tbuffer = 124 nm and then

decreases. The fact that n3D increases with increasing tbuffer, which in turn decreases

dislocation density in active layer, suggests charge compensation being operative, and

that threading dislocations act as acceptor-like defects. We interpret that the decrease

in µ300 K for tbuffer > 124 nm is due to scattering from increased surface roughness [97].

Having determined the optimal buffer layer thickness which is similar to what has been

reported by Park et al. [97], we then grew a series of tactive La-doped BaSnO3/124 nm

BaSnO3/SrTiO3 (001) films keeping the dopant density (TLa = 1230 ◦C fixed (figure

6.1(b)). No significant change in n3D and µ300 K was observed indicating no surface

depletion effect or enhanced scattering at the buffer/active interface. That is, the active

layer appears to be spatially uniform from a transport point of view. For rest of the

study, we have chosen tbuffer = 124 nm and tactive = 124 nm unless otherwise stated.
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6.4 Metal-Insulator Transition and Charge Compensation

in Doped BaSnO3 Films

To systematically investigate the effect of charge compensation due to dislocations

on electronic transport, we prepared a doping series of 124 nm Ba1–xLaxSnO3/124 nm

BaSnO3/ SrTiO3 (001) heterostructures. The value of x, and thereby n3D was controlled

by varying TLa at a fixed Ba:Sn beam equivalent pressure (BEP) ratio. The oxygen flux

was also kept fixed. Figure 6.2(a) shows the resistivity (ρ) versus T as a function of

n3D. Dashed line in figure 6.2(a) at 0.06 Ω-cm corresponds to the calculated values of ρ

for metal-to-insulator transition based on Mott’s minimum metallic conductivity (σmin)

criterion for a degenerately doped semiconductor [252]:

σmin = 0.03(
e2

~aB
) (6.1)

where, aB is the Bohr radius with a value between 2.5× 10−7 cm and 5.0× 10−7 cm for

BaSnO3 assuming an effective mass (m∗) of 0.2 me - 0.4 me [80, 241], and a dielectric

constant of 20 [253,254]. A small upturn in ρ(T ) was observed at low-temperatures and

attributed to weakly localized transport. ρ(T ) increases with decreasing n3D leading to

a metal-to-insulator transition between 5.48× 1018 cm−3 < n3D < 1.51× 1019 cm−3.

The theoretical critical carrier density (nC) for the Mott metal-to-insulator transition

in an uncompensated, degenerately-doped semiconductor is shown in ref. [252]-

nC = (
0.26

aB
)3 (6.2)

Using equation 6.2, we calculate nC for metal-to-insulator transition between 1.0× 1017

cm−3 to 1.0× 1018 cm−3, which is an order of magnitude smaller than our experimental

value. This result suggests the existence of charge compensation in agreement with

the presence of dislocations, as also observed in doped compensated semiconductors

[263,264].

Next, we discuss the influence of charge compensation on n3D and µ300 K. Figure

6.2(b) shows a semi-log plot of room temperature n3D as a function of inverse TLa. It
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Figure 6.2: (a) Resistivity (ρ) of doped BaSnO3 films as a function of temperature (T )
for different free carrier concentration measured at 300 K, (b) Free carrier concentra-
tion (n3D) at 300 K as a function of La cell temperature (TLa) representing dopant
concentration. Inset shows the schematic of the structure used, and (c) µ300 K vs. n3D

for stoichiometric (red open circles) and Ba-deficient films (blue open circles). Non-
stoichiometric films had 31 nm of buffer and active layer thicknesses. Black arrows
mark the onset of charge compensation.

is noted that 1/TLa is directly related to the dopant density (Ndopant) as Ndopant ∝

e−∆/(kBTLa), where ∆ and kB are activation energy of evaporation of La and the Boltz-

mann constant, respectively. For low 1/TLa (high Ndopant), n3D first decreases linearly

on a logarithmic scale, as one would expect with increasing 1/TLa if La is the source

of electron and if it is fully-activated. For high 1/TLa (low Ndopant), n3D, however,

decreases faster, i.e. deviates from linearity, indicating electrons are being trapped at

the charged dislocations present in the film resulting in lower carrier concentration.

This trend is in agreement with the charge compensation being operative below n3D

≤ 6.64× 1019 cm−3 (marked by an arrow) and is remarkably similar to the behavior
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Figure 6.3: Particle induced X-ray emission (PIXE) data for one of the BaSnO3 films
showing absence of unintentional impurities.

observed in doped III–N systems with dislocations [257, 258, 259, 260, 265]. We elimi-

nate the presence of unintentional impurities as a source of charge compensation using

particle-induced X-ray emission (PIXE) as shown in figure 6.3. Figure 6.2(c) shows

µ300 K vs. n3D for two series of samples: Ba1–xLaxSnO3 with a fixed cation stoichiom-

etry but different x (red circle); and Ba1–x –yLaxSnO3 with a fixed x but different y ≥

0 (blue circle). It is noted that y = 0 corresponds to the cation stoichiometric composi-

tion with n3D = 2.53× 1020 cm−3 and µ300 K = 105 cm2 V−1 s−1. The value of y, and

thereby Ba vacancies, V
′′

Ba was controlled by varying the Ba:Sn BEP at a fixed Ba BEP.

We first discuss the stoichiometric samples (red circle) with different n3D. We observe

with decreasing carrier density, 4.0× 1020 cm−3 < n3D < 1.0× 1019 cm−3, mobility

first increases; then remains unchanged between 6.64× 1019 cm−3 < n3D < 4.06× 1019

cm−3, followed by a steeper decrease at n3D ≤ 6.64× 1019 cm−3 (marked by an arrow).

Remarkably, the carrier density at which µ300 K begins to decrease is identical to the

density at which non-linearity in n3D vs. 1/TLa occurs and the compensation kicks-in,
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as illustrated in figure 6.2(b). This result suggests that the decrease in mobility for

low n3D is due to scattering and compensation from charged defects largely owing to

dislocations in the film, and is remarkably similar to the prior results obtained from

GaN thin films [259].

To further reveal scattering due to charged defects in low doping regime, we now

turn to the second series of samples, Ba1–x –yLaxSnO3, where x was kept constant,

and y (thereby V
′′

Ba) was varied (blue circle in figure 6.2(c)). We observe a reduction

of n3D accompanied by a decrease in mobility with increasing V
′′

Ba, in agreement with

the theoretical prediction of Ba-vacancies being an acceptor-like defect [78]. Most im-

portantly, we observe that the functional dependence of µ300 K vs. n3D is similar for

both sets of samples in the low doping regime. Besides indicating a similar scattering

potential around dislocation cores and Ba-vacancies, this result also suggests that the

dislocation cores in nominally stoichiometric films may consist of Ba-vacancies. Future

experimental and theoretical studies should clearly focus on studying the composition

of dislocation cores and electrostatic scattering potentials around them.

6.5 Mobility-Limiting Scattering Mechanisms in La-doped

BaSnO3 Films

To get insight into the transport in BaSnO3 films, we measured the temperature

dependence of n3D and µ for different dopant concentrations, as shown in figure 6.4.

No carrier freeze-out was found down to 1.8 K for all measured electron concentrations

(figure 6.4(a)), indicating that La-doped BaSnO3 forms a degenerate semiconductor. No

T -dependence of the sample with electron concentration of 5.48× 1018 cm−3 is shown

due to the non-ohmic contacts at T < 300 K. A strong T-dependence of µ was observed

for all films (figure 6.4(b)) indicating different scattering mechanisms at play.

To examine the role of individual carrier scattering mechanisms, we calculated µ as a
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Figure 6.4: (a) n3D and (b) µ as a function of temperature (T ) for doped BaSnO3 films
with different n3D.
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function of T . For this purpose, we used AMSET: ab initio model for calculating the mo-

bility and Seebeck coefficient using the Boltzmann transport equation (BTE) [266,267].

AMSET has proven reliable for the calculation of mobility and Seebeck coefficient of

several other semiconductors, including ZnS [268], GaAs and InN [266], whose transport

properties are also governed by a single conduction band, like BaSnO3. The AMSET

model employs materials parameters that were obtained from the experimental litera-

ture, as listed in table 6.1. In this work, the primary purpose of the AMSET model is to

explain the observed experimental phenomena, so it is appropriate to use experimental

parameters even though the same values can be calculated ab initio with only minor

deviations to the resulting mobility and Seebeck coefficient. For instance, deformation

potential (ED) is calculated ab initio. We, however, emphasize that the choice of defor-

mation potential in our calculations, even if an order of magnitude different than the

value reported in Table 6.1, does not influence our interpretation of mobility data. It is

noted that the mobility due to acoustic phonon deformation potential (AC) scattering,

which uses ED is not limiting at any temperature or concentration. The same holds

true for the values of the elastic constants that were extracted from density functional

theory (DFT) generalized gradient approximation of Perdew, Burke and Ernzerhof cal-

culations [269]; these have essentially no effect on the overall mobility, as the mobility

due to AC scattering is always orders of magnitude higher than the actual limiting

mechanisms.

Table 6.1: Input parameters to our AMSET model using ab initio calculations and using
experimental values.

Model Parameter Ab initio Experiments [73]

Polar optical phonon frequency, ωPO (THz) 20.36 12.23
Low-frequency dielectric constant, εO 5.2 17 ± 2
High-frequency dielectric constant, ε∞ 3.4 3.3

Deformation potential, ED (eV) 6.19 -

To calculate the electronic band structure of BaSnO3, the unit cell was optimized
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using Kohn–Sham density functional theory (KS-DFT) [270, 271] as implemented in

the Vienna ab initio Simulation Package [272, 273, 274, 275]. We used the generalized

gradient approximation of Perdew, Burke and Ernzerhof (GGA-PBE) [276] to express

the exchange-correlation potential and Projector Augmented Wave (PAW) potentials

to represent the wave functions. On geometry optimization, the lattice constant (0.419

nm) was increased by 1.76 % compared to the experimental value (0.412 nm). This is a

common behavior when using a GGA-PBE functional, due to delocalization of electrons.

We used a k-point mesh of 6 × 6 × 6 for self-consistent calculations, as adding more

k-points results in < 0.01 eV difference in total energy. The energy cutoff for the plane

wave basis set was set to 520 eV in all calculations.

For electronic properties calculations, we chose the k-points closest to the conduction

band minimum (CBM), which for BaSnO3 is at the Γ-point. An adaptive k-points mesh

was used, which is denser close to the CBM. We used the AMSET code [266] to calculate

the mobility and the Seebeck coefficient, which uses the DFT band structures to solve the

BTE. The explicit solution to BTE is particularly important for the inelastic longitudinal

polar optical phonon scattering mechanism as it is the major limiting mechanism for the

sample with n3D = 4.06× 1020 cm−3, for T > 200 K (figure 6.5(b)). More information

on the LO-scattering can be found elsewhere [266, 277]. On the other hand, two other

major elastic scattering mechanisms in BaSnO3 are ionized impurity (IMP) and charged

dislocation scattering (DIS). We note that it is the threading dislocations in the active

layer, which limit the mobility. Misfit dislocations on the other hand are pinned at

the film/substrate interface making themselves electrically separated from the active

layer where electronic transport is measured. We write the expressions used to model

these scattering phenomena from refs. [266, 277] to clarify how these scattering rates

and necessary parameters are calculated. The IMP and DIS scattering rates, ν, are

expressed via the following equations:

νIMP(k) =
e4NIMP

8πε20~
2k2v(k)

[
D(k) ln

(
1 +

4k2

β2

)
−B(k)

]
(6.3)
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νDIS(k) =
Z2

DISNDISe
4k

ε20~
2c2

l v(k)

(
1 +

4k2

β2

)−3/2

β−4 (6.4)

β =
e2

ε0kBT

∫
Ds(E)f(E)[1− f(E)]dE (6.5)

where k is the magnitude of the wave vector, E is the energy, β is the inverse screen-

ing length due to charge defects, ε0 is the static dielectric constant, e is the charge of

an electron, cl is the lattice parameter of BaSnO3, v(k) is the group velocity of elec-

tron which is directly derived from the DFT band structure, ZDIS is the charge state

of dislocations, B(k) and D(k) are parameters describing the non-parabolicity of the

conduction band, which are directly derived from the DFT band structure, Ds is the

density of states and kB is the Boltzmann constant. We further note that to calculate

the mobility values, ZDZDISNDIS is used as a fitting parameter instead of NDIS as the

charge states of the donor (defined as charged dopants and other donor-like defects to

compensate for charged dislocations) and dislocations are not known.

In this model, the DFT band structure is used to calculate the group velocities of

the carriers, which in turn are used to compute various carrier-scattering rates that

enable us to explicitly solve the BTE; we then calculate the perturbation to the elec-

tronic distribution in the presence of low-electric field or thermal gradient, which gives

us the mobility or Seebeck coefficient, respectively, of BaSnO3. We considered both in-

elastic scattering (longitudinal polar optical phonon, (LO)) and elastic scattering (ion-

ized impurity (IMP), acoustic phonon deformation potential (AC), transverse optical

phonon (TO), piezoelectric (PE) and charged dislocation (DIS)) mechanisms. In our

model, charged threading dislocations are treated as acceptor-like (negative charge) de-

fects. We note that it is a reasonable assumption owing to its influence on the carrier

density [240]. Moreover, it is also natural to think that in the presence of charged

dislocations (negative charge), ionized dopants (positive charge) and electronic carrier

(negative charge) in the doped BaSnO3 film, there must also exist other types of donor-

like (positive charge) defects to maintain charge neutrality. We therefore can write a
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charge neutrality condition:

n+ ZANA +
ZDISNDIS

cl
= ZDND (6.6)

where Z represents the charge; A stands for acceptor (negative charge) and D for donor

(positive charge); cl is the lattice constant of BaSnO3. Note the donor (ND) here

represents both charged dopants and other donor-like defects to compensate for charged

dislocations. For n-doped BaSnO3 films, ND � NA and thus acceptor term ZANA can

be neglected. Using the formulation from ref. [266, 277], we define an overall ionized

impurity concentration, NIMP in our films as (assuming NA = 0 as discussed above):

NIMP = Z2
ANA + Z2

DND = ZD

[
ZDISNDIS

cl
+ n

]
(6.7)

where n is the electron concentration of the samples and ZD is the charge state of the

donor. Equation 6.7 shows how NIMP depends not only on the electron concentration,

n, but also on the concentration of charged threading dislocations, NDIS. As seen in

equation 6.3, IMP scattering rate is proportional to NIMP.

Figure 6.5 shows experimental (symbols) and calculated values (solid line) of µ versus

T for three representative samples with n3D belonging to low, intermediate and high

density regimes of figure 6.2(c). We also show individual contributions to the overall

mobility due to different scattering mechanisms (dashed lines). We only show calculated

mobility down to 20 K because below this temperature, the Fermi-Dirac distribution

becomes step-like and the numerical integration of the distribution and density of state

to calculate n3D becomes unreliable. As NDIS, ZD and ZDIS are not known for these

samples, we use them as a fitting parameter for calculating µ, which yields ZDZDISNDIS

between 7.0× 1011 and 3× 1012 cm−2. Ionized impurities and dislocations both are

charged defects; the overall functional dependence of µ on T thus remains same for the

two scattering mechanisms. LO phonon scattering has a weak dependence on n3D, and

therefore remains nearly same for all three films. AC scattering, TO phonon scattering,

and PE scattering, on the other hand, are dependent on n3D. However, their dependence

on n3D becomes weaker at higher carrier concentrations.
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Figure 6.5: µ versus T for doped BaSnO3 films, (a) n3D = 1.51× 1019 cm−3, (b) n3D

= 4.06× 1020 cm−3, and (c) n3D = 1.02× 1021 cm−3. Contributions from different
carrier scattering mechanisms are shown with dotted curves. Dislocation density as
calculated from the model were - (a) ZDZDISNDIS = 2.3× 1012 cm−2, (b) ZDZDISNDIS

= 7.0× 1011 cm−2, and (c) ZDZDISNDIS = 2.8× 1012 cm−2, respectively for the three
samples, where ZD and ZDIS are the overall charge states of the donors and charged
dislocations respectively. See method section for more details.

Looking at the dominant scattering processes for films with low doping (n3D =

1.51× 1019 cm−3) and high doping (n3D = 1.02× 1021 cm−3), dislocation scattering

and ionized impurity scattering limits the mobility, respectively at all temperatures

(figure 6.5(a,c)). However, for films with intermediate doping (n3D = 4.06× 1020 cm−3),

mobility is mostly limited by ionized impurity scattering below 200 K (figure 6.5(b)),

while at higher temperatures mobility is governed by LO phonon scattering. Moreover,

from figure 6.5(a,c), dependence of µIMP on the concentration decreases for n3D =

1.02× 1021 cm−3, where it remained nearly unchanged between n3D = 1.51× 1019 cm−3

and n3D = 4.06× 1020 cm−3. This seems counter intuitive as one would naively think
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IMP scattering should increase with increasing n and therefore µIMP should decrease

proportionately. We interpret this behavior owing to a combined effect of NIMP and

the charge screening on IMP scattering with different doping density. For instance,

using equation 6.7, the values of NIMP are 7.0× 1019 cm−3 and 4.33× 1020 cm−3 for

samples presented in figure 6.5(a,b) respectively (assuming ZD = 1) suggesting higher

µIMP in figure 6.5(a) if NIMP is the only mobility-limiting factor. On the other hand, the

calculated inverse charge screening lengths, β for samples presented in figures 6.5(a–c)

are about 0.57 nm−1, 0.98 nm−1, and 0.98 nm−1 at 300 K implying increased IMP

scattering rates and lower µIMP for the sample in figure 6.5(a). Using the same argument,

lower µIMP in figure 6.5(c) can also be understood owing to increased NIMP.

It is interesting to note that the screening lengths are the same in figures 6.5(b,c)

both of which have very high concentrations indicating a highly degenerate semicon-

ductor or essentially a metal. In fact, the calculated Fermi level for figure 6.5(a) is 0.15

eV inside the conduction band (above the CBM) while they are 0.94 eV and 1.03 eV for

samples with higher n3D. At such high concentrations, the departure from uniformity of

the free-electron concentration in presence of a potential surrounding an impurity, δn,

becomes insensitive to the concentration itself. δn is directly related to charge screening.

See ref. [240] for more details.

Figures 6.5(a-c) further reveals n-dependence of µDIS increases from n3D = 1.51× 1019

cm−3 to 4.06× 1020 cm−3 and then decreases for 1.02× 1021 cm−3. Using β, we calcu-

late the DIS scattering rate, which is larger for sample with n3D = 1.51× 1019 cm−3; and

almost similar for other two samples. In addition, we found ZDZDISNDIS of 2.3× 1012

cm−2, 7.0× 1011 cm−2, and 2.8× 1012 cm−2 for samples in figure 6.5(a–c), respec-

tively. Combining the effect of NDIS and the charge screening on DIS scattering, µDIS

is thus expected to possess the lowest value for the sample with n3D = 1.51× 1019

cm−3, increasing for n3D = 1.02× 1021 and being largest for n3D = 4.06× 1020 cm−3,

as illustrated in figure 6.5.

As a further check of our model, we perform measurements and calculations of the
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Seebeck coefficients (S) as a function of n3D (figure 6.6(a)). Inset shows T -dependent

Seebeck coefficients for a representative sample with n3D = 4.06× 1020 cm−3, indicating

negative S consistent with n-type carriers. Calculations of S were performed accounting

for all the scattering mechanisms as described above for calculating µ , with and without

NDIS. Significantly, overall trend of experimental value of S versus n3D is similar to

the calculated values with dislocations, in agreement with our transport results. The

calculations further reveal that the Seebeck coefficient is independent of NDIS in the

high doping regime, whereas increasing NDIS seems to enhance and then saturate the

Seebeck coefficient in the low doping regime.

To further examine the self-consistency of AMSET model, we plot in figure 6.6(b)

the calculated dependence of µ300 K versus n3D for different NDIS. µ300 K is also calcu-

lated for the case, when no dislocations are present. We overlay experimental values of

µ300 K (red circles) on the same plot for comparison. The calculated values are again in

good agreement with the experiment. The result suggests that our films may have dif-

ferent NDIS despite having identical tbuffer, which may be due to different doping levels.

We note that the calculated mobilities using AMSET are sometimes underestimated

as the record room temperature mobility in bulk BaSnO3 is 320 cm2 V−1 s−1 at n3D =

8.0× 1019 cm−3 [65,69], whereas the calculated value in figure 6.6(b) is 195 cm2 V−1 s−1

at a similar doping level, so these values should be treated as lower bounds. Most im-

portantly, in addition to providing numerous insights into electronic transport behavior

of BaSnO3, our calculations also suggest directions for future experiments. For instance,

calculations reveal the overall trend of µ300 K versus n3D if there were no dislocations in

the film. It tells that with decreasing n3D, µ300 K with no dislocation will increase owing

to reduced impurity scattering. For 5.0× 1018 cm−3 ≤ n3D ≤ 4.0× 1019 cm−3, µ300 K is

expected to decrease due to stronger interaction between low density electrons (that is,

lower Fermi level) and optical phonons until electron-phonon interactions become much

weaker (that is, reduced LO phonon scattering) resulting again in an increase of µ300 K

for n3D < 5.0× 1018 cm−3. In contrast, mobility at low temperature (20 K) is expected



114

Figure 6.6: (a) Seebeck coefficients (S) of doped BaSnO3 films at 300 K as a function of
n3D. Experimental data are shown as red circles and calculated values are represented
using solid line for no dislocation, and using dotted lines for different ZDZDISNDIS. Inset
shows the T -dependent S for n3D = 4.06× 1020 cm−3, consistent with n-type conduc-
tion. (b) Room-temperature mobility (µ300 K) as a function of n3D. Experimental data
are shown in red circles while calculated values are represented with solid (without dis-
location) and dotted lines (with varying dislocation density). Inset shows the variation
of µ at two different temperatures (300 K and 20 K) for films with no dislocation.
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to show a monotonically increasing behavior with decreasing n3D, reaching towards a

value of 2000 cm2 V−1 s−1.

6.6 BaSnO3 as a Transparent Conducting Oxide

To benchmark our films with respect to the best wide gap oxide conductors, we show

in figure 6.7 the highest reported value of room temperature conductivity σ (300K) for

different oxides, which are often used as metallic electrodes and TCOs in electronic

applications. We also show the highest value of σ (300 K) of bulk BaSnO3 single crys-

tals and thin films grown using different routes. Remarkably, the film grown using

hybrid MBE possesses higher conductivity than those reported to-date both in the bulk

BaSnO3 crystal and films, and is comparable to that of ITO, an industry standard

for TCOs. We note that although high conductivity is achieved owing to high dop-

ing density and mobility, the ability of BaSnO3 to afford high conductivity without

any phase segregation is very promising for fundamental study and application. For

example, conductive BaSnO3 could be an ideal electrode material in oxide electronics

providing not only electrode function but also transparency, which could be vital for

applications such as solar cells or display technologies. In addition, high conductivity

of BaSnO3 could also be important for fundamental study and applications at high

frequencies. High-frequency measurements and devices require low resistance contacts,

where epitaxially-grown highly conductive BaSnO3 can play a significant role. More-

over, high conductivity of BaSnO3 films can also be beneficial for the investigation of

ultra-fast phase dynamics of multiferroics without potential issues of charging effect.

The major advantage of using conductive BaSnO3 as opposed to metals is its structural

compatibility with these materials. Finally, the ability of BaSnO3 to accommodate high

density of electrons and mobility along with wide band gap makes it a suitable mate-

rial candidate for ultra-high density quantum wells for plasmonic and power electronics

applications.
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Figure 6.7: Compilation of highest room temperature conductivity σ300K of BaSnO3

bulk single crystal and films grown by various deposition techniques (taken from refs. [65,
71,241]) including hybrid molecular beam epitaxy. The highest known σ300K for common
transparent conducting oxides (ITO = indium tin oxide, ZnO) and other metallic oxides
as conductive electrodes for high frequency applications (VO2, LSCO = La0.5Sr0.5CoO3,
SrTiO3, LSMO = La0.7Sr0.3MnO3, SRO = SrRuO3) are shown for comparison (refs.
[2, 278,279,280,281,282,283]).
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6.7 Conclusion

In summary, we have demonstrated the hybrid MBE approach for reproducible and

controlled doping of epitaxial BaSnO3 on SrTiO3 (001) with La. We establish a corre-

lation between dislocation, V
′′

Ba carrier density, mobility, and metal-insulator transition

in BaSnO3. The combination of controlled doping, detailed electronic characterization,

with modeling using the Boltzmann transport equations and an ab initio band structure

calculations allow us to understand, tune and predict the transport behavior and mobil-

ity limiting mechanisms in BaSnO3. An important outcome of the study is that room

temperature mobility in BaSnO3 films is limited by both defects, and electron-phonon

scattering. The results place doped-BaSnO3 on par with highly successful III-Nitrides

in terms of mobilities but with the added benefit of having high carrier concentrations

for high-power oxide electronics operating at room temperature.



Chapter 7

Optical Bandgap of BaSnO3

7.1 Introduction

While there is potential to increase room-temperature electron mobility in doped-

BaSnO3 films through defect minimization, heterostructure engineering also provides a

promising route to this end. Heterostructure engineering provides pathways to isolate

the carriers from scattering centers such as the dopants from whence they come. This

can be done by either modulation doping (introducing dopants in a different material

across an interface from BaSnO3) or polarization doping (inducing charge transfer into

non-polar BaSnO3 via electronic reconstruction at the interface with a polar oxide). In

either scheme, the conduction band minimum in the BaSnO3 should be of lower electron

energy than that of the oxide to which the BaSnO3 is joined in order to confine carriers

in the BaSnO3. Under this condition, free carriers will readily spill over into and remain

in the BaSnO3 layer, provided the conduction band offset is sufficiently large. Doped

SrTiO3 is a good choice as an electron source for the modulation doping scheme, and

LaAlO3 is suitable to test the polarization doping approach.

This chapter has been adapted from – Scott A. Chambers, Tiffany C. Kaspar, Abhinav
Prakash, Greg Haugstad, and Bharat Jalan. Band alignment at epitaxial BaSnO3/SrTiO3 (001) and
BaSnO3/LaAlO3 (001) heterojunctions. Appl. Phys. Lett. 108, 152104 (2016).

118
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To these ends, we have deposited epitaxial undoped BaSnO3 films on undoped

SrTiO3(001) and LaAlO3(001) substrates using radical-based molecular beam epitaxy

(MBE) and have measured the band offsets and BaSnO3 band gap using ex situ X-ray

photoelectron spectroscopy (XPS) and spectroscopic ellipsometry (SE), respectively.

Details of our hybrid MBE method for BaSnO3 heteroepitaxy are discussed in chapters

4 and 5. All films were insulating, establishing that our growth process does not uninten-

tionally dope the BaSnO3 with O vacancies. High-resolution core-level (CL) and valence

band (VB) X-ray photoelectron spectra were acquired ex situ using monochromatic Al

Kα X-rays (hν = 1486.6 eV) and a VG/Scienta R3000 electron energy analyzer. All

spectra were measured in the normal-emission geometry and with a total energy resolu-

tion of 0.45 eV. A low-energy electron flood gun was required to neutralize the positive

photoemission charge that builds up on the surface of these insulating specimens. We

used the measured CL line shapes to determine whether or not the use of the flood gun

was distorting the spectral information therein. Specifically, the symmetry of the Sn

3d5/2, Ti 2p3/2, Sr 3d5/2, Al 2p and O 1s peaks are excellent indicators of successful

charge compensation without distortion. In all cases, these peaks were well fit to Gaus-

sians or Voigt functions, indicating a high degree of symmetry about the peak channel.

When incomplete charge compensation occurs in our system, intrinsically symmetric

peaks develop a marked asymmetry on their low binding energy side. A full set of XPS

measurements were made for all specimens and again after a 15 minutes exposure to

UV/ozone treatment, the purpose of which was to minimize the concentration of ad-

ventitious carbon on the surface. Figure 7.1 shows broad-scan XPS survey scans for the

5 and 28 u.c. BaSnO3 films on both LaAlO3(001) and SrTiO3(001) before and after

UV/ozone treatment. The only effect is removal of some of the adventitious carbon, re-

sulting in count rate increases for all peaks other than C 1s. Using the Sn 3p3/2 and Ba

3d5/2 core-level peaks (because of their high cross sections and comparable kinetic en-

ergies), we compare Sn:Ba peak-area ratios before and after UV/ozone cleaning. These

ratios change by no more than 2 %, indicating that this treatment does not alter the



120

film composition. The benefit of removal of some of the adventitious carbon is that we

get better signal strength from the substrate core-level peaks in the 5 u.c. specimens,

thereby increasing the accuracy of their measured binding energies.

Spectroscopic ellipsometry (SE) was carried out using a J.A. Wollam V-VASE el-

lipsometer. The optical properties of the BaSnO3 films were modeled as a series of

Gaussian (below the band gap) and Lorentzian (above the band gap) oscillators; the

primary absorption edge was modeled with a Tauc-Lorentz function. Film thicknesses

were fixed at the values obtained by x- ray reflectivity.

7.2 Growth and Structural Characterization

Figures 7.2(a) and 7.2(b) show out-of-plane, wide-angle X-ray diffraction (XRD)

scans for 28 ± 1 unit cell (u.c.) BaSnO3 films on SrTiO3(001) and LaAlO3(001), re-

spectively. A single Bragg peak, indicating epitaxy, is observed for BaSnO3 films on

both substrates for which the in-plane lattice mismatches ((asub−aBaSnO3)/aBaSnO3) are

-5.12 % (SrTiO3) and -7.89 % (LaAlO3). Finite thickness fringes are also evident, indi-

cating excellent crystallinity, as well as smooth surfaces and buried interfaces. Contact

mode AFM images of the film surfaces are shown as insets. These images reveal atomi-

cally smooth surface morphology for both films, thereby corroborating the XRD results.

The c lattice parameters were determined to be 4.137 ± 0.005 Å and 4.122 ± 0.005 Å

for films on SrTiO3 and LaAlO3, respectively. These values are larger than the bulk

value of 4.116 Å, which we attribute to incomplete strain relaxation in the 28 u.c. films.

A much thicker (82 u.c.) film on LaAlO3 (001) grown under the same conditions yielded

lattice parameters identical to those of bulk BaSnO3, suggesting that the expanded c

lattice parameters in our 28 u.c. films are not due to cation non-stoichiometry or oxygen

vacancy defects, but rather to incomplete strain relaxation [243]. We show in Figure

7.2(c) Rutherford backscattering spectrometry (RBS) data for a 134 u.c. BaSnO3 film

on SrTiO3 (001), along with a SIMNRA [244] simulation yielding a Ba:Sn ratio of 0.996
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Figure 7.1: XPS survey spectra for 5 and 28 u.c BaSnO3 on SrTiO3(001) and BaSnO3/
LaAlO3(001) before and after UV/ozone cleaning.



122

± 0.020. The agreement is very good, providing direct evidence for correct stoichiometry

in our BaSnO3 films.

Figure 7.2: Out-of-plane XRD scans for 28 u.c BaSnO3 on (a) SrTiO3 (001) and (b)
LaAlO3 (001), along with AFM images of the film surfaces as insets. (c) RBS (He++

at 4.3 MeV) and SIMNRA simulation for a 134 u.c. BaSnO3/SrTiO3 (001) specimen
prepared under conditions identical to those used for growing the 5 and 28 u.c. films
utilized to determine the band offsets.

7.3 Valence Band Offsets

Valence band offsets (VBO) were determined by high-energy resolution XPS from

measurements taken for the as-received samples after a through-air transfer from the

hybrid MBE system and then again after a UV/ozone treatment to remove adventitious

carbon. We use a straightforward method for measuring VBOs in which the valence

band maximum (VBM) for each material in a heterostructure is referenced to select core-

level (CL) photoelectron peaks uniquely associated with that material [208,284,285,286].

The binding energy differences between appropriate CL peaks are then used to determine

the VBO. Figure 7.3 shows the spectra used to obtain the VBOs for heterojunctions of
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5 u.c. BaSnO3 on SrTiO3 and LaAlO3. This BaSnO3 thickness was chosen to be large

enough that the electronic structure of the BaSnO3 is likely to be fully developed, yet

thin enough to yield sufficient photoemission signal from the substrate core peaks that

their binding energies can be accurately measured. The Ba 4d spin-orbit features are

asymmetric and require a second pair of peaks shifted 1 eV to higher binding energy

in order to obtain a good fit. We assign these to Ba ions at the surface that are either

oxidized to form BaO2 [287] or are hydroxylated upon air exposure. The more intense

peaks at lower binding energies are assigned to A-site cations in the pure BaSnO3 lattice.

The La 4d spectrum also shows considerable structure, but this is due to many-body,

charge-transfer effects rather than surface over-oxidation or hydroxylation [288]. The

high degree of symmetry in the Sn 3d5/2 peaks is consistent with the undoped character

of the films [243].

Figure 7.3: Core-level X-ray photoelectron spectra for 5 u.c BaSnO3/SrTiO3 (001) and
5 u.c. BaSnO3/LaAlO3 (001) heterostructures after UV/ozone cleaning.

We show in Table 7.1 the resulting VBO values for the thin-film heterojunctions,

each based on a different pair of core levels. For BaSnO3 on both SrTiO3 and LaAlO3,

the BaSnO3 VBM is at lower electron energy than that of the substrate for seven out of
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Table 7.1: Valence band offsets (in eV) for 5 u.c. BaSnO3 on SrTiO3 (001) and LaAlO3

(001) before and after UV/ozone cleaning.

Sn3d/Ti2p Ba4d/Sr3d Ba4d/La4d Ba4d/Al2p

SrTiO3/before +0.04(7) -0.34(7) ... ...
SrTiO3/after -0.18(7) -0.32(7) ... ...

LaAlO3/before ... ... -0.51(8) -0.60(8)
LaAlO3/after ... ... -0.37(8) -0.51(8)

the eight measurements. The Sn 3d/Ti 2p CL pair yields a slightly positive value for the

as-received BaSnO3/SrTiO3 heterojunction. As an independent test of the CL method

applied to BaSnO3/SrTiO3, we determined the VBO directly using VB spectra. We

did so by simulating the VB for the 5 u.c. BaSnO3/SrTiO3 heterojunction by taking

a linear combination of spectra for the SrTiO3 substrate and the thick BaSnO3 film

after weighting the intensities to account for film thickness, and shifting the BaSnO3

spectrum 0.28 eV (the average VBO from the CL pair measurements excluding the +

0.04 eV outlier) to higher binding energy. This simulated spectrum matches well the

measured spectrum with regard to overall shape and width, as seen in figure , thereby

corroborating the CL results.

7.4 Determination of Indirect and Direct Band Gaps

In order to obtain the CB offset (CBO), we need an accurate value of the indirect

band gap for 5u.c. films of BaSnO3. To this end, we used SE to measure the indirect

and direct gaps for the 28 u.c. BaSnO3 films on LaAlO3 and SrTiO3 and then correct

for strain differences between the two thick- nesses, since SE is not reliable for films as

thin as 5u.c. Figure 3(a) shows the refractive indices (n) and extinction coefficients (k)

for the two 28 u.c. films. These results are in reasonable agreement with the dielectric

function measured by Luo et al. [68] on a single-crystal BaSnO3 specimen by SE. (Note

that ((n + ik)2 = ε1 + iε2, where ε1 and ε2 are the real and imaginary components of
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the dielectric function, respectively.) The absorption coefficients (α) for the two films

are shown in figure 7.4(b). Because the films are rather thin (11–12 nm), the sensitivity

of the ellipsometric measurement is low at lower photon energies (i.e., below the band

edge), [289] and thus the absorption observed below ≈ 3 eV may not accurately reflect

the optical properties of BaSnO3. The indirect gaps were determined by constructing

Tauc plots of (αhν)n vs. hν with α = 4πk/λ and n = 1/2 [290], and the resulting indirect

gaps are 2.91(5) eV and 2.95(5) eV for growth on SrTiO3 and LaAlO3, respectively, as

seen in figures 7.4(c) and 7.4(d). The associated direct gaps obtained from Tauc plots

with n = 2 [291] were found to be 3.55(5) eV and 3.57(5) eV for these films on LaAlO3

and SrTiO3, respectively (figure 7.5). Our indirect gap values are in good agreement

with the band gap values reported by Lebens-Higgins et al. [241] based on hard XPS at

hν = 4 keV. These authors measured the difference between the VBM and CB minimum

(CBM) to be ≈ 3.07 eV for La-doped BaSnO3 epitaxial films with very low doping levels

grown by MBE. Likewise, Kim et al. [65] reported indirect and direct band gap values

of 2.95 and 3.10 eV, respectively, for an undoped single-crystal BaSnO3 specimen. Our

indirect band gap value agrees well with that reported by Kim et al. [65] but agreement

is not as good for the direct gap. This disagreement is likely due to the broader spectral

range of our absorption data (up to 6 eV), which allowed us to identify a linear region

inaccessible to Kim et al. [65].

The optical and electronic properties in figure 7.4 are also in quantitative agreement

with those obtained by recent density functional theory (DFT) calculations using the

modified Becke-Johnson type potential functional of Tran and Blaha, which predicted

an indirect band gap of 2.82 eV, an index of refraction in the range of ≈ 1.85-2, and

a similar dependence of the absorption coefficient on photon energy for unstrained,

undoped BaSnO3 [292, 293]. In contrast, the experimental band gap values reported

for BaSnO3 powder samples range from 3.10 eV [74] to 3.40 eV [294], likely due to a

strong Burstein-Moss shift arising from unintentional defect- or impurity-induced carrier

doping. The lack of a Burstein-Moss shift in the band gap values reported here confirms
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Figure 7.4: Indices of refraction and extinction coefficients (a) along with absorption
coefficients (b) for 28 u.c. BaSnO3 on SrTiO3 (001) (red) and LaAlO3 (001) (blue).
Tauc plots with exponent 1/2 yielding indirect gaps values for the same films on SrTiO3

(c) and LaAlO3 (d).

the insulating nature of the thick epitaxial films.

Although we cannot reliably measure the band gaps of the 5 u.c. films by SE, we

can estimate how the band gaps might differ from those of the 28 u.c. films. DFT

calculations by Singh et al. [292] reveal that the BaSnO3 gap is strongly dependent on

u.c. volume. This dependence is driven by the Sn 4s character of the conduction band.

Thus, changes in the band gap with strain are most likely manifested by movement of

the CB edge energy, with the VB edge energy remaining approximately unchanged. It

was not possible to obtain accurate lattice parameters from the XRD reciprocal space

maps for the 5 u.c. BaSnO3 films. However, the out-of-plane lattice parameter can be

estimated from a 2θ− ω and was found to be 4.14 Å for 5 u.c. BaSnO3/SrTiO3. Using

Poisson’s ratio for BaSnO3 (0.247) [243], the in-plane lattice parameter was estimated
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Figure 7.5: Tauc plots with exponent 2 yielding direct gaps values for (a) 28 u.c.
BaSnO3/SrTiO3(001) and for (b) 28 u.c. BaSnO3/LaAlO3(001).

to be 4.07 Å, leading to a u.c. volume of 68.8 Å
3

compared to 69.9Å
3

for bulk BaSnO3.

Using Singh’s calculations, we estimate that the band gap for 5 u.c. BaSnO3/SrTiO3 is

≈ 3.1(1) eV. The strain-based correction is smaller for BaSnO3/LaAlO3 because the 5

u.c. films are more relaxed due to larger lattice mismatch. We estimate that the band

gap for 5 u.c. BaSnO3/LaAlO3 is ≈ 3.0(1) eV.

7.5 Band Alignment at BaSnO3/SrTiO3 and BaSnO3/LaAl

O3 Heterojunctions

Having determined the indirect band gap for BaSnO3, the CBO is readily determined

from the VBO and the difference in indirect gap values for the film and substrate

materials as ∆EC = ∆Eg −∆EV. As with ∆EV, the sign convention is such that ∆EC

is negative if the CB minimum (CBM) in the BaSnO3 is at a lower electron energy

than that of the substrate. The resulting CBOs, along with the VBOs and indirect

gaps, are summarized in figure 7.6. Here, we average over the two CL pairs summarized
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in table 7.1 to obtain the VBO values for each kind of heterojunction. Our VBO for

BaSnO3/SrTiO3 (-0.28 eV) is in excellent agreement with that calculated from DFT

using the HSE06 hybrid functional by Krishnaswamy et al. [79] (-0.27eV). However,

these authors also calculate an indirect gap of 2.40 eV, which differs significantly from

our measured values. This calculated value for the indirect gap stems from the use

of a hybrid functional with 25 % Hartree-Fock (HF) contribution, which was in turn

based on satisfactory results for other oxides and a lack of closure on the band gap of

BaSnO3 in the literature to date. However, based on our SE results, it appears that a

larger HF contribution is required for better accuracy on BaSnO3. This difference in

indirect gap propagates into a similar discrepancy in the CBO between theory (-1.14 eV,

using our sign convention), and experiment (-0.4 eV) Because of the relatively low CB

density of states Krishnaswamy et al. [79] calculate for BaSnO3, the CBO we measure

(-0.4 eV) limits the carrier density that can be confined within BaSnO3 films using a

modulation doped structure with SrTiO3 to the low 1× 1013 cm−2 range, as estimated

from figure 5 of ref. [79]. However, based on the same figure, the BaSnO3/LaAlO3

heterostructure with its larger CBO (-3.7 eV) should provide better carrier confinement

up to ≈ 3−4× 1014 cm−2 [79]. Although these predicted extents of carrier confinement

have yet to be experimentally verified, they show promise for the formation of confined

quantum wells in BaSnO3.

7.6 Conclusion

The experimental CBOs we report reveal that for both modulation doping with

SrTiO3 and polarization doping with LaAlO3, the electrons should readily transfer into

the BaSnO3, thereby separating from their respective sources. The exact extent of con-

finement when in a heterojunction with SrTiO3 depends on the strain, with the highest

confinement occurring when the BaSnO3 is unstrained. These heterostructures should

exhibit higher mobilities than would single films of La-doped BaSnO3. BaSnO3/SrTiO3
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Figure 7.6: Energy diagrams showing band alignment at the BaSnO3/SrTiO3 and
BaSnO3/LaAlO3 heterojunctions (left). VB spectrum for the 5 u.c. BaSnO3/SrTiO3

(001) system (blue circles), along with a simulation (red) made by taking a linear com-
bination of bulk SrTiO3 (brown) and 28 u.c. thick BaSnO3 film (green) spectra after
shifting the BaSnO3 spectrum 0.28 eV to higher binding energy, and weighting to ac-
count for the BaSnO3 film thickness (right).

and/or BaSnO3/LaAlO3 interfaces may facilitate low-density, high-mobility electron

gases, thereby paving the way for the investigation of integer/fractional quantum Hall

effects. Such a high mobility channel at room temperature in an engineered complex

oxide heterostructure may enable oxide-based, high-mobility, two-dimensional electron

systems that can operate at ambient temperature. A material system of this kind would

be highly useful for all-perovskite transistors in power electronics applications.



Chapter 8

Modulation Doping in

SrSnO3/BaSnO3

Heterostructures

8.1 Introduction

Two-dimensional electron and hole gases (2DEG and 2DHG) are among some

of the extensively studied interfacial phenomena in complex oxides primarily due to a

wide range of properties exhibited at the interface including ferromagnetism, supercon-

ductivity, ferroelectricity, etc. [29, 34, 36, 40, 295]. A common approach towards achiev-

ing 2D electron/hole gases at oxide interfaces is through polar discontinuity between

a polar and a non-polar material, the prominent example being the SrTiO3/LaAlO3

system [28]. A 2DEG can also exist between two materials with a broken gap (type

III) junction as in NdTiO3/SrTiO3 interface [41]. Another way to realize a 2DEG at

complex oxide interface is via modulation doping between two materials with either a

This chapter has been adapted from – Abhinav Prakash, Nicholas F. Quackenbush, Hwanhui
Yun, Jacob Held, Tristan Truttmann, Tianqi Wang, James M. Ablett, Conan Weiland, Tien-Lin Lee,
Joseph C. Woicik, K. Andre Mkhoyan, and Bharat Jalan. Modulation doping in SrSnO3/BaSnO3

heterostructures. (unpublished).
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straddling (type I) or a staggered (type II) band alignment, where the material with

higher conduction band minima is doped n-type allowing the electrons to transfer to the

two-dimensional quantum-well. Although many of such complex oxides systems have

been theoretically identified for potential modulation doping, experimental demonstra-

tion has thus far been limited to SrTiO3/LaxSr1–xZryTi1–yO3 heterojunction [201].

Other than titanate-based heterostructures, 2DEGs in complex oxides remain relatively

unexplored. While the majority of works on modulation doping have focused on conven-

tional III-V semiconductor and binary oxide interfaces such as AlxGa1–xAs/GaAs and

MgxZn1–xO/ZnO, respectively, amongst complex oxides, SrSnO3/BaSnO3 heterostruc-

ture is expected to exhibit a 2DEG interface [79,296].

Alkaline earth stannates (SrSnO3 and BaSnO3) have been of particular interest

due to their high room-temperature electron mobility at the same time being optically

transparent, making them potential candidates as transparent conducting oxide (TCO)

[7,8,68,69,71,85,87]. Between SrSnO3 and BaSnO3, BaSnO3 shows higher RT mobility,

even at relatively high carrier concentration, which is useful for achieving lower sheet

resistance - the figure of merit used in determining the applicability of a material as

a TCO [7]. However, mobility in BaSnO3 thin films is limited by ionized impurity

scattering at high electron densities. One way of overcoming carrier scattering by donor

ions is via modulation doping which provides an alternative approach for reducing the

ionized impurity scattering without decreasing the carrier density by spatially separating

dopants from charge carriers [82]. To date, this has not been demonstrated, primarily

due to the inability to grow materials with favorable band alignment on BaSnO3 without

breaking vacuum. SrSnO3, however, has a smaller lattice mismatch with BaSnO3, which

allows it to be grown coherently on BaSnO3 [9, 297]. However, before SrSnO3 can be

used as the doped layer in modulation doped heterostructure, band alignment between

SrSnO3 and BaSnO3 needs to be assessed experimentally. The band offset between the

two materials will also shed light on the fraction of electrons that can be transferred to

the BaSnO3 side [79]. Herein, we report on the demonstration of growth and modulation
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doping in SrSnO3/BaSnO3 heterostructures while experimentally establishing the band

alignment.

8.2 Growth and Structural Characterization

Heterostructures of SrSnO3/BaSnO3 were grown using hybrid molecular beam epi-

taxy. This approach employs a chemical precursor - hexamethylditin (HMDT) for Sn,

conventional solid sources for Sr, Ba, and La (ultra-high purity of > 99.99 %), and an rf

plasma for oxygen. La was used as an n-type dopant for the doped SrSnO3 layer. Films

were grown using co-deposition in an ultra-high vacuum MBE chamber (EVO-50, Omi-

cron) with a base pressure of 1× 10−10 torr. Beam equivalent pressures of 5.0× 10−8

torr and 2.5× 10−6 torr were used for Ba and HMDT, respectively for the growth of

stoichiometric BaSnO3. While BEPs of 3.0× 10−8 torr and 1.0× 10−6 torr were used

for Sr and HMDT for the SrSnO3 growths. La cell temperature was maintained at 1200

◦C during the growth of La-doped SrSnO3 layer. An oxygen pressure of 5.0× 10−6 torr

was chosen to maintain the oxygen stoichiometry. The plasma was operated at 250 W

with deflection plates kept at 250 V preventing high energy oxygen ions reaching the

growth surface. Cross-sectional transmission electron microscopy sample was prepared

by using FEI Helios Nanolab G4 dual-beam FIB (Focused Ion Beam). The sample

was thinned using a 30 kV Ga-ion beam and further polished using a 2 kV Ga-ion

beam to minimize FIB-induced damage at the surface. Scanning transmission electron

microscopy (STEM) experiments were performed using an aberration-corrected FEI Ti-

tan G2 60-300 STEM equipped with a CEOS DCOR probe corrector, super-X system

for energy dispersive X-ray (EDX), and a monochromator and a Gatan Enfinium ER

spectrometer for electron energy-loss spectroscopy (EELS). STEM-annular dark-field

(ADF) images and EDX elemental maps were acquired at 200 kV with screen current of

∼ 40 pA, where the semi-convergent angle was 25 mrad and inner ADF detector angles

were 55 mrad and 96 mrad for ADF and HAADF images, respectively. Monochromated
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STEM-EELS measurements were carried out at 200 keV with screen current of ∼ 25

pA, where semi-convergent angle was 17 mrad and the EELS collection angle was 29

mrad. Dual EELS mode was used to acquire low-loss, including zero-loss peak (ZLP),

and high-loss EELS spectra, simultaneously. Energy dispersion of 0.1 eV per channel

was used and the energy resolution was 0.4 eV. Energy drift was corrected using the

ZLP alignment and obtained spectra were calibrated using reference peaks.

Figure 8.1(a) shows the schematic of a representative sample examined in this study.

GdScO3 (110) substrates were chosen because it is not prone to oxygen vacancy forma-

tion at elevated temperatures. This ensures that oxygen vacancies do not contribute

towards charge transport. A 46 nm thick buffer layer of BaSnO3 was first grown on

GdScO3 to have a relaxed BaSnO3 template with a bulk-like lattice parameter of 4.131

Å ± 0.002 Å as shown by the wide-angle X-ray diffraction pattern in figure 8.1(b).

This was followed by a 14 nm thick SrSnO3 that grows coherent with the BaSnO3 layer

underneath. Its out-of-plane lattice parameter was consistent with strained SrSnO3 on

BaSnO3 (4.010 Å ± 0.002 Å). High-resolution high-angle annular dark field (HAADF)

scanning transmission electron microscope (STEM) image showed no evidence of misfit

dislocation at the SrSnO3/BaSnO3 interface confirming a fully strained SrSnO3 film.

A 25 nm thick BaSnO3 layer was grown on top of strained SrSnO3. The out-of-plane

lattice parameter of the second BaSnO3 layer was same as the buffer BaSnO3. The

structure was then terminated with a 14 nm thick La-doped SrSnO3 (LaxSr1–xSnO3)

layer with a 1 nm SrSnO3 spacer layer. The use of a spacer layer in modulation doped

structures has been known to further minimize ionized impurity scattering by increasing

the spatial separation between charge carriers and donor ions. Figure 8.1(c) shows the

corresponding grazing incidence X-ray reflectivity (GIXR). Persistent Keissig fringes to

low qz values indicate abrupt interfaces throughout the stack. GenX was used to fit the

reflectivity data and the extracted roughness for each interface were in the range of 2 Å -

4 Å [229]. Figure 8.1(d) shows the energy dispersive X-ray map of the SrSnO3/BaSnO3

heterostructure. The elemental maps of Sr and Ba indicate uniform film thickness and
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absence of any phase segregation. HAADF STEM in figure 8.1(e) shows the 14 nm

LaxSr1–xSnO3/1 nm SrSnO3/ 25 nm BaSnO3 interface indicating smooth interface.
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Figure 8.1: (a) Schematic of the SrSnO3/BaSnO3 heterostructure grown on GdScO3 (110), (b) Energy dispersive X-ray
(EDX) elemental maps of Ba Lα (green) and Sr Lα (blue), (c) High-angle annular dark-field (HAADF)-STEM image
of the LaxSr1–xSnO3/SrSnO3/BaSnO3 interface, and (d) Wide-angle X-ray diffraction, (e) Grazing incidence X-ray
reflectivity (GIXR) of the sample shown in (a) along with the fit.
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8.3 Band Alignment at La1–xSrxSnO3/SrSnO3/BaSnO3 In-

terface

Hard X-ray photoelectron spectroscopy (HAXPES) was performed at beamline I-09

at Diamond Light Source (UK) with 5.930 keV photon energy using a Si (111) double

crystal monochromator followed by a Si (004) channel-cut high-resolution monochroma-

tor. The hemispherical photoelectron analyzer was set to 200 eV pass energy resulting

in an overall experimental resolution of 200 meV as determined from fitting a Fermi

function to the valence band of a reference gold foil. The binding energy axis was cal-

ibrated using the Fermi level and Au 4f core lines of the gold foil in electrical contact

with the sample. The X-rays were 10° glancing incidence on the sample surface and

the cone of the photoelectron analyzer was oriented parallel to the polarization vector

of the incident X-ray beam. Angle-resolved valence band HAXPES was performed in a

fixed geometry using a wide-angle lensing mode for parallel detection of photoelectrons

over a range of ∼ 56° with the X-ray incidence angle fixed at 30°.

To determine the band alignment, we first investigated the valence band (VB) pho-

toemission of the two reference materials as shown in figure 8.2(a). The valence band

maxima (EV) are determined from the linear fit of the leading edge of the main valence

band and extrapolating it to zero intensity [208]. The small density of states observed

between 2 eV and 3 eV above the main edge are due to growth defects likely associated

with strain, e.g., dislocations or interstitials. The valence band maxima were found to

be 3.99 eV ± 0.02 eV and 3.18 eV ± 0.02 eV for LaxSr1–xSnO3 and BaSnO3, respec-

tively, and are consistent with a band alignment that may facilitate modulation doping.

In additional to the valence band, the LaxSr1–xSnO3 HAXPES spectrum also displays

a weak feature with a sharp edge at the Fermi level (magnified 100 ×), representing a

small amount of occupied Sn 5s states at the bottom of the conduction band. This is

confirmed to be correlated to the presence of La in the core level HAXPES spectrum

(inset) and is analogous to the well-studied La-doping in BaSnO3, due to their similar
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electronic structure [77,78,298]. This provides a reasonable estimate of the band gap of

our LaxSr1–xSnO3, since the conduction band minimum (EC) is nearly degenerate with

EF, thus EV ≈ Eg. Undoped BaSnO3 however, does not have this conduction band

filling and so EV can only be considered as a lower limit of the band gap. Our value

of 3.18 eV is in good agreement with previous reported thin film samples [82,241,299].

Figure 8.2: (a) Valence band spectra of the reference BaSnO3 (green) and LaxSr1–xSn
O3 (blue). Electronic states near the Fermi states are magnified. Inset shows the
La 3d5/2 core-level X-ray photoelectron spectra, (b) Valence band spectra of the
SrSnO3/BaSnO3 heterostructure (red) along with the fit (black) using linear combi-
nation of the reference valence band spectra (dotted green and blue lines) to determine
the valence band offset. (c) Energy-level flat-band diagram showing the measured band
offsets between LaxSr1–xSnO3 and BaSnO3, and (d) Conduction band minima refer-
enced to the fermi level (red) and carrier density, n (blue) as a function of depth for the
SrSnO3/BaSnO3.

The valence band HAXPES spectrum of the LaxSr1–xSnO3/BaSnO3 heterostructure
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is shown in figure 8.2(b). Due to the inherent surface sensitivity of photoemission, the

VB spectrum is dominated by the top LaxSr1–xSnO3 layer, however the high kinetic

energy of HAXPES allows the Ba 5p doublet near 15 eV from the buried BaSnO3 layer

to be observed. To determine the valence band offset at this buried interface, the valence

band spectrum of the heterostructure is fitted as a linear combination of the spectra

collected from each reference material, allowing the binding energy alignment to be

determined by the fit. The resulting components of the fit are displayed below. Here,

we find the offset to be 0.71 eV. Figure 8.2(c) shows the energy level flat-band diagram

for the heterostructure based on our HAXPES measurements. This alignment indicates

a conduction band offset of + 0.10 eV between LaxSr1–xSnO3 and BaSnO3.

1D Poisson solver was used to calculate the band alignment for the SrSnO3/BaSnO3

heterostructure, which solves the Schrödinger and Poisson equation self-consistently

[300], as shown in figure 8.2(d). A 0.1 eV Schottky barrier was assumed at the La-

doped SrSnO3 surface for calculating the band profile. Dielectric constants of 20 and

17 [254] were assumed for SrSnO3 and BaSnO3, respectively. A dopant density of

8.5× 1019 cm−3 (n2D = 1.2× 1014 cm−2) in the 14 nm LaxSr1–xSnO3 layer was used in

the calculation to account for the La dopants in SrSnO3. The band alignment indicates

presence of lower potential region for electrons on the BaSnO3 side. The variation

of carrier density as a function of depth shown in the bottom panel of figure 8.2(d)

suggests the presence of electrons on the BaSnO3 side. The transfer of electrons on

the BaSnO3 side should therefore result in a decrease in the number of electrons on

the LaxSr1–xSnO3 side. Sheet carrier densities, thus calculated on the LaxSr1–xSnO3

and BaSnO3 side were 9.0× 1013 cm−2 and 5× 1012 cm−2, respectively. Consequently,

two types of electrons are expected to contribute to transport in the SrSnO3/BaSnO3

heterostructure.
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8.4 Electronic Transport in SrSnO3/BaSnO3 Heterostruc-

tures

Electronic transport measurements were performed in a Quantum Design Physical

Property Measurement System (PPMS Dynacool) to extract the carrier density, sheet

resistance, and carrier mobility. Indium was used as an Ohmic contact. Measurements

were taken at temperatures between 2 K and 300 K and the magnetic field range was

-9 T to +9 T. Figure 8.3(a) shows sheet resistance (Rs) as a function of temperature

(T ) for the SrSnO3/BaSnO3 heterostructure (red) with 14 nm LaxSr1–xSnO3 layer.

The transport measurements indicate that the films were insulating. This behavior was

quite different from the LaxSr1–xSnO3 film with similar thickness (∼ 12 nm) grown on

GdScO3 with a ∼ 2 nm undoped SrSnO3 buffer layer, which, on the other hand, was

found to be metallic with a much lower sheet resistance as shown in the inset. Figure

8.3(b) shows the corresponding transverse resistance, Rxy as a function of magnetic

field (B) for the SrSnO3/BaSnO3 heterostructure. No sign of non-linear hall slope, i.e.,

two type of carriers was observed (inset in figure 8.3(b)) suggesting that the transport

was mostly dominated by the 14 nm thick LaxSr1–xSnO3 layer possibly due to a much

higher 2D carrier density on the SrSnO3 side than on the BaSnO3 side (figure 8.2(d)).

To enhance the contribution of electrons on the BaSnO3 side to transport, an

SrSnO3/BaSnO3 heterostructure with a thinner (7 nm) LaxSr1–xSnO3 was chosen. The

sample was also found to be insulating similar to the 14 nm LaxSr1–xSnO3 heterostruc-

ture as shown in figure 8.3(a) (green curve). Evidence of two types of carriers could,

however, be seen in the field-dependent transverse resistance, Rxy as in figure 8.3(c).

The two-dimensional carrier densities measured from the slope at low and high magnetic

fields were 7.24× 1012 cm−2 and 1.16× 1013 cm−2, respectively, suggesting carriers with

two different mobilities. The carrier density in the second conducting channels was thus

calculated to be 4.36× 1012 cm−2. This assumes that all carriers in first channel are

activated at zero field. The corresponding mobilities of the two channels were extracted
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Figure 8.3: (a) Sheet resistance (Rs) vs temperature (T ) for the two SrSnO3/BaSnO3

heterostructures with – (red) 14 nm LaxSr1–xSnO3 and (green) 7 nm LaxSr1–xSnO3.
Inset shows the corresponding Rs for a 12 nm LaxSr1–xSn O3/2 nm SrSnO3 grown
directly on GdScO3 substrate. (b,c) Transverse resistance (Rxy) as a function of mag-
netic field (B) at 30 K for the two heterostructures. Insets show the corresponding first
derivatives of Rxy (∂Rxy/∂B) (in mΩ/T vs magnetic field (in T)

to be 10 cm2 V−1 s−1 and 3 cm2 V−1 s−1. This begs the question whether the presence of

second conducting channel is due to electron transfer to the BaSnO3 side via modulation

doping. It can be answered if electrons can be spatially located in the heterostructure.

Since the mobility of the second channel is smaller than what has been seen in extrinsi-

cally doped BaSnO3, this would also mean that the mobility of the 2DEG is still limited

by scattering from interface and/or threading dislocations propagating through the film.
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8.5 Angle-Resolved X-Ray Photoemission Spectroscopy

To investigate the location of the conduction electrons at EF we look again to HAX-

PES. By resolving the emission angle of the ejected photoelectrons, a depth profile

can be achieved. Figure 8.4(a) shows the angle-integrated (traditional) VB HAXPES

spectrum (top) along with the emission-angle resolved 2D spectrum (bottom). The 2D

spectrum was analyzed by dividing into 5 angular ranges (centered at 82°, 71°, 61°, 51°,

and 40°) and summing to create 5 VB spectra with varying depth sensitivity. Figures

8.4(c-e) show the extracted shallow core level regions, Sr 4p and Ba 5p, after background

removal, as well as the region near EF, where a small density of states is observed as in

the reference LaxSr1–xSnO3 material. The intensity of these EF states decreases with

decreasing emission angle, i.e., as the measurement becomes more surface sensitive, in-

dicating that they do not simply reside in the top LaxSr1–xSnO3 layer. In fact, the

intensity profile of the EF states as a function of angle, shown in figure 8.4(b), exhibits

better similarity with that of Ba 5p of the buried BaSnO3 layer than the Sr 4p of the

top LaxSr1–xSnO3/SrSnO3 layers.

To extract more quantitative depth information, these normalized intensity profiles

are modeled based on the exponential attenuation of the escaping photoelectrons [301,

302]. The intensity of photoelectrons measured at the analyzer is given by the Beer–

Lambert relationship I = I0exp{−t/(λ sinα)}, where α is the emission angle measured

from the surface, t is the thickness of the overlayer the photoelectrons must traverse, and

λ is the effective attenuation length, which can be calculated. Here, λ was calculated

to be 7.7 nm for SrSnO3 at the photon energy and polarization geometry used via the

TTP-2M equation [303,304] and accounting for the single scattering albedo [305]. The

Sr 4p and Ba 5p profiles fit well when modeled as arising from the top 15 nm or buried

under such a layer, respectively. Following this same analysis for the EF states, and

allowing the interface thickness to be a fit parameter gives the best fit when a finite

intensity of these EF states arise from the SrSnO3 layer, while the majority are from
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Figure 8.4: (a) Emission angle-resolved valence band spectrum of SrSnO3/BaSnO3 het-
erostructure as shown in figure 8.1(a). Integrated intensity over all emission angles is
shown in the top panel; (b) Normalized intensity as a function of emission angle for Sr
4p (squares) and Ba 5p (circles) core levels along with near fermi states (triangles); (c-e)
X-ray photoemission spectra of Sr 4p, Ba 5p, and near Fermi states used to calculate
the normalized intensity shown in (b).
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deeper than 15 nm, i.e., the top layers of the BaSnO3. The fit reveals a thickness of

this interface layer to be about 1.5 nm ± 0.5 nm.

8.6 La Profile at the LaxSr1–xSnO3/SrSnO3/BaSnO3 In-

terface

Now, whether these states are due to electron transfer via modulation doping or dif-

fusion of La atoms from LaxSr1–xSnO3 to BaSnO3 remains to be confirmed. Given that

the carrier density measured in the second channel (4.36× 1012 cm−2) is comparable to

the estimated carrier density on the BaSnO3 side (5.0× 1012 cm−2) of the modulation

doped structure, the states near the Fermi level are likely due to electron transfer via

modulation doping. However, to eliminate the possibility of La diffusion, we performed

electron-energy loss spectroscopy (EELS) at the LaxSr1–xSnO3/SrSnO3/BaSnO3 inter-

face. Figure 8.5(a) shows the atomic-resolution annular dark field (ADF) STEM image

of the interface along with the EELS acquisition spots (shown in white). EELS spectra

obtained from these spots were used to determine the elemental fraction as a function

of position referenced to the top of the BaSnO3 layer as shown in figure 8.5(b). The Sr

distribution could not be resolved from the EELS spectra due to a weak M4,5 (∼ 133 eV)

peak, poor signal to noise ratio of higher energy L2, L3 peaks (∼ 2000 eV) and overlap

of N2,3 (∼ 20 eV) with plasmon peaks. Superposition of O K spectra obtained from

bulk SrSnO3 and BaSnO3 (away from the interface) was therefore used to determine the

distribution of Sr and Ba across the interface. Fraction of Ba obtained from the EELS

M4,5 edge and O K edge followed the same distribution confirming the expediency of O

K edge for determining the distribution of Sr. Similarly, the relative fraction of La was

determined from the EELS La M4,5 spectra shown in figure 8.5(d). The distribution

suggests that there was no diffusion of La on the BaSnO3 side that would otherwise

lead to the presence of electrons. The La curve follows an error function similar to the

O K (SrSnO3) profile, albeit shifted ∼ 1 nm away from BaSnO3, due to the presence
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of SrSnO3 spacer layer.

Figure 8.5: (a) Atomic-resolution ADF-STEM image of the LaxSr1–xSnO3/SrSnO3/
BaSnO3 interface. Beam positions for EELS acquisition are marked. Scale bar is 1 nm.
(b) The fraction of each element estimated from core-loss EELS. The relative amount of
SrSnO3 and BaSnO3 was estimated from O K edges (shown in (c)) and the Ba and La
fraction were evaluated from Ba M4,5 and La M4,5 edges (shown in (d)). Bulk reference
spectra were obtained from each material away from the interface (thicker lines.) EELS
spectra of interest were fitted to two references using linear least squares fitting after
background subtraction using the power law. The results are fitted to a standard error
function (erf), and the mean positions of the erf are marked with dashed lines.

8.7 Conclusion

In summary, we have demonstrated modulation doping in SrSnO3/BaSnO3 het-

erostructures. Using HAXPES, we established the band offset between SrSnO3 and

BaSnO3. A valence band offset of 0.71 eV, although different from previous theoretical

reports, [296] was determined which resulted in a favorable conduction band offset for

modulation doping. The resulting sheet carrier density on the BaSnO3 side (5.0× 1012

cm−2) is consistent with the calculated value using 1D Poisson solver. The electronic



145

properties, however, are controlled by the thick LaxSr1–xSnO3 layer and dislocations at

the interface. For enhancement in room-temperature mobility at the interface, thinner

LaxSr1–xSnO3 layer with lower dopant concentration and interface with lower disloca-

tion density is desirable.



Chapter 9

Summary

Among perovskite oxides, alkaline-earth stanntes such as BaSnO3 and SrSnO3 are

unique. BaSnO3 shows high room-temperature electron mobility in La-doped single

crystals (320 cm2 V−1 s−1) and thin films (180 cm2 V−1 s−1) when other perovskite ox-

ides have the best reported values below 10 cm2 V−1 s−1. This distinction is the result

of low electron effective mass and small phonon scattering in BaSnO3. However, the

reason for low mobility in thin films compared to bulk single crystals was unresolved.

Mobility was believed to be limited by dislocations overlooking some of the other defects

such as non-stoichiometric defects that can also act as scattering centers for the mobile

electrons.

Molecular beam epitaxy provides a route for the growth of high quality single crys-

talline thin films with low defect density. However, growth of BaSnO3 is challenging

due to low oxidation potential of tin as compared to barium in such ultra-high vacuum

environment. This means that both these elements compete for the available oxygen

during thin film growth and most of it is consumed by barium due to its high oxidation

potential. As a result, a large fraction of tin is either left unoxidized or exist in its lower

+2 oxidation state. Several routes have been proposed to circumvent this challenge

such as high substrate temperature, high oxygen pressure, and/or use of reactive gases

146
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like ozone. However, these approaches may not be feasible for all the elements with low

oxidation potential. For example, in case of tin, at high substrate temperatures, growth

rate of SnO2 is dramatically reduced due to the formation and simultaneous desorption

of highly volatile SnO. The use of high oxygen pressure or ozone, on the other hand, can

lead to flux instabilities if conventional effusion cell is used. Alternatively, hybrid MBE

method can be employed as shown earlier for titanates and vanadates that supplies

metal-organic precursors that already bonded with oxygen to maintain the stoichiome-

try and oxidation states. Although oxygen-containing precursor exists for many of these

low oxidation potential metals, they may not be feasible for MBE growth. For exam-

ple, in case of tin, tin tert-butoxide (TTB) is an oxygen-containing precursor but was

found to have low vapor pressure and thermally unstable for MBE growth of Sn-based

compounds.

We demonstrated a novel growth approach to overcome the challenges during the

growth of Sn based compounds. We presented the growth of phase-pure, epitaxial,

and stoichiometric BaSnO3 films using hybrid molecular beam epitaxy approach. This

approach utilizes a metal-organic precursor – hexamethylditin (HMDT) as the chemical

precursor for tin while barium and oxygen were supplied through a solid effusion cell

and an rf plasma source, respectively. HMDT provides several advantages over solid Sn

source. First, it has a much higher vapor pressure than solid tin, which permits high and

scalable growth rates. Secondly, the dissociation of Sn–Sn bond with lower bond energy

than the Sn–C bond results in the formation of (CH3)3Sn• radicals that has higher

reactivity than metallic Sn. Better reactivity of these radicals helps in maintaining

the correct stoichiometry and oxidation state (+4) of Sn even in low oxygen pressures.

Formation of highly reactive radicals also allows for this approach to work with the less

reactive molecular oxygen for the growth of binary and ternary tin oxides such as SnO2

and BaSnO3, respectively.

Time-dependent reflection high-energy electron diffraction (RHEED) intensity os-

cillations were observed which suggested that the growth of BaSnO3 films occurs in a
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layer-by-layer fashion. We also analyzed the thickness dependence of in-plane lattice

parameter. A critical thickness of ∼ 1 nm for strain relaxation was determined for

films grown on SrTiO3. Scanning transmission electron microscopy combined with elec-

tron energy-loss spectroscopy and energy dispersive X-ray spectroscopy confirmed the

cube-on-cube epitaxy and composition.

Further, we showed the existence of an MBE growth window for BaSnO3 on SrTiO3

substrates. This allows for the self-regulating growth of stoichiometric BaSnO3 films,

hence minimizing intrinsic defect density. The stoichiometry was determined using sev-

eral characterization tools available at hand including X-ray diffraction and Rutherford

backscattering spectrometry. A strong correlation between composition, stoichiometry,

and surface morphology was also established for these films using RHEED and atomic

force miscroscopy suggesting that these techniques can be used as a measure of stoi-

chiometry in conjunction with X-ray diffraction.

Using systematic La-doping series, we established a relationship between mobil-

ity and electron density. Mobility first increases with increasing carrier density, sat-

urates at 120 cm2 V−1 s−1 between 5.0× 1019 cm−3 and 5.0× 1020 cm−3, and then

decreases. Dislocation scattering was found to be the dominant scattering mechanism

at low densities while ionized impurity scattering limits the mobility at high carrier

concentrations. At intermediate doping regime, both dislocation and ionized impurity

scattering were responsible for limiting the mobility below 120 cm2 V−1 s−1 in thin films

of LaxBa1–xSnO3. In terms of electrical conductivity, films grown with radical-based

MBE approach were found to possess higher values than those prepared by other growth

methods and even higher than the bulk single crystals. These values are comparable

to the best reported values of conductivity in commercial transparent conducting ox-

ides such as ITO (indium-tin oxide) making BaSnO3 a potential replacement for ITO.

Towards the end, schemes for minimizing ionized impurity scattering in BaSnO3 was

proposed in heterostructures such as SrTiO3/BaSnO3 and SrSnO3/BaSnO3 via modu-

lation doping.
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The resurgence of interest in perovskite oxides as the potential materials for ox-

ide electronics operative at room-temperature has been remarkable. However, with

BasSnO3, there still remains a number of open challenges and questions. One such

question is whether the mobilities of stannate films be further improved. Although, this

dissertation was able to point ways of tackling the issues of point defects in BaSnO3

and suggest possible routes for minimizing ionized impurity scattering, one main chal-

lenge that remains is – how to minimize of density of dislocations in thin film BaSnO3

films. Large lattice mismatch between the substrate and BaSnO3, allows the films to

relax immediately within a nanometer thickness via formation of misfit dislocations. In

addition to these misfit dislocations at the interface, threading dislocations also exist,

which can propagate through the entire film thickness. Future efforts should therefore

be directed towards controlling these line defects in BaSnO3.
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