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Abstract
Two-dimensional electron gases (2DEG) at complex oxide interfaces have attracted
lots of attention for fundamental physics studies and potential applications in novel oxidebased electronics. While most researches focuses on LaAlO3/SrTiO3 heterostructures,
many interesting phenomena were also discovered at titanates heterostructures, such as
LaTiO3/SrTIO3 and GdTiO3/SrTiO3.
In this study, we chose another material system, NdTiO3/SrTiO3, to investigate the
2DEG at the interfaces. NdTiO3 and SrTiO3 thin films and heterostructures were grown
using the hybrid molecular beam epitaxy approach. 3×1014 cm-2 (0.5 e-/u.c.) was realized
at NdTiO3/SrTiO3 interfaces, and precise control of carrier density and metal-to-insulator
transition were achieved by intentionally introducing Nd vacancies.
Moreover, ultrahigh carrier density (~1015 cm-2) was discovered by band engineering
NdTiO3/SrTiO3 heterostructures. The charge transfer model was proposed to explain such
high carrier density. Both experimental results and computational modeling suggest the
broken-gap type band offset drives charge transfer from NdTiO3 to SrTiO3. Finally, we will
also discuss environmental oxygen effects on electronic transport properties of
NdTiO3/SrTiO3.
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Chapter 1 Introduction
The recent discoveries of novel phenomena at interfaces of complex oxides
heterostructures, have attracted tremendous attention. [1-3]. The interfacial conductivity
is of particular interest for its potential application in oxide based electronics, such as field
effect transistors (FETs) [4-6] and sketch FETs [7], and fundamental physics studies.
Despite these exciting discoveries at the interface, controversy was raised when it
came to determining the origin of carriers and understanding the electronic transport at
complex oxide interfaces.
The goal of this chapter is to overview the basic concepts and background that are
relevant to this work. The perovskite complex oxides and their basic concepts will be
briefly discussed in section 1.1 and 1.2. The polar/non-polar oxide interfaces and
corresponding models will be discussed in details in section 1.3. A new materials system,
NdTiO3/SrTiO3, will be introduced in section 1.4 to study interfacial conductivity at oxide
interfaces.

1.1 The Perovskite Complex Oxides
Solid oxides comprising of oxygen and at least one other element are one of most
abundant materials on earth. Examples are SiO2 in rocks and sand, Fe2O3 in iron rust, and
Al2O3 in corundum. They range from simple binary oxides to more complicated ternary
and quaternary oxides, and display a wide variety of crystal structures ranging from simple
rocksalt type to more complex spinel structures. It is the richness and variety in chemistry
and crystal structures that results in their wide scale applications such as transparent
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conductive oxides, fuel cells, piezoelectric and ferroelectric transducers, and ferroelectric
non-volatile memory.

Figure 1.1: (a) Perovskite oxide unit cell showing the A, B sites and oxygen, with a0 being
the edge length of the cubic unit cell. (b) An alternate schematic view of the perovskite
structure as a long range network of corner sharing BO6 octahedra.

A class of oxide materials that is of particular interest in both academia and industry
is the perovskite complex oxide, which is named after the mineral CaTiO3. Typical
chemical formula of a perovskite complex oxide is ABO3, whose crystal structure is shown
in Figure 1.1.
The Figure 1.1 (a) illustrates that the corner A site is coordinated by 12 oxygen atoms,
whereas the body center B site is coordinated by 6 oxygen atoms forming an octahedron.
This BO6 octahedron is corner-shared between adjacent unit cells to form a long range
network, as shown in Figure 1.1 (b). In this simplistic picture the unit cell is simple cubic
with the edge length 𝑎0, being the lattice parameter. Figure 1.1 (a) illustrates that 𝑎0
can be related to the size of the A site or the B site ions through simple geometry as:
2

a0 = √2(𝑟𝐴 + 𝑟𝑂 )

(1.1)

a0 = 2(𝑟𝐵 + 𝑟𝑂 )

(1.2)

In an ideal cubic structure, where all edge lengths equal (a = b = c) and all unit cell
angles 90º (α = β = γ = 90 º), both equations hold true, which yield the following
relationship:
2(𝑟𝐵 + 𝑟𝑂 ) = √2(𝑟𝐴 + 𝑟𝑂 )

(1.3)

where 𝑟𝐴, 𝑟𝐵 and 𝑟𝑂 are the ionic radii of the atoms in A site, B site and oxygen
respectively.
In general, however, the crystal structure is distorted and equations (1.1) and (1.2)
are not equivalent to each other. The degree of the distortion can be quantified by the degree
of deviation from the ideal cubic structure with Goldschmidt tolerance factor, t, defined as:
t=

𝑟𝐴 +𝑟𝑂
√2(𝑟𝐵 +𝑟𝑂 )

(1.4)

The value of t is 1 for the ideal cubic structure, and at room temperature SrTiO3 is
one of a few crystal structures that satisfy this condition, which will be discussed in more
details in the following section. The value of t varies between 0.89 and 1.02 while
maintaining the stability of the crystal structure, thus the perovskite structure is tolerant to
variations of the size of cation A and cation B.
The deviation of t from 1 is accommodated by distortion and tilting of the BO6
octahedron, and displacements of the cations, resulting in changes of the B – O – B bond
angle and/or bond length (see discussion in more details in section 1.2.3). Such octahedral
deformation lowers the crystal symmetry to rhombohedral, tetragonal, orthorhombic,
monoclinic or triclinic. In addition, the tilting of octahedral around one or more or their
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symmetry axes also results in 23 possible tilt systems in Glazer’s notation [8], which are
categorized by tilt axis, magnitude an direction, and induces non-centrosymmetric
properties. The robustness of the perovskite structure is exemplified by Figure 1.2, which
shows the various elements that can go into the A and B sites.

Figure 1.2: Periodic table for elements that can be potentially incorporated in the
perovskite structure. Elements shaded in yellow can fill into the A site while those in blue
can go into the B site. Both A and B sites can be filled by Ta, Pd, Pt, Zn, and Cd (in green).

The perovskite crystal structure is even stable with the presence of small (doping) or
large (alloying) amounts of impurities in the A, B sites and/or oxygen vacancies. The
representative formula of such a perovskite complex oxide can be expressed as A1−𝑥A′𝑥
B1−𝑦B′𝑦O3−𝛿, where x and y are concentration of dopants A′ and B′ respectively, and δ is
the oxygen non-stoichiometry. Such doping or alloying of perovskite oxides provides
another degree of freedom to alter the electronic and magnetic properties, which will be
explained in more details in section 1.2.4.
4

The stability of crystal structure and flexibility in chemical composition of the
perovskites leads to diverse functionalities, including ferromagnetism [9, 10] and colossal
magnetoresistance [11], piezoelectricity [12, 13], high TC superconductivity [14-16],
mixed ionic conductivity [17], and ferroelectricity [18-20] (Figure 1.3). Furthermore,
because perovskite oxides they all share similar crystal structures and lattice parameters,
they can be integrated with each other to give a rise to multifunctional materials such as
multiferroics [21-23].

Figure 1.3: Diverse functionalities of the perovskite oxides and derived structures.

1.2 Basic Concepts of Perovskite Complex Oxide
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The nature of chemical bonding in Perovskite complex oxides is mainly ionic, with
a small covalent contribution, due to the large difference in electronegativity between the
cations and oxygen. Therefore, the d shell electrons of the B site atom and their
hybridization with the neighboring oxygen 2p orbitals largely determines that the electronic
properties of perovskites. And electrons transfer between neighboring B atoms dominantly
depend on the B – O – B bond angle and the B – O bond length, while the A site atom
indirectly affects electronic transport by changing these bond parameters. In following
sections, a review of the d orbital physics in the perovskite complex oxides will be
discussed to understand the correlation between crystal structures and their complex
electronic and magnetic properties.

1.2.1 Crystal field splitting

Figure 1.4: (a) The five-fold degenerate d orbitals in an isolated transition metal atom.
(Image from ref [24] (b) The crystal field induced energy level split in an octahedral
coordination.
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The B site atom possess partially or completely filled d orbitals, and higher shell s
electrons, as a result of the Madelung n + l rule of orbital filling[25]. It is the d electrons,
however, that dominate in bonding and electronic transport. In a free atom, the five d
orbitals (xy, yz, zx, x2 – y2, 3z2 – r2) are degenerate and are only distinguished by their spatial
shape, as shown in Figure 1.4 (a). However, such degeneracy is broken by the static electric
fields of the nearest anions (O2- in case of a perovskite complex oxide). In a material with
octahedral coordination symmetry, the x2 – y2, 3z2 – r2 orbitals, or the eg orbitals, point
directly towards the ligands, whereas the xy, yz, zx orbitals, or the t2g orbitals, are oriented
between the ligands. Therefore, the eg orbitals have higher Coulombic repulsion than the
t2g orbitals, leading to separated eg and t2g orbitals with an energy CF given by [26]:
Δ𝐶𝐹 =

̅𝑟̅̅4̅

5

𝑧𝑒 2 (𝑎5 )
3

(1.4)

where z is the atomic number of the ligand ions, e is the electronic charge, ̅𝑟4̅ is the mean
fourth power radius of the metal ion (B site ion) and a is the distance between the metal
and ligand ions. This lifted degeneracy of d orbitals is known as crystal field splitting.

1.2.2 Hund’s Rules for Orbital Filling
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Figure 1.5: The two scenarios of electron occupation in d orbitals. (a) shows electron
occupation in Mn3+ with four d electrons; (b) shows electron occupation in Co3+ with six d
electrons.
Along with crystal field splitting, other interactions, such as the Hund’s Rule and
Pauli Exclusion Principle, play vital roles to determine the orbital occupation of the d
electrons. The Pauli exclusion principle states that two electrons with the same spin are
prohibited from occupying the same orbital. The Hund’s rule can be summarized as the d
orbitals are occupied by electrons such that the total spin (S) and orbital (L) angular
momentum of the atom are maximized to lower the energy of the electrons [27]. These
interactions can be quantified using an intra-atomic exchange energy term, Hex, which is
the energy penalty for violating the occupancy rule.
While the crystal field favors all d electrons to fill the t2g orbitals, Hund’s rules dictate
that they occupy the maximum number of orbitals, including both t2g and eg orbitals. Thus,
the ground state of the crystal is a result of competition between the two opposing
interactions. Figure 1.5 illustrates the two scenarios of orbital filling for two elements. In
case of Mn3+(d4), interaction energy from Hund’s rule, Hex, exceeds crystal field splitting
energy, ΔCF, resulting in three electrons occupying the t2g orbitals and one in one of the eg
orbitals, so called high spin state, as shown in Figure 1.5 (a). While in case of Co3+ (d6),
Hex is smaller than ΔCF, and all the t2g orbitals are occupied, so called low spin state, as
shown in Figure 1.5 (b).

1.2.3 Octahedral Deformation
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As mentioned in section 1.1, the deviation of perovskite complex oxides from the
ideal cubic structure can be visualized in terms of deformation of the BO6 octahedron.
Therefore, it is worthwhile to discuss in greater details about the various modes of
octahedral deformation in perovskite complex oxides. Figure 1.6 illustrates six possible
deformations of the BO6 octahedron in perovskite complex oxides, which are elongation
and compression (Figure 1.6 (b) and (c)), tilt and rotation (Figure 1.6 (d), and (e)) and a
new form of octahedral deformation (Figure 1.6 (f)).

Figure 1.6: Possible deformation of the BO6 octahedron in perovskite complex oxides,
with B in green and O in yellow. (a) an ideal octahedron; (b) and (c) are the octahedron
under elongation and compression respectively; (d) and (e) show tilted and rotated
octahedron respectively; (f) illustrates another form of octahedral deformation, named as
displacement deformation in this study.
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The elongation (Figure 1.6 (b)) and compression (Figure 1.6 (c)) of the octahedron
is well known as the Jahn–Teller effect, a particular distortion observed in octahedral and
tetrahedral lattices [28]. In case of elongation (compression) of the z axis, energy of orbitals
with a z component is decreased (increased) due to reduced (enhanced) overlap with the
oxygen 2p orbitals while that of orbitals in the xy plane is increased (decreased).
Therefore, this distortion lifts degeneracy of both the t2g and eg orbitals, with a greater
effect on the eg orbitals. Thus, systems with one eg electrons, such as Mn3+, are strongly
influenced by the Jahn–Teller effect, while those with one (Ti3+) and two (V3+) t2g electrons
are weakly affected. The Jahn–Teller effect is a crucial factor in determining the electronic
and magnetic properties of perovskite oxides.
As shown in Figure 1.6 (d) and (e), octahedral tilts and rotations are often described
by the Glazer tilt system [8]. The total tilt and rotation can be decomposed into three
components about the pseudocubic axes prior to tilting in the order [100], [010], and [001],
where the magnitudes of the tilts and the rotation degrees can be indicated symbolically by
a set of three letters, abc and αβγ respectively. For example, aac means equal tilts about
[100] and [010] with a different tilt about [001]. The superscripts +, - or 0 are used to show
whether successive octahedral along an axis have the same tilt (rotation), opposite tilt
(rotation) or no tilt (rotation) about that axis. Perovskite complex oxides have variety of
tilts and rotation patterns. For example, LaNiO3 has an a−a−a− rotation pattern (α = β = γ =
5.2°) [29].
In addition, the octahedron in perovskite complex oxides can be deformed in form of
Figure 1.6 (f), which is named as displacement deformation in this study. It is different
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from Jahn–Teller effect because it leads to different length of O-O edges after the
deformation, while Jahn–Teller effect changes Ti-O bond length, but keeps O-O edge
length same during elongation or compression. This displacement deformation has been
observed in rare earth titanates like LaTiO3 and NdTiO3 [30].

1.2.4 Electronic Band Structure
The electronic band structure of perovskite complex oxides is largely influenced by
aforementioned crystal field splitting, Hund’s rule and octahedral deformation. Based on
conventional band theory, SrTiO3 has Ti4+ with d0 electronic state in conduction band, and
thus, it is a band insulator, as illustrated in Figure 1.7 (b). However, this theory predicts
that increasing the number of d electrons would lead to a metallic state which contradicts
the fact that Rare Earth titanates having d1 Ti3+ are insulators.

Figure 1.7: The electronic band structure in perovskite complex oxides when U > Δ (a)
and U < Δ (c). The band structure of SrTiO3 is shown in (b) as a reference.
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This insulating behavior is attributed to interactions arising due to increased number
of d electrons in the conduction band. Strong d-d Coulombic and exchange interactions
between B sites yields an energy term, U [31, 32], and split the d band into Upper Hubbard
band and Lower Hubbard band. The other competing mechanism that also plays a
significant role is well described in terms of charge transfer, Δ, which involves the
interactions between a d electron and a hole in the O 2p band [33]. The energy band gap is
determined by the relative energy scale of U and Δ. Figure 1.7 (a) and (c) illustrate the
electronic band structure when U > Δ and U < Δ respectively. Systems where U > Δ are
known as charge transfer insulators, where the conduction band minimum and valence
band maximum come from Upper Hubbard band and O 2p band respectively, with a band
gap, Eg, equal to Δ – W, where W is the band width. The possible carriers are holes in the
O 2p valence band and electrons in the d bands, and examples are nickelates (e.g. NdNiO3
and SmNiO3) and cuprates (e.g. YBa2Cu3O7). When U < Δ, however, the conduction band
minimum and valence band maximum come from Upper and Lower Hubbard bands with
Eg equal to U – W, and these systems are known as Mott-Hubbard insulators. In this case,
both holes and electrons are from d bands, and examples are titanates (e.g. LaTiO3 and
NdTiO3) and vanadates (e.g. LaVO3 and YVO3).

1.2.5 Doping and Alloying
Doping, or intentionally introducing small quantities of impurity atoms in the host
lattice, has been intensively investigated and well established in semiconductors to
12

precisely control the carrier concentration and finely tune the Fermi level. On the other
hand, due to the stability of the crystal structure, perovskite oxides are amenable to both
small (doping) and large (alloying) amount of impurities, and this introduces another
degree of freedom to alter the properties.

Figure 1.8: Doping of perovskite complex oxide ABO3. (a) shows doping at the A site (blue
circle) with A’ atom (orange circle), and (b) shows doping at the B site (green circle) with
B’ atom (circle).

Doping of perovskite oxides is done by substitution of the A (B) site atom with small
amount of impurities A’ (B’), as shown in Figure 1.8. Similar to dopants in semiconductors,
dopants in perovskite oxides follow the Octet rule to achieve stable structure. For example,
SrTiO3 can be doped with La3+ into Sr2+ site, or Nb5+ into Ti4+ site. La has electron
configuration of [Xe] 5d1 6s2 and provides 3 electrons when substituting La3+ into Sr2+ site,
yielding one excess free electron. Similar doping effect can be achieved by substitution of
Nb5+ with Ti4+. Usually the doping level in perovskite oxides is small and does not change
13

the crystal structure and the electronic band structure drastically. For instance, 1-2% of Nb
doping in SrTiO3 induces carrier density in order of 1020 – 1021 cm-3 [34, 35].
On the other hand, the stability of perovskite crystal structure allows introduction of
large amount of impurities, which leads to dramatic change of crystal structure and
electronic band structure. For instance, LaTiO3 has the Ti ion in the 3+ state (d1 electron)
while SrTiO3 has it in the 4+ state (d0 electron). Thus, (La,Sr)TiO3 has a mixture of Ti3+
and Ti4+ depending on the La:Sr ratio. Such large amount of substitution, or alloying,
changes B – O – B bond angle and the B – O bond length and leads to structural distortions
as mentioned in section 1.2.3, due to the difference between the ionic radii of the host atom
and dopant atom. It also results in alteration of the bandwidth, or even complete change in
the electronic band structure. For example, NdTiO3 is a Mott-Hubbard insulator as shown
in Figure 1.7 (c), while SrTiO3 is a band insulator (Figure 1.7 (b)). Large amount of
substitution of Sr into NdTiO3 collapses the Mott-Hubbard band gap and drives insulatormetal transition [36]. It is also worth noting that there may be an upper limit of alloying,
which depends on the compatibility of both end structures. Table 1.1 shows the number of
d electrons of the 3d transition metals in the oxidation states commonly found in perovskite
oxides.
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Table 1.1: Number of d electrons in the common oxidation states of the 3d transition
metals

1.3 Perovskite Complex Oxide Heterointerfaces
Besides intensive research on bulk perovskite complex oxides, novel physics was
recently discovered at the interface between two perovskite oxide thin films. The material
system that received most attention is the LaAlO3/SrTiO3 heterostructure. Interfacial
conductivity, two-dimensional superconductivity and magnetism, are few properties that
were discovered at this interface. Thus, this following section will focus on the interface of
LaAlO3/SrTiO3 as an example, and the model that explains interfacial conductivity will be
discussed.

1.3.1 Polar Catastrophe at LaAlO3/SrTiO3 Interface
Both SrTiO3 and LaAlO3 are band insulators, as illustrated in Figure 1.7 (b), with
band gaps of 3.2 eV [37] and 5.6 eV [38], respectively. However, when a thin film of LaAlO3
is grown on a TiO2 terminated surface of a SrTiO3 substrate, an electron gas is observed at
the interface, leading to metallic conductivity, as shown in Figure 1.9 (a) and (b) [1]. The
resulting electron gas is confined at the interface on the SrTiO3 side. When the LaAlO3 thin
film is grown on a SrO- terminated SrTiO3, however, insulating behavior is observed.
Moreover, conductivity is only observed for LaAlO3 film thicknesses greater than 4 unit
cells (tcritical ≈ 4 u.c.) [39].
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Figure 1.9: LaAlO3 grown on TiO2-terminated (001) SrTiO3. (a) Schematic of the
heterostructure, (b) Sheet resistance at different oxygen pressures [39].

A polar catastrophe model has been proposed to explain this interfacial conductivity.
As illustrated in Figure 1.10 (a), surfaces can be categorized into three types [40]. Type 1
has equal numbers of anions and cations on each plane and thus the dipole moment in the
repeat unit is zero. Type 2 (Figure 1.10 (b)) has charged planes, but has no net dipole
moment normal to the surface, while Type 3 (Figure 1.10 (c)) has charged planes with the
net dipole moment perpendicular to the surface. Therefore, surfaces of the kind Type 1 or
Type 2 are called non-polar surfaces, whereas Type 3 is a polar surface.
In LaAlO3/SrTiO3 interface, SrTiO3 can be viewed as the alternating layers of SrO
and TiO2 along <001>. Due to the valence states of cations and anions (Sr2+, Ti4+ and O2), the layers are charge neutral, and the (001) surface is considered non-polar (Type 1). For
LaAlO3, the layers are LaO and AlO2, with alternating +1 and -1 charges (the valence states
are La3+, Al3+, and O2-). Therefore, it can be viewed as charged layers (Type 3), with a
dipole moment in the repeat unit, leading to a polar surface.
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Figure 1.10: Distribution of charge (ρ) on planes for three types of surfaces [40].

When a LaAlO3 thin film is grown on a TiO2-terminated SrTiO3 substrate, a
polar/nonpolar interface is formed, as shown in Figure 1.12. Based on the charge
distribution of each layer in LaAlO3 thin film, the electric field and potential can be solved
using Gauss’ Law and Poisson’s equation:
∇ ∙ 𝐸⃗ =

𝜌

(1.5)

𝜀
𝜌

∇2 𝜙 = − 𝜀

(1.6)

where 𝐸⃗ is the electric field, ρ is the charge density, ε is the permittivity, and Φ is the
electric potential. As shown in Figure 1.11, the electrostatic potential keeps building up
monotonically in the LaAlO3 thin film, leading to structural instability. However, this
diverging polarity, or “polar catastrophe”, can be canceled out by redistributing the charge
in each layer of LaAlO3 to ½, as shown in Figure 1.12. This redistribution of the charge in
the LaAlO3 thin film leads to extra ½ electrons being transferred from the LaO to the
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adjacent TiO2 layer and confined at the interface. The resulting carrier density from this
polar catastrophe model is expected to be 0.5 electron per unit cell per interface, or 3.5 ×
1014 cm-2 per interface, if the charge is fully active.

Figure 1.11: The unreconstructed LaAlO3/SrTiO3 interfaces with TiO2 terminated SrTiO3.

This model successfully explains the origin of interfacial conductivity and the critical
thickness for interfacial conductivity. However, discrepancies have been reported between
the “polar catastrophe model” and the experimental results at LaAlO3/SrTiO3 interfaces.
Based on the model, about 3.5 × 1014 cm-2 sheet carriers are expected at the interface
between LaAlO3 and SrTiO3. Carrier densities in the order of 1 × 1013 cm-2, however, were
experimentally reported after oxygen annealing [41].
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Figure 1.12: The reconstructed LaAlO3/SrTiO3 interfaces with TiO2 terminated SrTiO3.

Furthermore, interfacial conductivity has also been observed in other heterostructures,
such as an amorphous layer of LaAlO3 / SrTiO3 [42], Y2O3 stabilized ZrO2 / SrTiO3 [43],
and LaAlO3 / (110) and (111) SrTiO3 [44]. Cation intermixing, i.e. diffusion of La into the
SrTiO3 layer, may also lead to n-type doping of the SrTiO3 [14, 15]. Thin film growth
approach is another factor that influences the electrical properties at the interface, as
energetic thin film growth approaches, such as pulsed laser deposition (PLD), favors the
formation of oxygen vacancies at the interface, which are electrically active [45].

1.3.2 Polar Discontinuity at LaAlO3/SrTiO3 Interface
19

An alternative to the polar catastrophe model argues that the interfacial conductivity
at LaAlO3/SrTiO3 interface can simply come from the discontinuity of polarity at the
interface [46]. Each layer of LaAlO3 can be hypothetically viewed as charge neutral before
forming the interface. In order to obtain the alternating +1 and -1 charge, (LaO) layers need
to transfer ½ electron to adjacent (AlO2) layers. When a LaAlO3 thin film is grown on
TiO2-terminated SrTiO3, ½ electron is transferred from (LaO) layer to (TiO2)0 layer at the
interface in SrTiO3 side. These electrons are also confined at the interface and give rise to
a sheet carrier density of ½ electron/u.c/interface, which is equivalent to 3.5×1014 cm-2.
Both the polar discontinuity model and the polar catastrophe model successfully explain
the interfacial conductivity. The difference between these two model, however, should be
emphasized. In the polar discontinuity model, electronic reconstruction (ER) is attributed
to the discontinuity of the polarity, while the driving force in the polar catastrophe model
is the avoidance of the diverging polarity.
Results that support the polar discontinuity model have also been reported. Detailed
XPS measurement on LaAlO3/SrTiO3 below critical thickness suggest that there is no builtup polarity [47]. The surface of LaAlO3 was also reported to influence conductivity at the
interface, rendering that the surface effect may cause the critical thickness [48]. It should
be noted that to completely distinguish these two models is not straightforward at
LaAlO3/SrTiO3 heterostructures. The problem maybe become complicated by interface
roughening, or atomic reconstruction [52], due to chemical asymmetry and fixed valence
states of LaAlO3. These problems, however, may be addressed by choosing another
polar/nonpolar material system, RTiO3/SrTiO3 (where R stands for a Rare Earth element).
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1.3.3 Interfacial Conductivity at RTiO3/SrTiO3 Interface
Similar to LaAlO3, (001)c RTiO3 has charged layers of R3+O2- and Ti3+O2-2, and
hence has a (001) polar surface, as shown in Fig. 1.10 (a). Despite this similarity,
RTiO3/SrTiO3 interfaces provide another clean and interesting platform to carefully
examine the physics at polar/nonpolar interfaces.

Figure 1.13: A representative RTiO3/SrTiO3 heterostructure: NdTiO3/SrTiO3.

Figure 1.13 illustrates the schematic picture of the NdTiO3/SrTiO3 interface. Due to
the same B site cation in both materials (Ti in both RTiO3 and SrTiO3), materials at the
surface share same layer of (TiO2) and hence the surface is symmetric, independent of
growth sequence. Such chemical symmetry across the whole heterostructures eliminates
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other extrinsic factors that are usually observed in LaAlO3/SrTiO3 heterostructures, such
as termination layer effect [46].
Another advantages of this symmetric interface is that it allows to distinguish
between the “polar catastrophe” model and the polar discontinuity model, which are
convoluted in the LaAlO3/SrTiO3 interface. According to the “polar discontinuity” model,
as little as 1 u.c. of RTiO3 in contact with TiO2-terminated SrTiO3 is predicted to provide
0.5 e-/u.c./interface, as shown in Figure 1.14. The “polar catastrophe” model, on the other
hand, argues against such prediction, as certain polarity needs to build up before electronic
reconstruction occurs. Therefore, RTiO3/SrTiO3 heterostructures serve as an ideal testbed
to evaluate these two models at polar/nonpolar interfaces.
Despite these advantages, many challenges remain in research on RTiO3/SrTiO3
interfaces. Similar to LaAlO3, cation stoichiometry can significantly alter the electronic
transport properties in RTiO3, which will be discussed in the following section using
NdTiO3 as an example. In addition, Ti3+ is very sensitive to extra oxygen, and changes
from +3 (3d1) to +4 (3d0) state, which will be discussed in section 3.3.4.
Inconsistency between theory and experimental results has been reported maybe
because of these material challenges. For example, previous work has found that interfaces
with 1 u.c. of RTiO3 were conductive, but the carrier concentration was substantially lower
than the value expected from the polar discontinuity model [7, 14]. It has been reported
that heterostructures, such as LaTiO3/SrTiO3 and GdTiO3/SrTiO3, do exhibit twodimensional electron gases at the interfaces. However, the reported sheet carrier densities
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are scattered among research groups and different RTiO3/SrTiO3 combinations, with
carrier density spanning in the range of 1014 - 1015 cm-2 [49-53].

Figure 1.14: Spatial distribution of the Ti3+ signal in the vicinity of the LaTiO3 layer and
bilayer at LaTiO3/SrTiO3 superlattices. Adapted from ref [54].

These challenges, however, may provide opportunities to investigate novel physics
and manipulate 2DEG at polar/nonpolar interfaces. The inconsistent results indicate that
the carrier densities at RTiO3/SrTiO3 interfaces are process sensitive. The root cause of
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such phenomenon may allow precise control of carrier density and achieve metal-toinsulator transition. With this purpose, we chose one of RTiO3/SrTiO3 heterostructures,
NdTiO3/SrTiO3, to study interfacial conductivity at polar/nonpolar interfaces. NdTiO3 has
unique characteristics that its properties are very sensitive to structural changes, which will
be discussed in details in the following section.

1.4 NdTiO3/SrTiO3 Heterostructures
1.4.1 Neodymium Titanate
Neodymium Titanate (NdTiO3) is one of RTiO3 in which Ti is in +3 state and has a
3d1 electron. Therefore, aforementioned effects in perovskite complex oxides (section 1.2),
such as crystal filed splitting, octahedral deformation, and doping and alloying, play
significant roles in its electronic and magnetic properties.
Figure 1.15 illustrates the representative crystal structure of RTiO3. The tolerance
factor of RTiO3 is smaller than 1, and the octahedral in the crystal structure have tilting and
rotation (GdFeO3 type with a-b+a- in Glazer tilting system as mentioned in 1.2.4), thus
altering the perovskite structure from cubic to orthorhombic (a ≠ b ≠ c, α = β = γ = 90º).
The unit cell of RTiO3 can also be viewed as four pseudo cubic unit cells, as denoted by
dotted lines in Figure 1.15. For NdTiO3, a = 5.525 Å, b = 5.659 Å, and c = 7.791 Å [55].
In RTiO3 systems, the type and magnitude of the crystal deformation largely depends
on the rare earth ionic radius. As mentioned in section 1.2.4, LaTiO3 have undetectably
small Jahn–Teller effects, but displacement deformation (Figure 1.6 (f)). With decreasing
rare earth ionic radii, from La to Lu, Jahn–Teller effect (elongation and compression in
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Figure 1.6 (b) and (c)) takes over and the Ti-O-Ti bond angle decreases [30, 56]. Therefore,
both displacement deformation and Jahn-Teller distortion play a significant role in NdTiO3,
and properties of NdTiO3 has a very strong dependence on structural changes.

Figure 1.15: The representative RTiO3 crystal structure, the solid line represents the unit
cell structure, and the dotted line denotes the pseudo cubic structure.

The structural sensitivity of NdTiO3 can be illustrated using the magnetic properties
of RTiO3. The different crystal distortion in RTiO3 implies different orbital ordering
schemes. As mentioned in section 1.2.3, the displacement deformation in Figure 1.6 (f)
suggests negligible variance in Ti-O distance, indicating ferro-orbital-type ordering. In
contrast, Jahn-Teller type of deformation (Figure 1.6 (b) and (c)) indicates two distinct Ti25

O distance, one of which is elongated and the other is compressed, leading to antiferroorbital-type ordering. According to Goodenough-Kanamori rules, these orderings yield
antiferromagnetic and ferromagnetic coupling, respectively. Therefore, RTiO3 with large
rare earth elements, from LaTiO3 to SmTiO3, exhibit antiferromagnetism, whereas those
with small rare earth elements show ferromagnetism, as illustrated in Figure 1.16. NdTiO3,
circled in Figure 1.16, has very large slope in magnetic ordering as a function of ionic radii,
indicating a small structural distortion can drive dramatic property changes in NdTiO3.

Figure 1.16: The magnetic ordering temperature (TN is Néel temperature for antiferromagnetism (AFM) and TC is Curie temperature for ferromagnetism (FM)) as a
function of rare earth ionic radii, reproduced from [55].

Another example of structural sensitivity in NdTiO3 is electronic transport properties.
The valance state of the rare earth element is 3+ and Ti is 3+ ([Ar] 3d1), leading to one
electron in 3d band. The crystal field splitting and crystal deformation lift the degeneracy
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of all d-bands, and hence the single electron resides in a two-fold degenerate dxy band. As
described in section 1.2.3, due to the strong electron-electron repulsion, all RTiO3 are MottHubbard insulator, with band gap ranging from 0.2 eV (LaTiO3) to 1.2 eV (YTiO3) [57].
For NdTiO3, the band gap, Eg, is around 0.8 eV[58].
As discussed in section 1.2.5, NdTiO3 can be hole doped or alloyed with other
divalent ions, such as Ca2+, Sr2+ and Ba2+. A sharp transition will occur from insulating to
metallic behavior, known as the metal-insulator transition (MIT). The amount of carriers
can be controlled via amount of divalent ions, or band filling controlled. For NdxSr1-xTiO3
the metal-insulator transition is at x ≈ 0.2 [36].

Figure 1.17: The electronic band structure of Nd1-xTiO3. MIT stands for metal-insulator
transition. MIT1 and MIT2 indicates Mott insulator-to-metal transition at x~0.10 and
metal-to-charge transfer insulator transition at x~~0.20, respectively. Adapted from ref
[58].

Another efficient way to achieve MIT in NdTiO3 is by introducing Nd deficiency
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into NdTiO3 to form Nd deficient Nd1-xTiO3. This will effectively change the valence state
of Ti from +3 state to mixture of +3 and +4 states through charge balance, and introduce
holes into Mott-Hubbard insulator, because +3 and +4 state of Ti correspond to 3d1 and
3d0 electron systems respectively. With increasing amount of hole doping, the electronic
band structure also changes dramatically. The band structure of Nd1-xTiO3 is Mott-Hubbard
insulator at x ~ 0 (part A in Figure 1.17). As x increases, new states will be added within
the Mott-Hubbard gap, the bandwidth of midgap states increases, resulting in collapse of
Mott-Hubbard gap and a metallic like state (C in Figure 1.16). With even higher x, U > Δ
and band structure changes to charge transfer insulator (x ~0.33) [58], as illustrated in part
D in Figure 1.17.

1.4.2 Strontium Titanate
Strotium Titanate (SrTiO3) is one of the most widely studied perovskite oxides. It
has a cubic structure (Pm3̅m) with a lattice parameter of 3.905 Å at room temperature, but
undergoes a phase transition to a tetragonal structure (I4mcm) at 105 K [59]. Although it
is out of scope of this work, it is worth to mention that SrTiO3 can also form so-called
Ruddlesden-Popper phase, Srn+1TinO3n+1, where n ranges from 1 (Sr2TiO4) to ∞ (SrTiO3)
[60].
SrTiO3 has been shown to be ferroelectric at low temperatures when grown with
compressive in-plane strain on LSAT (001) substrates, and room-temperature
ferroelectricity has been demonstrated when SrTiO3 is grown with in-plane tensile strain
on DyScO3 [61]. Compressive epitaxial strain in SrTiO3 films from LSAT substrates has
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also been shown to reduce the optical band gap of SrTiO3 [62]. Additionally, SrTiO3 is
highly intriguing for its photocatalytic applications due to alignment of the Ti 3d-derived
conduction band with the H2O → H2 half-cell reaction for water splitting [63]. Epitaxial
SrTiO3 films co-doped with Cr3+ and La3+ grown on LSAT exhibit a reduced optical band
gap and enhanced photocatalytic properties [64], making the surface an ideal candidate for
solar photochemistry experiments.
In the SrTiO3, Sr is in the 2+ valance state (Sr2+: [Kr] 5s0) and Ti in the 4+ valance
state (Ti4+: [Ar] 4s0 3d0), yielding a band insulator where the conduction band minimum
and the valence band maximum originates from Ti 3d orbitals and O 2p respectively, as
illustrated in Figure 1.7 (b). It has an indirect band gap of about 3.25 eV and direct gap of
3.75 eV [37].
SrTiO3 can be easily doped n-type by substituting La at the Sr site (SrxLa1-xTiO3), Nb
at the Ti site (SrTixNb1-xO3) or by oxygen vacancies (SrTiO3-δ) as mentioned in section
1.2.5. The large dielectric constant results in shallow dopant bands leading to a low-density,
high-mobility metallic regime, along with temperature-independent carrier densities, or,
absence of carrier freeze-out for a range of carrier concentrations [65, 66].
The electron mobility at room temperature for doped SrTiO3 is about 6 cm2V-1s-1,
while at low temperatures the carrier mobility increases rapidly to values in the order of
5×104 cm2V-1s-1 [67]. Electron doped SrTiO3 shows superconductivity at very low
temperature (below 0.3 K), and the transition temperature shows a dome like shape as a
function of carrier concentration [68].
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Chapter 2 Characterization Methods
In order to control the properties of materials, the structures of materials need to be
carefully examined. This chapter focuses on the characterization methods that were applied
in this work. X-ray techniques will be explained in details in section 2.1, including high
resolution X-ray diffraction (section 2.1.1), grazing incidence X-ray reflectivity (GIXR) in
section 2.1.2, and X-ray photoelectron spectroscopy (XPS) in section 2.1.3. Section 2.2
will focus on reflection high energy electron diffraction (RHEED). Experimental details
on scanning transmission electron microscopy (STEM) and electron energy loss
spectroscopy (EELS) will be described in Section 2.3. Section 2.4 will be mainly about
atomic force microscopy (AFM) and section 2.5 will elucidate electronic transport
measurement.

2.1 X-ray Techniques
X-ray techniques have been widely used in characterizations of material structure
and properties. It utilizes electromagnetic wave with a wavelength around 0.1 – 100 Å (the
corresponding energy range of X-ray is around 125 eV to 125 KeV), which is much shorter
than visible spectrum utilized in optical microscopy. Such short wavelength lies within
interatomic spacing in solids, enabling X-ray techniques to probe material structure quality.
Interactions between X-ray and electrons of the material can be categorized into elastic
scattering and inelastic scatting. During events of elastic scatting, X-ray diffraction (XRD)
and reflection are used to probe material structures. During events of inelastic scattering,
electrons of the material are excited with the measured kinetic energy, which allows to
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characterize material composition and chemical states.
In this study, HRXRD (section 2.1.1) including wide angle X-ray diffraction and
rocking curve, were conducted to probe the out-of-plane lattice parameters and mosaic
spread of thin films, respectively. GIXR (section 2.1.2) was utilized to measure thickness
of thin films and XPS (section 2.1.3) was used to measure Nd:Ti atomic ratio in NdTiO 3
thin films, the Ti valence states and valence band offset.

2.1.1 High Resolution X-ray Diffraction
XRD techniques are very powerful tool to characterize material structural properties.
X-ray radiation that is originated from X-ray source interferences with a periodic array of
atoms and molecules by elastic scattering, generates diffraction patterns detected by X-ray
detector, and yields information about crystal structures, such as lattice parameters, texture,
microstrain, etc. A simple but useful equation that describes diffraction patterns very well
is Bragg’s law:
𝑛λ = 2𝑑ℎ𝑘𝑙 sin θ

(2.1)

where 𝜆 is the wavelength of the X-rays, 𝑑ℎ𝑘𝑙 is the interplanar spacing of the (hkl) family
of planes,  is the angle between the incoming x-ray beam and the (hkl) planes, as
illustrated in Figure 2.1. The inset in Figure 2.1 shows the relationship among incident X⃗⃗⃗𝑖 ), scattered X-ray vector (𝑘
⃗⃗⃗𝑠 ) and scattering vector 𝑞 , which can be expressed
ray vector (𝑘
in equations (2.2) and (2.3)
𝑞 = ⃗⃗⃗
𝑘𝑠 − ⃗⃗⃗
𝑘𝑖
|𝑞 | =

4𝜋𝑠𝑖𝑛𝜃
𝜆
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(2.2)
(2.3)

Figure 2.1: The schematic picture of X-ray beam interferences with the (hkl) plane, the
⃗⃗⃗
𝑘𝑖 , ⃗⃗⃗
𝑘𝑠 and 𝑞 represent for incident vector, scattered vector and scattering vector
respectively.
With fixed wavelength of X-ray, the diffraction angle  presents information about
the spacing of (hkl) planes, i.e. the lattice parameters of the unit cell, whereas the intensity
of the peak depends on the atomic Z number of the crystal and their geometry. Therefore,
the diffraction pattern can be used to probe material structure.

2.1.1.1 Wide Angle X-ray Diffraction
The wide angle X-ray diffraction (WAXRD) mode of HRXRD was used to determine
the lattice parameter of thin films. Figure 2.2 (a) shows the instrument configuration of
HRXRD used in this work. As shown in Figure 2.2 (b), the incident beam, the diffracted
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beam and the normal to the sample are in the same plane. Such condition ensures that the
scattering vector 𝑞 is perpendicular to the sample, and only planes that are perpendicular
to the sample plane are detected. The incident and diffracted beam angles are calibrated to
give the maximum intensity at the Bragg angle of the substrate plane. And then the intensity
vs. 2θ is scanned with a step size of 0.005 and a collection time of 0.5 sec per step. The
WAXRD measurements in this work were conducted on the PANalytical X’pert Pro high
resolution X-ray diffractometer with a Cu X-ray source. A typical diffraction pattern is
shown in Figure 2.3 can be used to determine the out-of-plane lattice parameters using
Bragg’s Law.

Figure 2.2: The PANalytical X’Pert Pro MRD used for the HRXRD measurements with
the major components labelled (b) Schematic view of the angles and degrees of freedom
of a sample mounted on the sample goniometer.

Kiessig fringes of the Bragg peak is another interesting phenomenon, as seen in
Figure 2.3. The reflection of X-rays from the surface of the film and the interface between
the film and substrate interfere with each other constructively and destructively, resulting
in a set of fringes around the Bragg peak, known as Kiessig fringes. The periodicity of
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these fringes depends on the film thickness, and the presence of fringes suggests atomically
smooth interface between the film and the substrate.

Figure 2.3: High-resolution wide-angle X-ray diffraction pattern of a 110 nm
nonstoichiometric SrTiO3 thin film on SrTiO3 (001) substrate, with Kiessig fringes labelled.

2.1.1.2 Rocking Curve
Another important character of films and single crystals is their mosaic spread. The
crystal planes in the ideal single crystal are perfectly ordered that are parallel to each other
over a long range. As shown in Figure 2.4 (a), however, the perfectly ordered lattice break
into smaller crystallites in real crystals in nanometer length scales. These mosaic structures
with identical lattices are misaligned with each other, so that they satisfy the Bragg’s Law
at the same Bragg angle, 2θB but a range of incident beam angle ω. Using same optics as
the WAXRD, intensity vs. ω curve, or a “rocking curve”, is measured by holding the
detector with a fixed 2θB value and scanning ω. It measures the mosiac spread of thin films,
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which is quantified by the full-width at half-maxima of the resulting rocking curve.
Rocking curves of thin films and substrates are usually compared as a measure of the thin
film quality.

Figure 2.4: (a) A real single crystal thin film with mosaicity; (b) A example of rocking
curve at (002) reflection of SrTiO3 (001) substrate.

2.1.2 Grazing Incidence X-Ray Reflectivity
As mentioned in previous section, while the diffraction of X-rays yields information
about the crystal structure thin films, the reflection of X-rays from the interfaces of the film
with air and substrate probes thickness, electron density and interface roughness of thin
films. Such application of X-ray is called the grazing incidence X-ray reflectivity (GIXR).
It should be noted that this technique is sensitive to the average electron density in the
materials involved, and not their crystallinity, hence unlike the high-resolution X-ray
diffraction, even amorphous layers or polycrystalline films can be detected with GIXR.
X-ray reflectivity, as any other form of electromagnetic radiation, can be interpreted
using the classical theory of electromagnetic ration where the refractive index of a material
can be described as:
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𝑛 = 1 − 𝛿 − 𝑖𝛽

(2.4)

where 𝛿 and 𝛽 are the dispersion and absorption components respectively and are
proportional to the electron density of the material. Therefore, n is less than the refractive
index of air (nair = 1). Based on Snell’s law, there is a critical angle of incidence 𝜃𝑐 below
which X-ray gets completely reflected off the surface of the film, which is known as the
total external reflection. The Snell’s law is shown below:
𝑛𝑎𝑖𝑟 cos 𝜃𝑖 = 𝑛𝑓𝑖𝑙𝑚 cos 𝜃𝑟

(2.5)

where 𝜃𝑖 and 𝜃𝑟 are the incident and refracted angles respectively. Based on the Snell’s
law and definition of the critical angle, 𝜃𝑐 is determined by:
𝜃𝑐 = 𝑐𝑜𝑠 −1 (1 − 𝛿) ≈ √2𝛿

(2.6)

Therefore, 𝜃𝑐 is a parameter that depends on the material properties.
Intensity vs. 2𝜃 curve or intensity are usually plotted in GIXR measurement. Below
the critical angle 𝜃𝑐 , intensity is independent of incident angle. When 𝜃 is beyond 𝜃𝑐 , part
of X-ray penetrates through thin films and the reflected intensity decays following 𝜃 −4
power laws. Thus, the reflected X-ray from the thin-film-substrate interface interferes with
the X-ray reflected from the air-thin-film interface constructively and destructively, giving
rise to a set of Kiessig fringes. The angular position of the mth interference maximum can
be described as:
𝜆2

𝑠𝑖𝑛2 𝜃𝑚 = 𝑠𝑖𝑛2 𝜃𝑐 + 4𝑡 2 𝑚2

(2.7)

where θm are the fringe maxima positions and t is the film thickness. Thus, the layer
thickness and critical angle can be extracted by fitting a line through sin2 θm vs. m2 curve.
Alternatively, film thickness t can be obtained by fitting the intensity vs 2θ curve with
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commercial available software, such as Genx [69], in which other parameters are taken into
account. As a result, such fitting from GIXR measurement also yields information about
interface roughness and electron density.
The GIXR measurements in this work were also conducted on the PANalytical
X’pert Pro high resolution X-ray diffractometer with a Cu X-ray source. Figure 2.5 shows
a typical GIXR measurement from a 15.2 nm NdTiO3 thin films on SrTiO3 (001) substrate.
It should be noted that alternative way to plot GIXR curve is to convert incident angle θ to
scattering vector 𝑞 , whose relationship is shown in equation 2.3.

Figure 2.5: GIXR pattern of 15.2 nm NdTiO3 film grown on SrTiO3 (001) substrate. Fitting
was obtained using Genx.
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2.1.3 X-ray Photoelectron Spectroscopy
While the diffraction and reflection of X-ray make use of elastic scattering of X-ray
to gather information about crystal structures, X-ray photoelectron spectroscopy (XPS)
utilizes inelastic interactions between X-rays and materials to gain insights about material.
In XPS measurement, electrons in the core shell of an atom are excited by high-energy
incident X-rays with certain kinetic energy Ekinectic, as illustrated in Figure 2.6.

Figure 2.6: Schematic view of X-ray photoelectron spectroscopy.

The detector measures kinetic energies and intensities of escaped electrons, or
photoelectrons, yielding the electron-atom binding energy Ebinding described as:
𝐸𝑏𝑖𝑛𝑑𝑖𝑛𝑔 = 𝐸𝑝ℎ𝑜𝑡𝑜𝑛𝑠 − (𝐸𝑘𝑖𝑛𝑒𝑡𝑖𝑐 + 𝜙)

(2.8)

where Ephoton is the photon energy of X-ray (for Al Kα X-rays, Ephoton = 1486.7 eV), Ekinetic
is the kinetic energy of the photoelectron and Φ is the material’s work function. Typically,
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survey scans (large binding energy scale but low energy resolution) is used to identify
elements, whereas high resolution scans (small binding energy scale but high energy
resolution) are needed to extract information about the chemical composition, valence
states and electronic structures.
Figure 2.7 shows an example of survey scan of SrTiO3 substrate with elements
labelled. It should be noted that an ultra-high vacuum environment (below 10-9 Torr) is
usually required in XPS, with purpose of keeping the surface from contamination and
increasing the signal to noise ratio by increasing the mean free path of photoelectrons.

Figure 2.7: A survey scan of SrTiO3 substrate with all elements labelled.

The effective length for XPS technique is limited by the depth for which
photoelectrons can escape (typically < 10 nm), thus photoelectrons mainly come from the
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a few atomic layers of surface. In addition to that, the surface sensitivity of XPS can also
be controlled by the incident angle of X-ray beam, which is called angle resolved XPS
(ARXPS). A typical geometry of XPS uses X-ray beam that is perpendicular to the sample,
which has the largest penetration depth. ARXPS technique allows for changing the incident
angle, and thus more proportion of photoelectrons escape from surface instead of buried
layers. Comparing XPS spectrums from different incident angle of X-ray probe the
difference about valence states and chemical composition between surface and buried
layers.
Another important application of XPS is to measure the valence band offset of
heterostructures. The band bending of surfaces, films and buried interfaces can be directly
measured by XPS through shifts and broadening of core peaks measured against standards.
Moreover, band offsets at buried interfaces can be extracted from a combination of corelevel and valence band spectra for pure specimens of the materials which constitute the
heterojunction.
In this work, XPS measurements were performed at two facilities. The chemical
composition and valence states were measured at University of Minnesota Characterization
Facility with SSX-100 XPS system using a monochromatic Al Kα x-ray source operated
at 200W. The size of x-ray beam was ~1×1 mm2 and the energy resolution of the instrument
was 0.8 eV. The instrument was calibrated with reference to the Au 4f7/2 peak (84.00 eV)
and the separation between Cu 2p3/2 and Cu 3s peaks was set at 810.08 eV. Survey spectra
were collected using 150 eV pass energy and high-resolution spectra were obtained using
50 eV pass energy, giving accuracy within 0.3 eV for peak position determination.
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Photoelectron energy drift due to charging effect was offset with reference to the
adventitious C 1s peak (284.6 eV).
ARXPS and valence band offset measurements of heterostructures were performed
at Dr. Scott Chamber’s group at Pacific Northwest National Lab in Washington D.C. It
utilizes a monochromatic Al Kα x-ray source with a VG Scienta R3000 electron energy
analyzer. ARXPS Measurements were made at normal emission and 70° off-normal for
additional surface sensitivity. A low-energy electron flood gun had to be used to
compensate the positive photoemission charge for all samples except clean Nb-doped
SrTiO3(001). As a result, the binding energies as measured are not correct in an absolute
sense except for those measured on Nb-doped SrTiO3(001), which are referenced to the
Fermi level. However, the energy dispersion is correct. Thus, energy differences for
samples, which charged are accurate and directly comparable to those measured for
samples that do not charge.

2.2 Reflection High Electron Energy Diffraction
As mentioned in section 2.1, diffraction of X-ray beam yields insights about lattice
parameter, mosaic spread and strain. On the other hand, reflection high-energy electron
diffraction (RHEED) utilizes diffraction of high energy electrons (10 – 50 keV) to
characterize the surface of crystalline materials.
Figure 2.8 shows the typical geometry of RHEED system, which consists of the
electron gun, a sample and fluorescent screen. Electrons are generated by the electron gun
and approach the sample at angle θ. The sample surface diffracts electrons, and some of
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these diffracted electrons reach the detector and form the RHEED pattern. It should be
noted that vacuum is required to prevent significant scattering of the electron beams by gas
molecules.

Figure 2.8: Schematic view of RHEED geometry

RHEED patterns can by analyzed with analogy to X-ray diffraction. In XRD, X-ray
beam probes the crystal and interfere with the three-dimensional (3D) lattice, as described
in Section 2.1.1. However, electrons have much less penetration depth than X-ray. Under
grazing incidence (0.5 – 2.0º) and with atomically smooth surfaces, the electron beam only
interferences with a few monolayers at surface, and thus diffraction of the electron beam
can be considered as interference with the 2D lattice. This difference leads to the reciprocal
lattice in RHEED is a series of infinite rods that are perpendicular to the sample’s surface
when the surface is atomically smooth (Figure 2.9 (a)). On the other hand, when the surface
is atomically rough, electrons can be diffracted by deeper planes, or considered as 3D
lattice, the reciprocal lattice of which is represented by dots (Figure 2.9 (b)).
When the incident electron beam with wavelength λ hits the sample, an Ewald’s
sphere is constructed with radius of

2𝜋
𝜆

. The reciprocal lattice rods meet the diffraction
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conditions when they intersect the Eward’s sphere, the radius of which is much larger than
the spacing between reciprocal lattice rods because of a very short wavelength of highenergy electrons (0.25 – 1.25 pm). Thus, rows of reciprocal lattice rods intersect the
Ewald's sphere and form streaks on the fluorescent screen, which is called the Laue
condition, as shown in Figure 2.9 (a).

Figure 2.9: RHEED diffraction patterns from atomically smooth (a) and rough (b) surfaces
represented by reciprocal lattices given by blue rods and blue dots respectively. The
RHEED pattern that comes from intersections of the Ewald sphere with the features of the
reciprocal lattice is visualized on a fluorescent screen. (adapted from ref [70])

It should also be noted that only the low orders of diffraction are detected. The (0,0)
streak is labeled such that the diffracted beam forms the smallest angle with the sample
surface, or the specular beam. Each successive intersection of a rod and the sphere that is
further from the sample surface is labeled as a higher order reflection, as exampled by (0,1)
streak in Figure 2.9 (a). On the other hand, dots instead of streaks are formed on the
fluorescent screen when reciprocal lattice dots from atomically rough surface intersects the
Ewarld’s sphere, as indicated in Figure 2.9 (b).
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Figure 2.10: (a) RHEED patterns along the [100] azimuth and (b) the [110] azimuth taken
after growth of SrTiO3 with ½ reconstruction labelled.

Surface reconstruction can also be observed by RHEED due to its surface sensitivity.
In order to minimize the surface energy, the surface atoms can move from the positions of
the bulk, leading to a change in surface structure. Wood’s notation is commonly used to
describe the surface reconstruction, with the expression of (hkl) m × n – R, where m, n,
and R are defined as length of primitive translation vectors and rotation with respct to the
substrate unit cell, respectively. For example, Figure 2.10 (a) and (b) shows RHEED
patterns of SrTiO3 thin films along the [100] and the [110] azimuth, respectively. The ½
reconstruction labelled in Figure 2.10 (a) can be described as (001) 2 × 1.
Another advantages for RHEED technique is that it monitors in situ growth of the
thin film. The intensities of individual spots on the RHEED pattern fluctuate periodically
as a result of the relative surface coverage of the growing thin film. Figure 2.11 shows an
example of the intensity fluctuating at the specular spot during MBE growth of SrTiO3 thin
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film on SrTiO3 substrate. Each full period corresponds to formation of a single atomic layer
thin film.

Figure 2.11: RHEED intensity of the specular spot as a function of time for a SrTiO3 film
grown on SrTiO3 substrate. The inset shows a RHEED pattern of the SrTiO3 substrate along
the [100] azimuth before growth with the specular spot labelled.

Additional features, such as non-flat surfaces, and poly-crystallinity add additional
diffraction conditions to RHEED patterns, which leads to streaked or elongated spots.
Amorphous thin films can also be identified by disappearance of RHEED patterns, due to
lack of long range order to form reciprocal lattice.
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2.3 Transmission Electron Microscopy
While RHEED technique uses a high-energy electron beam to shed light on surface
layers, transmission electron microscopy (TEM) utilizes an electron beam transmitted
through an ultrathin sample (less than 200 nm), and generates high resolution images. The
electrons in TEM have much higher energy (~60 – 300 KeV), leading to a wavelength of
a 2 – 5 pm, orders of magnitude than RHEED and XRD technique. It is such short
wavelength, along with spherical aberration correction and small chromatic dispersion, that
renders modern TEM techniques capabilities with sub-Angstrom resolution.

2.3.1 Scanning Transmission Electron Microscopy
Scanning transmission electron microscopy (STEM) is one of TEM techniques that
the electron beam is focused into a narrow spot (typically 0.5 – 2 Å) and scans across the
sample. Figure 2.12 shows a typical schematic of the column of a STEM. A high energy
electron beam generated by an electron gun is collimated by a series of condenser lenses
and apertures, and passed through a spherical aberration corrector. Spherical aberration is
referred to the effect of the variation in the focal distance of a lens with the radial distance
from the lens axis, yielding loss of image resolution. Thus, an aberration corrector is needed
to correct such effect. The beam is then passed through a series of scan coils that control
the position of the beam on the sample and scan in an xy Cartesian fashion across the
sample. After the beam passes through the sample, a series of objective lenses and apertures
allow different detectors to conduct measurements.

46

Figure 2.12: Schematic view of a typical STEM with lens, apertures, an aberration
corrector and three detectors – a high angle annular dark field (HAADF) detector, a bright
field (BF) detector, and an electron energy loss spectrometer (EELS).

An STEM is capable of simultaneously measuring various signals from the sample
from different detectors that are installed with the STEM. Figure 2. 12 shows a good
example of three detectors. The one that is placed in the path of the transmitted beam is
sensitive to electrons that experience minimal scattering from the sample and leave the
sample within the angular divergence of the incident beam. The image recorded by this
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detector is called a bright field (BF) image. Another common detector, known as a high
angle annular dark field (HAADF) detector, is placed just outside the angular cone of the
transmitted beam, which is sensitive to electrons that are incoherently scattered by the
sample atoms. This technique is capable of mapping contrast of the atomic Z number due
to the dependence of the scattering probability of an electron on the Z number.

2.3.2 Electron Energy Loss Spectroscopy

Figure 2.13: (a) Three possible interaction between incident electrons with atoms and core
electrons; (b) Energy loss spectrum of Ti3+ in LaTiO3 and Ti4+ in SrTiO3, adapted from ref
[71].

In addition to elastic scattering of electrons, the electrons can experience inelastic
scattering and lose energy when they interference with electrons in the sample, as shown
in Figure 2.13 (a). Such energy of the transmitted electrons is measurable and is known as
electron energy loss spectroscopy (EELS). This technique is very sensitive to the chemical
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composition of the sample and the fine structure around the elemental peaks can determine
electron densities and valence on an atomic scale spatial resolution. For example, Figure
2.13 (b) shows the energy loss spectrum of Ti4+ in SrTiO3 and Ti3+ in LaTiO3, where
significant difference can be observed. In addition to the energy loss, characteristic X-ray
is emitted due to such inelastic scattering between the electron beam and electrons in the
sample. It is detected in the energy-dispersive X-ray (EDX) mode.
In this study, STEM, EELS and EDX measurements were performed in collaboration
with Prof. Jong Seok Jong and Prof. K. Andre Mkhoyan’s group. An aberration-corrected
monochromatic FEI Titan G2 60-300 STEM equipped with a CEOS DCOR probe corrector
was used for STEM analyses. The microscope was operated at 300 kV for HAADF imaging
and at 200 keV for EELS measurements with simultaneous acquisition of HAADF images.
The semi-convergent angle of the incident beam was 25 mrad at 300 keV and 17 mrad at
200 keV with monochromator ON. HAADF images were obtained with a detector inner
angle of 50 mrad at 300 keV and 39 mrad at 200 keV. Monochromatic EELS data were
recorded using Gatan Enfinium ER spectrometer with a dispersion of 0.1 eV/channel.
Probe current and beam dwell time for EELS acquisition were controlled to avoid
detectable specimen damage and to minimize the effect of specimen drift. A dual EELS
mode was used to acquire simultaneously both zero-loss and core-loss EELS spectra so
that energy drifts during acquisition were compensated and possible chemical shifts can be
detected.

2.4 Atomic Force Microscopy
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Figure 2.14: (a) Schematic view of atomic force microscopy configuration; (b) Two
operation mode of atomic force microscopy, with the contact mode on top and the tapping
mode on bottom.

Atomic force microscopy (AFM) is widely used to quantitatively measure
topography, surface roughness, local friction and elastic response. It is sensitive to the local
forces of attraction and repulsion between the atoms of the tip and the surface. The
interaction between two atoms is a combination of van der Waals attraction and electron –
electron repulsion and can be described by the Lennard – Jones potential:
𝜎 12

𝑈 = 4𝜀 [( 𝑟 )

𝜎 6

− (𝑟 ) ]

(2.9)

where ε is the depth of the potential well, σ is the atomic diameter and r is the interatomic
distance. AFM technique utilizes this sensitive dependence of the interactive force to
measure the distance between the tip and the sample. Figure 2.14(a) shows the schematic
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view of an AFM configuration. A piezoelectric scanner precisely controls high resolution
motion of vertical (z) and lateral (xy) direction. A silicon or silicon nitride micro-cantilever
scans the surface with a sharp tip (the radii of the tip is in order of a few nanometers). A
solid state laser spot is focused on the end of the cantilever and the movement of reflected
beam is detected by a four quadrant position sensitive detector.
To measure the surface morphology, the cantilever is brought close to the sample
surface and starts deflecting, which is detected by the movement of the laser spot on the
PSD. There are two types of operating mode in AFM, as shown in Figure 2.14 (b). Contact
mode requires that the cantilever maintains at a constant deflection, or a constant height
above the surface, by adjusting the z position of the sample stage. Therefore, the surface
morphology is measured by a two-dimensional map of the z positions. Tapping mode, on
the other hand, maintains the tip – sample distance in the attractive regime with the
cantilever oscillating at its resonant frequency. The surface morphology changes the tip –
sample distance and moves the cantilever off resonance, yielding changes in the amplitude
and phase of the oscillations.
AFM measurements in this study were performed using a Digital Instruments
NanoScope III at the University of Minnesota Characterization Facility. Contact mode was
mainly used for imaging. Samples were mounted on AFM sample stubs with double sided
tape and images were taken over areas between 1 × 1 µm2 and 4 × 4 µm2. The images were
then processed by Gwydion, a free and Open Source software, which can also quantify the
surface roughness by root mean square (RMS) roughness. Figure 2.15 shows an example
of LaAlO3 substrates with roughness of 0.122 nm, which clearly shows twin boundary
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(labelled in the figure) and atomic steps on the surface. The twin boundary occurs when
two intergrown crystals are formed in a symmetrical fashion and is commonly observed in
LaAlO3.

Figure 2.15: AFM image of LaAlO3 substrate with RMS roughness of 0.122 nm.

2.5 Electronic Transport Measurement
Electronic transport measurements are key experiments for understanding the
transport mechanisms in thin films and heterostructures. Additionally, they can be used as
a measure of cation stoichiometry in SrTiO3/NdTiO3/SrTiO3 heterostructures, as discussed
in following chapters.

In this section, I will discuss about electronic transport

measurements that have been used in this study, including temperature-dependent
resistivity measurements (Section 2.5.1), Hall and magnetoresistance measurements
(Section 2.5.2).
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2.5.1 Temperature Dependent Resistivity Measurement
The resistivity ρ is a critical parameter in understanding electrical properties of
materials. A widely used technique to measure the resistivity of materials is the van der
Pauw method. This is a four probe measurement, which separates the current leads and the
voltage leads with purpose of minimizing the effect of contact resistance. This method
works for arbitrary shaped samples as long as the samples have uniform thickness without
any isolated holes, and the contacts are on the circumference of the sample with small area
(<10% of the sample area).
As shown in Figure 2.16 (a), an arbitrary shaped sample is labeled with four electrical
contacts A, B, C, and D. A current is then passed through the sample, with a flow from the
contact A to the contact B, and the potential drop is measured between contacts D and C.
A resistance can then be defined as the ratio of this voltage and current:
𝑉𝐷𝐶

𝑅𝐴𝐵,𝐷𝐶 =

(2.10)

𝐼𝐴𝐵

Similarly, a resistance 𝑅𝐴D,B𝐶 is measured by switching the direction of current flow.
Thus, these two complementary resistances have a relationship using the transcendental
equation:
𝑒

𝜋𝑅𝐴𝐵,𝐷𝐶
)
𝑅𝑠

−(

+𝑒

𝜋𝑅𝐴𝐷,𝐵𝐶
)
𝑅𝑠

−(

=1

(2.11)

where Rsis the sheet resistance of the sample, which is in unit of Ω/s.q.. Rs depends on the
conductive layer thickness d and resistivity ρ, which can be expressed in the following:
𝑅𝑠 = 𝜌 ∙ 𝑑

(2.12)
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Figure 2.16: An arbitrary shaped sample with four electrical contacts for a van der Pauw
resistivity measurement. (b) A schematic view of sample under electrical transport
measurement.

It should be noted that the conductive layer thickness d is equivalent to the film
thickness t if the film is uniformly doped, e.g. La3+ doped SrTiO3 thin film. However, it is
not the case when carriers are confined at the interface, like NdTiO3/SrTiO3
heterostructures. In that scenario, the conductive layer thickness is usually difficult to
accurately measure. Therefore, it is usually sheet resistance Rs instead of resistivity ρ that
is reported. Figure 2.16(b) shows a schematic of a real sample under electrical transport
measurement, where thin films were deposited with metal contacts of Al/Ni/Au (top) for
SrTiO3 capped heterostructures, and Ti/Au (top) for NdTiO3 capped thin films and
heterostructures in a van der Pauw configuration.
In general, sheet resistance is solved empirically using the following expression:
𝑅𝐴𝐵,𝐷𝐶
𝜋 𝑅𝐴𝐵,𝐷𝐶 +𝑅𝐴𝐷,𝐵𝐶
𝑓(
)
2
𝑅𝐴𝐷,𝐵𝐶

𝑅𝑠 = ln 2
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(2.13)

𝑅

where f is a function of the anisotropy of four-terminal resistance 𝑅𝐴𝐵,𝐷𝐶 , which can be
𝐴𝐷,𝐵𝐶

solved for as a function of the anisotropy graphically in ref [72]. In this study, f is solved
using MATLAB code based on ref [73].

Figure 2.17: The correction factor f as a function of the van der Pauw resistance ratio,
calculated using MATLAB based on ref [72].
Temperature-dependent transport measurements (10 – 300 K) were made in an
Electromagnet and/or Physical Property Measurement System (PPMS, from Quantum
Design, Inc), which will be shown in more details as an example. The Physical Property
Measurement System (PPMS) in our laboratory is the Dynacool TM, which is cryogen-free
and provide magnetic field up to 9 Tesla with temperature range of 1.8 K to 400 K. Figure
2.18 shows the photo of the DynacoolTM with pump cabinet and cryostat.
The cryostat of the DynacoolTM can be divided into three primary components: The
cryostat control system that maintains cryostat components at appropriate temperatures,
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the chamber temperature controls system that controls the temperature of the sample
chamber and sample puck, and the magnetic field control system that controls the magnetic
field at the sample location.

Figure 2.18: The photo of the DynacoolTM system with pump cabinet and cryostat. The
cryocooler compressor and the Helium cylinder are not shown.
The most important components of the DynacoolTM is the cryostat control system. It
consists of the pulse tube cryocooler which provides all the cooling, the thermal isolation
that maintains the temperature difference, and monitoring and control parts that controls
cryostat thermometers and heaters.
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Figure 2.19: The schematic diagram of the cryostat, reproduced from ref [73].

The main component is the pulse tube cyrocooler with two cooling stage, as shown
in Figure 2.19. The first stage provides the cooling from room temperature to ~45 K for
main shield, annulus shield, first stage of cyropump, and corresponding electrical wiring
and mechanical support. The second stage, on the other hand, cools the temperature down
to 4.2K for components, such as the 4K plate, superconducting magnet, Helium gas and
liquid, second stage of cyropump and corresponding electrical wiring and mechanical
support. The system can operate stably below 4.2 K with cooling provided by evaporating
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liquid Helium, and thus a minimum amount of condensed Helium is employed compared
with the previous EvercoolTM model. As a result, the DynacoolTM system only requires a
small volume of bottled Helium gas for its fully automated startup and operation. And the
superconducting magnet is maintained at 4.2 K so that this magnet can operate at up to 55
A for applying up to 9 T field.

Figure 2.20: Rs as a function of T for 8 u.c. SrTiO3/2 u.c. NdTiO3/8 u.c. SrTiO3
heterostructure.

In this study, thin films and heterostructures were loaded into the sample chamber of
a cryostat for measuring the temperature dependence of resistivity under the van der Pauw
method. The current-voltage characteristics were measured using at D.C. mode. During the
resistance measurements, extensive checks for Ohmicity, contact resistance, and selfheating were made. Figure 2.20 shows a representative Rs as a function of temperature for
SrTiO3/NdTiO3/SrTiO3 heterostructure.
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2.5.2 Hall and Magnetoresistance Measurement

Figure 2.21: A schematic view of sample under hall measurement with magnetic field B
pointing out-of-plane.

The Hall effect is the phenomenon of a potential difference in the direction
perpendicular to the current with a presence of out-of-plane magnetic field. This effect is
widely utilized to determine the film carrier type, density and mobility. As shown in Figure
2.21, Hall measurements are performed with measuring voltage (VBD) through BD while
sourcing current through AC (IAC). Then the Hall coefficient (RH), a parameter of the Hall
effect, can be measured based on the formula:
𝑉𝐵𝐷

𝑅𝐻 = 𝐼

𝐴𝐶 𝐻

(2.14)

Assuming one type carriers, the carrier type and carrier density can be expressed by:
1

𝑛 = 𝑒𝑅

𝐻

(2.15)

where e is the electron charge, n is the carrier density. If the majority carriers in the sample are
electrons, the sign of RH is negative, Otherwise RH is positive. Based on the measured sample
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resistivity and carrier density, the carrier Hall mobility can then be calculated. Figure 2.13(b)
shows a representative Hall effect result from a SrTiO3/NdTiO3/SrTiO3 heterostructures, with
the negative slope showing an electron-like behavior. The magnetic field dependence of sample
resistance, or the magnetoresistance (MR), can also be used for further analyze the transport
behavior.

Figure 2.22: A representative Hall resistance vs magnetic field from SrTiO3/NdTiO3 /SrTiO3
heterostructures with negative slope.
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Chapter 3 Thin Film Growth of Complex Oxides
The importance of growing high quality thin films cannot be emphasized more. High
quality thin films and heterostructures are building blocks to understand the fundamental
physics, such as carrier density, band alignment, and electron correlation effects, etc. They
also provide a reference to investigate the effect of defects, such as cation nonstoichiometry, threading dislocations, strain relaxation, on material properties. In addition,
high quality thin films and heterostructures are ideal platforms to make novel electronic
devices.
Molecular beam epitaxy (MBE) is an ultra-high vacuum deposition method where
well-defined thermal beams of atoms or molecules react at a crystalline surface to grow an
epitaxial film. Since it was developed 40 years ago, this technique has been widely used to
grow variety of materials, such semiconductors, metals and insulators, due to its
unparalleled ability of the monolayer control and compatibility with surface-science
techniques to monitor the growth process. In addition to conventional MBE techniques,
oxide MBE technique is one of the variants that is tailored specially for growth of oxide
materials.
This chapter will first briefly overview the historical perspective on oxide MBE
technique (section 3.1), and in the following sections potentials (section 3.2) and challenges
(section 3.3) of oxide MBE on growing complex oxide thin films will be discussed. The
last section will focus on a recent developed thin film growth technique – hybrid MBE
technique.
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3.1 Historical Background on Oxide Molecular Beam Epitaxy
The use of MBE to grow oxides dates back to 1985, when Betts and Pitt used it to
grow LiNbO3 films [74]. Since then, oxide MBE has been expanded to grow all types of
oxides materials. Inspired by the discovery of high temperature superconductivity, oxide
MBE has since been used to grow oxide superconductors, such as DyBa2Cu3O7−δ,
(La,Sr)2CuO4, (Ba,K)BiO3 and Bi2Sr2Can−1CunO2n+4 for n = 1-11 [75-78]. Other functional
oxides that were grown using oxide MBE include ferroelectrics (e.g. BaTiO3, PbTiO3 and
Bi4Ti3O12 [79-81]), ferromagnets (e.g. (La,Sr)MnO3 , (La,Ca)MnO3, and EuO [82-84]),
multiferroics (e.g. BiFeO3, YMnO3, and LuFeO3 [85-87]). More recently, significant
progress has been made on growth of high mobility oxides, such as BaSnO3 [88, 89], which
may allow for fabrication of oxide electronics.

Figure 3.1: Periodic Table for Elements that can be potentially incorporated in the
perovskite structure, with thin films that have been grown by oxide MBE (shaded).
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3.2 Potentials of Oxide Molecular Beam Epitaxy
Conventionally, high energetic approaches, such as sputtering and pulsed laser
deposition (PLD) are more widely used in complex oxide thin film growth, where a ceramic
target with nearly stoichiometric composition is mounted near a substrate, and the target
material is either ablated by high intensity laser pulse (PLD) or bombarded by high-energy
ions (sputtering). Figure 3.2 illustrate the schematic picture of the standard PLD system,
the inset of which shows the plume.
These techniques offer relatively low cost, low maintenance, and congruent
deposition from a ceramic target. And indeed, major complex oxide thin films and
heterostructures are grown by PLD (38.9%) and sputtering (32.9%) respectively, while
those grown by MBE and MOCVD consist of 7.4% and 19% respectively, as illustrated in
Figure 3.3 (a). However, these techniques often involve high energetic ions/species during
film growth. It is suggested that high energetic ions/species can create high concentration
of point defects during films growth. Figure 3.2 (b) illustrates the energy level for different
deposition techniques [90].
Besides potential point defect formation due to high energetic ions/species, the
cleanliness of these ceramic targets poses another major concern for high quality thin film
growth. For example, while many vendors claim high purity of SrTiO3 target, high level of
impurity are found in the target, which is detrimental for electronic transport properties of
thin films [91]. Another issue includes that the stoichiometry of the target material and
films can change if the constituent elements have very different volatilities. It is suggested
that polishing target surface after thin film growth is very critical to ensure the
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stoichiometry of thin films [91]. For high energetic deposition techniques, re-sputtering
effect during film growth is another concern, which means that the surface of thin film is
re-sputtered by high energetic species [92, 93]. This effect does not only affect the growth
rate of thin films but can also potentially alter the stoichiometry, whereas high oxygen
pressure sputtering minimizes such effect.

Figure 3.2: Schematic view of pulsed laser deposition, and the inset picture shows an
actual photograph of the plume, adapted from [94].

Oxide MBE technique, on the other hand, utilizes relatively low energetic species to
grow complex oxide thin films, decreasing the possibility of introducing point defect from
high-energetic species. It utilizes ultra-high purity elemental species that further lowers the
level of unintentional impurity. Table 3.1 illustrates the comparison between elemental
sources of Sr and Ti, from Sigma Aldrich, Inc [95] and SrTiO3 ceramic target from Kurt J.
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Leskur, Inc[96].

Figure 3.3: (a) Search results from the Web of Science Database on relative number of
publications on complex oxides grown by various physical and chemical vapor deposition
techniques, adapted from ref [97]. (b) the energy level for different deposition technique,
reproduced from ref [90].

Another advantage of MBE for growth of oxides is that it allows for intentionally
changing the cation stoichiometry of complex oxide thin films by changing the beam
equivalent pressure (BEP) ratio of elemental species, thus providing an ideal platform to
study effects of intrinsic defects on material’s properties. In addition to that, oxide MBE
chambers are compatible with in-situ and ex-situ characterization techniques that usually
requires ultra-high vacuum during film growth, such as reflection high energy electron
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diffraction (RHEED), scanning tunneling microscopy (STM), Auger electron spectroscopy,
secondary ion mass spectroscopy and X-ray photoelectron spectroscopy (XPS).

Table 3.1: Comparison between elemental sources of Sr and Ti, from Sigma Aldrich, Inc
[27] and SrTiO3 ceramic target from Kurt J. Leskur, Inc [57].

3.3 Challenges of Oxide Molecular Beam Epitaxy
Despite advantages of oxide MBE technique, the configuration of oxide MBE system
needs to be customized to face the challenges of growth of high-quality complex oxide thin
films. The major challenges are the steady supply of oxidant species, flux stability with
presence of oxidant species, scalable growth rate, and stringent composition control.

3.3.1 Oxidant Species
One important parameter of ultra-high vacuum system is the mean free path of
elemental species, which is defined as the distance that atoms or molecules travel without
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any collision. The relationship between the mean free path λ at a pressure P can be
expressed based on the kinetic theory of gases:
𝜆=

𝑘𝐵 𝑇
√2𝜋𝑃𝐷 2

(3.1)

where D is the diameter of atoms or molecules in the beam, T is the temperature, and
kB is Boltzmann constant. Long mean free path of molecules is a significant characteristic
of MBE growth approach, where molecules beams experience no collision before reach the
substrate in MBE chamber.
In addition, MBE components, such as turbo pumps and the RHEED gun, are
sensitive to the chamber pressure. The chamber pressure at mTorr level, which is typically
used in other deposition techniques, is detrimental for these MBE components. On the other
hand, complex oxide thin films and heterostructures require introducing oxidant species to
oxidize the elemental species. Therefore, the pressure of oxidant species is balanced by
these two restrictions, and is limited to ~ 10−4 Torr.
This limited amount of oxidant species leads to difficulty in growth of certain types
of complex oxides, such as bismuth-, lead-, or copper-containing oxides, as listed in Table
3.2 where Bi, Pb, and Cu show relatively low standard oxidation potential. Therefore,
various oxidant species have been introduced in oxide MBE technique in order to grow
variety of oxides, including molecular oxygen for oxides that are easily oxidized, and
purified ozone or activated oxygen from plasma sources for those that are hard to be
oxidized.
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Table 3.2: The standard oxidation potential for A- and B-site elements in common
perovskite oxides. Data is obtained from [98]

Safety concern may raise when employing distilled ozone due to its explosivity. To
address this issue, distillation of ozone utilizing a silica gel has been used and become
commercially available to supply distilled ozone for oxide MBE systems [99]. On the other
hand, the activated oxygen is generated by RF plasma sources which dissociate oxygen
molecules into activated oxygen atom and oxygen ions. Charged oxygen ions are high
energetic and may introduce more defects into thin films. However, the formation of
unwanted oxygen ions in the plasma activation process is inevitable, but the percentage of
oxygen ions can be minimized by optimizing the plasma operation conditions [100].
Additionally, to address the oxygen ions problem, electric fields can be applied near the
aperture plate to further reduce the ion flux by deflecting the oxygen ions away from the
substrate.

3.3.2 Flux Stability
Presence of oxidant species poses another challenge on maintaining the flux stability
for multiple elemental source if the source materials have very different oxygen affinities
[101] The fluxes of elements with high oxygen affinity, such as Mg, Ca and Sr, were found
to decrease with increasing oxygen background pressure (> 10-6 Torr), while the flux of Ba
linearly increases with increasing PO2. This relationship with oxygen background pressure
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depends on the stability of oxides, oxygen getter effect and effusion cell temperature. For
example, Sr can react with oxygen to form stable, low-vapor- pressure SrO, whereas Ba
cell has higher operating temperature and BaO is less stable. To address this issue, the use
of recessed effusion cells and collimators has shown to reduce the flux degradation in the
presence of oxygen [102, 103].

Figure 3.4: A failed Ta crucible, with the hole caused by molten Ti is visible. (Image
courtesy from Prof. Bharat Jalan)

The flux instability at a high oxygen background pressure is a very critical issue for
low-vapor-pressure elements, such as Titanium. Commercially available high temperature
effusion cells have several drawbacks, including high cost, relatively small crucible volume,
and the difficulty in finding a suitable crucible material. For example, titanium is
completely soluble in common crucible materials such as tantalum. Molten titanium can
cause a hole in a tantalum crucible and fail the cell, as shown in Figure 3.5.
To address this issue, a titanium sublimation pump (Ti-ballTM design) was modified
into a sublimation source to supply steady Ti flux with stability of 2% [104]. However,
typical lifetimes of around 50 h require frequent replacement of the Ti-ballTM. Another
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successful solution is to use volatile metal-organic precursors instead of the metal source,
also known as hybrid MBE approach, which will be illustrated in more details in section
3.4. Due to their stable chemical structure even at presence of oxidant species, steady fluxes
have been achieved on elements, such as Ti, V and Sn [89, 105, 106].

3.3.3 Growth Rate
Another challenge of oxide MBE to grow complex oxide thin films is to obtain
acceptable growth rates. The typical growth rate of complex oxide thin films using oxide
MBE approach is relatively small ~10 Å / min. The complex chemistry of oxides requires
longer time to completely oxidize and to diffuse into energetically preferred sites, yielding
higher impurities concentration from the background pressure and making the growth
process tedious and susceptible to flux drifts. Therefore, higher growth rate, or higher
fluxes are usually preferable. Ideally the vapor pressure of the element should be in the
range of 10-2 Torr [97]. Figure 3.5 schematically depicts the cell temperatures needed to
generate such vapor pressures for various elements based on the data published in [107,
108]. Comparing this chart with the Figure 1.2, the majority of complex oxides consist of
low-vapor-pressure elements. However, the maximum operating temperature of effusion
cells are limited to 2000 ºC, significantly limiting the growth rate and making it virtually
impossible to grow zirconates, hafnates, niobates, tantalates, molybdates, tungstates and
ruthenates. It is also challenging to grow titanates and vanadates using conventional MBE,
but use of metal-organics can significantly increase the elemental flux, thus increasing the
growth rate.
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Figure 3.5: The cell temperatures needed to generate vapor pressures in 10-2 Torr range
for various elements based on the data published in Refs. [107, 108] (adapted from the ref
[97]).

3.3.4 Compositional Control
Composition control is another significant challenge for oxide MBE. Complex
chemistry of oxides, such as multiple phases and valence states, require more precise
control of thin film composition. For example, Sr and Ti, along with oxygen, can form
SrTiO3 or Ruddlesden-Popper phase Srn+1TinO3n+1, which results from varying flux ratio
of Sr and Ti. Nd and Ti, as another example, can form either NdTiO3 with low content of
oxygen or Nd2Ti2O7 with additional oxygen. The difference between these two phases is
the valence state of Ti, where it is +3 state in NdTiO3 and +4 state in Nd2Ti2O7. Although
atomic ratio of Nd:Ti in NdTiO3 and Nd2Ti2O7 is 1:1, oxygen concentration and crystal
structure are significantly different, as illustrated in Figure 3.6. Complex oxide thin films
can be grown either by co-deposition (elemental species are deposited simultaneously) or
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shuttered growth approach (elemental species are deposited sequentially) through oxide
MBE technique. Both co-deposition and shuttered growth require good control of the
individual sources to achieved the designed cation and oxygen stoichiometry and avoid
formation of unwanted phases.

Figure 3.6: The crystal structure of NdTiO3 and Nd2Ti2O7, of which the information atomic
position was adapted from ref [109] and [110] respectively. The unit cell of Nd2Ti2O7 and
NdTiO3 are depicted as black cube.

To address this challenge, atomic absorption spectroscopy for oxide MBE
composition control has been used to measure the fluxes with an accuracy of better than 1%
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[111]. In-situ RHEED oscillations during the shuttered MBE growth of complex oxides
has also been shown to accurately calibrate fluxes. Another way of managing composition
control is to grow thin films in an adsorption-controlled regime where excess volatile
species desorb, yielding automatic composition control. This approach has enabled growth
of variety of complex oxides that contain volatile constituents, including PbTiO3, BiMnO3,
and LuFe2O4, etc. [87, 112, 113]. Using volatile metal-organics also significantly increases
the vapor pressure of reacting species and also yielded adsorption-controlled growth
regimes for many complex oxides, which will be illustrated in the following section.

3.4 Hybrid Molecular Beam Epitaxy
3.4.1 Advantages of Hybrid Molecular Beam Epitaxy
To overcome challenges mentioned in previous section, alternative growth approach
in MBE techniques utilizing combination of metal organic source and metal source to
supply elemental fluxes, or hybrid MBE approach, was introduced recently. It combines
the advantages of conventional MBE and metal organic vapor deposition techniques. One
the one hand, similar to conventional MBE, it allows high vacuum even during growth,
which ensures the long mean free path and low unintentional impurity concentration. On
the other hand, metal organic sources usually have weak bonding and can be easily broken
up by reactive oxidant species, such as ozone or oxygen plasma. In some cases, reactive
oxidant species are even not needed, as some metal organic precursors also contain oxygen
atoms, which can also provide oxygen to oxidize the metal element. For example, titanium
(IV)-tetraisopropoxide (TTIP) have four oxygen atoms, as illustrated in Figure 3.7, which
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can be decomposed into TiO2 and other volatile byproduct that can be easily pumped away
or trapped on the cryo panel, with following reaction:
Ti(OC3H7)4 → TiO2 + 4C3H6 + 2H2O
The additional two oxygen atoms in the TTIP molecules can help to oxidize the metal
element, as well as maintain oxygen stoichiometry in the films.

Figure 3.7: (a) the chemical structure of TTIP; (b) Temperature dependence of vapor
pressure for TTIP and its byproduct, adapted from ref [97].

The high volatility of metal organic avoids using carrier gas, which minimizes the
additional gas load in the system, and thus increases the mean free path of the molecules.
Flux instability with presence of oxidant species is also addressed due to the high volatility
and stable chemical structure of metal organic precursor. For example, TiO2 thin films have
been reported to grow both with and without oxygen plasma [114]. In addition, the growth
rate is also significantly increased by using metal organic precursor, compared to lowvapor-pressure metal source. For example, growth rate of stoichiometric SrTiO3 is
significantly higher using hybrid MBE technique with ~20 Å / min [105] than those has
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been reported to be challenging for conventional MBE (1 -7 Å / min) [115, 116].

Figure 3.8: (a) HRXRD of SrTiO3 films with different cation non-stoichiometry grown on
SrTiO3 substrates (b) aoop as a function of TTIP/Sr BEP ratio for SrTiO3 films grown on
SrTiO3 at different temperatures (adapted from ref [117]).

The most critical advantage of using metal organic instead of metal source with low
vapor pressure is that the metal organic promotes the chemical reaction into an adsorptioncontrolled growth scheme, which means that additional constituents are desorbed and the
stoichiometry of thin films is self-maintained. For example, XRD of SrTiO3 thin films
grown on SrTiO3 substrate at different TTIP: Sr BEP ratio indicates lattice expansion for
both Ti-rich and Sr-rich thin films, as shown in Figure 3.8. However, the out-of-plane
lattice of SrTiO3 thin film overlaps with the lattice parameter of bulk SrTiO3 substrate
within a range of TTIP:Sr BEP ratio (Figure 3.8 (b)), indicating there was a “growth
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window” for stoichiometric SrTiO3 growth where cation stoichiometry was maintained
within a range of the TTIP: Sr BEP ratio. This discovery indicates that high accuracy of
flux calibration is not needed to solve the composition control problem; it can also be
addressed by using metal organic to thermodynamically provide an adsorption-controlled
regime where excess volatile species can desorb to yield automatic composition control.
.

3.4.2 Hybrid Molecular Beam Epitaxy Configuration

Figure 3.9: The schematic view of Hybrid MBE system (adapted from ref [97]).

A typical hybrid MBE system which is used to grow complex oxide thin films is
shown in Figure 3.9. Similar to conventional MBE system, it is equipped with beam flux
ion gauge to calibrate fluxes from elemental source, residual gas analyzer to detect partial
pressure of residual byproduct, RHEED electron gun and screen to in-situ monitor thin film
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growth, effusion cell to store metal source and provide stable fluxes simultaneously, and
pyrometer to measure the temperature of the substrate. Despite these similarities, growth
of complex oxide thin films using hybrid MBE method requires addition of oxygen plasma
source, metal organic gas inlet system, and pumping to handle the heavy gas load.

3.4.2.1 Oxygen Plasma Source

Figure 3.10: A typical setting of oxygen plasma source in the hybrid MBE system (from
Prof. Bharat Jalan’s Lab at University of Minnesota).

The oxidant species for oxide MBE are introduced into the system using a gas inlet
system with a gas flow controller. As shown in Figure 3.9, the typical hybrid MBE system
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utilizes activated oxygen, which is generated by RF plasma sources where a discharge
cavity confines an RF plasma and breaks the oxygen molecules. The efficiency of
generating activated oxygen depends on the operating conditions, as well as with the
plasma source design, which typically ranges from 30 to 70% [118]. Figure 3.10 shows a
typical setting of oxygen plasma source in the hybrid MBE system.
The oxygen ions formed in the plasma activation process are considered highly
energetic, and detrimental for low energetic MBE growth. As mentioned in earlier session,
the plasma operation condition can be optimized for minimum ion flux. Another route to
reduce the ion flux is to apply electric fields near the aperture plate and deflect the charged
particles.

3.4.2.2 Metal Organic Gas Inlet System
The most critical difference between hybrid MBE system and conventional MBE
system is the metal organic gas inlet system. It consists of a heated bubbler to store the
metalorganic precursor, gas inlet pressure monitor to measure and control the flux of metal
organic, and gas injector to introduce the flux into the MBE chamber.
The gas inlet system is usually heated up by variable autotransformers, or Variac ®
(not shown in the Figure 3.11), and the temperatures of different positions at the gas inlet
system are measured by thermocouples that are spot welded. The temperature of the gas
inlet system is determined by the decomposition temperature of the metal organic precursor.
For example, the temperature around the TTIP bubbler is preset to be 120 °C, as melting
and boiling point of TTIP are 17 °C, and 232 °C, respectively. The temperature of tubes
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and joints are kept at higher temperature to avoid condensation of the precursor at the “cold
spots”. In order to avoid heat transfer with environment and ensure uniform heating of
tubes and joints, heat insulation layers are wrapped around the gas inlet system.

Figure 3.11: A typical setting of metal organic gas inlet system in the hybrid MBE system
(from Prof. Bharat Jalan’s Lab at University of Minnesota).

The flow rate of the precursor can be measured and controlled by an MKS Baratron®
capacitance manometer and a linear leak valve (shown in the Figure 3.11), which are
connected to a MKS pressure controller. The gas injector contains a pneumatic valve,
which can be operated by pressurized air flow, enabling the pulsed or constant flow of
metal organic precursor.
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3.4.2.3 Additional Pumping
Due to oxygen plasma source and metal organic gas, the partial pressure of MBE
system significantly increases and may need additional pumping to handle the heavy gas
load. For example, conventional RHEED system is known to be prone to the high oxygen
pressure, which may reduce the lifetime of the cathode. The typical operating oxygen
pressure of the hybrd MBE is in order of 10-6 Torr, which is well below the upper limit of
the standard electron gun (10-4 Torr [41]. If a higher flow of oxygen pressure is needed, a
differential pump (TorrRHEED™) may help to efficiently pump the cathode section and
thus allows the RHEED to operate at high oxygen pressure.
The turbo pump, as well as the cryopump, is usually used to maintain ultra- high
vacuum of hybrid MBE chamber. The advantages of using two pumps together is that 1)
the pumping rate significantly increases compared to single pump, which is helpful to
handle the gas load, and 2) compared to the turbo pump, the cryopump utilizes circulation
of liquid helium to condense the contaminants, which efficiently pumps out small
molecules, such as water and methane.

3.4.3 Examples of Complex Oxide Thin Films Grown by Hybrid MBE
The concept of utilizing the metal source and metal organic source at the same time
has been successfully employed in growth of many complex oxide thin films. The growth
details of each complex oxide thin films including their respective metal source, metal
organic precursor, and oxygen source are listed in Table 3.3.
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[119]
[119]
[105]
[120]
[121]
[89]
[106]
[122]

Table 3.3: The growth details of complex oxide thin films using hybrid MBE approach.

Hybrid MBE approach have been proved to grow high quality complex oxide thin
films, and made it possible to nano-engineer the complex oxide heterostructures and
interfaces. For example, highest mobility in SrTiO3 thin films has been achieved using
hybrid MBE approach to be 53,200 cm2/(Vs) [67] at 2K, whereas the best non-MBE
mobility reaches 6,600 cm2/(Vs) [123]. The resistance ratio R300K/R5K for SrVO3 thin films
is 111 times higher from samples grown by hybrid MBE approach [124] than that from
non-MBE method [125].
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Chapter 4 Substrate Selection and Growth Calibration
Besides thin film growth techniques, in order to grow stoichiometric, epitaxial, and
minimum defect thin films, a proper substrate needs to be carefully selected, and the growth
conditions need to be well calibrated. In this chapter, these two factors will be discussed,
especially for the growth of high quality SrTiO3 and NdTiO3 thin films. Section 4.1 and
4.2 will focus on the substrate selection and preparation for SrTiO3 and NdTiO3 thin films,
respectively. Section 4.3 will discuss the calibration of growth conditions, with emphasis
of metal and TTIP flux calibration.

4.1 Substrate Selection
Selecting a proper substrate for thin films is of great importance, because it
determines the extended defect density in the film and thus influence the properties of thin
films and heterostructures. This section lists the commercially available substrates that are
suitable for SrTiO3 and NdTiO3 thin films in section 4.1.1, and calculates the corresponding
in-plane strain and out-of-plane lattice parameter in section 4.1.2.

4.1.1 Commercially Available Substrates
Many perovskite complex oxides are commercially available as a substrate for
perovskite oxide thin films. In order to choose a proper substrate, lattice and symmetry
mismatch need to be considered to grow SrTiO3 and NdTiO3 thin films.
When the lattice parameter of the thin film (af) is different from that of the substrate
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(as), the first few layers will be strained to match the substrate and form a coherent interface
if the lattice mismatch is sufficiently small. Assuming substrates and films are cubic (it
also works for pseudocubic cells as described later), there are two types of strain that the
thin film can experience: one is compressive strain where af is larger than as, and the other
one is tensile strain where af is smaller than as. Figure 4.1 (a) and (b) shows the situation
where af > as as an example.

Figure 4.1: Schematic pictures of (a) substrate and film lattices (b) coherently strained
film (h < hc), and (c) relaxed film with misfit dislocations (h > hc)

In heteroepitaxial growth (Figure 4.1 (a)), the coherency strain also changes with
different film thickness. Before a critical thickness (hc), thin films will be strained to match
the substrate and form coherent interfaces, as showed in Figure 4.1 (b). As film thickness
increases, it will be energetically favorable to relax the strain by introducing misfit
dislocations (Figure 4.1 (c)) [126]. One of widely used equations to calculate such critical
thickness is given by ref. [127] as follows:
ℎ𝑐 =

𝑏 (1−𝜈cos2 𝛼)
𝑓

4𝜋(1+𝜈)

(ln
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ℎ𝑐
𝑏

+ 1)

(4.1)

where is the critical thickness, b is the Burgers vector, ν is the Poisson ratio, α is the angle
between the dislocation line and the Burgers vector, λ is the angle between the Burgers
vector and interface plane, and f is the mismatch strain and is given by equation (4.2).
𝑓=

𝑎𝑠 −𝑎𝑓
𝑎𝑓

(4.2)

As mentioned in Chapter 1, the crystal structures of complex oxides substrate belong
to hexagonal, cubic, orthorhombic, to rhombohedral crystal systems. Therefore, to
calculate the lattice mismatch between the thin films and substrates, the orthorhombic and
rhombohedral crystal structures need to be converted into pseudo cubic structures. Figure
4.2 shows the relationship between orthorhombic structure and pseudo cubic structure.

Figure 4.2: schematic view of orthorhombic structure (solid line) and pseudo cubic
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structure (dotted line). Two possible orientations of thin film grown on cubic substrate are
(001) and (110) are labeled.

The conversion can be done using following equations:
𝑐p =

co

(4.3)

2

𝑎p = 𝑏p =

√a2o +b2o
2

a

θ = 2arcsin(2ao )
p

(4.4)

(4.5)

where ap, bp, cp and ao, bo, co are psudocubic lattice constants and orthorhombic lattice
parameters, respectively, and θ is the angle between ap and bp. It is worth to note that
𝑎psudo = 𝑏psudo ≠ 𝑐𝑝𝑠𝑢𝑑𝑜 .

4.1.2 In-plane Strain and Out-of-plane Lattice Parameter
As shown in Figure 4.2, there are two potential growth direction for NdTiO3 thin
films grown on perovskite oxide substrates, (110) and (001) directions. Due to the
orthorhombic crystal structure, different growth directions apply different in-plane strain
to thin films, and thus influence the properties of thin films and heterostructures. Typically,
a thin film tends to be grown in a direction that minimize in-plane strain. Therefore, by
calculating the in-plane strain with different possible growth directions on various
substrates, the growth direction in which thin films are most likely to grow can be predicted.
Experimentally, the thin film growth orientation can be verified using the out-ofplane lattice parameters (aoop) of fully strained thin films, measured by HRXRD as
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described in Chapter 2. aoop of thin films is dependent on the in-plane strain from substrates,
and can be calculated by solving a plane stress problem. Comparing the calculated aoop and
experimental results can confirm the thin film growth orientation.
The estimation of aoop from two possible crystal orientation is shown here. The stress
in different direction can be expressed using the following equation with the Voigt notation:
𝜎𝑖 = 𝑐𝑖𝑗 𝜀𝑗

(4.6)

where, 𝜎𝑖 is the stress in the i direction, 𝑐𝑖𝑗 is the elastic stiffness tensor, and 𝜀𝑗 is the strain
in the j direction. In the situation of plane stress, 𝜎3 = 0. And the absence of shear stress
or strain leads to 𝜎4 = 𝜎5 = 𝜎6 = 0 , and 𝜀4 = 𝜀5 = 𝜀6 = 0 . The pseudo-cubic elastic
stiffness tensor (𝑐𝑖𝑗 ) can be assumed to same as that of the cubic structure with non-zero
𝑐45 that comes from small crystal distortions [128]. Therefore, equation (4.6) can be
rewritten as following:

𝜎1
𝑐11 𝑐12 𝑐12 0 0
𝜎2
𝑐12 𝑐11 𝜎2 0 0
𝑐 𝑐 𝑐 0 0
0
= 12 12 11
0 0 0 𝑐44 𝑐45
0
0 0 0 𝑐45 𝑐44
0
[0] [ 0 0 0 0 0

0 𝜀1
0 𝜀2
0 𝜀3
0 0
0 0
0] [ 0 ]

(4.7)

This yields to the expression of out-of-plane strain 𝜀3 as:
𝑐

𝜀3 = − 𝑐12 (𝜀1 + 𝜀2 )
11

where 𝜀1 and 𝜀2 are in-plane strain, which can be obtained by equation 4.2. Therefore,
the out-of-plane lattice parameter aoop of a strained thin film can be calculated with
following equation:

86

(4.8)

𝑎𝑜𝑜𝑝 = (𝜀3 + 1)𝑎3

(4.9)

where a3 is the out-of-plane lattice parameter of an unstrained thin film.
The elastic stiffness tensor parameters for NdTiO3 can be found in ref [128], which
are 375 for c11 and 170 for c12 respectively. Therefore, the in-plane strain and out-of-plane
lattice parameter for NdTiO3 with two growth direction on various substrates can be
calculated using equations 4.8-4.9, which is summarized in table 4.1.
From table 4.1, thin films grown on substrates that have compressive strain (in-plane
strain is negative) prefer to grow on (110) direction. Interestingly, when thin films
experience tensile strain on substrates, such as DyScO3 and GdScO3, growth direction of
(001) is more favored, due to less in-plane strain. Among substrates that apply compressive
strain to NdTiO3 thin films, LSAT (001) and SrTiO3 (001) are two substrates that provides
lowest strain level on film. Therefore, the following section will focus on substrate
preparation for these two substrates.

Table 4.1: Summary of potential substrates and corresponding expected aoop for NdTiO3.
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Note: lattice constants of substrates are obtained from ref [129], and * are calculated using
equation 4.4. Positive sign means tensile strain, and negative sign means compressive
strain.

4.2 Substrate Preparation
SrTiO3 (001) and (La0.16Sr0.82)(Al0.59Ta0.41)O3 (LSAT) (001) have been extensively
studied as perovskite substrates, due to their extremely low roughness and atomic terraces.
Prior to load into the growth chamber, substrates have been reported to have better surface
morphology if they undergo surface treatments. Table 4.2 summarizes the surface
treatment for SrTiO3 (001) and LSAT (001) substrates in order to obtain ideal smooth
surface.

[130]
[131]
[132]
[133]
[134]
[105]
[135]
[136]
[137]
[138]
[139]
[140]

Table 4.2: Summary of substrate treatments. Note: BHF stands for buffered HF, which is
also known as buffered oxide etch (BOE). UHV stands for ultra-high vacuum, and DI
stands for deionized.
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4.2.1 Surface Treatment on SrTiO3 (001) Substrates
As shown in Table 4.2, atomically smooth surface has been obtained for SrTiO3
substrates using ultrasonic cleaning in deionized water at 55 ºC and annealing by rapid
thermal annealing (RTA). Ultrasonic cleaning in deionized water is more preferred than
BHF treatment, as both of them can selectively dissolve SrO surface plane, but deionized
water cleaning increases thermal stability by avoiding chemical defects compared with the
BHF treatment [134]. RTA is favored rather than conventional furnace annealing due to its
time efficiency [105].
Both ultrasonic agitation and RTA have been reported to form low surface roughness
with atomic terraces, but detailed comparison between these two treatments is absent. It is
also not clear that what is the role of temperature in both treatments. Therefore, effects of
ultrasonic cleaning and RTA treatment on SrTiO3 substrates were investigated here. In this
study, SrTiO3 (001) substrates were from MTI Corporation, where SrTiO3 single crystals
were grown using Verneuil process and were cut into 0.5 mm thick substrates with one
side mechanically polished [141]. To avoid surface variation from different substrates, one
10 × 10 mm SrTiO3 sample was cut into 5 × 5 mm pieces, two of which underwent
treatment and made comparison with the as-received sample. AFM measurements were
conducted on many samples, and similar phenomenon were observed, although more
careful and systematic measurements need to be make statistically defendable conclusions.

4.2.1.1 Ultrasonic Agitation Effect on SrTiO3 Surfaces
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Ultrasonic agitation was conducted at two temperatures on the surface of SrTiO3 (001)
substrates. Two SrTiO3 (001) substrates were cleaned in deionized water at room
temperature and 50 °C for 15 min, respectively. As shown in Figure 4.3 (a)-(c), the
roughness for the original substrate, ultrasonic agitation at room temperature, and at 50 °C
are 0.093 nm, 0.140 nm, and 0.106 nm, respectively. It indicates that ultrasonic agitation
at room temperature increases the surface roughness, while 50 °C cleaning keeps the
roughness more or less same. However, AFM images show that ultrasonic cleaning
destroys atomic terraces, which is different from other reports. This is probably because
our substrates are only mechanically polished, whereas substrates in [134] are BHF treated,
which leads to mixture of SrO and TiO2 on the surface. Deionized water only selectively
dissolves SrO, thus yielding a surface without atomic terraces.

Figure 4.3: Ultrasonic agitation effect on surfaces of SrTiO3 substrates. (a) the original
substrate with roughness 0.093 nm; (b) ultrasonic agitation at room temperature with
roughness 0.140 nm; (c) ultrasonic agitation at 50 ºC with roughness 0.106 nm.

4.2.1.2 Rapid Thermal Annealing Effect on SrTiO3 Surfaces
Similar to chemical etching, thermal treatments provide thermal energy that is needed
for the surface reconstruction, and thus lead to the atomic terraces. RTA was conducted at

90

900 °C and 1100 °C in O2 flow for 4.5 min. All samples are ultrasonically cleaned at room
temperature before RTA.
Figure 4.4 (a)-(c) show AFM images of SrTiO3 substrates, before and after RTA
treatment at 900 °C and 1100 °C. The roughness of the substrate before RTA, RTA at 900
°C, and RTA at 1100 °C are 0.137 nm, 0.280 nm, and 0.156 nm, respectively. All AFM
images show atomic terraces, but terraces from the sample under RTA treatment at 1100
°C are better defined than the sample treated at 900 °C.

Figure 4.4: RTA effect on surfaces of SrTiO3 substrates. (a) The original substrate with
roughness 0.137 nm; (b) RTA treatment at 900 °C with roughness 0.280 nm; (c) RTA
treatment at 1100 °C with roughness 0.156 nm.

4.2.1.3 Combination of Rapid Thermal Annealing and Ultrasonic Agitation
To investigate the combination effect of RTA and ultrasonic agitation, SrTiO3
samples were ultrasonically cleaned at room temperature, and at 50 °C for 15 min,
respectively, followed by 1100 °C RTA treatment. AFM images of 1100 °C RTA treated
samples with different ultrasonic agitation are shown in Figure 4.5 (a)-(c). Lower surface
roughness has been obtained in samples under room temperature and 50 °C ultrasonic
agitation (0.124 nm and 0.127 nm), compared to as-received samples (0.138 nm). It is also
noteworthy that 50 °C ultrasonic agitation lowers the terraces width from approximately
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180 nm to 100 nm, while room temperature ultrasonic agitation has little effect on terraces
width. This is probably because more SrO is selectively dissolved in 50 °C ultrasonic
agitation than room temperature cleaning, leading to rebuilt terraces with less width.
Therefore, in order to obtain well-defined atomic terraces with minimum surface
roughness, SrTiO3 substrates are suggested to ultrasonic clean in deionized water at 50 °C
for 15 min, and then treat with RTA in O2 flow at 1100 °C for 4.5 min.

Figure 4.5: Combination of ultrasonic agitation and RTA at 1100 °C on surfaces of SrTiO3
substrates. (a) The original substrate with roughness 0.138 nm; (b) room temperature
ultrasonic cleaning + RTA at 1100 °C with roughness 0.127 nm; (c) 50 °C ultrasonic
cleaning + RTA at 1100 °C with roughness 0.124 nm.

4.2.2 Surfaces Treatment of LSAT (001) Substrates
Atomically smooth LSAT (001) are usually preferred rather than SrTiO3. This is
because SrTiO3 substrates become oxygen deficient at elevated temperatures under high
vacuum, leading to conductive substrates, and thus making it difficult to interpret the
electronic properties of thin films grown on SrTiO3. LSAT, on the other hand, are known
that remains insulating even at high temperature under high vacuum.
Compared to SrTiO3, LSAT has lower melting point and thus can be grown
Czochralski process [142]. As described in Table 4.2, only thermal treatment but no
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chemical etching has been reported to obtain atomic smooth surfaces, probably due to the
complex chemistry of LSAT. Therefore, only effect of RTA in O2 flow at different
temperature will be discussed in section 4.2.2.1, and section 4.2.2.2 will compare the LSAT
substrates from different vendors.

4.2.2.1 Rapid Thermal Annealing Effect on LSAT Surfaces
Figure 4.6 (a)-(c) show AFM images of LSAT substrates, before and after RTA
treatment in O2 at 900 °C and 1100 °C for 4.5 min. The roughness of the substrate before
RTA, RTA at 900 °C, and RTA at 1100 °C are 0.274 nm, 0.217 nm, and 0.329 nm,
respectively. Atomic terraces are present in all samples, but small crystallites are shown in
1100 °C. This results indicate that 900 °C RTA treatment in O2 is better than 1100 °C.

Figure 4.6: RTA effect on surfaces of LSAT substrates. (a) The original substrate with
roughness 0.274 nm; (b) RTA treatment at 900 °C with roughness 0.217 nm; (c) RTA
treatment at 1100 °C with roughness 0.329 nm

Surprisingly, pits with diameter in ranges of 40 nm to 160 nm are observed in as
received samples, which likely comes from the single crystal growth. The fact that these
holes are persistent even after RTA treatment from Figure 4.6 (b) and (c) indicates that pits
are immune to the surface treatment.
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4.2.2.2 Substrates from Different Vendors
To obtain atomic smooth surfaces from LSAT, substrates from two vendors, MTI
Corporation, USA and Crystec, German are compared in Figure 4.7. Figure 4.7 (a) and (b)
show the surface morphology of LSAT subtrates from MTI Corporation, USA, and
Crystec, German, respectively. It is clear that pits are observed from substrates from MTI
Corporation, but are absent from substrates from Crystec. The roughness of LSAT
substrates are 0.274 nm (MTI Corporation), and 0.234 nm (Crystec), respectively. It is
noteworthy that atomic terraces width varies from these two samples, but similar RMS
roughness was obtained regardless of different selected areas. Therefore, substrates from
Crystec is preferred than those from MTI Corporation.

Figure 4.7: LSAT substrates from two vendors. (a) As-received substrate from MTI
Corporation, USA, with roughness 0.274 nm; (b) As-received substrate from Crystec,
German, with roughness 0.234 nm.

Due to the fact that RTA may damage the LSAT surface and holes are observed in
substrates from MTI, LSAT substrates from Crystec without any thermal treatment were
used in the following study.
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4.3 Growth Calibration
As described in Chapter 3, hybrid MBE approach has been applied to grow SrTiO3
and NdTiO3 thin films, which utilizes metal source for Sr and Nd, TTIP for Ti and O. One
of critical features of hybrid MBE approach is that it allows to control individual fluxes of
elemental sources to find the stoichiometric growth conditions. In this study, beam flux
monitor (from MBE Komponen) utilizes the Bayard-Alpert type ionization gauge to
measure the beam equivalent pressure (BEP) of molecular beams. Hence the growth
conditions of complex oxides can be quantified and determined by flux ratio of TTIP/Sr
for SrTiO3 and TTIP/Nd for NdTiO3. Therefore, it is of particular importance to calibrate
the individual flux before growth of complex oxides. Section 4.3.1 will describe calibration
of Sr and Nd flux, and section 4.3.2 will focus on TTIP calibration and growth of TiO2 on
the sapphire substrate.

4.3.1 Sr and Nd Flux Calibration
Strontium is high vapor pressure element which has melting point of 768.8 ºC. As
shown in Figure 4.8, operating temperature in the range from 500 ºC to 768.8 ºC can easily
supply Sr flux above 10-2 Torr. In fact, with the geometry of our system, the Sr effusion
cell was only heated up in the range of 450 ºC to 660 ºC when Sr was sufficient. And the
beam flux monitor directly measured the corresponding Sr flux varying from 3.45×10-8
Torr to 9.22×10-8 Torr within the accuracy of ionization gauge.
Neodymium, on the other hand, has low vapor pressure with high melting point of
1021 ºC. Figure 4.8 indicates that the vapor pressure of Nd is below 10-2 Torr even at
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melting temperature. Therefore, lower growth rate, in other words smaller Nd and TTIP
fluxes, is needed to grow NdTiO3 compared with SrTiO3 growth. Another advantage of
lower growth rate is that it gives sufficient time for Ti4+ in TTIP to be reduced to Ti3+ in
NdTiO3, whereas the valence state of Ti doesn’t change in SrTiO3 growth.

Figure 4.8: Vapor pressure as a function of temperature for Nd and Sr, data from ref [98].
The dotted line shows 10-2 Torr, which is required for typical MBE growth.

Therefore, during Nd beam flux calibration, Nd effusion cell was heated up from
1100 ºC to 1130 ºC, and corresponding BEP were measured by beam flux monitor. One
example of temperature dependence of BEP was plotted in Figure 4.9. And the Nd flux for
growth of NdTiO3 was determined by extrapolation of the linear fitting.
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Figure 4.9: Temperature dependence of beam equivalent pressure of Nd.

4.3.2 TTIP Calibration and Growth of TiO2
The characteristic feature of hybrid MBE approach is that it replaces conventional Ti
source with TTIP chemical precursor to supply Ti flux. Phase - pure rutile TiO2 thin films
have been reported to be successfully grown on r-sapphire with and without oxygen plasma
using TTIP [114]. The growth rate was 2 times higher compared to conventional Ti metal
source.
In this work, the first attempt was made using TTIP to grow TiO2 on c-sapphire as a
function of substrate temperature from the thermal couple. TTIP BEP was kept at 2×10-6
Torr and growth time was one hour. HRXRD scans of TiO2 thin films are shown in Figure
4.10.
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Surprisingly, mixture of anatase and rutile phase is present even at 900 °C, which is
contradicted with previous reports. Anatase phase is highly temperature dependent. TiO2
thin films grown by MOCVD method using TTIP show that anatase phase only exists
below 600 °C [143] Thus, the presence of anatase suggests that the substrate temperature
is not high enough to form phase pure rutile TiO2.

Figure 4.10: 2θ-ω scans of TiO2 film grown on c plane-sapphire as a function of
temperature. A stands for the anatase phase, and R stands for rutile phase.

In our system, the substrate heater heats up the substrate by infrared light. When the
transparent ceramic substrates were used, such as sapphire, SrTiO3, and LSAT, infrared
light passes through the substrate, and cannot heat it up efficiently. Therefore, despite that
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thermal couple shows 900 °C, the effect temperature of the substrate is significantly
reduced. To enhance the heat transfer between the heater and the substrate, 500 nm Ta film
was deposited by magnetron sputtering at the back side of the substrate. Ta was chosen
because it has very low vapor pressure even at elevated temperature, avoiding
contaminating the vacuum chamber.

Figure 4.11: HRXRD of TiO2 film grown on c plane-sapphire with Ta back layer.

As shown in Figure 4.11, only rutile phase was grown on c-sapphire with Ta back
layer. Figure 4.12 shows the AFM images of TiO2 thin films on c-sapphire without and
with Ta back layer, respectively. It is clear that the surface roughness of the thin film with
Ta back layer (0.351 nm) is much lower than that without Ta back layer (1.6 nm). Therefore,
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for future growth, Ta back layer was deposited by magnetron sputtering before loading into
the MBE system.

Figure 4.12: AFM images of TiO2 film grown on c plane-sapphire with (a) and without (b)
Ta back layer.
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Chapter 5 Growth of SrTiO3 Thin Films with Hybrid
Molecular Beam Epitaxy
After choosing appropriate substrates and flux calibration of metal source and TTIP,
SrTiO3 thin films was first attempted to grow as an idealized and standard material to
calibrate the system. Growth of SrTiO3 thin films with oxygen plasma using hybrid MBE
approach has been well established by Jalan et al [105]. Cation stoichiometric SrTiO3 thin
films were grown homoepitaxially on SrTiO3 substrates with perfect overlap in HRXRD
result. Additionally, by fixing TTIP flux and oxygen plasma condition but varying Sr flux,
a systematic study between cation nonstoichiometry and growth conditions [117] reveals
“a growth window” for SrTiO3 thin film using hybrid MBE approach with oxygen plasma,
where cation stoichiometry was maintained in self-regulated manner within a range of
TTIP/Sr beam equivalent pressure (BEP) ratio.
However, it is not clear that if SrTiO3 thin films can be grown without oxygen plasma.
Previous report shows that TiO2 can be grown using TTIP with and without oxygen plasma,
and no difference was observed in growth rate [114]. But no work has been done on growth
of SrTiO3 thin films without additional oxygen source. This is particularly critical for
growth of NdTiO3 thin films, as Ti in NdTiO3 is very likely to be oxidized from +3 to +4
state at oxygen-rich enviroment.
Therefore, this chapter will focus on growth of SrTiO3 thin films without oxygen
plasma using hybrid MBE approach in section 5.1. Comparison will be made in section 5.2
between growth with and without oxygen plasma. And section 5.3 will focus on band offset
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between SrTiO3 and LSAT substrate.

5.1 Growth of SrTiO3 Thin Films without Oxygen Plasma
To grow stoichiometric SrTiO3 thin films without oxygen plasma, the SrTiO3
substrate was kept at 900 °C (thermal couple temperature), with fixed TTIP BEP ~ 2 × 106

Torr and varied Sr flux by controlling Sr cell temperature. Codeposition method was used

during thin film growth. And both Sr flux and TTIP BEP were measured by beam flux
monitor, thus the growth condition was quantified by TTIP/Sr BEP ratio.

5.1.1 RHEED of SrTiO3 Thin Films without Oxygen Plasma
Figure 5.1 shows the RHEED images of Sr-rich, stoichiometric and Ti-rich SrTiO3
thin films grown on SrTiO3 substrate respectively. All samples show streaky pattern
regardless of cation stoichiometry of thin films, while streaks from Sr-rich and Ti-rich thin
films are blur compared to the sharp contrast from stoichiometric sample. ½ order
reflection is present along [100] azimuth for stoichiometric SrTiO3, as pointed by white
arrows in Figure 5.1(b), while no reconstruction is observed in either Sr-rich or Ti-rich thin
films. The surface reconstructions have been associated with the cation nonstoichiometry
of SrTiO3 [144-146]. But none of those were observed in this study. It should be noted that
the RHEED patterns of SrTiO3 thin films also depend on starting surface of the substrate
and level of cation off-stoichiometry. Therefore, the correlation between cation
stoichiometry and RHEED patterns is only qualitative.
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Figure 5.1: RHEED images of Sr-rich, stoichiometric, and Ti-rich SrTiO3 thin films along
[100] azimuth grown on SrTiO3 substrate, respectively.

Figure 5.2 shows the intensity oscillation at the specular spot during growth of Srrich, stoichiometric, and Ti-rich SrTiO3, respectively. Only a few oscillations are observed
in Sr-rich SrTiO3 growth, followed by constant intensity indicating an immediate transition
from layer-by-layer growth mode to step-flow growth mode. Similarly, for Ti-rich thin
films, oscillations are hardly visible after opening shutter, followed by constant and low
intensity. On the contrary, periodic oscillations are observed until RHEED monitoring
stops, indicating that layer-by-layer growth mode is persistent longer than
nonstoichiometic sample.

5.1.2 HRXRD of SrTiO3 Thin Films without Oxygen Plasma
The relationship between cation nonstoichiometry and lattice parameter of SrTiO3
has been intensively investigated [147, 148]. When a thin film is Sr rich, for example,
additional Sr atoms fill vacancies from Ti deficiency, and expand the out-of-plane lattice
parameter. Similar behavior has been observed in case of Ti rich. Therefore, homoepitaxial
growth of SrTiO3 thin films on SrTiO3 substrate and measuring out-of-plane lattice
parameter provide a very robust method as a measure of cation stoichiometry for SrTiO3
103

thin films.

Figure 5.2: Intensity oscillations of Sr-rich, stoichiometric, and Ti-rich SrTiO3 thin films,
respectively, at the specular spot.
Figure 5.3 shows high resolution 2θ – ω scans of SrTiO3 thin films with different
TTIP/Sr BEP ratio grown on SrTiO3 substrates. For nonstoichiometric growth conditions,
either Ti-rich or Sr-rich, thin film peaks are clearly visible, while stoichiometric film peak
overlaps with the substrate, and no film peaks are present at stoichiometric condition.
Kiessig fringes are only observed in Ti-rich thin films, but are not present for Sr-rich
conditions. This observation is contradicted with the report with oxygen plasma [117],
where both Sr-rich and Ti-rich samples see Kiessig fringes. The stoichiometric thin films
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perfectly overlap with the substrate, which is consistent with previous report [105].

Figure 5.3: HRXRD of SrTiO3 thin films with different TTIP/Sr BEP ratio grown on
SrTiO3 substrates. Film peaks of nonstoichiometric thin films were labelled by black
arrows.
From these high resolution 2θ – ω scans, the out-of-plane lattice parameter aoop can
be calculated using Bragg’s law for SrTiO3 thin films, which is plotted as a function of
TTIP/Sr BEP ratio in Figure 5.4. When TTIP/Sr BEP ratio is below 30 in Sr-rich regime
(above 40 in Ti-rich regime), aoop decreases (increases) linearly with increasing TTIP/Sr
BEP ratio. Within the range from 30 to 40, however, aoop is same as the SrTiO3 bulk,
indicating that the cation stoichiometry of SrTiO3 was maintained self-regularly. Therefore,
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a “growth window” exists for growth of SrTiO3 thin films without oxygen plasma using
hybrid MBE approach, due to the desorption process of extra flux (Sr flux in Sr-rich regime
or TTIP flux in TTIP-rich regime). The existence of such “growth window” proves that
oxygen atoms in TTIP is sufficient to form SrTiO3. And no additional oxygen is needed to
grow perovskite titanates thin films, which is a prerequisite for growth of other titanates,
such as NdTiO3, that are sensitive to oxidant species.

Figure 5.4: Out-of-plane lattice parameter as a function of TTIP/Sr BEP ratio. The dotted
line is out-of-plane lattice parameter for SrTiO3 bulk.

Rocking curves measurement were performed on SrTiO3 thin films to measure their
mosaic spread as a function of cation nonstoichiometry. As shown in Figure 5.5,
nonstoichiometry of thin films (both Ti-rich and Sr-rich) significantly increase full width
at half maximum (FWHM) of rocking curves (σRC), compared with that of SrTiO3
stoichiometric films. Additionally, σRC is independent of level of the cation off106

stoichiometry, indicating that increasing cation nonstoichiometry doesn’t affect thin film
mosaic spread.

Figure 5.5: Full width hall maximum of rocking curve σRC as a function of out-of-plane
lattice parameter aoop. The dotted line is the guide line for eyes.

5.2 Growth of SrTiO3 Thin Films with Oxygen Plasma
In order to investigate the oxygen plasma effect on SrTiO3 growth, a series of SrTiO3
thin films were grown with oxygen plasma with forward power of 250 W at molecular
oxygen pressure of 5 × 10−6 Torr. 250 V was applied at deflection palate near the aperture
to deflect the charged particles. The SrTiO3 substrate was kept at 900 °C (thermal couple
temperature) as same as the growth without oxygen plasma, with fixed TTIP BEP ~ 2 ×
10-6 Torr and varied Sr flux by changing the Sr cell temperature. The plasma was left on
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during cooling until the sample reached a temperature of 250 °C.

5.2.1 HRXRD of SrTiO3 Thin Films with Oxygen Plasma
High resolution XRD was performed to measure the out-of-plane lattice parameter.
Similar 2θ – ω scans were observed in the SrTiO3 thin films grown with oxygen plasma,
compared to those grown without oxygen plasma.

Figure 5.6: Out-of-plane lattice parameter as a function of TTIP/Sr BEP ratio with oxygen
plasma (blue) and without oxygen plasma (red). The colored dotted lines are guide line for
eyes, and growth window are shaded in corresponding color.

Figure 5.6 shows aoop as a function of TTIP/Sr BEP ratio for both with oxygen plasma
and without oxygen plasma. Interestingly, the growth window for stoichiometric SrTiO3
shifts to right, while the width of the growth windows is maintained roughly same. This
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result suggests that the presence of oxygen plasma enhances incorporation of Sr flux into
thin films, resulting in growth of stoichiometric SrTiO3 with effective less Sr BEP.

5.2.2 AFM of SrTiO3 Thin Films with Oxygen Plasma
AFM images of SrTiO3 thin films with and without oxygen plasma are shown in
Figure 5.6. Both samples show atomic terraces with RMS roughness < 0.1 nm, indicating
that both film surfaces are very smooth. Several holes are observed in SrTiO3 film with
oxygen plasma, which may come from the original substrate.

Figure 5.7: AFM images of SrTiO3 thin films without (a) and with (b) oxygen plasma. The
RMS roughness is 0.098 nm and 0.065 nm, respectively. The holes observed in (b) may
come from the original substrate.

5.3 Band Offset between SrTiO3 and LSAT
Now that growth of SrTiO3 with and without oxygen plasma have been achieved
using hybrid MBE approach, in this section, we examine the band alignment of
SrTiO3/LSAT heterostructures using X-ray photoelectron spectroscopy for epitaxial
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SrTiO3 films. We find that the valence band offset ranges from +0.2(1) eV to −0.2(1) eV
depending on the film surface termination. From these results, we extract a conduction
band offset from −2.4(1) eV to −2.8(1) eV, indicating that the conduction band edge is
more deeply bound in SrTiO3 and that LSAT will not act as a sink or trap for electrons in
the supported film or multilayer. This section is mainly adapted from the publication Ryan
B. Comes, Peng Xu, Bharat Jalan and Scott A. Chambers, Appl. Phys. Lett. 107,
131601 (2015).

5.3.1 Motivation
As mentioned in section 1.4.2, epitaxial SrTiO3 thin films exhibit many intriguing
and useful properties. Countless other heterostructures and superlattices involving SrTiO3
have been grown on LSAT substrates. However, surprisingly little is known about the
electronic properties of the SrTiO3/LSAT interface despite its potentially important role in
affecting the overall electronic structure of system.
An understanding of valence and conduction band offsets at semiconductor and
insulator interfaces is critically important to the prediction of the behavior of thin films in
devices. Much work has been devoted to the examination of SrTiO3 -Si interfaces and band
offsets for transistor gate dielectrics [149-151]. These papers showed that the SrTiO3
conduction band is nearly perfectly aligned with the Si conduction band in the absence of
an interfacial SrO buffer layer, making SrTiO3 a very poor gate dielectric on Si due to the
likelihood of leakage current across the interface. Similarly, band offset measurements
performed using X-ray photoelectron spectroscopy (XPS) on LaAlO3 [152] and
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LaCrO3 [153] films grown on SrTiO3 have helped to elucidate the conductivity (or lack
thereof) at these heterojunctions. LSAT films grown on SrTiO3 have also yielded evidence
of 2DEG formation at the interface, attributed to the polar discontinuity between the mixed
polarity of LSAT and non-polar SrTiO3 [154]. In their work, Huang et al. postulate a
mixture of localized holes and a 2DEG within the SrTiO3 substrate as a result of the mixed
polarity of LSAT, which is claimed to have regions of LaAlO3-like and Sr2AlTaO6-like
character. Knowing the actual band offsets for the LSAT- SrTiO3 heterostructure is thus
important for predicting the possibility of carrier transfer into and trapping within LSAT
and SrTiO3 layers of such interfaces.

5.3.2 SrTiO3 Thin Films Grown by Shuttered and Codeposition Methods
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Figure 5.8: RHEED patterns of SrTiO3 films grown on LSAT for: (a) 10 u.c. TiO2terminated SrTiO3 along [100] azimuth and (b) along [110] azimuth; (c) 9.5 u.c. SrOterminated SrTiO3 along [100] azimuth and (d) along [110] azimuth. (e) RHEED intensity
oscillations for 10 u.c. film with notes showing the shuttering process for both films.

A series of SrTiO3 films was grown on LSAT substrates using two different
deposition methods, one allowing for in situ XPS measurements and the other required a
through-air transfer.

Figure 5.9: RHEED intensity oscillations for 10 u.c. film with notes showing the shuttering
process for both films.

In situ XPS was done using heterojunctions fabricated by convention-al oxygen
plasma assisted molecular beam epitaxy. In this case, LSAT substrates were sonicated in
acetone and isopropanol and cleaned in a UV ozone generator and then immediately loaded
into the vacuum chamber. Prior to deposition, the substrates were annealed at 850 °C in a
background pressure of 3 × 10−6 Torr activated oxygen (O and O2) generated by an electron
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cyclotron resonance plasma generator for 15 min. The temperature was then lowered to
700 °C, and the SrTiO3 films were deposited using effusion cells and a shuttered approach.
A homoepitaxial layer was first grown to calibrate the fluxes to within 1%–2% based on a
previously published methodology [155, 156]. SrTiO3 films with thicknesses ranging of 5
and 10 unit cells (u.c.) with TiO2 terminations based on the shutter sequence were then
deposited, along with a 9.5 u.c. SrTiO3 film with an SrO termination. The resulting RHEED
patterns and intensity oscillations are shown in Figure 5.8 and Figure 5.9 respectively.
The TiO2-terminated surface shows half-order diffraction peaks consistent with a
2 × 1 surface reconstruction along the [100] azimuth, which is consistent with our previous
observations and others [145, 146]. We regularly observe these features in the shuttered
growth of SrTiO3 films and have correlated their presence with a TiO2 termination via
angle-resolved XPS (ARXPS) measurements of homoepitaxial SrTiO3 films. No
reconstruction features are present for the SrO-terminated film, but we have verified that
the surface is primarily SrO terminated via ARXPS. Immediately following film growth,
the samples were transferred under ultra-high vacuum to an appended XPS chamber for
band alignment measurements. In the second approach, 5 and 10 u.c. samples were
prepared via a hybrid molecular beam epitaxy approach as described in section 3.3. The
hybrid MBE grown samples were transferred through air and measured using the same
XPS system, both as received and after room-temperature exposure to activated oxygen in
the appended conventional MBE system.

5.3.3 X-ray Photoelectron Spectroscopy
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Figure 5.10: Ta 4d core-level and valence-band spectra for LSAT substrate, with fits to
the data used to calculate the energy difference between the valence band maximum
relative to the Ta 4d5/2 peak.

XPS was carried out using a monochromatic Al Kα X-ray source with a VG Scienta
R3000 electron energy analyzer. Measurements were made at normal emission and 70°
off-normal for additional surface sensitivity. LSAT substrates cleaned by using the same
850 °C heat treatment in activated oxygen were used to measure the binding energies of
the Ta 4d core levels and the valence band, in order to determine the energy difference
between the Ta 4d5/2 peak and the valence band maximum (VBM) for bulk LSAT(001).
These spectra are shown in Figure 5.10 and yield a (ETa4d−EV)LSAT value of 227.62(5) eV.
The energy difference between the Ti 2p3/2 and Ta 4d5/2 peaks for each
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heterojunction, (ETi2p−EVTa4d)HJ, was then measured and combined with the energy
separation between the Ti 2p3/2 peak and the VBM for bulk SrTiO3 (001), (ETi2p−EV)SRTIO3,
which equals 455.95(4) eV, in order to determine the valence band offset (VBO). The
LSAT optical gap of 5.8 eV was determined via spectroscopic ellipsometry measurements
performed on a reference LSAT substrate and was used to estimate the conduction band
offset from the VBO and the band gap of SrTiO3, 3.2 eV.

5.3.4 Discussion
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Figure 5.11: Ti 2p and Ta 4d core level spectra for 10 u.c. TiO2-terminated and 9.5 u.c.
SrO terminated films with fits to the data used to determine valence band offsets.

A summary of the results is found in Table 1. We find a small VBO of -0.2(1) eV for
5 and 10 u.c. TiO2-terminated films, whereas the SrO-terminated and hybrid MBE grown
samples were found to exhibit small but slightly positive VBOs of +0.1(1) to +0.2(1) eV.
A (positive) negative VBO indicates that the SrTiO3 VBM lies at (higher) lower energy
than that of LSAT, as seen in the insets for Figure 5.11. Using the known band gaps for
SrTiO3 and LSAT, we use these VBOs to estimate conduction band offsets (CBO) ranging
from -2.4(1) to -2.8(1) eV. The XPS data and a schematic of the result for the 10 u.c. TiO2terminated and 9.5 u.c. SrO-terminated samples are shown in Figure 5.11.

Table 5.1. Core-level binding energies and band offsets for SrTiO3/LSAT heterojunctions
* Conventional shuttered MBE growth, measured in situ.
** Hybrid MBE growth, measured ex situ.
*** Hybrid MBE growth, measured ex situ after cleaning in oxygen plasma at room
temperature.
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† Δ𝐸𝑉 = (𝐸𝑇𝑖2𝑝 − 𝐸𝑉) − (𝐸𝑇𝑎4𝑑 − 𝐸𝑉 )𝐿𝑆𝐴𝑇 − (𝐸𝑇𝑖2𝑝 − 𝐸𝑇𝑎4𝑑 )𝐻𝐽
§ Δ𝐸𝐶 = Δ𝐸𝑔 - Δ𝐸𝑉 where ΔEg = EgSrTiO3 – EgLSAT and the SrTiO3 and LSAT gaps are taken
to be 3.2 and 5.8 eV, respectively.

The large conduction band offset between SrTiO3 and LSAT clearly demonstrates
that for any SrTiO3-based heterostructures grown on LSAT, electrons will not diffuse into
the LSAT. However, for p-type heterostructures, holes would easily diffuse across the
interface and could become trapped in the LSAT. These results can be intuitively
understood given that both the SrTiO3 and LSAT valence bands have formally d0 cations
(Ta5+, Al3+ and Ti4+), so that the valence bands are almost exclusively of O 2p character
and any holes induced on the oxygen ions would readily migrate across the interface.
The small change in the VBO upon change in surface termination is a curious result
worthy of further consideration. If the films are slightly off-stoichiometry, it is possible
that excess Sr or Ti is present at the surface, resulting in localized patches of SrO or TiO2.
This type of cation rearrangement close to the surface to accommodate off-stoichiometry
has been previously observed in SrTiO3 through synchrotron x-ray diffraction [157] and in
LaAlO3 using RHEED to observe different surface reconstructions [158]. Previous
theoretical papers have suggested that the VBO between SrO and SrTiO3 is 0.2 eV [159],
which is on the scale of our observed difference. However, it is not clear how a surface
band offset between the excess SrO and the SrTiO3 film surface would affect the buried
SrTiO3-LSAT interface. We do not observe any variation in Ti 2p line shape or peak width
that might reveal small amounts of band bending at the surface due to the differing surface
termination. Such band-bending could confuse the results due to the far greater sensitivity
of XPS to the film surface than to the buried interface.
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Given that surface effects are unlikely to be the direct cause of the variation in
measured band offset, it is more likely that variability in the properties of the LSAT surface
are the cause, and that the connection to surface termination is coincidental. The LSAT
(001) surface can exhibit a wide variety of different terminations (A site and B site
terminations with all four cations present in different proportions) and surface defects, such
as SrO island formation after air annealing [137, 138]. While SrO islands would be readily
apparent through RHEED pattern analysis, precise determination of the surface termination
is more challenging. Angle-resolved XPS measurements for an LSAT substrate annealed
in situ prior to growth showed a mixed termination, with no preference for A site or B site
termination, and no surface segregation of particular cations. Post-growth XPS showed a
primarily SrO-terminated film in the case of the 9.5 u.c. film and a mixed termination for
the 10 u.c. film, consistent with the initial mixed termination of the substrate and a
stoichiometric film. We suggest that variability in surface termination and stoichiometry
has a minor effect on the VBO, either directly or via subtle differences in cation mixing at
the interface. The differing termination of a polar/non-polar interface such as the one
present here. The LSAT (001) surface has both positive and negative polarity due to regions
behaving like LaAlO3 and regions behaving like Sr2AlTaO6. [154] Differing terminations of
a polar/non-polar interface such as the one present here has been shown to cause variations

in the degree of intermixing in LaAlO3/SrTiO3 heterostructures. [46]

5.3.5 Conclusion
To summarize, we have determined the valence and conduction band offsets between
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SrTiO3 epitaxial thin films and (LaAlO3)0.3-(Sr2AlTaO6)0.7 substrates using x-ray
photoelectron spectroscopy and spectroscopic ellipsometry. We find that the VBO is
approximately 0 eV, but that the surface termination can produce variations of ~±0.2 eV.
Based on the measured optical band gap of LSAT (5.8 eV), we infer a conduction band
offset of between 2.4 and 2.8 eV. This result indicates that any itinerant electrons in the
system will be confined to the film structure and that any electronic contributions from the
substrate can be safely discounted. However, the variation in the valence band offset with
surface termination indicates that the SrTiO3-LSAT interface dipole may be sensitive to
intermixing and the polarity of the LSAT surface termination (A site vs. B site and variation
of A and B site cations). Care should thus be taken to justify any claims regarding the
interface between these two materials that assume an ideal interface.
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Chapter 6 Growth and Electronic Transport of NdTiO3
Thin Films and NdTiO3/SrTiO3 Heterostructures
Growth of cation stoichiometric SrTiO3 films have been introduced in previous
chapter. In this chapter, we focus on growth of NdTiO3 and NdTiO3/SrTiO3 films and their
electronic transport properties.
Section 6.1 and 6.2 will briefly introduce background and experimental method. We
discuss about growth of NdTiO3 via a hybrid molecular beam epitaxy approach in section
6.3. By intentionally controlling stoichiometry, we report in section 6.4 on the study of thin
the electronic transport properties of NdTiO3/SrTiO3 heterostructures as a function of
cation stoichiometry in NdTiO3.
Despite the symmetry mismatch between bulk NdTiO3 and the substrate, NdTiO3
films grew in an atomic layer-by-layer fashion over a range of cation stoichiometry;
however amorphous films resulted in cases of extreme cation non-stoichiometry.
Temperature-dependent sheet resistance measurements were consistent with Fermi-liquid
metallic behavior over a wide temperature range, but revealed a remarkable crossover from
metal-to-insulator (M-I) type behavior at low temperatures for all compositions. A direct
correlation between cation stoichiometry, transport behavior, and the temperature of M-I
transition is established. This section is mainly adapted from the publication
“Stoichiometry-driven metal-to-insulator transition in NdTiO3/SrTiO3 heterostructures”,
Peng Xu, Daniel Phelan, Jong Seok Jeong, K. Andre Mkhoyan, and Bharat Jalan, Applied
Physics Letters 104, 082109 (2014).
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6.1 Introduction
As described in section 1.2.5, chemical or vacancy doping influences electron
correlations, but also introduces disorder. Examples of experimental attempts to separate
out the effects of electron correlations and disorder include heterostructures involving
cuprate oxides [160] (as well as a range of other magnetic oxides [161, 162]), and interfaces
between band and Mott insulators [163-166]. Nevertheless, even in such heterostructures,
the disorder or defects present in one layer can still influence the electronic and magnetic
properties of the interfaces [50, 167-171].
NdTiO3/SrTiO3 is used as a platform to investigate the role of cation stoichiometry
on interfacial electronic transport at polar/nonpolar oxide interfaces. As mentioned in
section 1.4.1, hole doping effect on bulk NdTiO3 has been well established. Nd deficiency
in NdTiO3 leads to an crystal structure distortion and insulator-metal transition, due to the
interplay between disorder and the Coulomb interaction [58]. However, few experimental
results have been reported on Nd deficiency effects on electronic transport behavior at the
NdTiO3/SrTiO3 interface.

6.2 Experimental Method
Phase-pure, epitaxial NdTiO3 films were grown on (001) LSAT substrates (Crystec
GmbH, Germany) using an oxide MBE system (EVO 50, Omicron Nanotechnology,
Germany) with a base pressure of 10-10 Torr. NdTiO3 films were grown using a hybrid
MBE approach, as described in Chapter 3. Here explains the difference between growth of
SrTiO3 and NdTiO3 thin films. During growth of NdTiO3 thin films, TTIP (99.999% from
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Sigma-Aldrich, USA) was employed as a Ti source and an effusion cell for Nd (99.99%
from Ames Lab, USA). No additional oxygen was used in order to pre since TTIP also
supplies oxygen. Growth conditions for cation stoichiometric NdTiO3 were identified at
the substrate temperature of 900 °C (thermocouple) by varying the TTIP/Nd flux ratio,
where the TTIP flux was kept constant and the Nd flux was varied by changing effusion
cell temperature between 800 °C and 1015 °C. To grow NdTiO3/SrTiO3 heterostructures,
a ~3 nm thick coherently strained, stoichiometric SrTiO3 buffer layer was grown prior to
NdTiO3 thin films.
The growth mode, film thickness, and surface morphology were obtained using insitu RHEED technique. Further structural characterizations were performed using ex-situ
techniques, including high-resolution x-ray diffraction, XPS, AFM, and STEM, as
described in Chapter 2. In XPS measurement, the relative element contents in NdTiO3 film
were calculated using the Nd 3d5/2 and Ti 2p3/2 peaks with relative sensitivity factor 19.33
and 4.69 given by Electron Spectroscopy for Chemical Analysis (ESCA) analysis software
library. DC transport measurements were performed in a PPMS (Quantum Design PPMS)
using van der Pauw geometry. It is noted that the film thicknesses in this study were kept
constant at ~6nm.

6.3 Structural Characterization of NdTiO3 Thin Films and
NdTiO3/SrTiO3 Heterostructures
We begin by discussing growth of NdTiO3 directly on (001) LSAT. Figure 6.1 shows
an X-ray 2θ-ω scan of a 6 nm thick NdTiO3 film, which is consistent with the growth of
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phase pure, epitaxial NdTiO3 on the (001) LSAT substrate. The out-of-plane lattice
parameter, ct (used as a sensitive probe to stoichiometry and relaxation) measured using
first order film reflection (3.99 ± 0.01 Å, see inset of Fig. 6.2(a)) was in excellent agreement
with our calculated estimate ofthe out-of-plane lattice parameter (4.005 Å) indicating that
the film was coherently strained and nearly stoichiometric.

Figure 6.1: (a) High-resolution x-ray 2θ-ω scan of 6 nm thick NdTiO3 film grown on (001)
LSAT substrate. The inset shows a magnified version of NdTiO3 film reflection
corresponding to (001)t NdTiO3 (t refers to pseudo-tetragonal unit cell) on (001) LSAT
substrate and is fitted using Gaussian.

This film was grown with a Ti/Nd flux ratio of 9.6. Identical values of ct were
obtained for the samples with a buffer SrTiO3 layer, and as the Ti/Nd flux ratio was tuned
away from this value (either direction), ct was found to decrease, as shown in Figure 6.2.
We argue that the peak in ct close to the theoretically calculated value corresponds to
1:1 Ti:Nd stoichiometry. Extreme deviations from this ratio led to the absence of film
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diffraction peaks, suggesting that they were amorphous. We note that the decrease in ct is
in sharp contrast to the behavior observed in many complex oxide systems, where the outof-plane lattice parameter often increases with non-stoichiometry defects [105, 147, 148].
Using transmission electron microscopy, we demonstrate below that strain relaxation does
not occur for 6 nm thick stoichiometric films, but the trend of ct decreasing with increasing
non-stoichiometry observed in the present case could be due to a complex relationship
between strain relaxation, non-stoichiometry, and ct and thus should not be attributed only
to non-stoichiometric defects. For instance, strain relaxation can cause a decrease in the
out-of-plane lattice parameter, which has been shown to occur at much lower film
thicknesses in complex oxide for non-stoichiometric compositions [172].

Figure 6.2: The out-of-plane lattice parameter of the NdTiO3 films on 3 nm thick SrTiO3
grown on (001) LSAT substrate. Lattice parameter was determined using the first order
film reflection.
In order to further substantiate the cation stoichiometry, XPS measurements were
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performed on the same sample which we have argued above to possess 1:1 Ti:Nd
stoichiometry. The XPS results confirmed 1:1.03 ratio for Ti:Nd (see Figs. 6.3(a) and
6.3(b)) for stoichiometric NdTiO3. It is noted that while XPS may not be used as a
standalone measure of film’s stoichiometry, often due to surface effects, the results
obtained here are consistent with the HRXRD data.

Figure 6.3: XPS High resolution scan of Nd 5d (a) and Ti 2p (b) spectra for 6 nm thick
NdTiO3 film grown on (001) LSAT. Ratio of areal intensity of these spectra was used to
determine Ti/Nd ratio. NdTiO3 film was grown using Ti/Nd flux ratio of 9.6.

Figure 6.4 shows the time-dependent RHEED intensity oscillations followed by a
nearly constant intensity after 600 s during the growth of the stoichiometric NdTiO3 film.
The fact that the intensity oscillations change to a nearly constant intensity indicates that
film initially grew in a layer-by-layer fashion, before transitioning to a step-flow-growth
mode. The result is consistent with the observed atomic terraces in the AFM images (Figure
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6.5). Irrespective of the symmetry mismatch and the cation stoichiometry, NdTiO3 films
showed atomic terraces in AFM. No such atomic terraces have been reported in similar
heterostructure systems, such as GdTiO3/SrTiO3 [173] and LaAlO3/SrTiO3 [174]. We
suggest that these may appear in the present case because of the less-distorted NdTiO3
structure and the better lattice-matching of the NdTiO3/SrTiO3/LSAT systems. Spotty
RHEED patterns were observed for both Ti- and Nd-rich films, which further disappeared
for extremely non-stoichiometric compositions indicating amorphous morphology (Figure
6.5).

Figure 6.4: Time-dependent reflection high-energy electron diffraction intensity
oscillations for stoichiometric NdTiO3 film grown on LSAT with 3 nm thick SrTiO3 buffer
layer.
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Figure 6.5: AFM image and the corresponding RHEED pattern after growth of NdTiO3
films as a function of cation stoichiometry of NdTiO3.

To further obtain insight into the structure, atomic number-sensitive HAADF STEM
image of NdTiO3/SrTiO3 heterostructures was taken (Figure 6.6), which confirmed the
epitaxial relationship, abrupt chemical interface, phase purity, and the absence of other
extended defects.
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Figure 6.6 Atomic-number sensitive HAADF STEM image of NdTiO3 film grown on 3
nm thick SrTiO3 buffer layer on LSAT substrate. The Inset shows the magnified version
of the interface enclosed in the box showing atomically abrupt interface

6.4 Electronic Transport Behavior of NdTiO3 Thin Films and
NdTiO3/SrTiO3 Heterostructures

Figure 6.7: Resistivity of 6 nm thick stoichiometric NdTiO3 film grown on (001) LSAT
substrate. Inset shows a linear ln(ρ) vs 1/T plot confirming Arrhenius behavior. Solid line
shows Arrhenius fit to the data.

We now turn to the transport properties of the films. No measurable conductivity was
observed in an as-grown 3 nm SrTiO3 film on a (001) LSAT substrate. However,
stoichiometric NdTiO3 films grown directly on LSAT substrates showed semiconducting
behavior with a room temperature resistivity of 1.8 Ω-cm and a temperature-dependence
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consistent with an Arrenhius law with an activation energy of 0.098 eV (Figure 6.7), which
is remarkably close to the value expected from the small polaron hopping conduction in
nearly stoichiometric bulk NdTiO3 (0.084 eV [58]). We argue that higher value of
resistivity obtained in our stoichiometric films as compared to that of the bulk NdTiO3
single crystals (~ 0.3 Ω-cm) could be due to the better stoichiometry control or due to the
reduction of bandwidth under compressive strain.

Figure 6.8: (a) Sheet resistance (Rs) vs. temperature (T) as function of Ti/Nd flux ratio
indicating the metal-to-insulator behavior at low temperature. Dashed line represents the
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Mott minimum metallic conductivity (e2/h, ~25 kΩ-1). (b) Crossover temperature between
metal-to-insulator behavior, TM-I illustrating the metallic-to-insulating phase transition as
a function of Ti/Nd flux ratio. (c) Value of coefficient A as a function of Ti/Nd flux ratio.
The dashed lines show quadratic fits to the data. Vertical line corresponds to the
stoichiometric composition.

Figure 6.8(a) shows the temperature-dependence of sheet resistance for
NdTiO3/SrTiO3/LSAT heterostructures as a function of cation stoichiometry of NdTiO3.
The sample with the stoichiometric composition (i.e. with Ti/Nd flux ratio = 9.6) showed
the lowest sheet resistance (Rs), n-type carriers with a sheet carrier density of 1.2 × 1015
cm-2 and a mobility of ~ 6 cm2V-1s-1 at room temperature. Upon increasing nonstoichiometry, the room temperature Rs was found to increase, yielding a metal-to-insulator
transition near the Mott minimum metallic conductivity (e2/h, ~ 25 kΩ-1 [175]).
It is evident that conduction is associated with the interface given that individual
layers of NdTiO3 and SrTiO3, when grown separately on LSAT substrates, show
semiconducting or insulating behavior as discussed earlier. Moreover, it was found that the
temperature coefficient of sheet resistance (dRs/dT) changes its sign from positive to
negative at low temperature showing a resistance minimum for all samples. Similar
behavior has been reported in the literature for related heterostructures and has been
attributed to weak localization [176, 177]. In the metallic regime (dRs/dT > 0), Rs was
analyzed using the Fermi-liquid model:
𝑅𝑠 = 𝑅0 + 𝐴𝑇 2
where, R0 is the residual sheet resistance due to impurity scattering, A is a constant, which
represents extent of electron correlation in metallic state, and T is the temperature. The T2
dependence of Rs in the metallic regime implicates the electron-electron interaction as the
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dominant scattering mechanism up to room temperature. Remarkably, it was found that the
crossover temperature, TM-I, of the metal-to-insulator behavior and the value of the
coefficient A as determined from the fitting, were strongly correlated with the cation
stoichiometry of NdTiO3 (Figure 6.8 b and c).
Regardless of whether NdTiO3 films in the heterostructures were Nd- or Ti-rich, the
value of TM-I and coefficient A increased, indicating a minimum for stoichiometric
composition. Furthermore, a sharp increase in the value of A near the metal-to-insulator
transition (as a function of Ti/Nd ratio) suggests that strong electron mass enhancement is
driven by disorder, introduced by non-stoichiometry.

Figure 6.9: Hall resistance vs. magnetic field of NdTiO3/SrTiO3/LSAT heterostructures
for varying Ti/Nd flux ratio.
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Moreover, regardless of the cation stoichiometry, these samples showed metallic
conduction, n-type carriers with remarkably high sheet carrier densities of 2 × 1014 cm-2 –
1.2 × 1015 cm-2 and mobilities of 2-6 cm2V-1s-1 at room temperature, as shown in Figure
6.9 and Figure 6.10. The origin of the high electron density (exceeding ½ electron/unit cell,
as one would expect from the electronic reconstruction model using similar material system
[53, 176]) is surprising and may indicate that an additional transport mechanism(s) is at
play. Future experiments and theory about the origin high carrier density at these interfaces
will be described in details in Chapter 7.
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Figure 6.10: Room temperature sheet carrier density and mobility as a function of Ti/Nd
flux ratio.

6.5 Conclusion
In summary, epitaxial growth of phase pure, stoichiometric NdTiO3 films have been
grown in an atomic layer-by-layer fashion using the hybrid MBE approach with excellent
control over cation stoichiometry. Irrespective of cation stoichiometry, transport
measurement of NdTiO3/SrTiO3/LSAT heterostructures yielded remarkably high roomtemperature carrier density and an upturn in Rs at low temperature. A strong correlation
between cation stoichiometry, TM-I and the coefficient A was observed. We suggest that the
fact that both TM-I and A increase for both Nd- and Ti-rich films can be used as a probe of
cation stoichiometry. We further argue that the ability to control MIT using stoichiometry
control can have serious implications for device development. For instance, stoichiometry
control can be first employed to bring the sample near the MIT transition, where carrier
control via electrostatic gating can further be used to drive the transition.
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Chapter 7 Quasi Two-dimensional Electron Gas and
Band Offset at NdTiO3/SrTiO3 Heterointerfaces
In the previous chapter, we discovered the high carrer density in order of 1015 cm-2,
regardless of cation stoichiometry. In this study, we show from experiment and modeling
that such high carrier originates from charge transfer between NdTiO3 and SrTiO3. We
found that the SrTiO3 (8 u.c.)/ NdTiO3 (t u.c) /SrTiO3 (8 u.c.) /LSAT(001) heterostructure
shows the expected electronic reconstruction behavior starting at t = 2 u.c., but then exhibits
a higher carrier density regime at t ≥ 6 u.c. due to additional charge transfer from band
alignment.
Section 7.1 and 7.2 will briefly talk about introduction and experimental methods.
Section 7.3 focuses on growth and structural characterization of NdTiO3/SrTiO3
superlattice. We report the electronic transport behavior of NdTiO3/SrTiO3 and SrTiO3
/NdTiO3/SrTiO3 Heterostructures on section 7.4. Section 7.5 and 7.6 will talk about band
offset measurement and valence state measurement, respectively. Electronic transport
analysis and DFT calculation will be conducted in section 7.7 and 7.8.
This chapter is mainly about the publication “Quasi two-dimensional ultra-high
carrier density in a complex oxide broken-gap heterojunction”, Peng Xu, Timothy C.
Droubay, Jong Seok Jeong, K. Andre Mkhoyan, Peter V. Sushko, Scott A. Chambers,
Bharat Jalan, Advanced Materials Interfaces 3, 1500432 (2016).

7.1 Introduction
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High 2D electron densities are of particular interest for studying low-dimensional
physics in narrow d-band materials, in addition to fabricating novel plasmonic field-effect
transistors (FETs).[178-180] Specifically, plasmonic FETs require a high 2D carrier
density, but high mobility is not needed.[178] The plasma wave velocity, which forms the
basis for plasmonic devices, is directly proportional to the 2DEG density. This requirement
is in contrast to traditional FETs in which a high saturation velocity for electrons, which is
inversely proportional to the carrier density, is required (Figure 7.1).[179]

v
Figure 7.1: Terahertz range, adapted from ref [179].

Structures realizing ultra-high-density 2DEG may thus be transformative and could
serve as building blocks for novel oxide electronics such as plasmonic FETs. There are,
however, only a few oxides accommodating high electron density confined to lowdimensions.[53, 164, 181-184] Filling this materials gap would provide qualitatively new
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opportunities in the field of nanoscale oxide electronic devices including novel plasmonic
and high charge-gain devices.
It is in this chapter that we report the discovery of a quasi-2D ultra-high-density
electron gas exceeding 3×1015 cm-2, which is tunable by means of the NdTiO3 film
thickness in MBE-grown heterostructures. This novel quasi-2DEG results from a brokengap band alignment [185, 186] at the NdTiO3/SrTiO3 interface, which we have
experimentally detected and theoretically verified. We note that such band alignments,
which also form the basis for low-power tunnel field effect transistors, are rare.[187] They
have been positively identified in traditional III-V semiconductor heterostructures[186]
and 2D crystals,[188] and have only indirectly been associated with oxide
heterostructures.[54, 162, 189-193]

7.2 Experimental Methods
NdTiO3/SrTiO3 and SrTiO3/NdTiO3/SrTiO3 structures were grown on (001) LSAT
substrates (Crystech GmbH, Germany) using hybrid MBE. The SrTiO3 thickness was held
constant at 8 u.c. for both the buffer layer and the capping layer unless specified otherwise.
Details of the growth, stoichiometry control and structural characterization of these films
are discussed earlier in Chapter 5 and 6. Structural characterizations were performed using
in-situ RHEED and a range of ex-situ techniques including high-resolution x-ray
diffraction, high-resolution XPS, AFM, STEM and EELS, along with DC transport
measurement, as described in Chapter 2.
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Computational modeling was performed using density functional theory (DFT) by
Dr. Peter Sushko at PNNL. We employed the exchange-correlation functional developed
by Perdew, Burke and Ernzerhof (PBE)[194] and revised for solids (PBEsol)[195] and
projector-augmented wave potentials,[196] and periodic model as implemented in the
Vienna Ab-initio Simulation Package (VASP) code.[197, 198] The Hubbard correction
was applied to the Ti 3d states within the DFT+U approach.[199] The lateral cell
corresponds to the orthorhombic cell of bulk NdTiO3 with in-plane lattice parameters a =
5.525 Å and b = 5.659 Å. The number of unit cell layers (n + m) of [SrTiO3]n/[ NdTiO3]m
heterostructures was varied such that 10 ≤ n + m ≤ 14. The lateral cell of each system was
constrained (a = b = 5.4702 Å) in order to mimic strain induced by the LSAT substrate.
The geometrical structure of each heterostructure was determined using a two-step
procedure. First, the total energy was minimized with respect to the c-axis lattice parameter
and the internal coordinates using U = 2.8 eV for all Ti atoms. (This value of U was preoptimized so as to reproduce the NdTiO3 bulk band gap of 0.8 eV. The lattice parameters
of the bulk SrTiO3 and NdTiO3 determined using U = 2.8 eV are ~1% larger than the
corresponding experimental values.) Then the lattice parameters were fixed and the internal
coordinates were re-optimized using: (i) U = 8.0 eV for the Ti atoms confined by SrO
planes (the corresponding SrTiO3 bulk band gap is ~3 eV), (ii) U = 2.8 eV for the Ti atoms
confined by two NdO planes, and, (iii) the arithmetic average of these U values for Ti
atoms at the interface. This set of parameters was used unless stated otherwise. The 441
Monkhorst-Pack grid[200] was used for geometry optimization and 662 grid for final
electronic structure calculations. All calculations were carried out with the plane-wave cut137

off of 500 eV and in the spin-polarized mode. Since the Néel temperature of the bulk
NdTiO3 is ~95 K and many measurements were performed at room temperature, a
broadening of the occupied Ti 3d band due to spin disorder is expected. To account for this
effect, we considered electrons occupying this band to be ferromagnetically ordered. The
charge density distribution was analyzed using the Bader method.[201, 202]

7.3 Structural Characterization of NdTiO3/SrTiO3 Superlattice

Figure 7.2: (a) HAADF-STEM image of a NdTiO3/ SrTiO3 superlattice grown on LSAT
(001) substrate, (b) Grazing incidence x-ray reflectivity of NdTiO3/SrTiO3 superlattice
along with a fit yielding tNTO = 6 nm, and tSTO = 3 nm, (c) AFM image of the superlattice
with root mean square roughness, 0.15 nm.

We begin by discussing the structural properties of the NdTiO3/SrTiO3 interface,
which are critical to establishing a credible case for the electronic structure. Figure 7.2 (a)
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shows a representative high-angle annular dark-field scanning transmission electron
microscopy (HAADF-STEM) image of a 35 nm thick cross-section of a NdTiO3/SrTiO3
(001) superlattice along the [100] zone axis of the substrate. The image reveals continuous,
coherent, highly planar layers, which extend over long lateral distances with no gross
structural defects or secondary phases. Figure 7.2 (b) shows the accompanying grazing
incidence x-ray reflectivity (GIXR) scan, which exhibits Kiessig fringes and sharp
superlattice Bragg peaks, indicating high structural quality. The well-defined Kiessig
fringes at low qz between the critical angle and the first superlattice Bragg peak further
attest to the highly uniform film thickness and small surface roughness (½ u.c.). Atomic
force microscopy (AFM) images show atomically smooth surfaces (Figure 7.2c).

7.4 Electronic Transport Behavior of NdTiO3/SrTiO3 and
SrTiO3 /NdTiO3/SrTiO3 Heterostructures
Figure 7.3 shows the temperature dependence of the sheet resistance (Rs) for
NdTiO3/SrTiO3/LSAT and SrTiO3/NdTiO3/SrTiO3/LSAT heterostructures as a function of
NdTiO3 thickness (t), with the SrTiO3 thickness held constant at 8 u.c. For the uncapped
NdTiO3/SrTiO3 samples (Figure 7.3a), there is no measurable conductivity for t < 4 u.c.
However, an insulator-to-metal transition occurs at t ≥ 4 u.c. with two distinct metallic
regimes: (i) high Rs (8 u.c. ≤ t ≤ 12 u.c.), and (ii) low Rs (t > 12 u.c.) (Figure 7.3b). Hall
measurements show n-type behavior with a 2D electron density (n2d) of ~ 0.5 e/u.c./interface (~3×1014 cm-2) and a critical thickness of 10 u.c., followed by an increase
leading to saturation at higher t (Figure 7.3c). The first metallic regime results from
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electronic reconstruction. The second results from charge transfer associated with band
alignment, as explained in conjunction with Figure 7.3.

Figure 7.3: Device schematics for (a) NdTiO3/SrTiO3/LSAT and (d) SrTiO3/NdTiO3/
SrTiO3/LSAT heterostructures. Temperature dependence of the sheet resistance (Rs) for (b)
NdTiO3/SrTiO3/LSAT and (e) SrTiO3/ NdTiO3/SrTiO3/LSAT. Two-dimensional electron
density (n2D) as a function of NdTiO3thickness for (c)NdTiO3/SrTiO3/LSAT and (f)
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SrTiO3/NdTiO3 /SrTiO3/ LSAT. The dashed lines are a guide to the eye. The radius of the
circles denoting the data points in panels c and f equals the error bar in carrier
concentrations.
In contrast, metallic behavior is observed for t ≥ 2 u.c. in the SrTiO3-capped
heterostructures (Figure 7.3d-e). The much higher conductivity threshold in the uncapped
system is most likely due to NdTiO3 surface chemical modification resulting from air
exposure, and indicates that surface reactivity can have a strong influence on interfacial
conductivity.[203] Indeed, XPS measurements reveal the presence of both OH and organic
contamination on the surfaces of all specimens and, apparently, that reactions with
atmospheric humidty and/or organics chemically alter the NdTiO3 to the point that its
electronic properties no longer facilitate conductive interface formation with SrTiO3.
Figure 7.3f shows room-temperature n2d (t) vs. t with a nearly constant value of ~1 e/u.c. (equivalent to 0.5 e-/u.c./interface) up to ~ 6 u.c., followed by a monotonic increase
and no indication of saturation with t. As with the uncapped samples, this marks a transition
from one metallic regime resulting from electronic reconstruction to another resuliting
from charge transfer driven by band alignment. This transition at 6 u.c., although not stark
in Figure 7.3f, is more apparent in the Rs (t) data (see Figure 7.4). From these data, the
critical thickness for this tra nsition is clearly 6 u.c. It is noteworthy that unlike the
LaAlO3/SrTiO3 system, the capped heterostructures become conductive starting at only 2
u.c. of NdTiO3, with a carrier density of ~0.5 e-/u.c./interface. As pointed out by Janotti et
al.,[204] this is precisely what is expected for a polar perovskite forming an interface with
a non-polar perovskite. Each NdO layer in contact with SrTiO3 dopes half an electron per
u.c. into the adjacent SrTiO3, and no minimum thickness for conduction is expected.[205]
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As we have found both capped and uncapped heterostructures show a n2d value of ~ 0.5 e/u.c./interface up to a critical thickness, above which the carrier concentration increases.
This observation corroborates with the existence of the two distinct metallic regimes in
Figure 7.2 b and e and will further be illustrated in Figure 7.4.

Figure 7.4: Schematic of the device structure comprised of SrTiO3 (8 u.c.) / NdTiO3 (t u.c.)
/ SrTiO3 (8 u.c.) grown on an LSAT(001) substrate. Dependence of the sheet resistance (Rs)
on NdTiO3 thickness (t).
As described below, neither cation intermixing nor oxygen vacancies nor nonstoichiometry can explain the increase in n2d above the critical thickness. Additionally, the
fact that the n2d values decrease and the Rs values increase when the stoichiometry is
suboptimal is also consistent with cation non-stoichiometry not being the driver of
conduction in this regime. Rather, our x-ray photoelectron spectroscopy (XPS)
measurements reveal that the most likely physical cause for the higher n2d values above the
critical thickness is charge transfer due to a broken-gap band alignment, as discussed below.
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7.5 Band Offset Measurement
We performed band offset measurements using high-resolution XPS[206-209] for a
NdTiO3/SrTiO3 sample set. The binding energy difference between the shallow Sr 3d and
Nd 4d core levels was utilized to obtain the valence band offset (VBO). Doing so requires
measurement of the energy difference between these two core levels and the associated
VBM for a thick film of NdTiO3(001) and a bulk SrTiO3 (001) single crystal, respectively.
We found these energy differences to be 122.34(14) eV for Nd 4d (Figure 7.5b) and
130.54(3) eV[207] for Sr 3d. The error is much larger for Nd 4d than for Sr 3d because of
the extreme breadth of the former and the weak photoemission intensity at the leading edge
of the lower Hubbard band in NdTiO3, as seen in Figure 7.5 a and b.

Figure 7.5: (a) X-ray excited Sr 3d and Nd 4d core-level spectra for NdTiO3/ SrTiO3 (001)
with several NdTiO3 thicknesses and for the inverted interface SrTiO3 (3 u.c.) / NdTiO3
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(18 u.c.) / LSAT (001) heterostructure. (b) The Nd 4d core peak and weak photoemission
intensity on the leading edge of the lower Hubbard band in 18 u.c. NdTiO3/LSAT (001).
(c) Energy-level diagram showing the measured band offsets between SrTiO3 and NdTiO3.
With these values, we determined the VBO to be consistently 3.2(2) eV for NdTiO3
thicknesses of 2, 4, 6, and 8 u.c. on SrTiO3, as well as for a 3 u.c. SrTiO3/18 u.c. NdTiO3
inverted interface on LSAT. Assuming the band gaps of SrTiO3 and NdTiO3 are 3.2 eV and
0.8 eV[58], respectively, Figure 7.5c illustrates that the top of the LHB is equilibrated with
the conduction band minimum (CBM) of SrTiO3, as expected for a type-II broken gap band
alignment and the associated charge transfer. We note that the observed broken-gap
allignement is unique and fundamentally different from classical semiconductor
heterostructures in that it is between the CBM of SrTiO3 and the LHB of NdTiO3 arising
from Mott physics.

7.6 Valence State Measurement
Given that the LHB of NdTiO3 and the CB of SrTiO3 are derived primarily from Ti
3d orbitals,[210] a change in Ti valence is expected to accompany charge transfer.
Specifically, if electrons from NdTiO3 spill over into the SrTiO3, the Ti oxidation state will
exceed 3+ in the NdTiO3 and be less than 4+ in the SrTiO3. These changes in Ti valence
are indeed observed in our scanning transmission electron microscopy electron energy loss
spectroscopy (STEM-EELS) data, and are far more spatially extensive than what is
expected based on either unintentional doping due to cation mixing or oxygen vacancy (VO)
creation, which will be discussed in following. High-angle annular dark-field (HAADF)
STEM images and EELS spectra for a {[NdTiO3]16/[SrTiO3]8}3 superlattice are shown in
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Figure 7.6.

Figure 7.6: (a) HAADF-STEM image of a {[NdTiO3]16/[SrTiO3]8}3 superlattice structure
along with the integrated intensity profile highlighting sharper (yellow ticks) and broader
(blue ticks) interfaces; (b) Ti3+ fraction across SrTiO3/NdTiO3/SrTiO3 as shown in panel c.
The STO at the bottom is the substrate; (c) STEM image of the bottom part of superlattice
showing STO substrate, the first NTO film, and the first STO film; (d) Ti L2,3 and (e) O K
core-loss EELS spectra measured at the positions indicated in (c). The Ti3+ fraction was
obtained using linear least squares fitting to Ti3+ and Ti4+ reference spectra shown in (d).
The asymmetry in the Ti3+ profile (Figure 7.6b) across the SrTiO3/NdTiO3/ SrTiO3
interfaces is due to an asymmetry in the structure; the bottom SrTiO3 layer in Figure 7.6c
has one interface to NdTiO3, whereas the top SrTiO3 layer is sandwiched by two NdTiO3
blocks (see Figure 7.6a). We observe alternating atomically sharper and more diffuse
interfaces for NdTiO3 on SrTiO3, and SrTiO3 on NdTiO3, respectively, similar to what was
observed in the LaMnO3/SrMnO3 superlattice.[211] While the origin of this behavior is not
yet understood, both the HAADF intensity profiles (Figure 7.6a) and the EELS/energy
dispersive X-ray spectroscopy profiles (which will be discusesed in more details in the
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following paragraph) show that cation mixed region is limited to 1-2 u.c. at NdTiO3/ SrTiO3,
and 3-4 u.c. at SrTiO3/ NdTiO3, far smaller than the spatial extent to which Ti3+ (Ti4+) is
found in the SrTiO3 (NdTiO3). The Ti3+ fraction was determined by analyzing the Ti L2,3
EELS spectra shown in Figure 7.6d. Position 1, which is 11 u.c. away from the interface
on one SrTiO3 side, exhibits a spectrum characteristic of Ti4+. We superimpose on this
spectrum a reference spectrum for Ti3+.[212] Note that as the interface is approached, and
at all points within the NdTiO3 layer, the Ti L2,3 EELS spectra reveal a mix of Ti4+ and Ti3+.
Additionally, within the NdTiO3 film, the intensity of the sharp onset peak in the O K-edge
spectra at ~533 eV decreases dramatically and the broad peak at ~539 eV shifts to lower
energy loss, revealing changes in the low-lying unoccupied states which are largely Ti 3d
derived. These fine structure changes are graded across the film and are consistent with
charge transfer from NdTiO3 to SrTiO3, which occurs over considerable distances, similar
to what has been observed in the case of LaTiO3/SrTiO3.[54] The mechanism for the large
spatial extent of Ti3+ in SrTiO3 is very likely due to no confining potential in the SrTiO3
and the electrons delocalize across the SrTiO3 films as a result. Our measurements of the
Sr 3d line shape (Figure 7.5a) do not reveal the broadening, which would signal the
presence of strong band bending and a confining potential at the interface, and our EELS
data clearly shows that the Ti3+ (and, thus, the itinerant electrons) are not confined directly
at the interface. As a result, a significant fraction of Ti4+ (~25%) is present, even in the
center of the NdTiO3 film, and this cannot be accounted for based on either cation
interdiffusion or VO creation, which will be discussed below in more details.
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To investigate the possibility that cation intermixing and/or oxygen vacancy creation
drive the higher n2D values above the critical thickness, we performed elemental energy
dispersive x-ray spectroscopy (EDX) analysis at the NdTiO3/SrTiO3 interface (Figure 7.7a)
using the sharper NdTiO3-on-SrTiO3 interface observed in the HAADF STEM image of
the superlattice structure (see Figure 7.6a).

Figure 7.7: Atomic-resolution HAADF-STEM image (a) and STEM-EDX maps of Ti Kα
(b), O Kα (c), Sr Kα (d), and Nd Lα (e) from an NdTiO3/SrTiO3 interface. (f) A composite
map is produced by superimposing Sr Kα and Nd Lα maps. All maps were simultaneously
acquired along with the HAADF-STEM image using an aberration-corrected FEI Titan G2
60-300 STEM equipped with a Super-X EDX system. O, Nd, and Sr signal variations
across the interface are presented in (g) and (h). The O signal was normalized to the
substrate and the Sr and Nd signals were normalized to each other. A NdTiO3 atomic model
is superimposed in the image. The dotted lines and gray areas were added as guides to the
eye of A-site cation intermixing.
We show in Figure 7.7b-f the EDX elemental maps and in Figure 7.7g-h the
normalized O, Sr and Nd signal profiles across the interface. The oxygen signal was
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normalized to the substrate value. The relative signals (ISr /Itotal and INd /Itotal) for Sr and Nd
were presented for clarity (note that column features in the profile are absent in the relative
signal profiles). A concentration gradient occurs over 2 u.c. for Nd and Sr, revealing an
intermixed region of ~2 u.c. (see Figure 7.7h). We note that probe became broadening and
atomic terraces can also lead to a similar profile at an atomically sharp interface. These
results thus represent an upper limit to the extent of cation interdiffusion.
A similar conclusion is drawn from analysis of the HAADF-STEM intensity profile
(Figure 7.6a). The same analysis of the rougher NdTiO3/SrTiO3 interface leads to a mixed
region of thickness ~3-4 u.c. Significantly, these are much smaller than the length scales
over which changes in the Ti valence occur, establishing that unintentional doping by cation
interdiffusion is not responsible for the change in Ti valence, at least outside of the
intermixed regions.
Additionally, no change in O concentration in excess of the noise occurs across the
interface (Figure 7.7g) as would be expected if O vacancies were the driver of interfacial
conductivity, or the dominant driver for the observed change in Ti valence across the
interface. We also analyzed the O content variation across the SrTiO3/NdTiO3/SrTiO3
interface using the STEM-EELS illustrated in Figure 7.8. It is noted that EELS fine
structure measurements were performed at the same condition as the composition
measurement. The results show that there is no significant change in O concentration across
either interface.
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Figure 7.8: Oxygen concentration variations across a SrTiO3/NdTiO3/ SrTiO3 interface.
The oxygen concentration is estimated by STEM-EELS quantification, enabled by Gatan
Digital Micrograph software, using the same EELS spectra shown in Figure 7.6. The
oxygen concentration was compared to that from a SrTiO3 substrate region (position 1 and
2 in b) and relative concentration variations are presented in (a).

7.7 Electronic Transport Analysis on SrTiO3/NdTiO3/SrTiO3
Hetersotructures
These results raise additional questions. First, does formation of a hole gas occur in
NdTiO3 due to electron transfer to SrTiO3, leading to an insulator-to-metal transition in
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NdTiO3? Second, what causes the critical thickness for charge transfer over and above that
expected from resolution of the polar discontinuity? NdTiO3/SrTiO3 is expected to exhibit
the theoretically predicted value of 0.5 e-/u.c./interface if no compensating defects are
present. The n2d value shows no obvious change as the thickness of the SrTiO3 buffer layer
is modified in Figure 7.9.

Figure 7.9: (a) Schematic of a device structure comprised of 3 nm SrTiO3/2 u.c. NdTiO3/t
u.c. SrTiO3/LSAT, (b) Temperature dependence of the sheet resistance for several SrTiO3
thicknesses; (c) Room-temperature electron density (left-axis) and the mobility (right-axis)
as a function of SrTiO3 thickness.

Figure 7.9 b and c show the temperature dependence of the sheet resistance (Rs) and
the carrier density (n2D) of 8 u.c SrTiO3/ 2 u.c. NdTiO3/ t u.c. SrTiO3/LSAT(001) as a
function of SrTiO3 buffer layer thickness, t, respectively. No substantial or systematic
change in the sheet resistance was observed with increasing SrTiO3 thickness at high
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temperature. However, at low temperatures (< 150 K), higher (lower) sheet resistance was
measured for thinner (thicker) SrTiO3 layers. The room-temperature (RT) carrier density
remains essentially constant at ~7 × 1014 cm-2, which is equivalent to 0.5
electron/u.c./interface. The fact that both RT sheet resistance and 2D carrier density are
independent of the SrTiO3 thickness confirms that there is no bulk conduction in the SrTiO3
layer, and that the carriers are confined to the interface. The deviation in sheet resistance
at low temperatures is likely due to increased interface scattering for thinner SrTiO3 layer,
leading to higher sheet resistance for samples with thinner SrTiO3 buffer layers.
In combination with the broken gap band alignment measured from the XPS, this
result suggests that carriers are confined near the interface and reside on the SrTiO3 side.
The room-temperature electron mobility, which remains close to that of bulk SrTiO3,
further corroborates conduction within the SrTiO3 (see Figure 7.9c).
To address the question of whether or not a hole-gas conduction channel exists in the
NdTiO3, we conducted low-temperature Hall measurements on a representative pair of
samples – one above and one below the NdTiO3 critical thickness. Figure 7.10 shows RHall
(B) at 300 K and 2.5 K for 8 u.c SrTiO3/ t u.c. NdTiO3/ 8 u.c SrTiO3/LSAT structure with
t = 4 u.c. and 24 u.c. Both samples show linear behavior with a negative slope indicative
of majority n-type carriers and the dominance of single-channel conduction. This
observation is in sharp contrast to the nonlinear Hall behavior observed in the
LaTiO3/SrTiO3 superlattices[51, 213] which was attributed to multichannel conduction due
to carriers in multiple sub bands.
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We note that multiple carrier conduction may also be present in our case. However,
it does not manifest itself as a nonlinearity due to differences between the carrier mobility
and carrier density for holes in the NdTiO3 and the same for electrons in the SrTiO3. Given
the presence of both electrons (SrTiO3-side) and holes (NdTiO3-side), as is evident in the
STEM-EELS measurements, it is reasonable to interpret the Hall data using two-carrier
model. In fact, using the two-carrier model based on our proposed charge transfer process,
we can fit the experimental RHall (B) data and extract values for the electron and hole
densities and mobilities. Interestingly, the carrier density for electrons determined using
this model is very similar to the one calculated using a single-carrier model. In what
follows, we describe the model for the SrTiO3/NdTiO3/SrTiO3 heterostructure.

Figure 7.10: Hall measurements at 300 K and 2.5 K of 8 u.c SrTiO3/ t u.c. NdTiO3/ 8 u.c
SrTiO3/LSAT structure for t = 4 u.c. and 24 u.c.

For a two-carrier conduction model, the Hall resistance can be expressed as
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(7.1)

Here 𝜇𝑛 , 𝜇𝑝 and n, p are the mobilities and 2D densities for electrons and holes
respectively. B is the magnetic field and q is the electronic charge.
The total electron density (n) in SrTiO3 has two components, one from electronic
reconstruction associated with resolution of the polar discontinuity (𝑛𝑃𝐷 ), and one from the
charge transfer from the adjacent NdTiO3 blocks (nCT). Note that the 2D hole density (p) in
NdTiO3 is determined by the amount of charge transfer and will thus be numerically equal
to nCT. The total electron density n can be thus expressed as
𝑛 = 𝑛𝑃𝐷 + 𝑛𝐶𝑇

(7.2)

where 𝑛𝑃𝐷 = 6.56 × 1014 𝑐𝑚−2and 𝑛𝐶𝑇 = 𝑝, leading to
𝑛 = 6.56 × 1014 𝑐𝑚−2 + 𝑝

(7.3)

Similarly, the total sheet resistance (𝑅𝑠 ) of the SrTiO3/NdTiO3/SrTiO3 structure can
be expressed as
1
𝑅𝑠

=𝑅

1

1

𝑃𝐷

+𝑅

𝐶𝑇

(7.3)

where 𝑅𝑃𝐷 and 𝑅𝐶𝑇 are sheet resistances due to electronic reconstruction and charge
transfer. Note that the 𝑅𝐶𝑇 term takes into account conductivity from both electrons in
SrTiO3 and holes in NdTiO3 and can thus be expressed as
1
𝑅𝐶𝑇

= 𝜇𝑛 𝑛𝐶𝑇 𝑞 + 𝜇𝑝 𝑝𝑞 = 𝑞𝑝(𝜇𝑛 + 𝜇𝑝 )

(7.4)

Using Equation 7.3 and 7.4, the hole density can thus be expressed as a function of
µn, µp, 𝑅𝑆 , and 𝑅𝑃𝐷 as
𝑝 = 𝑞𝑅

𝑅𝑃𝐷 −𝑅𝑆

𝑠 𝑅𝑃𝐷 (𝜇𝑛 +𝜇𝑝 )
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(7.5)

Inserting equations 7.1 and 7.2 into 7.5, we can now derive Rxy as a function of µp
and µn as
𝑅𝑥𝑦 =

−𝐵
𝑞

(𝜇𝑛 −𝜇𝑝 )(𝑅𝑃𝐷 −𝑅𝑠 )

2𝑛
2 2
+𝜇𝑛
𝑃𝐷 (1+𝜇𝑝 𝐵 )
𝑞𝑅𝑠 𝑅𝑃𝐷
𝜇𝑝 −𝜇𝑛 𝑅𝑃𝐷 −𝑅𝑆 2
2
[𝜇𝑛 𝑛𝑃𝐷 +(
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𝜇𝑛 +𝜇𝑝 𝑞𝑅𝑠 𝑅𝑃𝐷

(7.6)

The above expression represents the most general form of the field-dependent Hall
resistance as a function of 𝑅𝑃𝐷 , 𝜇𝑛 , 𝜇𝑝 , and 𝑅𝑠 in the SrTiO3/NdTiO3/SrTiO3 heterostructure for which the sources of electrons are the interfacial polar discontinuity and the charge
transfer from NdTiO3 to SrTiO3, and the source of holes is only the charge transfer.

Figure 7.11: Hall measurements at 300 K of 8 u.c SrTiO3/ t u.c. NdTiO3/ 8 u.c
SrTiO3/LSAT structure for t = 6 to 24 u.c. The bold lines show the fits to the two-carrier
model.
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Using the above equation, we now fit our experimental Hall data for SrTiO 3/ t u.c.
NdTiO3/SrTiO3 heterostructures where we use the value of 𝑅𝑠 determined experimentally.
We use for 𝑅𝑃𝐷 the sheet resistance measured for SrTiO3/ 3 u.c. NdTiO3/ SrTiO3 in which
no broken-gap charge transfer has occurred, and we assume this value remains constant for
thicker samples. We thus have experimental values for 𝑅𝑃𝐷 , 𝑅𝑆 and 𝜇𝑛 (𝜇𝑛 = 𝑛

1

𝑃𝐷 𝑅𝑃𝐷 𝑞

) in

Equation 7.6, thereby allowing us to determine 𝜇𝑝 by fitting the experimental Hall data, as
seen in Figure 7.11.

Table 7.1: Carrier concentrations and mobilities from the one- and two-carrier models of
conduction

The resulting total electron density n, hole density p, electron mobility µn, hole
mobility µp are summarized in Table 7.1.
From above discussion, we conclude that multichannel conduction may yield linear
RHall (B) behavior if the mobility and the carrier concentration of one of the carrier types
are dramatically different than those of the other. We found that both samples show a
negative linear slope in RHall (B) for -9 T ≤ B ≤ +9 T. We attribute the absence of nonlinearity in RHall (B) to the different density and mobility of holes in NdTiO3 vis-a-vis those
for electrons in the SrTiO3. Evidence that holes are present in the NdTiO3 is understood
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based on the existence of Ti4+ there (see Figure 7.6b). Given that the transition from Mott
insulator to metal is sensitive to band filling of Ti 3d orbitals,[58] it is concluded that an
insulator-to-metal transition has taken place in NdTiO3 due to the electron transfer to
SrTiO3 and corresponding hole doping of the NdTiO3. However, the question of whether
this transition accompanies the small hole-polaron gas formation [214-216] vs. a bandfilling related transition is still open and requires further investigation.

Figure 7.12: (a) The reciprocal of the total sheet resistance (1/RS) for SrTiO3/ NdTiO3/
SrTiO3/LSAT as a function of the NdTiO3 thickness and temperature. The dashed lines are
linear fits to the data. (b) Sheet resistances due to resolution of the polar discontinuity (RPD)
and charge transfer (RCT) at the interface extracted from Equation 7.7.

We show in Figure 7.12a the reciprocal of the total sheet resistance (1/RS) for
SrTiO3/NdTiO3/SrTiO3/LSAT as a function of t and temperature. The reciprocal of the
sheet resistance shows no change up to the critical thickness followed by a linear increase.
We can describe this linear behavior using a simple model based on conduction through
parallel interface layers, one from electronic reconstruction to resolve the polar
discontinuity (sheet resistance = RPD), and one from broken-gap-driven charge transfer
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(sheet resistance = RCT). A linear relationship between 1/RS and t is then expected, as is
indeed observed in Figure 7.12a. The inverse of the total sheet resistance can be modeled
as,
1
𝑅𝑠

=𝑅

2
𝑃𝐷

+

𝑡𝑁𝑇𝑂
𝑅𝐶𝑇

(7.7)

Using Equation 7.7, RPD and RCT can be determined as a function of temperature
(Figure 7.12b). The RPD values agree well with RS values for systems having only a polar
discontinuity contribution, such as GdTiO3/SrTiO3.[53] RCT shows metallic behavior but
with an overall higher sheet resistance, consistent with an insulator-to-metal transition
having taken place in NdTiO3 and contributing a larger resistance to RCT.

7.8 Density Function Theory Calculations
To address the origin of the critical thickness, we seek insight into the atomic-scale
mechanism(s) of charge transfer from ab initio simulations based on density functional
theory (DFT) with help of Dr. Peter Sushko at PNNL. For the purpose of analysis of the
densities of states and charge density distribution, we define the lateral unit cells in terms
of [A1O]0.5 [TiO2] [A2O]0.5 structural units, where A1 and A2 are either Sr or Nd atoms
depending on the position of the layer in the heterostructure. According to this definition,
the [SrO]0.5 [TiO2] [SrO]0.5 cell in the interior of the SrTiO3 and the [NdO]0.5 [TiO2]
[NdO]0.5 cell in the interior of the NdTiO3 are neutral, even if the charges of the SrO, NdO
and TiO2 planes deviate from their formal values. Similarly, the interface [SrO] 0.5 [TiO2]
[NdO]0.5 cell is neutral if the charge associated with the TiO2 plane is equal to half the sum
of the charges of SrO and NdO planes. For example, in the case of the formal charges,
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[SrO]0 and [NdO]+, the [SrO]0.5 [TiO2] [NdO]0.5 cell is neutral if the charge of the TiO2
plane is – 0.5, as expected from the polar discontinuity argument.

Figure 7.13: Density of states for (a) [SrTiO3]9/[NdTiO3]1, and (b) [SrTiO3]6/[ NdTiO3]4
heterostructures projected on the orbitals of atoms in each [AO]0.5[BO2][A'O]0.5 lateral unit
cell. Vertical dashed lines indicate the Fermi energy (EF) in each case. The calculated DOS
were broadened with Gaussian-type functions of full width at half maximum equal to 0.2
eV. Nd, Sr, Ti and O atoms (in the order of decreasing size) are shown with gold, green,
blue, and red colors. The interface TiO2 planes are highlighted with the gray lines. The
neighboring NdO and SrO planes are explicitly labeled.

Figures 7.13 a and b show the density of states (DOS) calculated for
[SrTiO3]9/[NdTiO3]1 and [SrTiO3]6/[NdTiO3]4, respectively, and projected on consecutive
[A1O]0.5[TiO2][A2O]0.5 lateral cells. In the case of [SrTiO3]9/[NdTiO3]1, electrons
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compensating the charge of the [NdO]+ plane are localized within the TiO2 planes
immediately adjacent to the NdO plane (Figure 7.13a), while the rest of the SrTiO3 is
unaffected. As t increases, the NdTiO3 LHB develops, and the Fermi level moves up until
it becomes degenerate with the bottom of the SrTiO3 conduction band, as is apparent for
[SrTiO3]6/[NdTiO3]4 in Figure 7.13b.

Figure 7.14: Average electrostatic potential (red line) and EF (dashed line) calculated for
the [SrTiO3]6/[NdTiO3]6 heterostructure strained to conform to the LSAT lattice. The
positions of the O 2p and Ti 3d band edges with respect to the average electrostatic potential
were calculated separately for the bulk SrTiO3 and NdTiO3, which were in turn strained to
conform to the LSAT lattice.

To further demonstrate this degeneracy, we show the average electrostatic potential
calculated for [SrTiO3]6/[NdTiO3]6 and the band edges of SrTiO3 and NdTiO3 in Figure
7.14. The latter were determined relative to their respective average electrostatic potentials
in pure SrTiO3 and NdTiO3 coherently strained to the LSAT lattice[217].
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Figure 7.15: Density of states (DOS) for [SrTiO3]6/[NdTiO3]n (n=4, 6, 8) heterostructures
projected on the orbitals of atoms in each [AO]0.5[BO2][A'O]0.5 lateral unit cell. Vertical
dashed lines indicate the Fermi energy in each case. The values of the Hubbard U for the
Ti atoms in the NdTiO3 and SrTiO3 were 2.8 and 8.0 eV, respectively. The arithmetic
average of these values was used for the Ti atoms at the interface unit cells. The projected
DOS were smeared with Gaussian functions with the full width at half maximum of 0.2
eV. For the [SrTiO3]6/[NdTiO3]8 superlattice, Nd, Sr, Ti and O atoms (in the order of
decreasing size) are shown with gold, green, blue, and red colors respectively. Gray lines
show the correspondence between the TiO2 planes and the DOS plots. Asterisks mark the
near-interface TiO2 planes inside NdTiO3.

Figure 7.15 shows the density of states (DOS) for [SrTiO3]6/[NdTiO3]n (n=4, 6, and
8) heterostructures projected on the orbitals of atoms in each lateral unit cell consisting of
[AO][BO2][AO] layers (where A = Sr, or Nd, and B = Ti). The interface unit cells, defined
as [NdO]0.5[TiO2][SrO]0.5, give rise to the gap features corresponding to a formal charge of
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~0.5 e– per primitive lateral cell per interface, as expected for the charge redistribution
induced by the polar discontinuity.
The energy maximum of the occupied Ti 3d band in NdTiO3 overlaps with the energy
minimum of the Ti 3d band in SrTiO3 and reveals additional NdTiO3-to-SrTiO3 charge
transfer above and beyond what occurs to resolve the polar discontinuity. As a result, the
NdTiO3 Ti 3d bands near the interface (marked with an asterisk) are narrower than those
deep inside the NdTiO3 part of the heterostructure. We note that the amount of charge
transferred (see Figure 7.20 below), and the extent of this effect on the projected DOS,
depend on the width of the NdTiO3 part of the system, which serves as a source of
transferred electron charge, and on the width of the SrTiO3 part of the system, which
defines the width of the corresponding potential well.
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Figure 7.16: Planar averaged electrostatic potential (black) and z-averaged electrostatic
potential (red) for the periodic [SrTiO3]6 / [NdTiO3]6 heterostructure as a function of zcoordinate along the c-axis of the supercell used to model the heterostructure.

Figure 7.16 shows the planar averaged electrostatic potential (thin black), depicted
as potential energy, and the z-averaged electrostatic potential (bold red) for the periodic
[SrTiO3]6/[NdTiO3]6 heterostructure. The z-coordinate is along the c-axis of the supercell
used to model the heterostructure. The offset between the average electrostatic potential
in the SrTiO3 and NdTiO3 parts of the heterostructure was used to calculate the relative
positions of the valence and conduction band edges using an approach described
elsewhere[217].
For all NdTiO3 thicknesses, the TiO2 planes located between the SrO and NdO planes
carry the amount of charge needed to resolve the polar discontinuity at the NdTiO3 /SrTiO3
interface (formally 0.5 e–/u.c./interface), as expected for an n-type III-III/II-IV polar/nonpolar interface. Once the NdTiO3 LHB becomes degenerate with the SrTiO3 CBM,
additional electron charge is transferred from NdTiO3 to SrTiO3. Given the uncertainty in
the measured value of the SrTiO3/ NdTiO3 band offset, we investigated the dependence of
the electronic structure of [SrTiO3]n/[NdTiO3]m and the charge transfer across the NdTiO3/
SrTiO3 interface on the choice of Hubbard U correction for the Ti 3d states in SrTiO3
(USrTiO3), NdTiO3 (UNdTiO3) and at the interface, which will be shown in the following
analysis.
Figure 7.17 shows the amount and character of the charge redistribution in the
[SrTiO3]n/[NdTiO3]m heterostructures as a function of the value of the Hubbard U
correction in SrTiO3 for three different NdTiO3 thicknesses.
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Figure 7.17: The amount and character of charge redistribution in [SrTiO3]n/[ NdTiO3]m
heterostructures as a function of the Hubbard U correction in the SrTiO3[218] (the value of
UNdTiO3 is fixed at 2.8 eV).
For [SrTiO3]9/[NdTiO3]1, the interface unit cell, defined as [NdO]0.5[TiO2][SrO]0.5
are nearly neutral, as is the SrTiO3 part of the system. As USrTiO3 is decreased below 4.4 eV,
the charge localized at the interface (formally 0.5 e– per lateral cell per interface) is smeared
out over the adjacent SrTiO3 unit cells. For the [SrTiO3]8/[NdTiO3]2 and
[SrTiO3]6/[NdTiO3]6 heterostructures with USRTIO3 > 4.5 eV, the interface is almost exactly
neutral (red and blue circles), and charge is transferred from the inner part of the NdTiO3
(diamonds) to the SrTiO3 (squares). Similar to the case of the [SrTiO3]9/[NdTiO3]1
heterostructure, if USRTIO3 < 4 eV, most of the charge inside SrTiO3 comes from the
interface, while the contribution coming from the inner part of the NdTiO3 becomes small.
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Finally, we note that only the type of charge redistribution seen at USrTiO3 > 4.5 eV is
physically justifiable because below this value the band gap of SrTiO3 is severely
underestimated.

Figure 7.18: Charge profile in the [SrTiO3]6/[NdTiO3]6 heterostructure along the direction
perpendicular to the interface planes as a function of the Hubbard U (in eV) for the Ti 3d
states in NdTiO3 and SrTiO3.
Figure 7.18 shows the charge profile for the [SrTiO3]6/[NdTiO3]6 heterostructure
along the direction perpendicular to the interface planes. The charges are shown for several
values of the Hubbard U (in eV), as applied to the Ti 3d states in NdTiO3 and SrTiO3. The
positive and negative charges accumulate near the edges of the NdTiO3 and SrTiO3 layers,
respectively, while the interface unit cell remains neutral. As the U in SrTiO3 (USRTIO3)
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deceases, the energy minimum of the SrTiO3 conduction band shifts to lower energies, thus
increasing the amount of transferred charge. Similarly, as the U in NdTiO3 (UNdTiO3)
decreases, the energy maximum of the NdTiO3 valence band shifts to higher energies,
thereby also increasing the amount of transferred charge. However, the character of the
charge profile across the heterostructure remains the same for all values of U we
investigated.

Figure 7.19: Charge profile in [NdTiO3]n/[SrTiO3]6 heterostructures for n=4 (top), n=6
(middle), and n=8 (bottom). In all cases, USrTiO3 and UNdTiO3 were held constant at 8.0 eV
and 2.8 eV respectively.

Figure 7.19 shows the charge profile in the [NdTiO3]n/[SrTiO3]6 heterostructures for
n=4, 6 and 8. In all cases, USrTiO3 and UNdTiO3 were held constant at 8.0 eV and 2.8 eV,
respectively. It is apparent from this graph that electron charge is transferred from the inner
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part of the NdTiO3 layer to the inner part of the SrTiO3 layer, whereas the interface (unit
cells 1 and 7) remains neutral. The positive charge inside NdTiO3 tends to accumulate near
the interface for all NdTiO3 thicknesses and it spreads across the NdTiO3 layer as the
NdTiO3 thickness increases. This is attributed to the gradually decreasing Coulomb
repulsion between these positive charges at the two interfaces with increasing distance
between them. We also show that the extent of the charge delocalization within SrTiO3 and
NdTiO3, and the magnitude of the transferred charge, depend on the choice of the Hubbard
U parameters (see Figure 7.18).
Finally, we evaluate the robustness of our conclusion about charge transfer from
NdTiO3 to SrTiO3 with regard to the choice of Hubbard U in the different unit cells in the
heterostructure. Due to technical limitations, the size of the simulated system, in particular
the NdTiO3 component, is much smaller than the size of one heterostructure period shown
in Figure 7.13. A thickness of 6 u.c. of NdTiO3 corresponds to the onset of the charge
transfer observed experimentally. Since the number of transferred electrons is proportional
to the width of the NdTiO3 layer, this quantity is inevitably underestimated in our
simulations and, therefore, the spatial distribution of the charge is underestimated as well.
We apply the standard GGA+U approach, in which the U correction forces localization of
electrons and holes. The extent of this localization depends on the value of the U correction.
However, the relation between U and the spatial distribution of carriers is not
straightforward. Since we had to use a relatively large value of U to reproduce the
experimental band gap in the SrTiO3 part of the system, it is reasonable to assume that the
charge transferred to the SrTiO3 is over-localized.
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To demonstrate that our conclusion is valid, and not an artifact of the exact choices
of U for the different layers, we investigated the dependence of the charge redistribution in
a [NdTiO3]6/[SrTiO3]6 heterostructure on the U (Ti 3d) corrections at the interface and
within the SrTiO3 (USrTiO3) and the NdTiO3 (UNdTiO3). Up to this point we have taken the
simplest approach in which the U value for the Ti atom located at the NdTiO3/SrTiO3
interface was defined as an arithmetic average of USrTiO3 and UNdTiO3. We now consider
eight sets of U(Ti 3d), defined for each TiO2 plane across the heterostructure. The U(Ti 3d)
values were linearly varied across the interfacial region and the slope of U(Ti 3d) vs u.c.
number varied accordingly (see Figure 7.20a). The charge per unit cell, defined as [A1O]0.5
[TiO2] [A2O]0.5 where A1 and A2 are either Sr or Nd (see above), and the total amount of
excess charge in the NdTiO3, SrTiO3, and the interface parts of the system are shown in
Figures 7.20b and c, respectively. These results demonstrate that while the amount of
charge transfer and the extent of the spatial redistribution of the electrons transferred to the
SrTiO3 vary somewhat with the specific choice of U across the NdTiO3/SrTiO3
heterostructure, the overall physical picture is the same and in qualitative agreement with
the experimental data.
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Figure 7.20: (a) Eight sets of values of U (Ti 3d) for each TiO2 plane of the NdTiO3/SrTiO3
supercell. Unit cells 1 & 7 are at the interface, unit cells 2-6 are SrTiO3, and unit cells 812 are NdTiO3. (b) Charge per unit cell associated with each unit cell defined as [A1O]0.5
[TiO2] [A2O]0.5, where A1 and A2 are either Sr or Nd. (c) The dependence of the total
amount of excess charge in the NdTiO3, SrTiO3, and the interface parts of the system.
In all cases the NdTiO3 is positively charged whereas the SrTiO3 is negatively
charged, confirming that the SrTiO3 is electron doped and the NdTiO3 is hole doped. The
amount of transferred charge depends on the thicknesses of the NdTiO3 with a maximum
determined by the thickness of the SrTiO3 layers; the former determines the number of
electrons available for transfer, while the latter determines the width of the potential well
that traps these electrons. Notably, for all values of U and for each [SrTiO3]n/[NdTiO3]m
configuration investigated here, the positive charge appearing in NdTiO3 as a result of such
charge transfer is mainly confined to the edges of the NdTiO3 layer. Yet, the charge tends
to delocalize as the thickness of the NdTiO3layer increases.

7.9 Conclusion
In summary we present the first demonstration of a unique broken-gap complex oxide
heterojunction showing both an ultra-high carrier density 2DEG and nanoscale effects at
the interface between SrTiO3 and NdTiO3. Recent experimental results [219] and
calculations [220] for GdTiO3/SrTiO3/GdTiO3 heterostructures have found that a new state
of matter based on a charge-ordered Mott state can be realized in the band insulator SrTiO3,
suggesting a decisive role for the carrier. Therefore, the inverted heterojunction
NdTiO3/SrTiO3/NdTiO3 may provide an ideal model system to study the physics of chargeordered states in titanates via a highly-confined SrTiO3 quantum well with carrier densities
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much in excess of what have been previously reported. We propose that electron and hole
doping via internal charge transfer may provide an exceptional route to revisit the phase
diagrams of transition metal oxides in the clean limit and to fill the materials gaps by
synthesizing oxides with high concentrations of carrier electrons and/or holes. Ultra-low
sheet resistances in thin-film heterostructures via internal charge transfer could also be
useful for highly conductive electrodes for functional oxide device structures.
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Chapter 8 Electronic Transport and Stoichiometry
Effect on SrTiO3/NdTiO3/SrTiO3 interfaces
From previous chapter, we found carrier density at NdTiO3/SrTiO3 can range from
1014 to 1015 cm-2 owing to electronic reconstruction and charge transfer. In this chapter,
through systematic control of the Nd concentration, we show that the carrier density of the
two-dimensional electron gas (2DEG) in SrTiO3/NdTiO3/SrTiO3 (001) can be modulated
over a wider range. We also demonstrate that the NdTiO3 in heterojunctions without
a SrTiO3 cap is degraded by oxygen absorption from air, resulting in the immobilization of
donor electrons that could otherwise contribute to the 2DEG. This system is, thus, an ideal
model to understand and control the insulator-to-metal transition in a 2DEG based on both
environmental conditions and film-growth processing parameters.
Section 8.1 and 8.2 will briefly talk about introduction and experimental methods.
Section 8.3 focuses on electronic transport behavior of SrTiO3/ 1 u.c. NdTiO3/SrTiO3
Heterostructures. Section 8.4 and 8.5 will talk about role of SrTiO3 cap layer and Nd
vacancies on interfacial conductivity, respectively.
This chapter is mainly adapted from the “Predictive Control over Charge Density in
the Two-Dimensional Electron Gas at the Polar-Nonpolar NdTiO3/SrTiO3 Interface” Peng
Xu, Peng Xu, Yilikal Ayino, Christopher Cheng, Vlad S. Pribiag, Ryan B. Comes, Peter
V. Sushko, Scott A. Chambers, and Bharat Jalan, Phys. Rev. Lett. 117, 106803.

8.1 Introduction
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As shown in Chapter 7, we have demonstrated MBE-grown NdTiO3/SrTiO3
interfaces have achieved a carrier density of 0.5 e-/u.c./interface only for RTiO3 layers of
at least 2-3 u.c., which required an SrTiO3 capping layer. In contrast, the conductivity
threshold for NdTiO3/SrTiO3 heterojunctions without an SrTiO3 capping layer is much
higher (8 u.c.), as shown in Chapter 7.
In this chapter, we present a unified picture of the origin of the 2DEG in
NdTiO3/SrTiO3 (001). The present results shed light on the fundamental properties of
polar-nonpolar heterostructures and provide a novel yet simple route for their control. We
demonstrate that the SrTiO3/1 u.c. NdTiO3/SrTiO3 (001) heterostructure exhibits metallic
conductivity with a carrier density equal to 0.5 e-/u.c. We then show why uncapped
NdTiO3/SrTiO3 (001) interfaces exhibit a much higher conductivity threshold than SrTiO3capped specimens. Finally, we demonstrate that the carrier density in SrTiO3/ ≥ 2 u.c.
NdTiO3/SrTiO3 (001) heterostructures can be tuned through the controlled introduction of
Nd vacancies (VNd). VNd have the effect of increasing the Ti formal charge from 3+ to 4+
via localized hole doping, thereby modulating the carrier concentration.

8.2 Experimental Methods
SrTiO3/ NdTiO3/SrTiO3 structures were grown on (001) LSAT substrates (Crystech
GmbH, Germany) using hybrid MBE. The SrTiO3 thickness was held constant at 8 u.c. for
both the buffer layers and the capping layers. Details of the growth, stoichiometry control
and structural characterization of these films are discussed in Chapter 5 and 6. 8 u.c.
SrTiO3/2 u.c. Nd1-xTiO3/8 u.c. SrTiO3/LSAT (001) samples with different values of x were
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grown by varying the Nd flux, while keeping the TTIP flux constant. Stoichiometric growth
conditions were used for the SrTiO3 buffer and the capping layer.
Several in situ, and ex situ techniques were employed including RHEED, highresolution XRD, high-resolution XPS, AFM and DC transport measurements, as described
in chapter 2.
The computational modeling was conducted by Dr. Peter Sushko at PNNL. The
NdTiO3+x films were represented using the periodic model and a supercell in which the
lateral lattice parameters were constrained in order to reproduce epitaxial strain imposed
by the LSAT substrate (a=b=3.686 Å) and the off-plane parameter was fixed at c = 3.99
Å. The NdTiO3+x supercell corresponds to the 22a0  22a0  2a0 crystallographic cell of
a cubic perovskite; it contains 80 atoms in the fully stoichiometric case Nd16Ti16O48.
To investigate the electronic structure changes associated with NdTiO3+x over
oxidation, the number of lattice oxygen species was increased one-by-one from 48 (x=0)
to 56 (x=0.5). In each case the total energy of the system was minimized with respect to
the fractional coordinates of all atoms. The effect of the oxygen excess on the properties of
NdTiO3+x was interpreted through the analysis of the thermodynamic stability, charge
density redistribution, and the values of on-site electrostatic potential for all atoms.
The calculations were performed using the Vienna Ab Initio Simulation Package
(VASP) [198, 221]. The PAW method was used to approximate the potential produced by
atom cores [196]. Exchange-correlation effects were treated within the Perdew-BurkeErnzerhoff (PBE) functional, modified for solids (PBEsol), as used in the previous chapter.
The calculations were performed using the Monkhorst-Pack mesh of 36 k-points with its
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origin at the  point. The charge and spin density distributions were analyzed using the
Bader method [201, 202]. The total energy was minimized with respect to the internal
coordinates of all atoms. The energies of self-consistent calculations were converged to
10−6 eV/ cell, and the lattice and atomic positions were relaxed until the forces on the ions
were less than 0.02 eV/Å. The oxygen atom incorporation energy was calculated with
respect to an isolated O2 molecule.

8.3 Electronic Transport Behavior of SrTiO3/ 1 u.c. NdTiO3
/SrTiO3

Figure 8.1: (a) Temperature-dependent resistivity for 8 u.c. SrTiO3/1 u.c. NdTiO3/ 8 u.c.
SrTiO3/ LSAT(001). Inset shows the Hall data revealing n-type behavior, and a carrier
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concentration of 0.5 e-/u.c. (b) A structural model of 1 u.c. NdTiO3 layer sandwiched
between SrTiO3 layers.

Figure 8.1 shows the temperature dependence of the sheet resistance (Rs) for 8 u.c.
SrTiO3/1 u.c. NdTiO3/8 u.c. SrTiO3/LSAT(001). Rs first decreases with decreasing
temperature, and then increases below ~70K. Such an upturn is widely ascribed to weak
localization [52], and is consistent with negative out-of-plane magnetoresistance
measurement at 30 K. However, more detailed magnetoresistance measurements are
required to probe magnetoelec transport properties. The inset shows the room-temperature
Hall resistance as a function of magnetic field, the slope indicating n-type conduction with
a carrier density of 3.4 Å~ 1014 cm-2. Interestingly, the carrier density is exactly half the
value expected from the ER by a single monolayer of NdO [54].

8.4 Role of the SrTiO3 Capping Layer on the Interfacial
Conductivity
Next we examine the role of the SrTiO3 capping layer on the interfacial conductivity.
Although capped SrTiO3/ NdTiO3/ SrTiO3 heterojunctions are conductive for as few as 1
u.c. NdTiO3, the conductivity threshold increases to 8 u.c. if no SrTiO3 cap is present, as
described in chapter 7. Additionally, prolonged air exposure converts uncapped conductive
samples into insulators even if the NdTiO3 thickness is greater than 8 u.c.. For instance, asgrown 8 u.c. NdTiO3/SrTiO3/LSAT(001) exhibits a carrier density of 0.5 e-/u.c.
immediately after synthesis, but becomes insulating (Rs > 1 MΩ/sq.) after a few weeks
upon air exposure at room temperature.
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As described in more detail below, our combined experimental and theoretical results
reveal that this transition is caused by oxygen absorption by air-exposed NdTiO3 films,
leading to over oxidation of Ti3+ cations, which in turn prevents polarization doping of the
SrTiO3.
Our first-principles calculations show that stoichiometric NdTiO3 readily
incorporates interstitial oxygen (Oint) and predict that NdTiO3 will absorb oxygen until a
chemical composition of NdTiO3.5 is reached (Figure 8.2).

Figure 8.2: (a) Oxygen atom incorporation energy as a function of excess oxygen
concentration in the Nd16Ti16O48+n supercell, where n is the number of extra oxygen atoms
(n = 0 → 8). (b) View of the Nd16Ti16O48+n supercell representing NdTiO3+x for n=1
(NdTiO3.0625) and n=8 (NdTiO3.5) along the [001] lattice axis. The dashed black circle (left)
highlights a split lattice site occupied by an interstitial and host lattice O2– ions; the thick
bonds between these species are shown to guide an eye only. The distance between these
species is 2.2–2.3 Å. (c) Local atomic structure of a site occupied by an interstitial and host
lattice oxygen anions.
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This result is supported experimentally by the fact that the ratio of O1s and Ti 2p3/2
peak areas in air-exposed NdTiO3 (001) is 46% larger than that for air-exposed SrTiO3
(001) (Figure 8.3). Charge population analysis shows y that incorporation of a single extra
oxygen atom results in the conversion of two Ti3+ ions into Ti4+ ions, while the extra oxygen,
which occupies interstitial sites, acquires an atomic charge indistinguishable from that of
the host lattice O2– ions. Accordingly, the occupied Ti 3d-derived lower Hubbard band in
stoichiometric NdTiO3 is depleted while the width of the O 2p valence band increases with
increasing excess oxygen concentration. As a result, the NdTiO3 layer is unable to dope
the adjacent SrTiO3 layer. It is only when the NdTiO3 film is sufficiently thick and kinetic
limitations prevent oxygen from reaching the buried layers that the NdTiO3 is able to
SrTiO3.
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Figure 8.3: Experimental core-level x-ray photoelectron spectra.

These conclusions are fully supported by our experimental data. We compare in
Figure 8.3 x-ray photoelectron spectra (XPS) for a 10 nm NdTiO3 film with those for bulk
Nb-doped SrTiO3(001).
To facilitate comparison, we have applied a rigid shift to the NdTiO3 binding energies
scales such that the lattice O 1s peak aligns with that for Nb: SrTiO3 (001). Inspection of
the Ti 2p3/2 spectrum for NdTiO3 reveals a complex line shape whereas the spectrum for
SrTiO3 consists of a sharp singlet. The intense feature in the NdTiO3 spectrum at 458.1 eV
is shifted 0.6 eV to lower binding energy from the single peak in the n-SrTiO3 spectrum.
This value is far less than the ~2 eV shift observed in going from Ti4+ to Ti3+ in SrTiO3
doped with high quantities of substitutional La or Nb or O vacancies [222-224]. We assign
this features to Ti4+ in NdTiO3 within the layer of containing excess oxygen, as explained
below. A second significant difference between NdTiO3 and SrTiO3 is found in the O 1s
spectra, also seen in Figure 8.4. The full-widths at half maximum (FWHM) are 1.35 eV for
NdTiO3 and 1.05 eV for SrTiO3.
Low-angle XPS measurements (Figure 8.3) show that the near-surface region of the
NdTiO3 film consists entirely of Ti4+. After proper scaling, taking the difference of spectra
measured along the surface normal and 70° off normal reveals that the deeper NdTiO3
layers consist entirely of the weaker peak seen in Figure 8.4 at 456.8 eV with a broad
shoulder at ~455 eV (Figure 8.4). These results are consistent with a concentration profile
for Oint, which transforms virtually all Ti cations in the near-surface region to Ti4+, and
then falls off with increasing depth, leaving the Ti3+ cations at the bottom of the XPS probe
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depth (~5 nm).

Ti 2p
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NTO - 70o off normal

difference spectrum
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Figure 8.4: Ti 2p spectra for 10 nm NdTiO3/LSAT(001) at normal emission and 70° off
normal, along with their difference, n-SrTiO3(001), and a clean, polycrystalline Ti metal
film. The NdTiO3 surface charged during measurement, thereby requiring a low-energy
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electron flood gun to make spectral acquisition possible, but precluding absolute binding
energy measurement. The n-SrTiO3 and Ti metal films did not charge due to their inherent
conductivity and their binding energies are thus accurate on an absolute scale. The more
intense, high-binding energy feature in the NdTiO3 spectrum at normal emission, and the
single peak in the off-normal spectrum, were thus aligned with the single peak in the SrTiO3
spectrum for easy comparison; their binding energies are not the same, but rather differ by
0.6 eV.

To test these assignments against first-principles simulations, we have calculated the
onsite electrostatic potential for all O and Ti ions in NdTiO3+δ as a function of δ (δ=0.0 →
0.5), which corresponds to the supercell composition Nd16Ti16O48+n (n = 0 → 8). At n = 8,
enough oxygen has been added to the cell to convert all Ti3+ to Ti4+. Since both the O 1s
and Ti 2p atomic orbitals are within the projected augmented wave pseudo-potentials,
variations in the onsite electrostatic potentials are expected to match changes in the
associated core-energy binding levels, assuming the effects of core-hole screening are
independent of δ. The results are shown in the following figures.

Table 8.1. Lattice parameters of NTO used in the calculations of the Ti and O on-site
electrostatic potentials. The strained systems correspond to the films epitaxially strained to
match the LSAT lateral lattice constant.

The values of the on-site electrostatic potential for the Ti atoms are shown in Figure
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8.5. Since it is changes in the potential that are of interest, we express the potentials relative
to their value for Ti3+ in stoichiometric NdTiO3. Each panel in Figure 8.5 corresponds to a
particular set of the lattice parameters which are summarized in Table 8.1 for a single
crystallographic cell. For each set of the lattice parameters, we considered nine chemical
compositions for the supercell, Nd16Ti16O48+n (n = 0 → 8), and plotted the on-site potential
for each Ti cation in the supercell. For example, at n=0, all values of the Ti potential are
the same and correspond to Ti3+ ions only (Figure 8.5), as expected for unperturbed
crystalline NdTiO3.

Figure 8.5: Relative electrostatic potential at the Ti cores, calculated as a function of
oxygen concentration for Nd16Ti16O48+n (n = 0 → 8). The calculations were conducted for
four sets of the lattice parameters corresponding to the experimentally determined and
calculated stoichiometric bulk NdTiO3 (panels (a) and (b), respectively) and to the NdTiO3
epitaxially strained to the LSAT substrate with the off-plane lattice parameters of 3.96 Å
and 3.99 Å (panels (c) and (d)). As n increases, the number of Ti3+ ions decreases and the
number of Ti4+ ions increases. The splitting between the average potential at the Ti3+ and
Ti4+ ions is nearly independent on the choice of the lattice parameters. Arrows point to the
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data points corresponding to the end-point concentrations n=0 (NdTiO3) and n=8
(NdTiO3.5).

In contrast, the potentials show considerable dispersion for n=8, as expected for a
lattice perturbed by interstitials oxygen species. For this oxygen concentration, the
supercell has no Ti3+ ions remaining; all Ti species are converted to Ti4+, as reflected in the
values of the potentials. It is clear that as the interstitial oxygen concentration increases
from n=0 to n=8, the number of Ti3+ (Ti4+) decreases (increases). For both Ti valences, the
spread of the potential values is affected by the distribution of interstitial oxygen.
Importantly, we find that the energy difference between the potentials for Ti3+ and Ti4+ is
nearly independent of the choice of the lattice parameters. The formal charge of each Ti
cation was determined by Bader analysis.

Figure 8.6: Relative electrostatic potential at the oxygen cores, calculated as a function of
oxygen concentration in Nd16Ti16O48+n (n = 0 → 8) for the same sets of the lattice
parameters as in Figure 8.5. Here the values of the potential were shifted so the average
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potential for stoichiometric NdTiO3 is zero. The width of the potential distribution
increases with increasing n but remains independent on the choice of the lattice parameters.
Wide arrows show the direction of increasing concentration of interstitial oxygen; thin
arrows point to the data points corresponding to the end-point concentrations n=0 (NdTiO3)
and n=8 (NdTiO3.5).

The values of the on-site electrostatic potential for the O atoms are shown in Figure
8.6 using the same format as that used for the Ti potentials in Figure 8.5. We aligned the
potentials so as to place the values corresponding to the pure NdTiO3 at zero. As in the
case of Ti, the spread of on-site potential values for the oxygen atoms is nearly independent
on the choice of the lattice parameters.
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Figure 8.7: Theoretical core potentials for 10 nm NdTiO3/LSAT(001) and bulk nSrTiO3(001).
The difference between onsite potentials at Ti4+ and Ti3+ sites in NdTiO3, and the
widths of the potential distributions, show little dependence on the choice of the lattice
parameters. Core potential distributions at O sites (viz. theoretical O 1s spectra) were
constructed by broadening each data point with a Gaussian of the same width as that
measured for O1s in SrTiO3 (1.05 eV). We then averaged these spectra for all nine oxygen
concentrations to represent the gradient within the probe depth of the actual specimen. The
result is shown at the top of Figure 8.7 and is labeled Oint: NdTiO3. The family of theoretical
spectra for Nd16Ti16O48+n, (n = 0 → 8) is shown in the bottom of Figure 8.7. Likewise, the
potentials for each Ti4+ and Ti3+ cation in NdTiO3 were broaden by convolving with
Gaussians of the same widths as those measured experimentally (Figure 8.3) to construct
theoretical Ti 2p spectra. In the absence of detailed information on the Oint concentration
profile, we simulated the experimental spectrum by averaging the theoretical spectra for
the end members (NdTiO3.0 & NdTiO3.5) with weighting factors of 0.25 and 0.75,
respectively. These spectra are also shown at the top of Figure 8.7. Finally, we aligned the
theoretical spectra in the same way as we did the experimental spectra; the energy scale
was shifted so the O peak energy for Oint:NdTiO3 matches that for SrTiO3.
For both Ti and O, we find excellent agreement between the theoretical and
experimental spectra for Oint:NdTiO3 (001). The increase in O 1s FWHM from SrTiO3 to
Oint:NdTiO3, attributed to lattice distortions, is well captured by theory; the theoretical
FWHM is 1.24 eV, compared to 1.35 eV in experiment. Similarly, the calculated energy
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difference between Ti4+ in SrTiO3 and Ti4+ in NdTiO3 (0.4 eV) agrees well with experiment
(0.6 eV), as does the chemical shift between Ti4+ and Ti3+ in NdTiO3 (1.4 eV compared to
1.3 eV). These results shed light on spectral interpretation in recent literature on the Ti 2p
XPS of RTiO3 epitaxial films [225, 226] and underscore that it is the overall electrostatic
environment in addition to formal cation valence determine initial-state effects in XPS.

8.5 Role of Nd Vacancies on the Interfacial Conductivity
The fact that the charge available in NdTiO3 for polarization doping of adjacent
SrTiO3 layers can be immobilized by conversion of Ti3+ to Ti4+ via addition of extra oxygen
suggests that there may be other more controllable ways of tuning the carrier density in
adjacent SrTiO3 layers. One approach is the creation of Nd vacancies (VNd). We
hypothesize that the NdTiO3 lattice will compensate for each VNd by generating three holes
that localize on three Ti3+ cations, thereby reducing the available charge that can be
transferred to SrTiO3 via polarization doping [227]. We show in Figure 8.8 (a) schematic
of the ER model for 2 u.c. of Nd1-xTiO3 layer sandwiched between SrTiO3 layers. Each
(Nd1-xO)1-3x layer should electron dope the adjacent SrTiO3 layer, resulting in a net charge
of 0.5-1.5x e-/u.c./interface. The corresponding total carrier density (n2d) should then be
𝑛2𝑑 = 6.69 × 1014 (1 − 3𝑥) cm−2

(8.1)

In this model, the sandwich structure would yield only 0.5 electron/u.c. (3.3 × 1014
cm-2) for 1 u.c. NdTiO3 (x=0), corresponding to a delta-doped structure at a single
NdO/TiO2 interface (see Figure 8.1). For ≥ 2 u.c. of Nd1-xTiO3, the carrier density is
expected to decrease linearly from 6.69 × 1014 cm-2 with x and reach zero at x = 1/3, as seen
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in Figure 8.8 (b).

Figure 8.8: (a) Schematic illustration of an ER model for a multi-layer of Nd1-xTiO3
sandwiched between layers of SrTiO3. (b) The expected charge density (n2d) based on the
ER model as a function of x.

8.5.1 Structural Characterization of SrTiO3/Nd1-xTiO3/SrTiO3
In order to systematically investigate the effect of VNd on carrier density, we prepared
a series of 8 u.c. SrTiO3/2 u.c. Nd1-xTiO3/8 u.c. SrTiO3/LSAT(001) heterostructures for
different x.The value of x was controlled by varying the TTIP/Nd BEP ratio with a fixed
TTIP BEP. Note that TTIP also supplies the oxygen, so the oxygen flux was also kept
fixed.
Figure 8.9 shows RHEED patterns for the sandwich structures after NdTiO3 growth
but prior to (a) and after (b) the growth of the SrTiO3 capping layer for three different
values of Ti/Nd BEP ratio during NdTiO3 growth. SrTiO3 growth conditions were kept
identical and were optimized to yield a stoichiometric composition, as described in Chapter
5. Surface reconstruction streaks were shown for samples grown at Ti/Nd BEP ratios of
9.6 and 18.5, but no surface reconstruction was observed for highly Nd-deficient samples
(Ti/Nd BEP = 75.4).
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As shown in Figure 8.9 (c), sample with highly Nd-deficient NdTiO3 (Ti/Nd BEP
ratio = 62.8) sandwiched between STO layers shows the film peak (indicated by asterisk),
consistent with a crystalline, epitaxial Nd1-xTiO3 phase. Grazing incidence X-ray
diffraction with fringes, as shown in the bottom panel of Figure 8.9 (c), indicates a smooth
film surface morphology over a large lateral length scale. We emphasize that the 2 u.c.
NTO layer remained crystalline and epitaxial over the full range of VNd concentration.

Figure 8.9: (a) RHEED patterns for the sandwich structures after NdTiO3 growth but prior
to the growth of the STO capping layer, and, (b) RHEED patterns after growth of the
SrTiO3 capping layer for three different values of Ti/Nd BEP ratio during NdTiO3 growth.
White arrows indicate half-order surface reconstruction streaks. (c) (top panel) A
representative wide-angle x-ray diffraction scan of the sample with highly Nd-deficient
NdTiO3 (Ti/Nd BEP ratio = 62.8) sandwiched between STO layers; (bottom panel) Grazing
incidence X-ray diffraction with fringes.
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8.5.2 Electronic Transport of SrTiO3/Nd1-xTiO3/SrTiO3

Figure 8.10: (a) Temperature-dependent resistivity of 8 u.c. SrTiO3/2 u.c. NdTiO3/ 8 u.c.
SrTiO3/ LSAT(001) as a function of Ti/Nd BEP ratio used for NdTiO3 growth. (b) Roomtemperature two-dimensional carrier concentrations, and (c) electron mobility as a function
of Ti:Nd BEP ratio used during NdTiO3 growth. Note that the Ti and O fluxes were kept
fixed.

Figure 8.10 shows Rs vs. T, along with n2d and electron mobility (µ) at room
temperature, as a function of the Ti:Nd BEP ratio. Rs (T) increases with Ti:Nd BEP ratio,
in agreement with our prior work on NdTiO3/ SrTiO3 heterostructure in chapter 6. We also
observe a monotonic decrease in n2d that becomes nearly constant at ~3 × 1013 cm-2 for a
Ti:Nd BEP ratio in excess of 40. Significantly, the overall trend is very similar to the
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behavior expected based on our model (Figure 8.8 b) and the 2DEG density is ~7 × 1014
cm-2 (0.5 e-/u.c./interface) for the stoichiometric composition (Ti/Nd BEP ratio = 7.7).
Given that the VNd concentration was controlled by changing the Nd flux at fixed
TTIP (and, therefore, oxygen) flux, the Ti:Nd BEP ratio (𝑟𝐵𝐸𝑃 ) and 𝑥 can be related by an
empirical relationship
𝑥=

𝑠𝑡𝑜𝑖𝑐ℎ
𝑟𝐵𝐸𝑃 −𝑟𝐵𝐸𝑃

𝛼

(8.2)

𝑠𝑡𝑜𝑖𝑐ℎ
where 𝛼 is a proportionality constant and 𝑟𝐵𝐸𝑃
= 7.7, which is the Ti:Nd BEP ratio for

the stoichiometric NdTiO3. Inserting Equation (8.2) into (8.1), we express 𝑛2𝑑 in terms
of 𝑟𝐵𝐸𝑃 , and 𝛼 as
3

𝑛2𝑑 = 6.69 × 1014 [1 − 𝛼 (𝑟𝐵𝐸𝑃 − 7.7)] cm−2

(8.3)

Using Equation 8.3, we fit the linearly decreasing portion of the experimental data in
Figure 8.8 (b) and obtained a value of 𝛼 = 107. From Equation 8.2, x can be determined as
a function of 𝑟𝐵𝐸𝑃 , providing a relationship between the growth parameters and the VNd
concentration. Using this expression, we calculate x at the critical value of Ti:Nd BEP ratio
(𝑟𝐵𝐸𝑃 = 42) where n2d becomes constant. We obtain a value of 0.32, the same as that
predicted by our model (Figure 8.8 b). This result not only provides direct evidence for the
ER model being operative, but also yields a simple, direct relationship between growth
parameters and the 2DEG density, thereby enabling predictive control over carrier density.
Our data do not allow us to say if VNd induced small-hole polaron transport [214, 228]
within the Nd1-xTiO3 is operative. However, due to the low mobility, the holes are not
expected to contribute to the measured Hall voltage; hence the latter is dominated by
electrons in the SrTiO3, as described in Chapter 7. The other candidate compensation
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mechanism is VO creation. If VO generation occurred, the Nd-deficient NdTiO3 phase would
be Nd1-xTiO3-δ. However, inasmuch as VO is a double donor, n2d would then be given by
(1-3x+2δ) e-/u.c. In this scenario, δ, x, n2d would be related to 𝑟BEP by a more complex
relationship than the Equation (8.3). Additionally, the value of δ would need to be nearly
zero to yield the observed x value at which the carrier density becomes 1 e-/u.c. (x = 0) or
zero (x = 1/3). The good agreement between our data and the simple linear dependence of
Equation (8.3) suggests that the VO creation mechanism is not relevant in these experiments
and that the VNd mechanism dominates.

8.5.3 Properties of Thick Nd-deficient NdTiO3 Thin Films
As a further check of our model, we use XPS to relate the x values inferred from
carrier densities to actual VNd concentrations. In order to do so, we compare core-level
intensities and line shapes for representative uncapped 10 nm films of stoichiometric
NdTiO3 and Nd-deficient NdTiO3 grown directly on LSAT for which x = ~0.08 based on
the 𝑟BEP value. Assuming no change in electron attenuation length and a uniform
distribution of VNd, x should be given by the peak area ratio of any Nd core level (e.g. ANd1xTiO3/ANdTiO3).

However, for 10 nm films without a SrTiO3 cap and with a large x (0.08),

the NdTiO3 film seems to have different surface composition, which complicates the
analysis. As will be shown in the following, the value of x given by ANd1-xTiO3/ANdTiO3 is
0.13, somewhat larger than 0.08.

8.5.3.1 Structural Characterization of Thick Nd-deficient NdTiO3 Thin Films
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Figure 8.11: AFM images and RHEED patterns for 10 nm of (a) NdTiO3 and (b)
Nd~0.9TiO3 on LSAT(001). The RMS roughness values are 0.29 nm in (a) and 0.34 in (b).

Figure 8.11 shows AFM and RHEED data for these two 10 nm films of
stoichiometric NdTiO3and Nd-deficient Nd1-xTiO3 films. The stoichiometric NdTiO3 film
exhibits a streakier RHEED pattern with strong half-order reconstruction streaks, whereas
the Nd-deficient film pattern is less streaky and has weak half-order streaks and a diffuse
background. We note that thinner NdTiO3 film surfaces with the full range of Nd
deficiencies showed better RHEED patterns (see Figure 8.10 (a) for Ti:Nd BEP = 18.5),
indicating thicker (10 nm) Nd-deficient films undergo structural degradation more readily
than do thinner (2 u.c.) films.
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8.5.3.2 Aging Effect of Nd-deficient NdTiO3 Thin Films
To investigate the possibility of the air-exposed, stoichiometric NdTiO3 film
transforming to a pyrochlore structure, we compare in Figure 8.12 RHEED patterns for an
NdTiO3 film grown on an SrTiO3(001) substrate before and after prolonged air exposure.

Figure 8.12: (a) RHEED patterns for an 8 u.c. thick NdTiO3 film on SrTiO3 (001) as grown
(a), and after air exposure (b). (c, d) RHEED pattern and -ray diffraction scan, respectively,
for a Nd2Ti2O7 film grown on SrTiO3 (001) prior to air exposure.

The RHEED patterns were recorded at room temperature. The diffraction streaks
characteristic of a coherently strained perovskite structure remains after air exposure. The
diffuse background is likely due to the surface hydrocarbon contamination, as also detected
in our ex situ XPS measurements. Additionally, we deliberately grew an Nd2Ti2O7 film on
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SrTiO3 (001) which exhibited a pyrochlore structure. A representative RHEED pattern and
an on-axis x-ray scan are shown in Fig. 8.12 c and d. This diffraction pattern is completely
different than that for the air-exposed NdTiO3 film. Based on these data, we rule out
Nd2Ti2O7 formation after prolonged air exposure of perovskite NdTiO3.

8.5.3.3 XPS of Nd-deficient NdTiO3 Thin Films
We performed XPS measurements in order to determine the relationship between x
and 𝑟𝐵𝐸𝑃 . We did not use samples with SrTiO3 cap layers in order to obtain the maximum
signal from the NdTiO3 film. We compared core-level intensities and line shapes for
uncapped 10 nm films of (i) stoichiometric NdTiO3 and (ii) Nd-deficient NdTiO3, both
grown directly on LSAT. We estimate that x = ~0.08 based on the 𝑟𝐵𝐸𝑃 value.
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Figure 8.13: XPS spectra for 10 nm of NdTiO3 and Nd~0.9TiO3 on LSAT(001).

Figure 8.13 shows the overlapping Nd 3d5/2 and O KL2,3L2,3 spectra measured after
through-air transfer. Based on the values of 𝑟𝐵𝐸𝑃 , we estimate x to be ~0.08 for the Nddeficient film. The Nd 3d5/2 peak is a multiplet-split doublet in NdTiO3 because of the
interaction of unpaired spins in the Nd 5p–derived portion of the lower Hubbard band with
the 3d core hole which overlaps the O KL2,3 L2,3 Auger peak. There is a clear diminution in
intensity for the Nd1-xTiO3 film relative to the stoichiometric film.
Fitting each spectrum to a family of Gaussians allows the O KL2,3L2,3 contribution to
be removed from the manifold. Direct comparison of the integrated peak areas for the Nd
3d5/2 portions of each spectrum suggests that
𝐴′
𝑥 = 1 − ( 𝑁𝑑3𝑑⁄𝐴

𝑁𝑑3𝑑

) = 0.13

(8.4)

where 𝐴′𝑁𝑑3𝑑 and 𝐴𝑁𝑑3𝑑 are the combined peak areas for the features at ~973 eV and ~982
eV for the Nd-deficient and stoichiometric films, respectively.
This x value is somewhat larger than what we estimate from the metal fluxes, the
reason being that the film (without a cap layer) undergoes a complex structural and
compositional modification over the course of the 10 nm deposition (or after exposing to
the atmosphere) in response to the high concentration of VNd. The Ti 2p3/2 and O 1s peaks
become more intense and their line shapes change. Direct comparison of the Ti 2p spectra
for NdTiO3 and Nd0.92TiO3 reveals that the near-surface region of the Nd-deficient film is
significantly enriched in Ti4+ compared to the stoichiometric film. The areas resulting from
the peak fitting shown in Figure 8.13 reveal that the Ti4+ 2p3/2 peak area is ~60% larger in
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the Nd-deficient film than in the stoichiometric film. Coupled with a non-negligible (0.2
eV) shift to higher binding energy in the Ti4+ 2p3/2 peak energy upon creating the Nd
vacancies, we conclude that Ti4+ is generated by both hole doping in the Nd0.92TiO3 phase
and by the formation of a secondary phase containing Ti4+. As a result, the increase in Ti4+
concentration upon VNd creation is larger than what is expected based on VNd alone.
Nevertheless, these results are consistent with our assumption of hole doping in the NdTiO3
upon VNd creation, rather than VO generation.
Based on above discussion, the Ti 2p core-level spectra show that the near-surface
region of the Nd-deficient film is enriched in Ti4+ more than expected based on the
concentration of VNd compared to the stoichiometric film, suggesting Ti4+-containing
secondary phase formation. This result thus suggests why the x value is over estimated.
Nevertheless, these data do allow us to qualitatively conclude that reducing 𝑟BEP increases
VNd without introducing VO. Our transport measurements combined with the XPS confirm
ER as the mechanism of carrier generation, and provide a unique pathway for predictive
control over the 2D carrier density via manipulating the formal charge of Ti.

8.6 Conclusion
In summary, we show that NdTiO3/SrTiO3 heterostructures constitute an ideal test
bed for deepening our fundamental understanding of ER at polar/nonpolar interfaces, and
for exploring how such systems might be used in all oxide 2DEG-based transistors. The
combination of tightly controlled MBE growth, detailed characterization, transport and
modeling allows us to understand, tune and predict the properties of a very promising
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materials system, the study of which settles some long-standing issues concerning the true
characteristics of the polar discontinuity as it exists at oxide heterojunctions.
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Chapter 9 Summary and Outlook
The first part of this chapter will summarize this work and offer some insights about
its contribution and impacts. Then, it will focus on the outlook and future direction of
NdTiO3 thin films and heterostructures.

9.1 Summary
Prior to this work, many novel phenomena have been uncovered at complex oxide
interfaces. 2DEG at ABO3 interfaces is particularly interesting, which is achieved when
two insulating oxides form heterostructures. The origin of 2DEG at ABO3 oxide interfaces,
however, came under heated debate prior to this work. While the polar catastrophe modle
was proposed to explain interfacial conductivity, other effects were also considered to play
significant roles. Furthermore, it is unclear how stoichiometry of complex perovskite
oxides affects interfacial transport behavior. Understanding the relationship between thin
film stoichiometry and interface conductivity will allow better understanding of the origin
of 2DEG and enable the precise control of the electronic transport properties.
With regard to this background, this work has attempted to extend the understanding
of the 2DEG at NdTiO3/SrTiO3 heterostructures through control of film thickness,
stoichiometry, growth order and geometry.
We have demonstrated synthesis of phase-pure epitaxial SrTiO3 films on SrTiO3 (001)
and LSAT (001) substrates using hybrid molecular beam epitaxy approaches without
oxygen plasma. The new instrument was successfully calibrated, and the the heat transfer
between the substrate, and the heater was enhanced by depositing a thick Ta layer at the
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back side of the substrates. By comparing the growth of SrTiO3 thin films with and without
oxygen plasma, we have investigated the effect of oxygen plasma on growth window,
surface morphology, and RHEED patterns. With the help of Dr. Scott Chamber’s group at
PNNL, the conduction band offset between the SrTiO3 and LSAT (001) substrate was
determined to be between 2.4 and 2.8 eV, indicating that any itinerant electrons in the
system were confined to the film structure and that any electronic contributions from the
substrate can be safely discounted.
We then used the hybrid MBE approach to grow epitaxial, phase-pure, stoichiometric
NdTiO3 thin films and NdTiO3/SrTiO3 heterostructures. Irrespective of cation
stoichiometry, transport measurement of NdTiO3/SrTiO3/LSAT heterostructures yielded
remarkably high room-temperature carrier density, and a strong correlation between cation
stoichiometry, TM-I, and the coefficient A was observed.
We have further demonstrated that the remarkably high room-temperature carrier
density was from a unique broken-gap band offset. By changing the thickness of NdTiO3,
the critical thickness (~10 u.c.) of NdTiO3 was observed for the extremely high carrier
density. We have also compared the electronic transport behavior of heterostructures with
and without SrTiO3 cap layers, indicating that the surface of NdTiO3 does play a role in
the transport behavior. The conduction band minimum of SrTiO3 is measured to be aligned
with the lower Hubbard band in NdTiO3, and the charge transfer occurs between NdTiO3
and SrTiO3. We have also shown theoretically that the critical thickness of extremely high
carrier density is associated with the thickness of NdTiO3.
Finally, we utilized NdTiO3/SrTiO3 heterostructures to better understand electronic
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reconstruction at polar/nonpolar interfaces. Exact 0.5 electron/u.c. was observed at the
SrTiO3/1 u.c. NdTiO3/SrTiO3 heterostructures. We have also demonstrated experimentally
and theoretically that oxygen can diffuse into NdTiO3 and occupy interstitial sites.
Furthermore, by intentionally introducing Nd vacancies in SrTiO3/Nd1-xTiO3/SrTiO3
heterostructures, carrier density could be precisely controlled, and metal-to-insulator
transition was observed.

9.2 Outlook
1. Strain engineering of NdTiO3/SrTiO3 heterostructures: We have attempted to
demonstrate the origin of 2DEG at complex oxide heterostructures and discovered
remarkably high carrier density at NdTiO3/SrTiO3 interfaces on the LSAT (001) substrate.
LSAT (001) provides an ideal platform with minimum compressive strain, and remains
insulating even at ultrahigh vacuum at elevated temperatures. However, it would be
interesting to see how strain would affect electronic transport behavior at NdTiO3/SrTiO3
interfaces, especially when high carrier density (above 1015 cm-2) is present. As shown in
Chapter 4, LaAlO3 (001) will provide a higher compressive strain to the heterostructures,
whereas DyScO3 (110) and GdScO3 (110) will apply tensile strain to the heterostructures.
Although NdGaO3 (110) gives comparable strain as LSAT (001), the crystal symmetry is
different, because NdGaO3 and LSAT are orthorhombic and cubic crystal structures,
respectively. The challenge associated to that is stoichiometry control of NdTiO3 and
SrTiO3 thin films. Preliminary results show that stoichiometric conditions from SrTiO3 and
LSAT substrate may lead to nonstoichiometric thin films on other substrates. Therefore, it
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is required to reestablish the relationship between thin film stoichiometry and structural
properties, such as out-of-plane lattice parameters from XRD, and Nd:Ti ratio from XPS
on substrates other than SrTiO3 and LSAT. A reciprocal space map would be a powerful
tool to characterize the in-plane strain and strain relaxation in thin films and
heterostructures.
2. Modulation of electronic transport behavior through post-annealing process: Both
experiment and theory indicate that the Ti state in NdTiO3 is air-sensitive, and may
adversely affect the electronic transport behavior of the heterostructures. On the other hand,
this effect can be used to modulate the electronic transport behavior through the postannealing process. Using rapid thermal annealing (RTA) with O2 flow, we can intentionally
diffuse more O into SrTiO3/NdTiO3/SrTiO3 heterostructures, even though such sandwich
structures are stable at atmosphere at room temperature. Preliminary data indicates that a
simple organic protective layer can protect heterostructures from RTA, indicating that
electronic patterns can be made with a combination of photolithography and RTA.
3. Electrostatic gating of NdTiO3/SrTiO3 heterostructures: Besides the RTA process,
another potential way to modulate the electronic transport behavior is through electronic
gating. This can be done by conventional solid gating with a SrTiO3 layer on top as a
dielectric layer, since SrTiO3 is a well-known high K oxide. Alternatively, ionic liquid/gel
gating can help to gate heterostructures, especially when the high carrier densities are
present.
4. Artificial quantum well with extremely high carrier density: We have also
intensively investigated electronic transport at NdTiO3/SrTiO3 heterostructures with and
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without SrTiO3 cap layers. On the other hand, structures like NdTiO3/SrTiO3/NdTiO3 are
also worth studying, because SrTiO3 will accept electrons from both layers of NdTiO3, and
potentially alter the electronic transport behavior from the metallic state to the insulating
state. This quantum well structure has been realized in similar complex oxide structures,
and small polaron hopping was observed at this structure. Emerging physics may exist at
NdTiO3/SrTiO3/NdTiO3 with higher concentrations of carrier density. The potential
challenge in this direction would be that NdTiO3 is very sensitive to air exposure, as
illustrated in Chapter 8. The electronic transport behavior needs to be stabilized when there
is no protective layer for NdTiO3.
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