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Abstract
SrTiO3 is a wide band-gap perovskite oxide semiconductor that is widely
investigated in the bulk form, due to its remarkable electronic properties. These
properties arise from its quantum paraelectric nature which enables unique
features, such as, a high-mobility low-density metallic state, quantum transport in
an unusual limit, and the most dilute superconducting state thus reported. Recent
advances in deposition of oxide thin films and heterostructures have further led to
some remarkable observations, such as, the strain-enhancement of mobility in
doped thin films of SrTiO3, and the presence of 2D electron gases at interfaces
and in delta-doped layers. The presence of magnetic moments and their possible
ordering, and the simultaneous observation of quantum oscillations and
superconductivity, have been reported in these 2D electron gases.
While magnetism has been observed in heterostructures of SrTiO3, there
have been limited reports on magnetism in bulk SrTiO3. The first part of this thesis
(Chapter 3) discusses how circularly polarized light can induce an extremely longlived magnetic moment in slightly oxygen-deficient but otherwise nominally pure
SrTiO3-δ bulk crystals. These magnetic signals, which are induced at zero applied
magnetic field and at low temperatures below ~ 18 K, can be controlled in both
magnitude and sign by means of the circular polarization and wavelength of subbandgap illumination (400-500 nm), and point to the existence of optically
polarizable VO -related complexes in the forbidden gap of SrTiO3-δ, rather than
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collective or long-range magnetic order. The methods used to detect optically
induced magnetization are also discussed (Appendix A).
The phenomenal progress reported in thin films and heterostructures of
SrTiO3 has been possible only by precise control of stoichiometry and defect
density in SrTiO3 using techniques such as oxide/LASER MBE or hightemperature PLD. The next part of the thesis (Chapter 4) demonstrates that high
pressure oxygen RF sputtering from a ceramic target is similarly capable of growth
of high-quality, precisely stoichiometric thin films of SrTiO3. By employing
homoepitaxy on SrTiO3(001) substrates, it is shown that optimization of deposition
temperature (above 750 C), oxygen pressure (above 2.5 mBar) and deposition
rate (below 1.5 Å/min) leads to films that are indistinguishable from the substrate
via grazing incidence and wide-angle X-ray scattering. The importance of preannealing of substrates in oxygen above 900 C and polishing the target prior to
deposition, to obtain bulk-like lattice parameters and eliminate interfacial scattering
contrast, is reiterated. Detailed transport measurements were also performed on
reduced films grown on LaAlO3(001) and LSAT(001) substrates. The films were
found to be semiconducting with mobilities at least an order lower than bulk.
Detection and quantification of trace impurities was carried out using PIXE, and
the possible causes of low mobility and semiconducting transport characteristics
are discussed.
Despite the rapid recent progress in thin film deposition techniques,
controlled dopant incorporation and attainment of high mobility in thin films of
vii

SrTiO3 remain problematic. The last part of the thesis (Chapter 5) discusses the
use of analytical scanning transmission electron microscopy to study the local
atomic and electronic structure of Nb-doped SrTiO3 both in ideally substitutionallydoped bulk single crystals, and epitaxial thin films. The films are deposited under
conditions that would yield highly stoichiometric undoped SrTiO3, as discussed in
the previous chapter, but are nevertheless insulating. The Nb incorporation in such
films was found to be highly inhomogeneous on nanoscopic length-scales, with
large quantities of what is deduced to be interstitial Nb. Electron energy loss
spectroscopy reveals changes in the electronic density of states in Nb-doped
SrTiO3 films compared to undoped SrTiO3, but without a clear shift in the Fermi
edge, that is seen in bulk single crystal Nb-doped SrTiO3. Analysis of atomicresolution annular dark-field images leads to the conclusion that the interstitial Nb
is in the Nb0 state, confirming that it is electrically inactive. It is argued that this
approach will enable future work establishing the vitally needed relationships
between synthesis/processing conditions and electronic properties of Nb-doped
SrTiO3 thin films.
Appendix B and C highlight work related to growth of oxide and metal thin
films, respectively, via sputtering. BaSnO3, a candidate for transparent conductive
oxides and high room-temperature mobility, was deposited via high pressure
oxygen sputter deposition (Appendix B). Reduction of BaSnO3 was established as
a facile route to n-type doping, leading to electron density  5  1019 cm-3, below
10 mcm resistivity, and room temperature mobility of 20 cm2V-1s-1. Appendix C
viii

discusses the growth of single-crystalline Ag for plasmonic applications. Surface
plasma polariton (SPP) wavelengths of sputtered single-crystalline films were
found to be an order higher than the evaporated polycrystalline samples.
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(around the 002 reflections), and (b) 002 rocking
curves (transverse scans) from
SrTiO3(001)/BaSnO3 films as a function of the
BaSnO3 film thickness (from 35 to 450 Å).
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Fig. A.6

Thickness dependence of the out-of-plane lattice
parameter of BaSnO3 films grown on MgO(001).
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Fig. A.7

Cross-sectional HAADF STEM image of a 35 Å
film.
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Fig. A.8

(a) Cross-sectional high-angle annular dark-field
scanning transmission electron microscopy
image from a 300-Å-thick BaSnO3 film on
MgO(001) after reduction via vacuum annealing
at 900 C for 4 hrs. (b)-(e) Energy dispersive Xray spectroscopy maps of the Ba Lα, Sn Lα, O K,
and Mg K peaks.
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Fig. A.9

(a) High resolution WAXRD from a 300-Å-thick
MgO(001)/BSO film before and after vacuum
annealing at 850 C. Temperature dependence
of (b) the (log scale) film resistivity, ρ, (c) the
Hall electron density, n, and (d) the Hall electron
mobility, μ.
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Fig. B.1

Optically coupled SQUID magnetometry.
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Fig. B.2

(a) The temporal evolution of the optically
induced magnetic moment in SrTiO3-δ, as
measured by the optically coupled SQUID,
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shows that magnetization at 5 K is maintained
for hours even after the light has been blocked.
RCP and LCP light induce equal, but opposite,
magnetic moments. (b) No optically induced
magnetic moment is observed when the VO
density is very low, as in unannealed SrTiO3. (c)
Temperature-dependent optically induced
magnetic moment for RCP, LCP, and linearly
polarized pumping as measured by SQUID
magnetometry (adapted, with permission, from
Rice et al. [23]).
Fig. B.3

(a) Experimental configuration used to optically
write magnetic images in SrTiO3-δ at zero field.
(b) Setup used to optically read magnetic
images using raster-scanned MCD. (c, d) 2-D
images of detected magnetic patterns in SrTiO3-δ
(d) adapted, with permission, from Rice et al.
[23]).
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Fig. B.4

(a) Temperature-dependent magnetization (as
measured by MCD at 425 nm) under continuous
pumping with 405 nm LCP light for SrTiO3-δ
crystals having different VO densities. (b)
Optically induced magnetization in SrTiO3-δ as a
function of total photon number for different
illumination intensities. (c) Magnetization, as
measured by MCD at 425 nm, versus magnetic
field with and without LCP optical pumping.
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Fig. C.1

Structural characterization of a 97-nm-thick
c-axis mica/Ag(111) film deposited at 350 °C.
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Fig. C.2

Structural characterization of a 201-nm-thick
c-axis mica/Ag(111) film deposited at 350 °C.
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Fig. C.3

Two-dimensional X-ray diffraction patterns of
200-nm-thick Si(001)/Ag polycrystalline films.
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Fig. C.4

Two-dimensional X-ray diffraction patterns of a
97-nm-thick c-axis mica/Ag(111) film deposited
at 350 C.
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Fig. C.5

AFM images of single-crystalline and
polycrystalline Ag films.
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Fig. C.6

Real component (a) and imaginary component
(b) of the dielectric functions of single-crystalline
and polycrystalline Ag films.
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Fig. C.7

Schematic diagram of the experimental setup for
the measurement of the propagation length of
SPPs on Ag films.
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Fig. C.8

SPP propagation lengths on single-crystalline
and polycrystalline Ag films.
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Fig. C.9

SPP propagation lengths on single-crystalline
and polycrystalline Ag film, after correcting SPPs
that propagate at various angles, .
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Fig. C.10

Comparison of the measured SPP propagation
lengths and a fit.
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Fig. C.11

Scanning electron micrographs of
nanostructures patterned on single-crystalline
and polycrystalline Ag films via FIB milling.
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Fig. C.12

Scanning electron micrographs and roughness
of squares patterned on single-crystalline and
polycrystalline Ag films via FIB milling.
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Chapter 1
Introduction
1.1 Perovskite oxides
SrTiO3 belongs to a class of complex oxides know as perovskite oxides [1,
2]. Named after the mineral CaTiO3, perovskite oxides are oxides that have a
chemical formula of ABO3. Cation A can be either an alkali, an alkaline earth or a
rare earth element that fits into the dodecahedral sites of the structure, whereas
cation B is either a transition metal, group 3 or group 4 element, that occupies the
octahedral sites (Figures 1.1 and 1.2).

(a)

(b)

Fig. 1.1 Sketch of an ideal cubic perovskite structure of SrTiO3, showing (a) a three
dimensional net of corner sharing [TiO6] octahedra with (b) Sr2+ ions in the
dodecahedral sites in between the polyhedra [1].
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A perovskite structure is formed by cations A and B, if the tolerance factor, t,
given by equation 1.1 [3], is in the range of 0.8-1.

=

√

=

√ (

)

……………..………….(1.1)

Here, R denotes the bond length and r denotes the ionic radii. For a cubic
perovskite, t = 1. As t deviates from 1, perovskite structures are still formed, but
with reduced symmetry. This deviation from cubic symmetry often occurs when
cation A is large, and the resulting increase in bond length is accommodated by
tilting of the BO6 octahedra. The ability to accommodate these distortions, while
maintaining the framework of the perovskite structure results in a wide range of
cations that crystallize in the perovskite structure [4-8]. The periodic table in Figure
1.2 shows the elements found in perovskite oxides, at either A or B sites.
Based on the combinations of A and B cations, perovskite oxides display a
wide range of properties, as highlighted in Figure 1.3. Perovskite oxides include:
dielectrics (e.g., BaTiO3, SrTiO3), ferroelectrics (e.g., PbZr1-xTixO3), ferromagnets
(e.g., La1-xSrxMnO3), antiferromagnets (e.g., LaFeO3) superconductors (e.g.,
BaKBiO3), insulators (LaAlO3) and metals (La1-xSrxCoO3), just to name a few.
Owing to this variety, perovskite oxides are used in piezoelectric sensors, acoustic
transducers, capacitors, memory devices, waveguides, solid oxide fuel cells, gas
sensors and catalysts [4-8]. Extensive studies are carried out to understand the
physics behind these properties in order to design new materials or novel devices
using perovskites.
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Fig 1.2 The periodic table of elements showing the elements that are found in
perovskite oxides. Elements that crystallize on the A site are shown in blue, and
those on the B site are shown in red.

Fig 1.3 Diverse range of functionalities displayed by perovskite and derived oxides.
3

Moreover, these properties can be enhanced or modulated via doping, strain
or proximity effects. Doping can be achieved by either substituting the cations at
the A or B site with a heterovalent cation or by causing an oxygen deficit/excess in
the structure. These doped oxides will, thus, have a formula: Ax A'1-x By B'1-y O3±δ .
Each oxygen vacancy can naively be thought of as adding two electrons to the
lattice, hence resulting in n-type doping. In contrast, substitutional doping can
either be n-type or p-type, depending on the charge on the cations. In addition to
the rich variety of intrinsic bulk properties in perovskites, novel phenomena are
observed in thin films, confined structures, interfaces and heterostructures of these
oxides. The fact that these oxides have the same crystal structure and are often
closely lattice matched to each other, opens up an avenue for growing one material
over another, imparting the capability of enhancing or manipulating bulk properties,
combining existing functionalities or even revealing new ones. The interplay
between strain, octahedral tilts and various order parameters also results in the
observation of unique properties at the interface of two perovskites that are not
displayed by either of the constituent oxides.

1.2 SrTiO3: structure and properties
1.2.1 Bulk properties
One of the most widely studied perovskite oxides, SrTiO3, crystallizes in a
cubic structure (Pm3m space group) with a lattice parameter of 3.905 Å at room
temperature [9], transitioning to a tetragonal structure (I4mcm) at 105 K. It gathers
4

a lot of interest in its bulk form due to its remarkable dielectric and electronic
properties. It possesses a high dielectric constant (εr), ranging from 300 at room
temperature to 10’s of thousands at low temperatures. Not only is εr highly
temperature dependent, but it also responds to an applied bias (Figure 1.4). It is
believed that SrTiO3 is an incipient ferroelectric or quantum paraelectric, in which
the onset of spontaneous electric polarization is suppressed by quantum
fluctuations in spite of its proximity to a ferroelectric instability [10-12]. This results
in the flattening of the dielectric response at low temperatures, as shown in Figure
1.4.

(a)

(b)

Fig. 1.4 Temperature and electric field dependence of dielectric constant (ε or ε’,
same as εr in the text) (a) 103/ε vs. T [10], (b) Electric field or bias dependence of
ε’ vs. T [12].
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Along with its unusual dielectric properties, it also has attractive and
potentially useful electronic transport properties. It is a wide band-gap
semiconductor (Eg = 3.2 eV) in its intrinsic form, and can be easily doped n-type
via substitution of La at the Sr site (i.e., SrxLa1-xTiO3), Nb at the Ti site (i.e.,
SrTixNb1-xO3) or via oxygen vacancies to tune its properties all the way from an
insulator in its undoped form to a metal upon doping [13-20]. Figure 1.4 shows the
temperature-dependence of resistivity of doped SrTiO3, emphasizing the multiple
orders of change in its carrier concentration as it transitions from an insulating state
(with n ≤ 1012 cm-3) to a metallic regime at n as low as ~ 1015 cm-3 [20]. This
unusually low critical density for metal-insulator transition, is believed to arise due
to its quantum paraelectricity. The large dielectric constant results in shallow
dopant bands leading to a low-density, high-mobility metallic regime, along with
temperature-independent carrier densities, or, absence of carrier freeze-out for a
range of carrier concentrations [13, 14, 15, 18]. In Figure 1.5, transport
characteristic of oxygen-deficient samples are shown with solid lines, whereas
those of Nb-doped samples are shown with dotted lines. With the highest
temperature and lowest pressure achieved in the laboratory during vacuum
annealing, a maximum of 2 × 1018 carriers per cm-3 are created via reduction.
Whereas, a carrier concentration of about 4 × 1020 per cm-3 can be achieved with
Nb substitution in commercially available single crystals. While attempts to achieve
p-type doping of SrTiO3 have been tried, usually by substitution of Ti4+ by tri-valent
cations like In3+, Cr3+, Sc3+, Fe3+, etc. [21-24], there are no known reports of
6

insulator to metal transition in p-SrTiO3. p-SrTiO3 is found to be semiconducting,
with deep acceptor levels, as determined by both temperature-dependent
transport and absorption studies.

Fig. 1.5 Temperature-dependence of resistivity of SrTiO3 for n ranging from
3.8 × 1015 to 3.8 × 1020 cm-3 [20].
Furthermore, n-type SrTiO3 becomes superconducting in the concentration
range of 3 × 1017 to 3 × 1020 cm-3, at a transition temperature (Tc) of ~ 0.1-0.4 K
[25-33]. Figure 1.6a shows the temperature-dependence of resistivity and
susceptibility of a pellet of SrTiO3 doped via reduction, as measured by Koonce et.
al [26]. The superconducting phase of SrTiO3 is unique in many ways. Firstly, it is
the most dilute superconducting phase known: superconductivity has been
7

observed in samples with carrier concentration as low as ~ 1017 cm-3
corresponding to just 0.003% of oxygen vacancies per formula unit [29].
Additionally, Nerst measurements, by Behnia and co-workers, show that even for
the lowest concentrations, the system has a small but sharp Fermi surface, along
with

a

superconducting

ground

state.

Furthermore,

even

the

earliest

measurements on superconductivity in SrTiO3 observed that the variation of Tc
with n is non-monotonic with a maximum of 0.45 K at n ~ 1020 cm-3, resulting in a
“dome” of superconductivity in the temperature-carrier density phase diagram
(Figure 1.6b). Subsequent reports, based on planar tunneling experiments [27] and
thermal conductivity measurements [31], claim that there are possibly two critical
concentrations or two maxima within the window of concentrations that display
superconductivity. Thermal conductivity measurements, further, confirm the
presence of multiple nodeless superconducting gaps [31]. The jury is still out on
the possible mechanisms that result in a superconducting dome in this material.
The superconductor to insulator transition in SrTiO3 has, recently, been tuned
by application of a gate bias, through an electric-double layer in an organic
electrolyte, to observe a two-dimensional superconductive state below 0.4 K [34].
In this geometry, a constant Tc is observed irrespective of the induced carrier
density due to the modulation of dielectric constant under applied gate bias, which
changes the confinement potential and the width of the accumulation layer. In
addition, the subband structure of SrTiO3 is also greatly modified with the change
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in confinement potential, leading to a fairly constant density of states at the Fermi
level (EF), resulting in a constant Tc in electrostatically doped samples.

(a)

(b)

Fig. 1.6 Superconductivity in SrTiO3. (a) Normalized resistivity and susceptibility
as a function of T in reduced SrTiO3, (b) Tc as a function of carrier concentration
(n) shows a peak at n ~ 1020 cm-3 [26].
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The quantum paraelectric nature, coupled with a large dielectric constant and
a large effective mass, also facilitates the observation of an unusual nondegenerate quantum limit of transport in SrTiO3. However, the low carrier densities
required to observe transport in low temperature and low Fermi energy limit cannot
be easily attained via chemical doping, hence Kozuka et al. employed a
photocarrier doping technique to achieve a homogeneous, low density electron
gas [35]. They observed that the Hall coefficient vanishes at low temperatures and
high fields. This phenomenon occurs at the scale of the ratio of the Landau level
splitting to the thermal energy (i.e. when

ℏ

~ 1), and hence, relates to the

occupancy of the lowest Landau level, within the limit of thermal broadening.
In addition to its fascinating bulk properties, SrTiO3 is also perfectly latticematched with perovskite oxides of various functionalities, leading to tremendous
interest in epitaxial thin films and heterostructures of SrTiO3. The commercial
availability of high-quality single crystals of SrTiO3 in various orientations [36, 37],
sizes and dopant concentrations, along with well-established methods of
controlling their surface termination [38-41], also makes it a popular substrate for
growing epitaxial layers of oxides. The next section describes some of the recent
advances in thin films, interfaces, delta-doped layers and heterostructures of
SrTiO3.
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1.2.2 Thin films and heterostructures
The last three decades have seen tremendous advances in the growth of
high-quality oxide thin films. In particular, pulsed laser deposition (PLD) with in-situ
monitoring, and molecular beam epitaxy (MBE), have been adapted to grow oxide
films and multilayers with atomic scale precision and low defect densities. Owing
to these advances in deposition techniques that enable atomic scale control of the
growing layer, phenomenal results have been reported in thin films and deltadoped layers of SrTiO3.

(a)

(b)

Fig 1.7 (a) Controlled doping of SrTiO3 by La substitution using molecular beam
epitaxy [42]. (b) Temperature-dependence of mobility of an as-grown film and its
evolution under uniaxial compressive strain [44].
By precisely controlling the atomic fluxes of Sr, Ti and La, controlled doping
of thin films has been achieved with hybrid molecular beam epitaxy (MBE) [42].
Complete activation of dopants was observed, i.e., the Hall carrier concentration
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exactly corresponded to the dopant density (Figure 1.7a). The films displayed a
mobility of 53,000 cm2V-1s-1 at low temperatures [43], greater than the highest
reported bulk value of 22,000 cm2V-1s-1, along with Shubnikov-de Haas oscillations
[42]. The enhancement of mobility is a result of careful defect management by
controlled deposition from high-purity elemental sources and organic precursors,
which are devoid of the trace impurities found in commercially available single
crystals of SrTiO3, such as Al, Fe, etc. The mobility could be further enhanced by
application of uniaxial, compressive strain using a three-point bending apparatus
[44]. The mobility values showed a gain of over 300% under strain, resulting in
mobilities higher than 120,000 cm2V-1s-1. While compressive strain has been
utilized to enhance the transport properties, films grown under tensile/compressive
strain also display ferroelectricity at room temperature [45, 46].
Mobility enhancement has also been reported in delta-doped structures of
SrTiO3 [47]. Narrow regions of SrTiO3:Nb, sandwiched between undoped SrTiO3
showed a sharp confinement of carriers, in spite of the high dielectric constant of
SrTiO3. As the doped layer became thinner, the confined charge carriers
experienced a quantum-mechanical broadening, spreading into the undoped
region and showing enhanced mobility at low temperatures. The mobility was
found to be dependent on the thickness of the delta-doped region, reaching a
maximum of 1500 cm2V-1s-1 for thick layers, which is ~ 3-6 times higher than the
mobility values of bulk crystals of comparable carrier concentration ( ~ 1020 cm-3 ).
Such structures facilitate the realization of two-dimensional (2D) high-mobility
12

gases in d electron based systems, a feat previously associated only with sp hybrid
orbital based systems. Another work on delta-doped layers of SrTiO3:Nb reported
the simultaneous observation of superconductivity and Shubnikov-de Haas
oscillations [48]. The high-mobility of this system provides an excellent platform to
investigate the behavior of low density of electrons in reduced dimensions. Unlike
other semiconductors that display superconductivity, such as heavily doped
diamond, silicon, silicon carbide and germanium, SrTiO3 based structures offer an
unusually disorder-free, high mean free path, low-dimensional system to explore
the interplay of superconducting and normal state electrons.
It is noteworthy that the enhancement of mobility recently reported in thin
films and δ-doped structures of SrTiO3 has been possible only by a precise
management of defects during thin film deposition. In fact, one of the biggest
challenges faced with SrTiO3 thin films and heterostructures is that the mobilities
observed in films are significantly lower than those of bulk SrTiO3. Until the
development of hybrid molecular beam epitaxy (MBE) [42], that relies on the use
of high-purity elemental sources to minimize impurities in the films, the record
mobility reported in thin films (6,600 cm2V-1s-1 at 2K) [49] was almost an order lower
than bulk (22,000 cm2V-1s-1 at 4K) [20], for comparable carrier concentration. Table
1.1, shown later in Section 1.4, lists the values of mobility reported in thin films in
the various reports so far. It is only in the recent reports [42, 49] on doped SrTiO3
films that mobilities comparable to bulk are reported. The use of high-purity
elemental sources in MBE or high-purity single crystalline targets in PLD, along
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with careful monitoring of the deposition process using in situ monitoring tools, has
been paramount in observing the phenomenal results reported in recent years.
Section 1.4 discusses the challenges associated with SrTiO3 thin film deposition.
One of the most extraordinary discoveries in recent years has been the
observation of high-mobility 2D electron gas (2DEG) at the interface of two band
insulators - LaAlO3 and SrTiO3 [50]. This observation has generated a lot of
enthusiasm for atomically-engineered oxide heterostructures and interface.
Creation of a 2DEG at this interface is understood as a case of polar catastrophe,
arising due to the layered structure of these oxides. While both the SrO and TiO2
layers in SrTiO3 are charge neutral, the (LaO)+ and (AlO2)- layers are charged.
When LaAlO3 is grown over a TiO2 (or a SrO) terminated interface, there is an
extra half hole (or electron) at the resulting two-dimensional interface. It was found
that while the (AlO2)-/(SrO)0 interface is insulating at all deposition conditions, the
(LaO)+/(TiO2)0 interface is conductive with electrons as charge carriers. The
conductivity showed a clear increasing trend with the reduction of oxygen pressure
during deposition [50]. It was also found that a minimum of 3 unit cells of LaAlO3
are required to observe metallic conduction [51]. The observed 2DEG displayed
features, such as temperature independent carrier concentration and high mobility
(> 10,000 cm2V-1s-1) at low temperatures, which are similar to SrTiO3 and are
believed to be a result of the dielectric properties of SrTiO3. However, the origin
and nature of 2DEGs on this heterointerface is yet to be fully understood. Overall,
the observation of a conductive interface between two insulating oxides has
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generated quite a lot of interest in the oxide community. This interface has, since
then, been used extensively to probe the properties of high-mobility, low-density
electrons in reduced dimensions [48]. Subsequent studies on this interface have
revealed two-dimensional superconductivity, magnetism, field-driven insulator to
metal and insulator to superconductor transitions [52-61].

Fig. 1.8 (a) High sheet carrier densities, that scale with the number of interfaces,
and (b) HRTEM image, of GdTiO3/SrTiO3 multilayer [62].
While δ-doped layers and LaAlO3/SrTiO3 interfaces host low density, highmobility 2DEGs, the interface of SrTiO3 with rare earth titanates (RTiO3, where R
= Gd, Sm, Nd etc.) hosts high density (~ 7 × 1014 per atomic layer), strongly
correlated 2DEGs (Figure 1.8) [62]. They provide an excellent template for
exploring strongly correlated, exchange-dominated electron transport. In
particular, the heterostructures with GdTiO3 – a ferrimagnet with a Tc of ~ 30 K and
15

a Mott insulator, have shown quantum oscillations [63], resonant tunneling [64],
and interface-induced magnetism [65]. This has pioneered modulation [66] and
electrostatic doping, and band alignment engineering of 2DEGs at oxide
interfaces.

1.3 Observation of magnetism at the LaAlO3/SrTiO3 interface
Soon after the discovery of conductivity at the interface of LaAlO3/SrTiO3,
even magnetism was observed at this interface between two non-magnetic oxides
[60]. This is particularly astonishing since both SrTiO3 and LaAlO3 have no
unpaired d-electrons, and are not expected to display any magnetism. The first
report to suggest the possibility of magnetic moments at the interface of these two
oxides showed that the interface displayed negative magnetoresistance of ~ 30%
over a 30T range [60]. This magnetoresistance was found to be independent of
the field orientation, indicating spin scattering of conduction electrons from some
localized moments at the interface, as opposed to orbital effects (such as weak
localization). In addition, the magnetoresistance was found to be hysteretic at low
temperatures (0.3 K), further hinting towards the formation of ferromagnetic
domains at the interface. Subsequently, various groups observed a signature of
magnetism either by direct measurement of magnetization [61] or through
magnetotransport or torque magnetometry studies [52, 53, 67]. Furthermore,
magnetic ordering was observed even in samples that showed superconductivity,
suggesting a magneto-electronic phase separation or coexistence of magnetic and
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Fig. 1.9 Observation of hysteretic magnetoresistance in LaAlO3/SrTiO3 interface
[60].
Coexistence of magnetic order and superconductivity was revealed through
direct imaging using a scanning micro-SQUID magnetometer (Figure 1.10) [68].
Concurrent measurement of the magnetic fields generated by the sample and the
susceptibility of the sample revealed spatially inhomogeneous and weak
superconductivity with a Tc of 100 mK, along with many spatially separated static
dipoles. The density of dipoles was found to be temperature-independent. These
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observations were in direct contrast to the magnetization and susceptibility
landscape of delta-doped layers, which showed spatially uniform superconductivity
and no magnetic order.

Fig. 1.10 Comparison of micro-SQUID images of (a, c) LaAlO3/SrTiO3, and (b, d)
δ-doped SrTiO3 samples. a, b are magnetometry images showing the presence of
magnetic dipoles in a, and c, d map the susceptibility of samples at 40 mK [68].
Other techniques, such as polarized neutron reflectometry [69] and X-ray
measurements [70, 71], have also been used to investigate magnetic order in this
interface. However, polarized neutron reflectometry placed an upper limit of 2 G
on the magnetization of LaAlO3/SrTiO3 superlattice even at 11 T and 1.7K, raising
a question over the previous reports of magnetism at the interface of these oxides
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[69]. On the other hand, a study of varying thicknesses (> 3 unit cells) of LaAlO3
on SrTiO3, using X-ray magnetic circular dichroism (XMCD) and X-ray absorption
[70], reported the presence of Ti3+ at the LaAlO3/SrTiO3 interface. No XMCD signal
was observed perpendicular to the interface, in either of the bulk materials, or in
1-2 unit cell thick LaAlO3 layers. This is consistent with the previous reports of
conductivity, magnetism and orbital splitting in this system, which are observed
only when the LaAlO3 layer thickness is ≥ 3 unit cells. This observation was, thus,
interpreted as a direct evidence of in-plane ferromagnetism at the interface.
Furthermore, signatures of Kondo effect [72] and anomalous Hall effect [73] in
recent studies of gated bulk SrTiO3 crystals have also directed interest towards
possible magnetism in SrTiO3. The origin of magnetic order at this interface, unlike
its bulk constituents, is still poorly understood. However, the reports so far suggest
a role of Ti3+ cations or oxygen vacancies present at the interface [70, 74-80].

1.4 Defect management during thin film deposition
As in the case of conventional semiconductors, such as GaAs, the key to
observing intrinsic properties in reduced dimensions and achieving high mobilities
in oxide thin films is a precise control of stoichiometry and doping in these films.
While high mobilities and controlled doping have been demonstrated in thin films
[42, 43], delta-doped layers [47] and interfaces [50], deposition of SrTiO3 has not
been devoid of challenges. Predominantly, two techniques have been employed
extensively for deposition of oxides – pulsed laser deposition (PLD) and molecular
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beam epitaxy (MBE) [80], in conjunction with in situ monitoring tools, such as
RHEED. Even with such sophisticated techniques, it is challenging to ensure
cation stoichiometry, which is paramount in light of how sensitive the transport
properties are to minor changes in stoichiometry or growth conditions, in particular
the oxygen pressure during deposition [49, 50, 82-89].

Fig. 1.11 (a) Schematic illustration of deposition geometry used during PLD, (b)
Atomic percentage of Sr (Sr/[Sr+Ti]) as a function of growth geometry and laser
fluence for SrTiO3 films grown on NdGaO3 substrates. The dashed line indicated
XPS results for bulk, stoichiometric SrTiO3 [82].
In the case of PLD, it is found that slight variations in laser fluence, growth
geometry and oxygen pressure can have a profound impact on cation
stoichiometry, strain relaxation mechanisms, dielectric properties and thermal
properties of SrTiO3 films [82, 84, 85]. Fig. 1.11 shows the influence of fluence
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and deposition geometry, reported in a recent study [82], on the Sr/Ti ratio in the
film determined via X-ray photoelectron spectroscopy (XPS). This is contrary to
the general understanding of deposition techniques, such as sputtering and PLD,
in which the deposition takes place from a target that has the same concentration
as the one desired in the film. It is expected that the stoichiometry in the film will
closely match the cation ratio in the target [81]. However, in the case of SrTiO3 and
other oxide films, it has been reported that the concentration of point defects, such
as VSr + VO Schottky defects, VO and anti-site defects, strongly depends on the
deposition conditions [49, 89, 90]. Hence, a careful management of defects is
required during growth, even when starting with a stoichiometric target.
The inability to control such point defects, merely by starting with the PLD or
sputtering targets of the desired concentration, makes it particularly challenging to
incorporate dopants in SrTiO3 thin films. Even when the dopant atoms are
incorporated in the films, they are found to be electrically inactive, or only partially
activated. Moreover, the thin films of Nb or La doped SrTiO3, display mobilities and
conductivities much lower than bulk SrTiO3. Table 1.1 summarizes the highest
mobility reported in each of the cited reports on doped thin films of SrTiO3 [43, 49,
88, 91-93]. Highest mobility reported in bulk SrTiO3 [20] is also shown for
comparison. It is noteworthy that except for the two recent reports, most of the
previous work on SrTiO3 has reported limited mobilities or conductivity in thin films.
As has been found recently [42, 48], incorporation of dopants in SrTiO3 and
achieving bulk-like mobilities is non-trivial. First and foremost, high-purity
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elemental sources (in MBE) and single crystalline SrTiO3 targets (in PLD) are
required to minimize impurities in the films. In addition to that, precise management
of defects during deposition is also necessary, as discussed next. Another
noteworthy fact in Table 1.1 is that while doping via oxygen vacancies is commonly
employed to dope bulk SrTiO3, there are only a limited number of reports about
transport in oxygen-deficient thin films.
Table 1.1 Summary of mobility values reported in doped thin films. Highest mobility
reported in bulk SrTiO3 [20] is also shown for comparison.

Reference

Deposition
Method

Substrate

Dopant

μ (300 K)
[cm2V-1s-1]

μ (4 K)
[cm2V-1s-1]

43

Hybrid
MBE

LSAT

La

10

53,000 (2K)

49

PLD,
high T

STO

Nb

-

6,600 (2K)

91

PLD

STO

La

~4

20-40

92

PLD

STO, LAO

Nb

3

-

93

PLD

SrLaAlO4

La

6

300

88

RF
magnetron
sputtering

LSAT

La, Nb,
Vo

5.5

-

20

Bulk

Vo, Nb

10

22,000

As far as substitutional doping is concerned, the two most successful
approaches are described next. Deposition of SrTiO3:Nb via PLD employs a twostep process [49]. The first step is to ensure a precise cation stoichiometry, at the
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cost of forming oxygen vacancies, by depositing the films at high temperatures and
low oxygen partial pressures. This is followed by an in situ or ex situ oxygen anneal
post-deposition to fill in the oxygen vacancies. The authors suggest that due to a
higher probability of forming Sr partial Schottky defect than a Ti vacancy, low
oxygen pressures were used during growth to minimize the loss of Sr. However,
this process requires high temperatures (in excess of 1000 oC) at which the
probability of forming a VSr is inversely related to the probability of forming a VO.
Only such high deposition temperatures led to films that showed bulk-like lattice
parameters and any measurable conductivity (Figure 1.12).

Fig. 1.12 Expansion of the out-of-plane lattice constant from the bulk value of
3.905 Å and electron mobility at 2K, as a function of growth temperature during
PLD deposition for 0.1 at.% SrTiO3:Nb films [49].
However, it should be noted the mobility values were still found to be less
than the bulk mobility (see table 1.1). While the authors verified no diffusion of Nb
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from the film in the substrate or capping layers, such high growth temperatures
may be problematic during growth of multilayers involving other materials that
require sharp interfaces, with low tolerance for intermixing.
The second approach is based on MBE. Similar to the precise control of
fluence in PLD, MBE deposition of SrTiO3 also requires a fine control of atomic
fluxes [42, 43, 94 – 100]. However, the absence of a volatile component in SrTiO3
phase diagram, unlike in the case of GaAs, for instance, precludes the existence
of a “growth window” in which stoichiometric growth is possible. Additionally,
growth at low pressures often results in oxygen deficiency in MBE-grown films.
Hence, multiple modifications have been made to the conventional MBE in order
to tackle these issues involved in the growth of complex oxides. The use of reactive
oxidants such as ozone, alternate sources of cations that are bonded to oxygen,
or metal organic precursors that supply oxygen have been tried. Development of
a hybrid MBE approach that employs a metal organic volatile source for Ti (TTIP)
has been developed by Jalan et al. [97, 98]. This approach opens up a “growth
window” for deposition of stoichiometric SrTiO3. Even with this approach,
sufficiently high temperatures (≥ 800 oC) are required to widen the growth window
(Figure 1.13). Moreover, it was also found that growth temperatures > 870 oC are
required to eliminate contamination at the substrate surface, as determined by
cross-sectional high-resolution transmission electron microscopy (HRTEM) of the
interface [96]. Bulk-like lattice parameters with vanishing interfacial contrast via
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high-resolution X-ray diffraction have been reported for stoichiometric films grown
by this approach, as shown in Figure 1.14.

Fig. 1.13 Evolution of lattice parameter of MBE-grown homoepitaxial SrTiO3 at
various temperatures, as a function of Ti to Sr flux. Ti is supplied through a metaorganic volatile precursor (TTIP) [97].
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Fig. 1.14 High-resolution wide-angle X-ray diffraction patterns of homoepitaxial
SrTiO3 films deposited via MBE. X-ray diffraction can be used as a probe of
stoichiometry, as even slight deviations in cation stoichiometry (of an order of
0.1-1 percent) result in the observation of expanded lattice parameter and finite
size fringes. Stoichiometric films are indistinguishable from the bulk [97].
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This approach has been successfully used to grow substitutionally doped
SrTiO3:La films [42], resulting in dopant incorporation and one-to-one
correspondence between dopant concentration (as determined via secondary
mass ion spectroscopy) and Hall carrier concentration in the films. These films
show the highest reported mobility of 53,000 cm2V-1s-1 at low temperatures [43],
due to the absence of contaminants such as H, C, and trace amounts of Fe, Al,
etc. that could compensate the donors and add to scattering from defects and
impurities.

1.5 Open questions
Despite the attractive properties of bulk SrTiO3, and considerable advances
in growth of thin films and heterostructures that display fascinating phenomena,
there are many unanswered questions about this material. This section discusses
some of the open questions that have been the focus of this work.
As discussed in Section 1.3, a wide variety of unusual magnetic phenomena
have been observed at the interface of SrTiO3 and another non-magnetic, insulator
LaAlO3. While XMCD and XAS measurements on LaAlO3 films grown over SrTiO3
substrates do indicate the presence of Ti3+ at the interface that is believed to play
a role in the observation of magnetism at the LaAlO3/SrTiO3 interface, polarized
neutron reflectivity measurements on LaAlO3/SrTiO3 superlattices discount the
presence of any magnetization beyond 2 G. Signatures of Kondo effect and
anomalous Hall effect have also been reported in bulk crystals upon gating. This
27

is particularly surprising since there are no unpaired spins in SrTiO3. Hence, the
intriguing question of whether SrTiO3 can host magnetic moments, perhaps even
magnetic order, remains to be answered. Moreover, even though defects,
especially oxygen vacancies (VO), in SrTiO3 are generally believed to play a role
in these magnetic phenomena, a direct evidence for that is missing. Through
collaboration with Dr. Scott Crooker and his colleagues at Los Alamos National
Laboratory, we have investigated the possibility of magnetism in oxygen-deficient
bulk SrTiO3 crystals. We report that persistent magnetization can be induced
optically in SrTiO3 at low temperatures (up to ~ 18 K), as determined by magnetic
circular dichroism and SQUID magnetometry (Chapter 3). Appendix B describes
the methods used for this work.
Secondly, in order to observe the intrinsic properties of a material, unaffected
by the impurities and defects in the film, stringent demands are placed on the film
stoichiometry. Defect densities as low as 0.1-1% can drastically alter the properties
of SrTiO3 [42, 97]. Such precise control of stoichiometry has so far only been
achieved via specialized oxide molecular beam epitaxy or high temperature pulsed
laser deposition, as discussed in Section 1.4. These techniques are hard to scale,
expensive, and limited in their ability to be integrated with other semiconductor
processes. On the other hand, sputter deposition is a cost-effective, highlyscalable and versatile option for growth of thin films. While it has been used to
deposit thin films of functional oxides [90, 101-104], and even thin films of SrTiO3,
primarily focusing on its dielectric response [105-109], there are only a limited
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number of reports on growth of highly-stoichiometric, bulk-like SrTiO3 via
sputtering, and even fewer on transport in sputtered SrTiO3 [88]. Chapter 4
discusses the growth of stoichiometric films of SrTiO3 via high pressure oxygen
sputter deposition. Details of the methods used for this study are provided in
Chapter 2.
Even after precise control of stoichiometry, thin films often display mobilities
less than bulk. It is unclear what limits the mobility of thin films [110, 111].
Additionally, while Nb and La have been used as dopants in SrTiO3 thin films, there
are only a limited number of reports on reduction of thin films [83, 112, 113], even
though doping via oxygen vacancies is widely used in bulk studies. Even the few
reports that do exist, do not discuss the transport properties achieved up on
reduction. To investigate the transport properties of sputtered films, we used postdeposition, high temperature (900 oC) vacuum anneal (base pressures < 10-7 Torr)
to create oxygen deficiency in the films. Transport properties of oxygen-deficient
or reduced films grown on different substrates is also discussed in Chapter 4.
Additionally, particle-induced X-ray emission (PIXE) is used to detect and quantify
the trace impurities that are likely present in these films.
Finally, Chapter 6 addresses the issue of incorporating substitutional
dopants, in particular Nb, in sputtered thin films. Even though single crystals of
SrTiO3:Nb are commercially available, incorporation of Nb in films has been
difficult. It should be noted that even for bulk crystals, high temperatures
(~ 2000 oC) achieved via an oxyhydrogen torch, followed by a 1700 oC anneal are
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used to crystallize doped SrTiO3 (discussed in Chapter 2). In comparison, most
oxide thin films, including undoped and La-doped SrTiO3, are deposited at much
lower temperatures (600-900

oC).

However, it was found that deposition

temperatures in excess of 1000 oC are required to achieve bulk-like lattice
parameters and any measurable conductivity in SrTiO3:Nb films via PLD. Even
when dopants are successfully incorporated, the mobility observed in thin films is
far lower than bulk crystals of the same dopant concentration. The modification of
molecular beam epitaxy deposition for growth of oxides and the precise
management of defects in PLD have resulted in dramatic improvements in
mobilities, even leading to bulk-like mobilities. Nevertheless, much remains to be
understood regarding doping in n-SrTiO3, including the defects that limit the
mobility,

the

mechanisms

by

which

non-stoichiometry

hinders

dopant

incorporation, and the local state of electrically-inactive dopants. In collaboration
with Prof. Andre Mkhoyan’s group at the University of Minnesota, we have
undertaken a detailed scanning transmission electron microscopy and electron
energy loss spectroscopy (STEM/EELS) study to investigate the structure of, and
the electronic environment of Nb in sputtered SrTiO3:Nb films. Our findings are
discussed in Chapter 6.
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Chapter 2
Methods
This chapter discusses the methods used for synthesis and characterization
of bulk and thin film SrTiO3. The first part (2.1) describes the methods used for
synthesis of single crystals (2.1.1), polycrystalline powders (2.1.2), sputtering
targets (2.1.3) and thin films (2.1.4) used in this study. The second part (2.2) deals
with the various techniques used for structural characterization and transport
measurements on SrTiO3.

2.1 Synthesis
Two forms of SrTiO3 were primarily used in this study: (a) commercially
purchased single crystals of SrTiO3 and (b) epitaxial thin films of SrTiO3 grown on
various perovskite oxide substrates that are approximately lattice matched with
SrTiO3 (lattice mismatch < 3%).
Single crystals were used for probing magnetism in bulk SrTiO3 via optical
pumping [1] as described in Chapter 3. Detailed transport properties of single
crystals has been previously investigated in our group [2]. They were also used as
substrates for growing SrTiO3 thin films. Larger size circular single crystals of
SrTiO3 (diameter = 20 mm) were also used as sputtering targets for depositing thin
films as described in Chapter 6. Though these crystals were purchased from MTI
Corp. [3] or CrysTec GmbH [4], and not synthesized in our laboratory, it is worth
understanding the process by which they are synthesized to understand the origin
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of trace impurities in SrTiO3. Hence a brief description of the Verneuil method used
for synthesizing these crystals is provided in Section 2.1.1.
The second form of SrTiO3 investigated was thin films SrTiO3. These were
grown via high pressure oxygen sputter deposition, as described in Section 2.1.4.
Commercial polycrystalline targets purchased from Kurt. J. Lesker Company [5]
were used to deposit undoped SrTiO3, while SrTiO3:Nb and SrTiO3:La targets were
synthesized in our laboratory. Details of the steps involved in synthesizing these
targets (powder processing, sintering, and target binding) are discussed in
Sections 2.1.2 and 2.1.3.

2.1.1 Synthesis of single crystals: Verneuil method

(a)

(b)

(c)

Fig. 2.1 (a) Photograph of a Verneuil furnace. (b) Boule and (c) 10mm*10mm
single crystal of SrTiO3 [6].
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The Verneuil method [6-14] is a melt-based technique for producing highquality synthetic crystals. It was developed by Auguste Verneuil in 1902 to
manufacture synthetic rubies. Since then, it has been adopted to grow a variety of
crystals such as synthetic diamonds, rutile TiO2, spinels, and perovskite SrTiO3.
Also known as the flame fusion method, Verneuil’s process relies on melting a
powder feed using an oxyhydrogen torch and cooling the molten droplets to form
a crystal boule.

Fig. 2.2 Schematic of Verneuil method.
As shown in Figure 2.2 (adapted from ref. [8]), a finely ground, high-purity
(> 99.9995% pure [6]) powder of SrTiO3 is fed into an enclosed chamber through
a sieve. The feed can also be mixed with the required dopant oxide like Nb2O3,
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La2O3 or Fe2O3 to obtain doped SrTiO3. Oxygen is passed into the chamber and
carries the feed into the Verneuil furnace. Temperatures close to 2000-2200 oC
are achieved in the heart of the furnace by passing hydrogen gas, which reacts
with the oxygen being fed through the chamber. This intense heat of reaction melts
the powder. The droplets of the molten powder are collected on a seed crystal
placed at the bottom of the furnace, where they crystallize in the desired
orientation. The seed crystal is continuously rotated and pulled down as the boule
grows on it. A cylindrical boule about 2-5 cm high and 25 gms in weight is obtained
at the end of the process. This method is capable of giving SrTiO3 crystals of
~ 2 cm diameter. It is also suitable for synthesizing oxide crystals at high
temperatures that cannot be easily achieved in other techniques. Being crucibleless, the technique avoids contamination of the melt from crucible walls.
However, the growing crystal undergoes a rapid temperature change when it
cools on the seed from a molten state, making the boule prone to thermal stresses
and cracking. Hence, the boule is diced along its length, immediately after cooling,
to relieve strain. In the case of SrTiO3, the boule is also annealed at 1700 oC postgrowth to remove residual strain and fill in oxygen vacancies. The as-grown boule
is typically yellow, brown or blue in color due to the varying amounts of oxygen
vacancies. After anneal, the crystal becomes clear, since the deep levels formed
due to oxygen vacancies or other defects during the growth are eliminated. The
high-temperature anneal also ensures a homogeneous mixing of dopants in the
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SrTiO3 crystal. This makes it possible to achieve single-phase crystals of
SrTiO3:Nb which are hard to synthesize via the powder processing route.
These boules are then sliced into 0.5 mm to 1 mm thick SrTiO3 wafers. These
are further diced into squares of 5mm or 10mm side length. These crystals are epipolished on either one or both sides to obtain a surface roughness of less than a
unit cell, which makes them a suitable starting point for growing smooth thin films
of various perovskite oxides. Readers interested in more detailed information on
crystal growth can refer to books by Byrappa [11], Pamplin [12, 13], and Laudise
[14].

2.1.2 Powder processing and sintering
For preparing sputtering targets of SrTiO3, a powder of SrTiO3 is first
synthesized using a powder processing route [15]. These powders are then
pressed into the desired shape and sintered at high temperatures to achieve a
compact disk of SrTiO3. In order to synthesize bulk undoped or doped SrTiO3
(SrTiO3 or SrTi1-xNbxO3 respectively), stoichiometric amounts of reactant oxides:
SrCO3, TiO2 and Nb2O5 are weighed using a Denver Instrument Co. weighing
scale. These reactants are then mixed and ground for 30-45 minutes using an
alumina mortar and pestle procured from Coorstek. Grinding ensures that the initial
mixture is homogeneous with a large total surface area of particles over which the
reaction will occur. Reactions in the solid phase are diffusion limited, hence a large
surface area is desirable. The mixed powder is transferred to an alumina (Coorstek
AD-998 ©) crucible for reaction and the crucible is then placed in a Thermolyne
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1300 or 1500 box furnace. The reactants are held at 1000-1200 oC for a total of 72
hours (with 2-3 intermediate grindings), and are expected to react as follows:
SrCO3 (s) + (1-x) TiO2 (s) + (x/2) Nb2O5 (s) + (x/2) O2 (g, from air) →
SrTi1-xNbxO3 (s) + CO2 (g)
After 72 hours of reaction, the powder is characterized by powder diffraction
using a Cu Kα X-ray source to determine whether the reaction has reached
completion and whether any secondary phases are present in the reacted powder
(as discussed in Section 2.2.1).
Once the reaction is complete, the reacted powder is mixed with an organic
binder to increase the fluidity of the powder for compaction, and then pressed
uniaxially, using a force of 20,000 lbs, in a 2ʺ diameter stainless steel die to obtain
a pressed disk. The pressed ceramic disk, known as a green pellet, is then sintered
for densification at 1200-1400 oC for 24 hours in air in Carbolite RHF 1600 box
furnace. The furnace is brought to room temperature slowly at 0.5 oC/min after the
high-temperature dwell to avoid cracking the disk during cooling. This sintered disk
is sanded to a uniform thickness and diameter to obtain a sputtering target.
The powder processing route was used to prepare only the SrTiO3:Nb
targets of required Nb concentration, since only one dopant concentration (10%
Nb) is commercially available in 2ʺ diameter polycrystalline sputtering targets.
However, for the growth of undoped SrTiO3, commercial targets procured from
Kurt J. Lesker Co. were used instead. These commercial targets were found to be
extremely well-sintered and claimed to be 99.9% pure by the vendor. It is hard to
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achieve target densities comparable to the commercial targets in the laboratorymade targets, without using isostatic hot pressing and higher sintering
temperatures.

2.1.3 Target bonding
Once a compact and mechanically strong target is prepared via powder
processing and sintering, it is bonded to a 1ʺ diameter threaded Cu stub which can
be mounted on the sputtering source in the high pressure oxygen sputter chamber.
The purpose of the Cu stub is to bring the target in electrical contact with the
cathode, as well as in thermal contact with the transfer rod, to ensure proper
cooling of the target during sputtering. The cathode is electrically insulated from
the transfer rod by inserting AlN rings between the cathode and the transfer rod,
as shown in Figure 2.3. AlN is an electrical insulator but a good thermal conductor.

Target bonded
to Cu stub

Macor insulation
Cathode
AlN insulating
ring

Transfer rod

Fig. 2.3 Photograph of a RF sputtering source in the high pressure oxygen
sputtering chamber [Photograph courtesy of Michael Braun].
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If the target is not cooled properly, it can crack during usage. Since the target
is attached to the stub via some bonding agent, the characteristics of the bonding
agent also come into the picture. The bonding agent must be stable at high
temperatures when the target is brought over the substrate heater. The heater can
be as high as 900oC during thin film deposition, and the target temperature is
expected to reach 150-200oC while over the heater. Various methods of bonding
the target to the stub were tried. Basic characteristics of the bonding agents are
listed in table 2.1.
The first epoxy used for bonding targets was Torr Seal [17], as recommended
by the team [16] that designed the high pressure sputtering system (described in
Section 2.4). However, it was found that Torr Seal debonds from the Cu stub after
60-80 hours of usage. This is likely due to the fact that it is corrosive to Cu before
it’s fully cured and stable only up to 120 oC, beyond which it softens. This causes
the bond to slowly degrade with usage and the epoxy peels off from the stub while
the target is still inside the chamber. This either causes the target to crack during
deposition due to improper thermal contact, or fall over the heater due to a weakly
held bond. Even without being used over a heater, Torr Seal has a shelf life of
about a year from the date of manufacturing. Moreover, not only do the two
separate uncured components degrade, but the cured Torr Seal also degrades
with time. The targets that were left in a dry box for a few months after bonding,
while they were not being used, debonded from the Cu stub much sooner than 80
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hours, when used, due to the degradation of cured Torr Seal over time. Hence, the
use of Torr Seal as a bonding agent was discontinued after a few targets.
Table 2.1 Characteristics of various bonding agents at 25 oC.
Bonding
Agent

Torr-seal
[17]

Epotek H20E
Silver epoxy
[18]

Epotek H70E
Insulating
epoxy [19]

Indium [20]

Number of
components

2

2

2

1

Curing time

24 hrs

3 hrs

1.5 hrs

-

Curing
temperature

25 oC

80 oC

80 oC

Soldered
> 156 oC

3.52 × 1014

≤ 4 × 10-4

≥ 1 × 1013

8.4 × 10-5

Thermal
conductivity
[W·m−1·K−1]

n/a

2.5

0.9

81.8

Coefficient
of thermal
expansion
[µm·m−1·K−1]

n/a
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15

32

Operating
Temperature

Up to 120 oC

Up to 350 oC

Up to 300 oC

Up to 157 oC

Electrical
resistivity
[Ωcm]

As opposed to that, an electrically and thermally conductive Ag-based epoxy,
Epotek H20E [18], was found to be stable for over a year of usage (> 400 hours).
It is stable till 300

oC

which is well above the maximum expected target

temperature during growth. In addition, being thermally conductive itself, it is
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expected to result in better cooling of the target, thus delaying the initiation of
cracks. Targets develop cracks during usage due to improper cooling of the target
surface, and the resulting thermal gradient between the target and the water
cooled Cu stub. Enhanced electrical conduction from this epoxy also resulted in a
higher rate of deposition as compared to the electrically insulating Torr Seal for the
same forward power from the RF power supply. Due to its greater stability, Ag
epoxy was used for bonding polycrystalline targets. Once the targets are bonded,
they are loaded into the sputtering chamber and used for deposition of thin films
of SrTiO3 through high pressure oxygen sputtering as described in the next
section.

2.1.4 Thin film deposition – High pressure oxygen sputtering
Thin films of SrTiO3 were deposited using high pressure oxygen sputtering.
Sputtering is a widely used thin film deposition technique [21] which involves
atomization of a sputtering target using a high-energy ionized gas, typically Argon.
In a typical DC sputtering system, a high DC voltage is used to ionize the carrier
gas to create a sustained plasma in the sputtering chamber. The high-energy
positively charged Ar ions, thus generated in the plasma, bombard the negatively
charged target or cathode and eject atoms from the target surface due to
momentum transfer from the gas to the target. The sputtered target atoms are
collected on the substrates placed in the chamber to get the desired film. Figure
2.4 shows a schematic of a typical sputtering chamber.
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Fig. 2.4 Simplified schematic of a sputtering chamber.
Sputtering is a versatile technique that can be used to deposit various
materials like metals, metal oxides, polymers, etc. One of the greatest advantage
of sputtering over evaporation is that it maintains the stoichiometry of an alloy or
compound target, even if the constituent elements of the target have different
vapor pressures [21]. The sputtering rate (Si) of an individual component (i) of the
target depends on the product of its relative composition (Ci) and probability of
sputtering (Pi), Si ∝ Pi ×Ci .The probability of sputtering depends on the mass of the
component. If the probability of sputtering of one of the components is lesser than
the other, the target surface gets enriched with it, thus its relative composition
increases. Over the course of sputtering, this increase in composition
compensates for the low sputtering rate, and hence maintains the same
stoichiometry in the film as in the target. However, it should be emphasized that
while the process of sputtering closely maintains stoichiometry, recent work has
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shown that deposition of rigorously stoichiometric films (from stoichiometric
targets) for applications that demand low defect concentrations, (e.g. achieving
high mobility in semiconductors) is challenging, as discussed in the previous
chapter for the case of oxide films deposited via PLD (see Section 1.4).
Sputtering is also suitable for depositing films of compounds that have at
least one element with low sticking coefficient or high vapor pressure, e.g. Ti or Sn
oxide phases [22]. Sticking probability, defined as the ratio of the number of atoms
deposited to the number of ions impinging the target surface, depends on the
energy of the atoms depositing on the substrate. In the case of molecular beams,
the atomic energy is in the range of 10-2 to 10 eV per atom which lies at the
minimum of sticking probability versus kinetic energy curve, as shown in Figure
2.5. The sputtered atoms, on the other hand, have energies in the range of 102 to
106 eV where the sticking coefficient rises towards one again, making it easier to
grow these compounds.

Fig. 2.5 Sticking coefficient vs. energy [22].
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Sputtering is also a highly-scalable technique, with sputtering targets ranging
from 10 cm in diameter in a laboratory chamber to a few feet in an industrial
deposition chamber. Deposition is uniform over a large area making it suitable for
industrial scale fabrication. It is also cost-effective as compared to molecular beam
epitaxy or pulsed laser deposition with in situ monitoring that require sophisticated
equipment and are not easily scalable for large-area production.
Various modifications can be made to a conventional sputtering system to
allow for variants such as reactive sputtering, where a mixture of non-reactive
carrier gas, typically Ar, and a reactive gas, like O2 or H2S, are introduced during
deposition to grow compounds of the metal targets being sputtered. Sputtering can
also be extended to deposition of insulating materials, like certain metal oxides,
using an alternating-current, radio-frequency (RF) source instead of a directcurrent (DC) power source to initiate and sustain discharge from a target.
Keeping these advantages of sputtering in mind, SrTiO3 films were deposited
using this technique. However, a specialized version of this versatile technique known as high pressure oxygen sputtering - was employed here. As the name
suggests, the carrier gas was pure O2 and the pressure employed was almost an
order of magnitude higher (1-4 Torr) than conventional metal sputtering
(1-100 mTorr). While conventional sputtering using either pure Ar or a mixture of
O2 and Ar [23] can also be employed, it is not optimum for depositing complex
oxide films. Films grown using pure Ar often suffer from insufficient oxygenation
leading to a high oxygen vacancy concentration. This requires a high temperature
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anneal or tempering in O2 atmosphere, after deposition, to achieve oxygen
stoichiometry. Even when O2 is mixed with Ar to increase oxygen incorporation in
films, at low pressures, typically used in conventional sputtering, negatively
charged oxygen ions are driven towards the substrate and re-sputter the growing
film, leading to defects and non-stoichiometry [23, 24]. Hence, a high oxygen
pressure is desirable during deposition of complex oxide thin films.
A high pressure oxygen sputter deposition system that allows the use of high
pressures of oxygen for sputtering was designed by Poppe and his co-workers in
Julich GmbH, Germany [23] to mitigate these issues in functional oxides like
cuprate superconductors whose properties are very sensitive to compositional and
structural inhomogeneities. The use of high pressures reduces the mean free path
of the atomic species in the discharge, thus thermalizing the negative oxygen ions
so that they are not energetic enough to resputter the growing film. For cuprate
superconductors, it was also found that films grown in pure O2 had a sharper
transition to the zero-resistivity state, in resistance versus temperature scans, as
compared to films grown from a mixture of Ar and O2 [23]. Use of pure oxygen
instead of an O2/Ar mixture also leads to better incorporation of oxygen in the films,
precluding the need of annealing the films in O2 at high temperatures after
deposition. Deposition in an O2 ambient also prevents the loss of oxygen from the
target when it is over the heater. This method has, since then, been successful in
deposition of various functional oxides, such as high-Tc superconductors,
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ferroelectrics like BaTiO3 and PbxZr1-xTiO3, and magnetic oxides like LaxSr1-xMnO3
and LaxSr1-xCoO3 [25-30].
The high pressure oxygen sputter deposition chamber is an on-axis
deposition system equipped with three sputtering sources attached to a transfer
rod. Each of the sources can be configured in a DC or RF sputtering configuration,
depending on the impedance of the target. The sources can be accordingly
connected to one of the four power supplies – two each of DC and RF type. Since
SrTiO3 is an insulator, RF sputtering was employed. O2 pressure during sputtering
was measured by an MKS Baratron® Type 626 capacitive manometer and
maintained by regulating the gas flow using an MKS 248A flow control valve
controlled by an MKS Type 250 pressure/flow controller [31].
The deposition chamber is equipped with a cylindrical heater, with a
Kanthal® resistance heating alloy strip. It is capped with a grounded hightemperature stainless steel cap on which the substrates are placed. The target of
the material to be sputtered is brought over the heater by moving the transfer rod
laterally using a motor drive assembly. The target to heater distance (typically
25-50 mm) is much smaller than in conventional sputtering and can be adjusted
by adjusting the height of bellows under the substrate heater. This distance is kept
such that the substrates lie tangential to the edge of plasma plume during
deposition. This proximity to the target leads to a much higher rate of deposition of
oxides (10s of Å/min.) than achieved through conventional sputtering (< 1 Å/min.).
By controlling the ramp rate and dwell time, along with the oxygen pressure, a
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variety of pre-annealing and post-deposition cooling protocols are possible in this
system. These are used for surface treatment of the substrate before deposition,
or controlled slow cooling of deposited films, in an oxygen atmosphere, to prevent
the loss of oxygen from the deposited film.

Fig. 2.6 (a) High pressure oxygen sputtering chamber. (b) Transfer rod with three
types of sputtering sources. (c) Plasma from a SrTiO3 target [Photographs
courtesy of Michael Braun].
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2.2 Characterization
Characterization of powders, targets and thin films was performed using
various techniques to determine their structural quality, trace impurity content and
electronic properties. Powders and targets were characterized using powder
diffraction, as described in Section 2.2.1, to determine the phases present after
reaction. Epitaxial relation with the substrate, lattice parameter, mosaic spread,
coherence length and thickness of the films were determined using high-resolution
X-ray diffraction (HRXRD) and grazing incidence X-ray reflectivity (GIXR)
measurements as described in Sections 2.2.2 and 2.2.3. Cross-sectional images
of thin films were obtained using Scanning Transmission Electron Microscopy
(STEM) imaging, and Electron Energy Loss Spectroscopy (EELS) was used to
determine the chemical species present in the lattice (Section 2.2.4). Particleinduced X-ray emission was used to determine trace impurities in SrTiO3 bulk
crystals and polycrystalline targets (2.2.5). To characterize the electronic
properties of thin films (Section 2.2.6), resistivity was measured as a function of
temperature using the van der Pauw geometry, and the Hall coefficient was
measured at room temperature to determine the carrier concentration.

2.2.1 Powder diffraction
X-ray diffraction is a powerful phase identification technique based on the
constructive interference of the incident X-ray beam and the beam scattered from
the crystal planes in the sample [32-34] at certain angles. One of the requirements
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for diffraction to occur is that the wavelength of X-rays should be similar to the
interplanar spacing of the crystal planes. So, typically, X-rays of wavelength
0.1-1 nm are used. The angles at which constructive interference occurs, known
as the Bragg angles, depend on the crystal structure of the sample. Each Bragg
angle (θ) is related to the corresponding interplanar spacing (d) according to
Bragg’s Law:

2 sin

=

(2.1)

where n and λ are the order of reflection and the wavelength of X-rays respectively.

(a)

(b)

Fig. 2.7 Bragg’s law schematic (a) in real space, (b) in reciprocal space.
The angle of diffraction, θ, depends on the Bravais lattice and unit cell
dimensions of the crystal, whereas the intensity of the peak depends on the the
atomic number of the chemical species present at various lattice points, and the
geometric relation between them. Detailed information about how to predict peak
positions and calculate peak intensities for various materials can be found in the
cited references [32-34]. The diffraction pattern obtained can be used to identify
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the phases present in the sample, and calculate phase fractions, grain size and
strain.
Powder diffraction was performed on polycrystalline powders and sintered
targets on a Bruker D5005 diffractometer using a Cu Kα X-ray source. A Ni filter is
used to filter out the Cu Kβ component. Additional slits are used to collimate the
incident and diffracted beams to obtain a well-defined beam of a fixed wavelength
of 1.54 Å. Powder samples were finely ground and poured into an acrylic sample
holder which was placed in the goniometer. Targets were placed directly in the
goniometer. The sample and detector are rotated simultaneously to maintain the
specular condition of incident angle (ω) equal to half the diffracted angle (2θ). The
intensity is measured using a scintillation counter detector and recorded as a
function of 2θ. The diffraction pattern thus obtained is compared to the reference
patterns of the possible phases to identify the phases present in the sample.

2.2.2 High resolution X-Ray diffraction
While powder diffraction is suitable for phase identification in powders and
bulk crystals, detection of diffraction peaks from thin films and surfaces grown on
closely lattice-matched substrates requires special incident and diffracted beam
optics to achieve high resolution [35, 36]. For high-resolution X-ray diffraction:
(i) Specular and angular divergence of the beam is minimized by using a 4-bounce
Ge crystal, along with divergence slits and Soller slits;
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(ii) The goniometer is capable of a very fine control of sample and detector
position. In addition, it is equipped with an Eulerian cradle that allows sample
position adjustment in x, y, z, φ and χ positions as shown in Figure 2.8.
High-resolution X-ray diffraction measurements were carried out using a
Panalytical X’Pert Pro MHD [37], a versatile high-resolution diffractometer
equipped with a Cu X-ray source of wavelength λ = 1.54184 Å. It has multiple
optics options to switch between different modes of X-ray diffraction, such as wideangle X-ray diffraction, in-plane diffraction and grazing incidence X-ray reflectivity.
It is used for determining crystallinity, lattice parameter, coherence length or
crystallite size, mosaic spread, macro- and micro-strain and epitaxial relationships
in highly-crystalline or textured thin films and surface layers [38-39].

(a)
(b)

Fig. 2.8 (a) Panalytical X’Pert Pro [36], (b) Allowed directions for sample
positioning [35].
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To determine the lattice parameter and coherence length of SrTiO3 thin films
grown on various perovskite oxide substrates, the wide-angle X-ray diffraction
mode was used. The optics in this mode involve a 1/2o divergence slit and 4bounce Ge(220) monochromating crystal between the incident beam and the
sample to achieve an angular resolution of 0.0039o. A 1/2o divergence slit is also
placed before the detector. A 5 mm mask is used on the incident beam to restrict
the footprint of the beam to the 5mm × 5mm sample. Samples are mounted on a
sample holder with the help of double sided tape.
The goniometer is designed such that the incident beam, the diffracted beam
and the normal to the sample are in the same plane. This implies that, in the
specular condition, the scattering vector Q = Ki -Ks (Figure 2.7) is perpendicular to
the sample, or only planes with normal (nhkl ) perpendicular to the sample plane are
detected. Before measuring the diffraction pattern from the sample, the goniometer
is aligned such that the incident beam, sample and diffracted beam are in the same
plane. The incident and diffracted beam angles are calibrated to give the maximum
intensity at the Bragg angle of the substrate (002) plane. (002) is the highest
intensity peak for cubic perovskite oxides used in this work. Once aligned, both the
sample and the detector are rotated about the incident beam, while maintaining
the specular condition, to obtain the intensity vs. 2θ plot. A step size of 0.005 and
a collection time of 0.5 sec per step were used during the measurement. The film
and substrate peaks in the observed diffraction pattern (Figure 2.9) can be used
to determine the out-of-plane lattice parameters using Bragg’s Law.
51

It should be noted here that ideally a peak is a delta-function about the Bragg
angle. However, due to the finite size of the sample, microstrain and instrumental
effects, the intensity of diffraction is not zero at angles close to the Bragg angle
and peak broadening is observed. Assuming that the contribution of instrumental
broadening is small and microstrain is absent in pseudomorphic growth, the width
of the peak ( ), measured in radians, can be used to estimate the crystallite size
( ) using the Scherrer’s formula [33],
.

=
where

is the wavelength of X-rays and

Ideally in a single-crystalline film,

(2.2)

is half the Bragg angle.
is equal to the film thickness, tfilm.

However, as the thickness of the film increases, the film relaxes the strain built up
from epitaxial growth via dislocations or other strain relaxation mechanisms based
on the system. The lattice parameter evolves from a fully strained value for thinner
films to a partially relaxed value as the film thickness increases. During this
relaxation process, the film loses coherence with the substrate and the measured
Scherer length begins to deviate from the film thickness. Since the film is still single
crystalline, in this context,

measures the “coherence length” of the film instead

of the crystalline size or grain size. Thus, the evolution of

with tfilm was measured

for heteroepitaxial films to determine the strain relaxation length on different
substrates.
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Fig. 2.9 (b) High-resolution wide-angle X-ray diffraction pattern of a 430 Å SrTiO3
film on LSAT(001) substrate.
Another phenomenon of interest is the observation of Kiessig fringes [38, 39]
about the Bragg peak, as seen in Figure 2.9. While the Bragg peak originates from
coherent scattering of X-rays from the atomic scattering centers in the film, X-rays
are also reflected from the surface of the film and the interface between the film
and substrate. These reflected beams alternatively interfere with each other
constructively and destructively giving rise to a set of fringes around the Bragg
peak, known as Kiessig fringes. The periodicity of these fringes is dependent on
the separation between the two reflecting interfaces which, in this case, is the film
thickness, while their amplitude is a function of the electron density difference
between the film and the substrate. Observation of these fringes is indicative of an
atomically smooth interface between the film and the substrate, over small (10’s of
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nm) lateral length scales. At times, due to strain relaxation or high dislocation
density in the film away from the substrate, there may be a density gradient in the
film, causing a change in its refractive index, and hence, registering a separation
between the reflecting interfaces which is lesser than the film thickness.

Fig. 2.10 Quantification of contrast from a wide-angle X-ray diffraction pattern of a
250 Å SrTiO3 film on SrTiO3 (001) substrate.
It is worth emphasizing here that since Kiessig fringes originate due to the
change in electron density or refractive index at the substrate-film interface, in the
case of an ideal homoepitaxial system, such as SrTiO3 films grown on SrTiO3(001)
substrates, one would expect to see no fringes. But even a slight non-stoichiometry
or strain in the film can cause the electron density of the film to deviate from that
of the substrate, and gives rise to fringes in the diffraction pattern. Hence, the
observation of Kiessig fringes in homoepitaxially grown films is understood as a
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sign of non-stoichiometry, and quantified in terms of contrast observed in wideangle X-ray diffraction.
The contrast between the film and the substrate was defined as the amplitude
of the highest intensity Kiessig fringe observed. For ease of comparison between
different samples, the intensity was normalized to the respective substrate peak
intensity. The amplitude of the fringe was calculated by averaging the peak-tovalley height on both sides of the fringe, and multiplying it by a large numeric factor
to have a reasonable scale of values, as shown in Figure 2.10.

= (10 )

(

.

) (

.

)

(2.3)

where m is the index of the highest intensity Kiessig fringe. A variable index m was
chosen instead of a fixed m = +1 or -1, because for some samples the lowest index
fringes are convoluted with the substrate and film peaks.

(a)

(b)

Fig. 2.11 Rocking curve of (a) 450 Å SrTiO3 film grown on LSAT (001) substrate,
(b) LSAT (001) substrate

55

Another measure of imperfections in films and single crystals is their mosaic
spread. In an ideal single crystal, the crystal planes are parallel to each other over
a long range. However, in real crystals, crystallites of the same dhkl are tilted with
respect to each other, such that they satisfy the Bragg’s Law at the same Bragg
angle, 2θB but at different incident beam angle, ω, since the specular condition is
achieved over a small range of incident angles. This is probed with the same optics
as used for wide-angle X-ray diffraction, by holding the detector at a fixed 2θB value
and rocking ω. Hence, the resulting intensity vs. ω curve is known as a “rocking
curve”. Mosiac spread is quantified by measuring the full-width at half-maxima
(

) of the resulting rocking curve. Rocking curves were measured for both the

substrate and the film in all samples using Pananlytical X’Pert Pro MHD. An
example of rocking curves of the film and the substrate is shown in Figure 2.11.

2.2.3 Grazing Incidence X-Ray Reflectivity (GIXR)
As mentioned in Section 2.2.1, while the X-rays diffracted from crystal planes
can give a wealth of information about the crystal structure and microstructure of
the film, X-rays reflecting from the interfaces of the film with the air and the
substrate, respectively, can be used as a probe of its thickness, electron density
and interface roughness. This technique is sensitive to the average electron
density in the materials involved, and not their crystallinity, hence unlike the highresolution X-ray diffraction, even amorphous surface layers or polycrystalline films
can be probed with GIXR [39]. A typical GIXR pattern of a SrTiO3 film grown on a
LSAT(001) substrate is shown in Figure 2.12.
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Fig. 2.12 GIXR pattern of a 450 Å SrTiO3 film grown on LSAT (001)
GIXR is based on scattering of light due to the change in refractive index at
the air-film and film-substrate interface. The refractive index of a material, n, for
electromagnetic radiation in the X-ray region, is given by:

=1−

−i

(2.4)

where δ and β are the dispersion and absorption components respectively, and are
of the order of 10-4 to 10-8 in the X-ray region. Thus, for X-rays, the real part of the
refractive index of any material is less than 1, which is the refractive index of air.
For light travelling from air to an oxide sample, Snell’s law predicts the existence
of a critical angle of incidence below which light gets completely reflected off the
surface of the sample. This condition arises because, by Snell’s Law, we know:

cos

=
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cos

(2.5)

where

and

are the incident and refracted angles respectively.

Since nfilm < nair ( nair = 1), below certain incidence angles, Snell’s law
requires cos

to be greater than 1, which is mathematically impossible. This

indicates that below certain angles, X-rays are completely reflected at the interface
instead of passing through the sample. This phenomenon is known as total
external reflection. The maximum angle up to which the incident light is reflected
externally is known as the critical angle ( ) and is typically in the range of 0.1-0.6o
for an air-oxide sample interface. The intensity vs. 2θ curve below the critical angle
(2θ < 2θc ) is expected be a flat line with

=

, but, due to the variation in the

size of the illuminated area with angle, a dip is observed at lower angles.
Beyond 2θc , the intensity of reflected light falls off roughly as the fourth power
of the scattering vector, q, given by:

=

(2.6)

The theory of Fresnel reflectivity predicts that for a sharp and flat interface
between two bulk materials, for example an air-substrate interface, ∝

.

However, in the presence of a thin film on a substrate, X-rays reflect from both the
air-film and the film-substrate interfaces. Beams scattered from these interfaces
can interfere constructively at certain angles. The condition for constructive
interference is given by:

sin

− sin
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=

(2.7)

Where θi and θc are the incident and critical angles respectively,
index of reflection,

is the

is the wavelength of X-ray and t is the film thickness. The

layer thickness and critical angle can, thus, be extracted by fitting a line through
2

sin θi vs. m2 curve.
While this simplistic line fit gives a fairly accurate estimate of the film
thickness, it doesn’t take into account the roughness at the film-air and filmsubstrate interfaces, which affect the observed angular-dependence of reflectivity.
A fit of reflectivity vs. 2θ data that takes into account the materials properties like
electron density and system parameters like film thickness and roughness can be
obtained by using commercially available fitting softwares and packages [40].
The GIXR measurements were also performed on the Panalytical X’Pert Pro
MHD diffractometer, but the optics used for GIXR differ from those used for wideangle scans and rocking curves since the primary concern with the reflectivity
profile is getting a high signal to noise ratio over the whole range of incident angles
(typically up to 10-12o). Since spectral divergence is not a big concern here, the
beam is not monochromated, only collimated with a parabolic mirror. A 1/32o slit is
used on the incident beam to limit the footprint of the beam at small angles, along
with a 5mm mask to restrict the beam width. The reflected beam goes through a
parallel plate collimator and 0.1o collimator slit that restricts the acceptor angle of
the detector to 0.27o. Scans were performed in a continuous scan mode with a
step size of 0.01o and time per step of 0.1 seconds.
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Since the observation of fringes in GIXR arises due to the difference in
electron density between the media (in this case, the film and the substrate),
observation of Kiessig fringes in GIXR data of homoepitaxial SrTiO3 films was
interpreted as non-stoichiometry in the film. Even slight deviation from
stoichiometry in the SrTiO3 film can lead to expanded lattice parameters and
variations in electron density. Both of these can change the scattering length
density of the film, as compared to the bulk substrate, and result in the observation
of “contrast” between the film and the substrates or fringes corresponding to the
film thickness. The amplitude of these fringes was used to quantify and compare
contrast in the samples. In order to quantify contrast in the case of GIXR, we have
taken the product of reflectivity (R) and the fourth power of the wavevector (q) to
account for the fall off of intensity with q as described by the Fresnel theory of
reflection [39]. The average peak-to-valley height, in the R × q4 vs. 2θ curve, was
then measured for each of the peaks observed and averaged over all the peaks or
fringes to calculate contrast. The mathematical expression for contrast in GIXR
(∆

) is, thus, given by:

Δ

= (10 ) ∑

(10 )

(

.

) (

.

)

(2.8)

Here, I = Reflectivity × q4, n is the index of the peak/fringe and N is the total
number of fringes observed. 107 was chosen as the numerical factor to get a
sensible value. Figure 2.13 shows the calculation of contrast for ~ 250-Å-thick
SrTiO3 film grown on SrTiO3(001) substrate.

60

Reflectivity*q4*107 [arb. units]

30

20

n
n-1 n+1

10

0

0

1

2

3

4

2q [deg.]
Fig. 2.13 Calculation of contrast from the GIXR pattern of homoepitaxial SrTiO3,
by measuring the amplitude of the Kiessig fringes.

2.2.4 STEM/EELS
Doped SrTiO3 films were characterized using STEM/EELS in collaboration
with Prof. Andre Mkhoyan’s group. Conventional TEM, STEM ADF imaging, and
EELS data were acquired using a FEI Tecnai G2 F30 S-TEM equipped with a
Gatan Enfina-1000 EEL spectrometer [41]. Additional EDX maps and STEM ADF
images were obtained using aberration-corrected FEI Titan G2 80-200 and JEOL
JEM-ARM200F STEM systems [42].

2.2.4.1 Scanning Transmission Electron Microscopy
Scanning transmission electron microscopy (STEM) is a variant of
transmission electron microscopy, in which a tightly focused beam of electrons is
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rastered across a very thin sample. The beam interacts with the sample as it
passes through it, and the intensity and the energy of the transmitted beam is
detected using various detectors [43, 44]. This tightly focused beam (spot size of
0.5-2 Å) helps to spatially correlate a variety of signals from the sample, such as
secondary electrons, scattered beam electrons, characteristic X-rays and electron
energy loss. A typical STEM column contains an electron gun that generates the
high-energy electron beam, a set of condenser lenses and apertures to collimate
the beam, and a spherical aberration corrector, as shown in Figure 2.14. A set of
scan coils is used to position the beam on the sample, and a set of objective lenses
and apertures is used to focus the beam into a narrow spot on the sample.
The beam interacts with the sample in a variety of ways which can be
detected using different detectors to extract elemental composition, microstrain,
characteristic X-rays and conduction band electronic properties, to name a few. A
few modes of operation used in this work are described briefly. The Bright field
imaging mode involves a detector placed directly in the path of the electron beam.
A bright field image can be assumed to be a two-dimensional projection of the
sample, formed by electrons that undergo minimal scattering by the sample.
Thicker regions and regions with higher atomic number elements appear darker in
a bright field image. A complementary mode involves an annular detector placed
outside the path of the transmitted beam. Depending on whether the detector is
placed closer to the angular cone of the transmitted beam (low-angle) or farther
from it (high-angle), it is known as either the low-angle annular dark field
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(LAADF) or high-angle annular dark field (HAADF) imaging mode. ADF
detectors detect electrons that are incoherently scattered by the atoms in the
sample. The scattering probability of the electrons depends on microstrain, and
the atomic number of the atoms in the sample. The LAADF detector is sensitive to
the strain contrast in the sample, while the HAADF detector is sensitive to the
atomic number contrast or the Z-contrast in the sample. In addition to elastic
scattering, the electrons can also interact inelastically with the sample, losing some
of their energy to the atoms in the sample. The peaks in the energy loss spectrum
are characteristic of the atoms present in the sample. The measurement of the
electron energy lost by interacting with the sample is known as electron energy
loss spectroscopy (EELS), and can be used to determine the elemental
composition of the sample. The fine structure about the elemental peaks can also
be used to determine electron densities and valence on an atomic scale spatial
resolution. Similarly, characteristic X-rays emitted by the atoms upon interaction
with the high-energy electron beam can be recorded in the energy-dispersive Xray (EDX) mode. Much like X-rays, electrons can also be coherently scattered by
the atomic planes. Thus, an electron diffraction pattern can be recorded for
crystalline samples to determine the microstructure or phases at different locations
in the sample.
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Objective Lens
Specimen

BF detector
EELS detector
Fig. 2.14 Schematic of a STEM column

2.2.4.2 TEM specimen preparation
Cross-sectional TEM specimens were prepared by a standard mechanical wedge
polishing technique, followed by ion milling [42, 45, 46]. Thin film samples were cut
to 0.5 × 1 mm2 and bonded face-to-face using M-bond. Once the M-bond was
cured, the samples were polished mechanically using MultiprepTM (Allied High
Tech Products, Inc.), till the thin area at the edge of the wedge-shaped
samplesexhibited color fringes in an optical microscope. Then, the specimens
were mounted on oval Cu grids. Finally, the specimens were ion-milled using a
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Fischione ion miller (Model 1010) with gradual decrease of voltage and incident
ion-beam angle from 4 kV; 10° to 1.5 kV; 6°. The ion current was kept at 3 mA,
and the milling time for each step was varied according to the sample thickness.

2.2.4.3 Control of ADF detector inner angle
In order to separate strain effects from Z-contrast in STEM ADF images, and
obtain solely Z-contrast information, the ADF detector inner angle (

) was

controlled during STEM imaging [42]. An FEI Tecnai G2 F30 S-TEM was used in
these experiments.

can be controlled by varying the camera length. The strain

contrast is seen to disappear with increasing
length). The convergent semi-angle (

(i.e. decreasing the camera

) of the incident STEM probe was

measured to be 9 mrad. We observed that, for HAADF images,

of ~ 60 mrad

is sufficient for Z-contrast imaging. For the same camera length, the inner angle of
the LAADF detector is

~ 20 mrad, which easily captures the strain in the

crystal.

Fig. 2.15 Strain contrast changes in STEM HAADF images with

in a

SrTiO3:Nb film epitaxially grown on a LaAlO3(001) substrate. Camera length and
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the corresponding

are: (a) 80 mm (71.8 mrad), (b) 100 mm (59.8 mrad), (c)

120 mm (50.2 mrad), (d) 150 mm (41.2 mrad), and (e) 200 mm (31.4 mrad). (f)
STEM LAADF image with

of 20 mrad that was simultaneously acquired with

the HAADF image of (b). The intensities of the images in (a-e) were normalized
using the LaAlO3 substrate and vacuum as references.

2.2.4.4 Core-loss EELS measurements
EELS data were acquired using a FEI Tecnai G2 F30 S-TEM equipped with
an Enfina-1000 Gatan spectrometer [41, 42]. Measurements were conducted with
a dispersion of 0.05 and 0.1 eV/channel at 200 kV. To prevent electron beam
damage of the samples, and to increase the signal-to-noise ratio of the EELS coreedges, 25-50 spectra for each sample were recorded, position-by-position, and the
spectra were summed after aligning precisely to the zero-loss peak position. It was
confirmed that the beam dwell time used in these experiments was sufficiently low
to avoid detectable specimen damage. All spectra were recorded under the same
conditions. Background signals were subtracted using a power-law fitting function
and then EELS core-edges were normalized in the post-edge region, i.e. around
472 eV and 556 eV for Ti L2,3 and O K edges, respectively.

2.2.5 Particle-induced X-ray emission
Particle-induced X-ray emission (PIXE) is an energy-dispersive technique
used to determine the elemental composition of a sample. It is much like Energy
Dispersive Spectroscopy (EDS), except that, in this technique, instead of an
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electron beam, a high-energy particle beam is used to induce inner shell ionization
of the elements present in the sample. In our case, He ions with 4 MeV energy are
used. The subsequent relaxation results in emission of X-rays with energies
characteristic of the atomic species present in the sample. In comparison to EDS,
the absence of primary Bremsstrahlung results in significantly higher signal-tonoise ratios, enabling detection and quantification of trace impurity concentrations
at ppm levels. In our set-up, an energy-dispersive Si(Li) detector is employed, and
the 4 MeV ions are calculated to result in a probe depth of approximately 5 μm.
The total dosage for each spectrum was 83 μC.

Fig. 2.16 Schematic of particle-induced X-ray emission (PIXE).
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2.2.6 Electronic transport measurements
Two kinds of 4-terminal measurements were used to determine electrical
resistivity ( ), carrier concentration ( ) and electron mobility ( ). The resistivity
is determined using the van der Pauw method and the carrier concentration is
measured using the Hall effect. Once the resistivity and carrier concentration are
known, the mobility can be extracted using the following equation:

=
where

is the conductivity and

=

(2.9)

is the electronic charge [47].

Both these measurements were carried out in a Quantum Design Physical
Property Measurement (PPMS) system. Small indium contacts were soldered at
the four corners of 5 mm × 5 mm square samples. The samples were then mounted
on to the PPMS puck using GE varnish which is an electrically insulating but
thermally conductive resin that helps in electrically isolating the sample from the
Cu puck, while maintaining thermal contact. Each In contact was connected to the
metal pads on the PPMS puck with gold wires and silver paint, as shown in Figure
2.17. A 4-terminal configuration was used in which current was sourced through
two contacts via a Keithley 220 current source and the voltage was measured
across the other two via a Keithley 2002 digital multimeter. Current-voltage
characteristics were measured at room temperature and at every 50 K temperature
decrement when measuring temperature-dependence of resistivity. The contacts
were found to be Ohmic down to the lowest temperature of measurement.
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Resistivity of metallic samples was measured down to 5 K. However, for insulating
samples, the resistivity was measured until either the charging time exceeded 10
minutes, two-terminal resistances exceeded 10

Ω or the resistance anisotropy

was greater than 5. At each temperature, the source current was chosen to be
large enough to give a high signal-to-noise ratio, but not large enough to cause
Joule heating. So a current value from the flat region of the resistance-current
curve was chosen, while keeping the power below 10 μW for temperatures above
200 K and below 1 μW at lower temperatures.

Ag paint
Sample
In contact
Au wire

Fig. 2.17 Photograph of a sample attached to the PPMS puck.

2.2.6.1 Resistivity (van der Pauw)
In 1958, L. J. van der Pauw [48] described a method for accurately measuring
the resistivity of an arbitrary-shaped sample as long as it fits the following criteria:
1. The sample should be flat, with uniform thickness that is preferably lesser
than the length and width of the sample.
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2. The whole sample surface should be singly-connected without any
isolated holes.
3. The contacts should be small and located on the boundary of the sample,
with total contact area less than 10% of the sample area.
Imagine an arbitrary shaped sample as shown in Figure 2.18. Consider four
points, A, B, C and D on the circumference of the surface of the sample. If current
is passed through A and B and the corresponding potential drop between D and C
is measured, the four terminal resistance

,

=

,

Similarly,

,

, is given by:
(2.10)

can be measured by passing current through A and D, and

measuring the voltage drop across B and C.
,

=

(2.11)

According to van der Pauw [48], the actual sheet resistance of a sample of
arbitrary shape is related to any two measured four-terminal resistances through
the following relation:
,

where

/

+

,

/

=1

(2.12)

is the sheet resistance of the sample, and can be used to calculate the

resistivity, , of the sample, if its thickness, , is known:

=

×
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(2.13)

Fig. 2.18 (a) Arbitrary shaped sample. (b) Anisotropy function, f [48].
While an analytical solution of equation 2.12 does not exist, a numerical
solution can be given as follows:

=
where

,

,

,

(2.14)

,

is a function of the ratio of the two measured resistances. It can be

determined numerically or graphically for a given resistance ratio

,
,

. However,

for a ratio of less than 2, it can be approximated to be 1, and goes down by only
20% for a ratio of 5. Homogeneous and isotropic samples with anisotropy < 2 give
the most accurate measurement of intrinsic sample resistivity. A higher value of
anisotropy can occur due to microscopic surface cracks, thickness-variation, or
variation in distance between contacts. In this work, the anisotropy of samples was
determined at room temperature and only samples with anisotropy < 2 were used
for temperature-dependent resistivity measurements. Anisotropy was also
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measured at each 50 K decrement while measuring temperature-dependent
resistivity.

2.2.6.2 Hall effect
The Hall effect is the phenomenon of generation of a potential difference in
the direction perpendicular to the current, across a current-carrying sample placed
in a magnetic field. The transverse voltage develops due to Lorentz force, which
is the force ( ) exerted on a charged particle (of charge ) in the presence of both
electric ( ) and magnetic fields ( ) [47, 49]. It is related to , ,

and the velocity

of the particle, , as follows:

=

( +

× )

(2.15)

Here, bold notation denotes vector quantities.
Now, consider a slab-shaped sample of rectangular cross-section placed in
a longitudinal electric field

and a transverse magnetic field

, as shown in

Figure 2.19. The electrons in the sample experience a Lorentz force in y-direction,
given by:

=

−

(2.16)

However, current cannot flow out of the rod in y-direction, therefore under steady
state,

= 0,

or

=

(2.17)

Hence, longitudinal current in the x-direction in the presence of a transverse
magnetic field in the z-direction results in a transverse electric field or a potential
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drop across the y-direction. This potential drop can be quantified in the form a Hall
coefficient (

) defined as:

=
where

(2.18)

is the current density in the x-direction, given by

=
and

(2.19)

is the carrier concentration in the sample. This gives us

=

=

Fig. 2.19 Standard geometry for Hall effect measurement.
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(2.20)

This implies that the transverse voltage built across a slab-shaped sample
under a longitudinal current and a transverse magnetic field, is a function of the
carrier concentration of the sample. Moreover, the sign of the Hall coefficient
depends on the sign of the charge carrier present in the sample. If there are two
types of charge carrier present, for example, in semiconductors, the sign depends
on the majority charge carrier type and the magnitude depends on the carrier
concentrations and mobilities of both the charge carriers. However, in this study,
SrTiO3 was always doped n-type either via substitutional dopants or oxygen
vacancies, hence only the electronic contribution is observed in Hall
measurements.
In this work, the same sample configuration was used for Hall coefficient
measurements as used for the resistivity measurements. However, voltages were
measured in the direction perpendicular to the current flow direction. For the
sample shown in Figure 2.18, the Hall resistance is given by:

=
is measured as a function of the transverse magnetic field,

(2.21)
, in the

PPMS system, which is capable of applying a field up to 9 Tesla. Current-voltage
characteristics were measured at zero-field and an appropriate current value was
decided based on signal-to-noise ratio and Joule heating considerations. The Hall
coefficient,

(not to be confused with

) was determined by taking the slope

of the field-dependence of the resistance. The carrier concentration was measured
only at room temperature.
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Chapter 3
Magnetism in oxygen-deficient bulk SrTiO3

This chapter is adapted, with permission, from the paper “Persistent optically
induced magnetism in oxygen-deficient strontium titanate”, Nature Materials 13,
481 (2014). Contributing authors: W. D. Rice, P. Ambwani, M. Bombeck, J. D.
Thompson, G. Haugstad, C. Leighton, S. Crooker

As discussed in Chapter 1, interest in functional oxide electronics has
exploded in recent years [1-8], fuelled by the ability to grow atomically precise
heterostructures of various oxide materials. Among these, SrTiO3 is one of the
most important and widely used constituent materials. It is a nominally nonmagnetic wide-bandgap semiconductor. Owing to its ubiquity in oxide materials
science, studies of the interesting dielectric, lattice, and optical properties of SrTiO3
represent mature research areas [9-17]. However, a renewed interest in SrTiO3
was sparked by observations of unexpected and emergent magnetization in
SrTiO3-based

heterointerfaces,

first

revealed

through

hysteretic

magnetoresistance studies [18] and subsequently by means of magnetization [19],
various transport methods [20, 21], torque and scanning-SQUID magnetometry
[22, 23], polarized neutron reflectometry [24], and X-ray measurements [25, 26],
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as discussed in Chapter 1. Formation and distribution of oxygen vacancies (VO) in
SrTiO3 [27, 28] are widely thought to play an essential but as-yet-incompletely
understood role in these magnetic phenomena [29-35]. Furthermore, signatures of
the Kondo effect [36] and anomalous Hall effect [37] in very recent studies of gated
bulk SrTiO3 crystals have further directed interest towards possible magnetism in
SrTiO3.
In this work we demonstrate that circularly polarized light can induce an
extremely long-lived magnetic moment in slightly oxygen-deficient but otherwise
nominally pure SrTiO3-δ bulk crystals. These magnetic signals, which are induced
at zero applied magnetic field and at low temperatures below ~18 K, can be
controlled in both magnitude and sign by means of the circular polarization and
wavelength of sub-bandgap illumination (400-500 nm), and point to the existence
of optically polarizable

-related complexes in the forbidden gap of SrTiO3-δ.

3.1 Oxygen-deficient (reduced) SrTiO3-δ samples
To explore the relationship between magnetism, oxygen vacancies, and light
in SrTiO3, we prepared a series of nine slightly oxygen-deficient SrTiO3-δ singlecrystal samples. 500 μm thick undoped SrTiO3 (100) crystals from MTI Corp. were
annealed in ultra-high vacuum (oxygen partial pressure < 10-9 Torr), that is,
reduced, at temperatures between 650-750 oC to promote diffusion of oxygen out
of the lattice [38]. Isolated VO in SrTiO3 are shallow donors: if every VO donates
one to two electrons to the conduction band, the total VO concentration can be
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approximately inferred by measuring the electron density n [ 38]. Indium contacts
were soldered to the corners of each sample in a van der Pauw geometry. The
electron concentration n was measured using longitudinal resistivity and/or Hall
studies (for n > 1015 cm-3), or was estimated from longitudinal resistivity studies (for
15

n < 10 cm-3, and assuming constant mobility), from which the approximate VO
density was inferred. For this study, n ranged from ~ 1012 cm-3 to 8×1017 cm-3 .
Sub-bandgap absorption and optically induced magnetization were only observed
when n > 1014 cm-3 .

3.2 Trace impurity detection and quantification using particleinduced X-ray emission (PIXE)
The nominally pure commercial SrTiO3 substrates used in this study are
known, based both on vendor specifications [39] and prior work [40, 41], to contain
impurities at tens of parts-per-million (ppm) levels. Such impurities could play a
role in the effects that are discussed in this chapter, particularly in terms of
complexes with oxygen vacancies, with Fe impurities being of particular interest.
We thus undertook a thorough trace element analysis of the crystals used in this
work, seeking to evaluate the major impurities and to quantify their concentration
where possible.
The specific crystals used in this study were nominally > 99.99% purity
undoped SrTiO3 substrates obtained from MTI Corporation [39]. Table 3.1
summarizes the main impurities one could expect to be present in such substrates,
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based on vendor specifications [39] and some prior work on similar crystals [40,
41]. Mg, Si, Ca, Fe, Cr, Mn and Al are anticipated, Al, Mg, Si, Ca, and Fe at
approximately 10-50 ppm, Cr and Mn at levels that have not been previously
quantified. In order to reliably detect and measure such ppm concentrations,
particle-induced X-ray emission (PIXE) was employed. Fundamentals of PIXE
measurements were discussed in Section 2.2.5.

Table 3.1 Trace impurities in the SrTiO3 crystals used in this work. The expected
elements (first column) and concentrations (second column) are based on vendor
specifications [39] and prior work on related crystals [40, 41]. The third column
shows the results from our PIXE measurement.

Element
[Reference]

Expected concentration
(in ppm)

Measured concentration
(in ppm)

Mg [39]

20

Not detectable, likely
present

Si [39]

40

Not detectable, likely
present

Ca [39]

50

Present, not quantifiable
due to peak overlap

Fe [39-41]

30

35 ± 5

Cr [40]

?

< 100

Mn [40]

?

O(10’s – 100’s)

Al [39, 41]

20

Not detectable, likely
present

PIXE spectra are shown in Figure 3.1. In Figure 3.1a, we show the spectrum
from a nominally undoped SrTiO3 crystal measured with and without an Al filter in
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the path of the detected beam. The magenta spectrum was calculated based on
pure SrTiO3 using the GUPIX software package [42], and it can be seen that each
of the predicted peaks for the SrTiO3 host is indeed observed, along with a
significant number of others. (Note that oxygen possesses too low an atomic
number to be probed by PIXE). That a significant fraction of these other peaks are
simply artifacts due to the detector and/or Al filter was established via detailed and
careful comparisons between the filtered and unfiltered spectra, in addition to data
taken on other oxide single crystals. Specifically, the unfiltered spectrum reveals a
large Si peak from the Si(Li) detector, in addition to four other detector artifacts,
which are labeled on the Figure. These erroneous signals (including the Si peak)
are attenuated or eliminated in the filtered spectrum, but an Al peak is introduced
due to the Al filter. As a consequence of these issues, the expected presence of
Si and Al (Table 3.1) cannot be directly verified. Similarly, the low atomic number
element Mg, while likely present, cannot be confirmed. Nevertheless, after
acknowledging the Sr and Ti “sum peaks” and “escape peaks”, also labeled in
Figure 3.1a (at positions in agreement with GUPIX), a number of identifiable
impurity peaks remain (in the 5-8 keV range), and are labeled with question marks.
We identify these peaks as signatures of Cr, Mn and Fe.
This situation is summarized in Figure 3.1b, where the Al-filtered spectrum is
shown with all peaks indexed. In addition to Cr, Mn, and Fe, a shoulder due to Ca
is also visible, but the overlap with the strong Ti Kα peak precludes quantification
of the Ca concentration. In order to quantify the Cr and Fe concentrations, we
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compared the PIXE spectrum from the nominally undoped SrTiO3 with spectra
from commercial 0.01 wt.% Fe-doped and 0.25 wt.% Cr-doped SrTiO3. These
comparisons are shown in detail in Figure 3.1c. Using the 0.01% Fe-doped crystal
as a standard we deduce an Fe concentration of 35 ± 5 ppm in our nominally pure
SrTiO3. Note that the specified 0.01% Fe content in the Fe-doped sample was also
checked with quantitative analysis via GUPIX, and was found to be 0.01% within
error. Similarly, using the 0.25% Cr-doped crystal as a standard we deduce an
upper bound of 100 ppm for the Cr concentration. Finally, in the case of Mn, where
no such standard was available, we used GUPIX to estimate the Mn concentration,
resulting in 10-100 ppm.
The third column of Table 3.1 summarizes these results. Mg, Si, and Al, while
likely present at the 10's of ppm concentration range, cannot be directly probed by
PIXE. Ca is present (vendor analysis places it at 50 ppm) but cannot be reliably
quantified by PIXE due to overlap with a host peak. Mn was confirmed as present
and measured in the 10-100 ppm range, while Fe and Cr concentrations were
determined more accurately at 35 ± 5 and < 100 ppm, respectively. As a whole,
the results are thus in good agreement with vendor specifications and prior work.
Most importantly, the presence of a number of elements at 10 ppm levels is indeed
confirmed and the Fe concentration is quantified at 35 ppm.
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Fig. 3.1 Identification and quantification of trace impurities in nominally undoped
SrTiO3 using PIXE. (a) PIXE spectrum of a nominally undoped SrTiO3 crystal
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measured with and without an Al filter. The expected spectrum from the SrTiO3
host (calculated by GUPIX [42]) is shown in magenta. Peaks due to the Si(Li)
detector and the Al filter are labeled, in addition to peaks subsequently deduced to
be detector artifacts. (b) Fully labeled PIXE spectrum from nominally undoped
SrTiO3. (c) Comparison between PIXE spectra for nominally undoped, 0.01% Fedoped, and 0.25% Cr-doped SrTiO3 crystals. All scans were acquired with an Al
filter present.

3.3 Optical magnetic circular dichroism spectroscopy
To probe magnetism in these samples we use optical magnetic circular
dichroism (MCD) spectroscopy, wherein small differences between the
transmission of right- and left-circularly polarized (RCP/LCP) probe light are
sensitively measured. MCD detects the normalized difference between the
transmission of right- and left-circularly polarized (LCP/RCP) probe light (
, respectively) through the sample: (

−

)/(

+

and

). Figure 3.2a shows a

schematic of the experimental set-up used for MCD measurements. Non-zero
MCD signals generally indicate the presence of time-reversal-symmetry-breaking
phenomena (for example, magnetization) [43]. A benefit of MCD spectroscopy as
compared to global magnetization techniques (such as SQUID magnetometry) is
that MCD signals typically occur in specific wavelength ranges, which can help
identify the underlying nature of the magnetic species and its coupling to the optical
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constants of the material, by obtaining a spectrally resolved measure of
magnetization in SrTiO3-δ. MCD is directly related via Kramers-Kronig relations to
the well-known magneto-optical phenomenon of Faraday rotation, which
measures magnetic circular birefringence.
The samples could also be weakly illuminated with a separate source of
wavelength-tunable, polarization-controlled pump light. The samples were
mounted in the variable-temperature (1.5-300 K) insert of an 8 T superconducting
magnet with direct optical access. Spectrally narrow, continuous-wave probe light
of tunable wavelength was derived from a xenon arc lamp and a 300 mm scanning
spectrometer. The probe light was mechanically chopped, and its polarization was
modulated between right- and left-circular by a photoelastic modulator (PEM). Very
low optical powers were used (1-100 nW) for the probe. The probe light was weakly
focused through the crystals ~ 1 mm2 spot area) and was detected by an
avalanche photodiode.

−

and

+

were measured using lock-in amplifiers

referenced to the PEM and the chopper, respectively.
Magnetization was induced and controlled in the crystals by a separate,
defocused, and independently polarizable pump beam (Figure 3.2a). This light
was derived from either a 405 nm laser diode or from a frequency-doubled and
wavelength-tunable Ti:sapphire laser. Low pump powers on the order of 5-200 μW
were typically used. The unfocused pump laser beam globally illuminated the
samples with a typical spot area of 13 mm2 for the 405 nm laser diode and 18 mm2
for the doubled Ti:sapphire laser.
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Fig. 3.2 Schematic of the magnetic circular dichroism (MCD) experiment used to
detect magnetization in SrTiO3-δ single crystals. Continuous-wave (CW) probe light
is modulated between right- and left-circular polarization (RCP/LCP) by a linear
polarizer (LP) and photoelastic modulator (PEM), then transmitted through the
samples and detected by an avalanche photodiode (APD). The polarization of the
additional CW pump light is controlled with a quarter-wave plate (QWP).

3.3.1 Carrier concentration and wavelength dependence of optical
density
Figure 3.3a displays optical absorption spectra from several SrTiO3-δ single
crystals. As-received (unannealed) substrates show only the sharp onset of bandedge absorption at 380 nm (3.26 eV); at longer wavelengths the absorption is
small, with a weak sub-bandgap tail. In contrast, increasingly oxygen-deficient
SrTiO3-δ crystals develop an additional sub-bandgap absorption peaked at
~ 430 nm (380 meV below the band-edge), with a weak shoulder at ~ 400 nm.
However, this absorption does not scale linearly with n, strongly suggesting that
only a fraction of the total VO density contributes to this absorption peak, for
example via specific VO-related complexes or clusters [27]. We note that early
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studies of bulk SrTiO3 also revealed absorption peaks in this spectral range that
were associated with Fe impurities and Fe-VO complexes [14-16]. Iron is one of
the several metal impurities typically found at tens of parts-per-million levels even
in nominally ‘pure’ SrTiO3 crystals [40, 41] (as discussed in Section 3.2) and thus
an unambiguous assignment is difficult [14].
Surprisingly, Figure 3.3b shows that these VO-related absorption features are
accompanied by the ability to induce − and control − a robust MCD signal at zero
magnetic field by illuminating with weak, circularly polarized pump light at subbandgap wavelengths (here,

= 405 nm, which pumps the entire sample

thickness). The optically induced MCD signal oscillates with probe wavelength
over the same spectral range where the VO-related absorption occurs, exhibiting
peak amplitudes at ~ 400, 425, and 455 nm. Moreover, the MCD signal exactly
inverts when the pump polarization is switched from RCP to LCP and disappears
when the pump is linearly polarized. In contrast, unannealed SrTiO3 exhibits no
optically induced MCD. Importantly, all SrTiO3-δ crystals showing a measurable
14

sub-bandgap absorption peak (those with n ≥ 10 cm-3) demonstrate optically
induced MCD with identical spectral shape, showing peaks and nodes at the same
. These data point to an optically induced magnetization arising from
localized VO-related complexes.
Additionally, we investigated MCD from SrTiO3-δ at longer wavelengths out
to 1000 nm. As shown in Figure 3.4a, optical pumping at 405 nm with right- and
left-circularly polarized light (RCP and LCP, respectively) does not induce any
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additional MCD features at wavelengths between 500 and 1000 nm. Furthermore,
the MCD spectrum did not show any notable features in this range even when a
6 T magnetic field was applied (Figure 3.4b).

(a)

(b)

Fig. 3.3 (a) Optical absorption spectra of several SrTiO3-δ crystals at low
temperature (3 K) and at zero magnetic field. The samples are denoted by their
electron density, n, from which the VO concentration may be inferred. Optical
density = − ln(T/T0 ); these spectra have not been corrected for simple Fresnel
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reflection. (b) The corresponding MCD spectra from a SrTiO3-δ and an as-received
(unannealed) SrTiO3 single crystal after being weakly illuminated with 50 μW of
RCP, LCP, and linearly polarized pump light at 405 nm (black, red, and green
curves, respectively). The oscillatory MCD signals indicate a pump-induced
magnetization, which inverts sign upon switching between RCP and LCP
illumination.

Fig. 3.4 MCD spectra of SrTiO3-δ at long wavelengths to 1000 nm. (a) Optically
induced magnetization for right- and left-circularly polarized (RCP and LCP,
respectively) 405 nm pump light, as measured by MCD spectroscopy.

MCD

features are clearly observed from 400 to 500 nm, but not at longer wavelengths.
(b) MCD spectrum of SrTiO3-δ at 5 K shows that no MCD signals exist in reduced
samples between 500 and 1000 nm, even at 6 T applied magnetic field.
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3.3.2 Temperature dependence of optically induced magnetization

Fig. 3.5 The temperature dependence of the induced magnetization (as monitored
by MCD at

= 425 nm), while being pumped at 405 nm. Insets: MCD at 5 K

and 30 K.
The temperature dependence of the optically induced magnetization is
shown in Figure 3.5. To probe magnetization continuously, we monitor the MCD
signal at its peak

= 425 nm. Under steady optical pumping, the induced

magnetization is approximately constant at low temperatures (T), but abruptly
disappears for T ≥ 18 K. Importantly, all of the SrTiO3-δ samples display the same
temperature dependence, regardless of n, which again suggests localized
independent complexes (for example, polarized paramagnetic moments), rather
than collective long-range phenomena such as ferromagnetism. The 430 nm
absorption does not significantly change above 18 K.
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To determine if this coincided with any change in the VO-related sub-bandgap
optical absorption, we measured the optical density of both SrTiO3-δ and SrTiO3
samples over a broad temperature range. Figures 3.6a and 3.6b show the subbandgap absorption spectra for a SrTiO3-δ sample and for the same sample after
it has been re-oxygenated. For both samples, the optical density is only minimally
altered as the temperature is raised from 3 to 60 K; the sub-bandgap absorption
features that are related to oxygen vacancies do not vanish above 18 K.

Fig. 3.6 Temperature dependent optical absorption for SrTiO3-δ and SrTiO3. The
optical density for (a) oxygen-deficient SrTiO3-δ and (b) re-oxygenated SrTiO3
changes only minimally as the temperature is increased from 3 K to 60 K. In
particular, the VO-related sub-bandgap absorption at ~ 430 nm remains largely
unchanged, despite the disappearance of magneto-optical phenomena at
temperatures exceeding 18 K.
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3.3.3 SQUID studies of optically induced magnetization
A commercial (Quantum Design MPMS) SQUID magnetometer operating at
zero magnetic field was used to directly confirm and quantify the optically induced
magnetization. Figure 3.7 shows the experimental setup for SQUID measurements
of optically induced magnetism. Sample sizes were approximately 3 mm × 3 mm
× 0.5 mm. 405 nm light was coupled to the SrTiO3-δ samples using standard singlemode UV optical fiber (0.13 numerical aperture) and a three-axis fiber launcher
(Thorlabs; MBT613D) with piezoelectric actuators.
In these experiments, it was critical to produce and maintain circularly
polarized light at the output of the fiber (that is, at the sample) while the sample
and probe were in situ. We used a linear polarizer and a variable waveplate (a
Soleil-Babinet compensator on a rotation mount) to launch circularly polarized light
into the fiber. We adjusted the polarization state of the light within the fiber by
straining it and inducing birefringence with a manual fiber polarization controller
(Fiber Control Industries; FPC-1). This is essential to correct for unwanted
birefringence in the fiber (due to bends, etc.) to ensure circular polarization of the
light at the output of the fiber. Circular polarization of the light at the output of the
fiber was confirmed and continuously monitored by measuring the intensity of the
light that was back-reflected from the end cleave of the fiber (a good cleave is
important). Upon back-reflection, RCP light (for example) changes to LCP light,
which is then nulled upon traversing the time-reversed path back through the
Soleil-Babinet and the linear polarizer.
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Fig. 3.7 Setup for SQUID measurements of optically induced magnetization. Light
from a 405 nm diode laser was coupled to a standard single-mode fiber. A linear
polarizer, a variable waveplate (a Soleil-Babinet compensator on a rotation mount),
and a manual fiber polarization controller were used to control the polarization of
the light arriving at the sample.

A photodiode monitored the polarization-

dependent intensity of the back reflection from the end of the fiber, allowing for in
situ control over the polarization at the sample.
A perfect null is achieved only when the light is perfectly circularly polarized
at the end of the fiber. An iris (to block other reflections), photodiode, chopper and
oscilloscope make this back-reflected light easy to monitor. More broadly, this
monitoring scheme effectively turns the back-reflected intensity into a polarization
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sensor. To switch from (say) RCP light to linear or LCP light at the sample, the
Soleil-Babinet is then rotated by 45 or 90 degrees.
To pass the fiber into the SQUID, a few-centimeter section of the fiber was
stripped of its acrylate jacket and was epoxied (Stycast 1266) into a small brass
tube, which was then passed through a standard quick-connect vacuum
feedthrough. The feedthrough itself was epoxied to the top of a standard SQUID
probe tube. The end of the fiber was positioned several centimeters above the
sample, so that the pump light globally illuminated the sample. For all SQUID
measurements shown here, we used < 500 μW of light at the sample.

Fig. 3.8 The temperature dependence of the optically induced magnetization as
measured by SQUID magnetometry, showing similar behavior as in Figure 3.5.
Figure 3.8 shows the temperature dependence of the optically induced
magnetization as measured by SQUID magnetometry. An induced magnetic
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moment of ~ 5 × 10 emu at zero applied field is observed, following the same
temperature and polarization dependence as measured by MCD. A signal of this
magnitude is expected in this sample if every VO induces a moment of ~ 0.01 μB.
More likely, only a small fraction of the VO may induce a (much larger) moment, a
scenario consistent with only a subset of the VO density contributing to optically
induced magnetization. As with the MCD data, no SQUID signal was observed in
unannealed samples (Figure 3.6).

Fig. 3.9 SQUID measurements of the optically induced magnetic moment in
SrTiO3-δ and in as-received (unannealed) SrTiO3. Pump polarization dependence
of the magnetization of SrTiO3-δ (upper panel) and SrTiO3 (lower panel) shows that
only SrTiO3-δ exhibits optically induced magnetization. In a similar manner to the
MCD results, the optically induced magnetization in SrTiO3-δ persists long after the
pump illumination is blocked.
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The top panel of Figure 3.9 demonstrates the ability to manipulate the
induced magnetic moment in the sample with polarized light, just as the MCD
results shown in the next section (Figure 3.10). As a control, we also tested an
unannealed, as-received SrTiO3 sample (lower panel of Figure 3.9). No optically
induced magnetization was observed, in agreement with the MCD results
presented in Figure 3.2. The small magnetization offset in this SQUID data is
attributed to the diamagnetic response of SrTiO3 created by the very small remnant
field (< 10-4 T) present in the superconducting magnet of the SQUID
magnetometer.

3.4 Observation of optically induced persistent magnetism
Remarkably, the optically induced magnetization in SrTiO3-δ is extremely
long-lived at low temperatures – that is, the magnetization persists long after the
pump illumination is turned off. Figure 3.10a shows the induced magnetization over
~ 1 hour as the pump illumination is varied. The magnetization is initially zero. At
t = 150 s, RCP pump light illuminates the sample, causing the magnetization to
build up and saturate within about one minute. Unexpectedly, this magnetization
persists after the pump light is blocked at t = 450 s. Subsequent pumping with
linearly polarized light causes the magnetization to rapidly re-equilibrate back to
zero. Using LCP pump light, equivalent but oppositely oriented magnetization
dynamics are produced.

This behavior is similar to the temporal behavior

observed using SQUID magnetometry, shown in Figure 3.9.
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Fig. 3.10 Persistence of optically induced magnetization in SrTiO3-δ. (a) Temporal
evolution of the magnetization (as monitored by MCD at

= 425 nm) for

different polarizations of 405 nm pump light. The optically induced magnetization
persists even after the pump is blocked, and the pump polarization can control and
invert the magnetization. (b) As the pump intensity increases, the induced
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magnetization saturates more quickly. (c) Measuring the slow exponential decay
of the optically induced magnetization at different temperatures. Relaxation at 11 K
was probed intermittently to limit any probe-induced relaxation. (d)

increases

over four orders of magnitude as temperature is reduced from 17 K to 7 K. An
Arrenhius fit (black line) to the linear portion of the data gives an activation
energy Δ = 24 meV. (e) A demonstration that magnetic information can be
optically written into SrTiO3-δ, stored, and then optically read out.

Figure 3.10b shows that the induced magnetization grows more rapidly with
increasing pump intensity, but saturates at approximately the same value. Plotting
these data versus net photodosage (intensity × time) collapses these different
traces to a single curve (not shown). Despite achieving saturation, the induced
MCD signal is only ~ 10-3, indicating that the total absorption at this wavelength
(

= 425 nm) changes only minimally (as discussed further with Figure 3.11).
The relaxation rate of the induced magnetization after the pump light is

blocked is strongly temperature dependent. The magnetization relaxation fits very
well to a single-exponential decay with time constant (Figure 3.10c). Figure 3.10d
shows that at 17 K relaxation occurs within seconds; however, as the temperature
drops,

increases to several hours (see also Section 3.6 on temporal dynamics).

Data between 13 and 17 K suggest an approximately activated (Arrhenius)
behavior ( =

exp(Δ /

), from which an activation energy Δ = 24 meV is
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inferred. Below 13 K,

deviates from activated behavior, but this may be due to

small amounts of unintended light on the samples.
We now return to Figure 3.10b, which shows that the equilibration rate of
optically induced magnetization depends strongly on the intensity of the pump
illumination, and that the induced magnetization saturates at approximately the
same magnitude independent of pump intensity. This behavior is consistent with
a material containing a fixed density of ground state levels in the gap that are
optically polarizable and that have extremely long spin relaxation times.
Additionally, Figure 3.11a shows that the MCD signals saturate not just at one
wavelength, but over the entire MCD spectrum, independent of pump intensity.
These data point towards a manifold of (at least) three circularly polarized optical
transitions that are coupled to a common ground state, and the buildup of
polarization in this ground state affects all three optical transitions simultaneously.
This scenario is described in the next section.

Fig. 3.11 Saturation of MCD spectra at different pump intensities. (a) MCD spectra
at B = 0 T measured after optical pumping with 405 nm light of different power (5,
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25, 50, and 500 μW). The spectra are approximately identical, indicating a
saturation of the optically induced magnetization. (From each of these spectra,
the small, but non-zero, MCD spectrum acquired without optical pumping was
subtracted.) (b) The corresponding optical absorption spectra.
To demonstrate the potential utility of this persistent magnetization, Figure
3.10e shows that detailed magnetic patterns can be optically written, stored, and
optically read out in SrTiO3-δ. The acronyms “LANL” and “UMN” were written using
400 nm pump light, where the circular polarization (and hence the magnetization
direction) was reversed between adjacent letters. Subsequently, the magnetic
patterns were read using raster-scanned MCD with (

= 425 nm).

3.5 Controlling the induced magnetization in SrTiO3-δ by pump
wavelength
Both the magnitude and the sign of the optically induced magnetization can
also be controlled by the wavelength of the pump light, providing insight into the
underlying nature of the VO-related magnetization. Figure 3.12a shows MCD
= 400, 425, and 475 nm. The signals

spectra acquired after illumination with
invert when

= 425 nm, indicating an oppositely oriented magnetization.

Figure 3.12b shows the induced MCD versus
426 nm.
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, measured at

= 400 and

Fig. 3.12 Controlling the induced magnetization in SrTiO3-δ by the pump
17

wavelength. (a) MCD spectra from SrTiO3-δ (n = 8 × 10 cm-3) after being optically
pumped at

= 400 nm, 425 nm, and 475 nm ( = 3 K,

magnetization is inverted when
at

= 0). The induced

= 425 nm. (b) The induced MCD, detected

= 400 nm and 426 nm, as a function of

. The oscillatory behavior

mimics that of the measured MCD spectra shown in panel (a). (c) A contour map
of the MCD spectra (x-axis) at different

(y-axis). (d) A possible level diagram,

showing a manifold of (at least) three levels optically coupled to a polarizable
ground state level | ⟩ (note these levels could also lie below | ⟩). Circularly
polarized optical selection rules allow optical pumping and partial orientation of | ⟩.
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If | ⟩ is oriented spin-down, the selection rules are reversed. A non-zero MCD
signal (right) is produced when these ground states are preferentially polarized.
The induced magnetization oscillates with

, closely tracking the

measured MCD spectrum itself (peaks at 400, 430, and 475 nm, and nodes at 415
and 440 nm). Figure 3.12c displays how the full MCD spectra evolve as

is

varied. It is particularly noteworthy that MCD signals at shorter wavelengths are
influenced by pump light at longer wavelengths, suggesting a manifold of optical
transitions obeying circularly polarized selection rules, which are coupled to a
common, optically polarizable ground state as portrayed in Figure 3.12d. This is
further supported by the data presented earlier in Figure 3.11.

3.6 Slow temporal dynamics of optically induced magnetism
The extremely slow relaxation of optically induced magnetism in SrTiO3-δ
suggests a potential for magneto-optical information storage at low temperatures.
However, the ability to induce and control magnetization with polarized pump light
also means that optical probes of magnetization (such as MCD or Faraday
rotation) can potentially perturb the magnetization. Thus, it is important to
recognize and to minimize any influence of the probe light on the magnetization
when measuring the relaxation dynamics of SrTiO3-δ. One way to accomplish this
is to use very low intensities of probe light. As shown previously in Figure 3.10, the
act of continuously probing the MCD (here using

= 425 nm) causes an

optically induced magnetization to relax more quickly than if probed intermittently.
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Fig. 3.13 Temporal dynamics of magnetization relaxation in SrTiO3-δ.

(a)

Continuous probing (red trace) and intermittent probing (green points) of the MCD
signal after optical pumping with RCP light

= 405 nm,

= 425 nm).

The faster decay with continuous probing shows that the MCD measurement itself
can accelerate the relaxation of the optically induced magnetization. Inset: MCD
signal as a function of time after optical pumping, using 40 nW and 4 nW of probe
power. The higher probe power clearly produces a faster decay of the
magnetization. (b) Intermittent probing of the 425 nm MCD signal after 405 nm
optical excitation, for several temperatures.
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The black lines indicate single-

exponential fits to the data. (c) Measuring the relaxation of optically induced
magnetization at 3 K over the course of ~ 9 hours. Only a small decay of
approximately 4% is observed over that time span. A probe power of 0.4 nW was
used in order to minimize probe-induced relaxation. (d) The full MCD spectrum
measured just after magnetizing the sample (black line) and 9.2 hours later (red
dashed line) shows that the induced magnetization at 3 K has barely changed. As
with (c), 0.4 nW of probe power was used to minimize probe-induced relaxation.

Unsurprisingly, the relaxation rate is faster when using higher probe intensity,
as the inset displays. Therefore, in both Figures 3.13a, b, we used a very weak
(

= 4 nW) probe beam to measure the magnetization at discrete intervals.

Each point shown in Figure 3.13a-c is an average of data collected over tens of
seconds with the error bars denoting the standard deviation (error bars are not
shown in Figure 3.13b for clarity). We investigated temperatures from 20 to 3 K,
with 17.5 K being the fastest magnetization decay that we could reliably measure.
From 3 to 14 K, probing was performed intermittently, while above those
temperatures a continuous probe was employed (as in Figure 3.10).
In a different set of experiments, a SrTiO3-δ sample (n = 1×1017 cm-3 ) was
magnetized in a 6 T magnetic field. The field was then ramped to zero, and a MCD
spectrum was acquired using a 0.4 nW probe. Over the next ~ 9 hours, the sample
magnetization was intermittently probed by MCD (at 425 nm) for tens of seconds
at a time, after which another full MCD spectrum was acquired. Figure 3.13c shows
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the averaged results of the intermittent probing, in units of relative decay from a
starting normalized value of 1. Remarkably, the MCD decays by less than 4% over
the course of 9 hours, demonstrating the persistence of the induced magnetization
at B = 0 T. A comparison of the full MCD spectra at t = 0 and at t = 9.2 hours is
given in Figure 3.13d; the spectra are essentially identical. This ability to induce a
long-lived magnetization using either circularly polarized light or a magnetic field is
consistent with a scenario in which magnetization in SrTiO3-δ originates from
polarizable ground state levels with an extremely long relaxation time.

3.7 Magneto-optical properties of intentionally Nb-doped SrTiO3
and re-oxygenated samples
To confirm that oxygen vacancies play an essential role in optically induced
magnetism, we reduced an as-received (insulating) SrTiO3 substrate and then reoxygenated it, measuring the optical properties before and after each step (Figure
3.14a, b). Only when appreciable VO were present, as determined by a measurable
n, did we observe sub-bandgap absorption at ~ 430 nm and optically induced MCD
signals. Following re-oxygenation, the absorption disappeared (as also seen in ref.
14), the crystal was again electrically insulating, and most importantly the MCD
signals vanished.
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Fig. 3.14 Magneto-optical properties of SrTiO3 and SrTiO3:Nb single crystals after
creating and removing oxygen vacancies. (a) The absorption spectra from an asreceived (unannealed) SrTiO3 crystal, again after annealing in UHV to create VO,
and again after re-oxygenation to remove VO. (b) The corresponding MCD spectra
(offset for clarity) after optically pumping with RCP (black) and LCP (red) light at
400 nm. Absorption and MCD features disappear after re-oxygenation. (c) The
absorption of SrTiO3:Nb before (grey) and after (purple) introducing VO. (d) The
corresponding MCD spectra (offset for clarity).
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We also investigated the role of excess electrons and concurrent changes in
Fermi level by studying SrTiO3 substrates doped with 0.02% Nb (an electron
donor). While SrTiO3:Nb exhibits an absorption feature at 500 nm, optically
induced

MCD

signals

were

not

observed,

despite

electron

densities

17

(n ~ 8 ×10 cm-3 ) comparable to our SrTiO3-δ samples.
However, after reducing this substrate (adding VO), both a 430 nm absorption
feature and optically induced MCD were observed (Figures 3.14c, d). Thus,
excess electron density appears to play a minor role in these magneto-optical
effects and does not significantly influence magnetization relaxation. This view is
further supported by the observation that applied currents (up to 2 mA) have no
discernible influence on the optically induced magnetization (not shown).
Separately, we checked for surface-related MCD artifacts by mechanically
polishing away several microns of both sides of a SrTiO3-δ sample. The optically
induced magnetization was unchanged.

3.8 MCD signal under applied magnetic fields
Figure 3.13c shows the ability to induce a persistent magnetization via a
magnetic field. Figure 3.15 shows the response of the MCD signal when the
magnetic field is swept at a fixed wavelength. The slow relaxation dynamics at the
lowest temperatures manifest themselves as open hysteresis loops when MCD is
measured at a fixed wavelength as a function of swept magnetic field. As seen in
Figure 3.15, these loops open as T decreases, due to the increasingly slow
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magnetization equilibration dynamics as discussed in the previous sections. When
the sweep rate of the magnetic field is lowered, the MCD (B) loops become
narrower, especially at higher T. At no point did we see ramp-rate-independent
hysteresis loops associated with ferromagnetism. These MCD (B) data at different
temperatures suggest magnetization of paramagnetic moments, consistent with
the interpretation of the data discussed earlier.

Fig. 3.15 MCD versus applied magnetic field, at different temperatures. MCD
signal using a fixed probe wavelength (425 nm) for SrTiO3-δ, taken as the applied
magnetic field was swept. Data at the lowest temperatures exhibit open hysteresis
loops due to the extremely slow magnetization relaxation dynamics.
Finally, Figure 3.16 shows MCD spectra at non-zero applied magnetic fields,
B. As-received SrTiO3 exhibits only a simple, monotonically decaying MCD
spectrum below the bandgap, likely arising from band splitting in the absorption
tail. This MCD inverts when B is reversed, as expected.
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Fig. 3.16 MCD spectra from SrTiO3-δ in an applied magnetic field. (a) As-received
(unannealed) SrTiO3 crystals show only a simple, monotonically decaying subbandgap MCD signal when a magnetic field, B, is applied. This background MCD
grows with B and inverts sign when B is reversed, as expected. B is applied along
the sample normal, parallel to the optical axis. (b) Reduced SrTiO3-δ samples not
only exhibit this background signal, but also show the oscillatory MCD structure
that was previously observed under optical pumping.
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In contrast, reduced SrTiO3-δ crystals show not only this background, but also
the same oscillatory MCD signals that appear after optically pumping at B = 0 T.
Applied magnetic fields therefore polarize these localized complexes in the same
manner as optical pumping. Importantly, at fixed B these MCD signals do not
decay, again consistent with a stable ground state spin polarization.

3.9 Photoluminescence measurements
Photoluminescence (PL) was excited using either a He-Cd laser (325 nm) or
a frequency-doubled Ti:sapphire laser (tunable wavelengths from 360-490 nm).
The latter permits either above-bandgap or below-bandgap excitation. A series of
oxygen-deficient SrTiO3-δ samples and an unannealed (as-received) SrTiO3
sample was measured. For the case of 325 nm (above-gap) excitation, all samples
showed a very broad and very similar PL band peaked well below the band-edge
(Figure 3.17a), consistent with prior results [44, 45] and likely due to self-trapped
excitons or defects. No significant differences between oxygen-deficient and asreceived samples was observed in the PL.
Figure 3.17b shows the marked difference in PL between above- and belowbandgap excitation, for both as-received SrTiO3 (top) and for SrTiO3-δ (bottom).
Here, the PL intensities for each sample were scaled by the integration time and
then normalized to the PL peak of the unannealed SrTiO3 substrate. For both
samples, the below-bandgap PL is negligible when compared to above-bandgap
excitation, and no significant differences between the samples are observed.
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Fig. 3.17 Photoluminescence (PL) from SrTiO3-δ using above- and below-bandgap
excitation. (a) Using weak above-bandgap excitation (325 nm), normalized PL
spectra from substrates with different VO densities shows that the PL remains
largely unaffected by oxygen removal from the lattice. (b) Comparison of PL from
an unannealed, as-received sample and an oxygen-deficient sample, for weak
excitation both above-bandgap (374 nm) and below-bandgap (390 nm). Belowbandgap excitation generates negligible PL relative to above-bandgap excitation.
Regardless of excitation, the PL from unannealed and from reduced SrTiO3 looks
qualitatively similar.

3.10 Conclusions
While these magneto-optical data cannot precisely identify the localized
complex responsible for the induced magnetization, some general inferences can
be made. All SrTiO3-δ samples -- independent of total VO density -- exhibit: i) an
additional sub-bandgap optical absorption centered at ~ 430 nm (Figure 3.2b), ii)
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an optically induced MCD having the same spectral shape (Figure 3.2c), and iii)
the same temperature dependence of the induced MCD (Figure 3.2d). These data
point to the formation of polarizable VO-related states exhibiting sub-bandgap
absorption, one candidate being the Fe-VO complexes previously studied in ref.
14, 16. Moreover, the extremely long-lived nature of the induced magnetization, its
activated relaxation dynamics (Figure 3.10), and the stability of MCD spectra in
non-zero B are consistent with a polarizable ground state. Finally, the oscillatory
MCD spectrum, and its dependence on pump wavelength (Figure 3.12), support a
scenario in which this ground state is coupled to a manifold of (at least) three levels
split by crystal field and/or Jahn-Teller effects, and spin-orbit coupling. In this
picture, circularly polarized optical selection rules apply and some degree of optical
orientation of the ground state spin is possible.
As noted above, the polarizable VO-related complex may involve other
neighboring impurities. Even the highest-quality SrTiO3 crystals currently available
contain a variety of impurity atoms, typically with non-negligible concentrations of
tens of parts-per-million [14, 40, 41]. For example, trace element analysis of our
crystals reveal ~ 35 ppm of Fe, in agreement with the vendor's specification and
with past works. Although electron spin resonance studies have established that
Fe and other impurities in SrTiO3 can exist in a variety of oxidation states, we do
not observe any pump-induced changes in the total optical absorption or any other
such ‘photochromic’ behavior [15]. Moreover, the magnetometry data and
dependence on circular pump polarization (Figure 3.3) rule out effects due to the
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selective population and ionization of defect complexes along different crystal axes
(as demonstrated, for example, for Fe-VO complexes by linearly polarized light
[48]). Rather, our studies represent a fundamentally different phenomenon: the
controlled generation of a “net magnetic moment” of a defect complex with
circularly polarized light -- in zero magnetic field -- loosely analogous to optical
pumping and orientation of electron and hole spins in classic semiconductor
spintronic materials like GaAs, but here with extremely long-lived relaxation times.
A cartoon outlining a possible level scheme for this complex is shown in
Figure 3.12d. Note that the manifold of three levels could also lie below the ground
state. (This latter situation would be analogous to strained n-type GaAs, where the
light-hole, heavy-hole, and split-off valence bands are split by spin-orbit coupling
and crystal distortion, so that RCP light pumps electrons with
1

2,−

1

2,+

=

1 , respectively.) Our SrTiO3-δ MCD data suggest energy splittings
2

of ~ 200 meV between these optical transitions, which exceeds the splitting
recently observed in the 3d conduction bands of SrTiO3 surfaces [47, 48], but may
be commensurate with 2p valence band splitting [49]. Defect complexes can
introduce large local energy scales, particularly if lattice distortions are involved. It
is worth noting that local deformations can also play an essential role in long-lived
or metastable phenomena, for example persistent photoconductivity from DX
centers in III-V semiconductors [50].
Our data point to exciting possibilities for exploiting magneto-optical effects
in perovskite oxides. The ability to optically read, write, and store magnetic
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information at technologically relevant wavelengths (for example, 405 nm) in
SrTiO3-δ suggests new opportunities for device applications. This work may also
shed new light on possible mechanisms for VO-related local moment formation and
long-range magnetism at complex oxide interfaces.
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Chapter 4
Deposition of thin films via polycrystalline SrTiO3 targets

Much of the recent progress in thin films and heterostructures of SrTiO3 [115] has come about as a result of advances in our ability to grow highlystoichiometric materials. This involves the use of sophisticated techniques like
molecular beam epitaxy (MBE) [16-20] and pulsed laser deposition (PLD) [21-25],
in conjunction with in situ monitoring, to achieve highly stoichiometric films with
exceptional transport properties, e.g., mobilities superior to bulk crystals [1]. In
spite of the sophisticated methods employed, it is found that precise control of
stoichiometry and defects is required to attain bulk-like lattice parameter, controlled
doping and high mobility in thin film SrTiO3. Challenges involved in achieving
exceptional structural quality and high mobilities were discussed at length in the
Introduction Chapter (Chapter 1). Keeping these growth challenges in mind, one
of the key goals of this project was to determine whether a versatile, economical
and scalable technique like sputtering is similarly capable of depositing highlystoichiometric thin film SrTiO3.
For this investigation, we used a high pressure oxygen sputtering system,
described in Section 2.1.4. Homoepitaxy was employed to explore the role of
growth parameters like deposition temperature, oxygen pressure and deposition
rate, which were varied over a wide range. Suitable methods for preparation of
substrates and targets prior to deposition were also determined. As mentioned in
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Chapter 2, for deposition of undoped SrTiO3 films, 2ʺ diameter SrTiO3 targets
procured from Kurt J. Lesker Co. [26] were used for RF sputter deposition. These
targets are claimed to be > 99.9% pure and extremely well sintered, with target
densities approximately equal to bulk SrTiO3 densities. It is difficult to achieve such
densities in targets sintered in the laboratory. They were bonded to the electrode
in the chamber using either Torr Seal [27] or Epotek H-20E Ag-based epoxy [28].
After deposition, the films were naturally cooled under vacuum. Films were
characterized using high resolution wide-angle X-ray diffraction (WAXRD), rocking
curves (RCs), grazing incidence X-ray reflectivity (GIXR) and scanning
transmission electron microscopy (STEM). WAXRD, RCs and GIXR were
performed in a Panalytical X’Pert system using Cu Kα radiation (see Sections 2.2.2
and 2.2.3). GenX [29] was used for GIXR refinement. Expanded lattice parameters
as compared to bulk, and observation of Kiessig fringes in WAXRD and GIXR were
used to detect non-stoichiometry in homoepitaxial films (discussed in Chapter 2).
Cross-sectional low-angle and high-angle annular dark-field (HAADF) STEM was
performed on an aberration-corrected monochromated FEI Titan G2 60-300 at
300 kV. In order to determine the electronic transport properties, vacuum
annealing (or reduction) of films grown on LaAlO3(001) and LSAT(001) substrates
was undertaken. This is to avoid the complications associated with reducing
SrTiO3 substrates in addition to the film. Films were vacuum annealed at 900 oC
for 3 hours. DC transport measurements were performed in the van der Pauw
geometry using a Keithley 220 current source and Keithley 2002 multimeter.
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4.1 Target preparation prior to deposition

Fig. 4.1 Evolution of lattice parameter (aop) of the films as a function of the
cumulative time for which the target is sputtered after polishing. This includes
~ 1 hour of pre-sputtering required to equilibrate the plasma prior to the growth.
We found that the target self-contaminates with use, requiring polishing to
reveal a fresh target surface after every 15 hours or 1000 Å of deposition. Figure
4.1 shows the WAXRD pattern of SrTiO3 films deposited at 750 oC and 1.9 Torr on
SrTiO3(001) substrates in the angular range of the SrTiO3 (002) reflection.
Samples grown for a cumulative time of 10 hours or less (this includes ~ 1 hour of
pre-sputtering to stabilize the plasma), shown as the black and red curves, had
bulk-like

lattice

parameters

with

nominal

interfacial

contrast,

indicating

stoichiometric growth. In contrast, the blue curve shows a sample that was grown
immediately after the red one, at the same growth conditions and growth time as
the red one, except without any target polishing in between the two growths,
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resulting in a cumulative sputtering time of 20 hours since the target was polished.
As is evident from the expanded lattice parameter and the presence of Kiessig
fringes about the peak, the sample is non-stoichiometric. We speculate that the
target surface gets preferentially enriched in either Sr or Ti over time, leading to
non-stoichiometry in the subsequent growth. We further postulate that this
enrichment occurs because the target is not perfectly stoichiometric (~ 99.9%
pure) to begin with, but the film grown over the SrTiO3 substrate is. The excess of
either Sr or Ti, which is not incorporated in the growing film, must get redeposited
on the target surface or chamber walls. The target, which is just a few centimeters
above the substrate heater during deposition, is likely to get contaminated by this
process. Even during ablation deposition of SrTiO3 in a previous work, it was
observed that low fluence of the laser beam could enrich the target surface with Sr
and lead to expanded lattice parameters in the growing films [24]. In light of this,
the target was polished after every 10 hours of usage over a polishing wheel for
30 mins using 3 μm diamond slurry, followed by 15 mins with 1 μm diamond slurry.

4.2 Influence of pre-annealing
Figure 4.2 shows the WAXRD data (a) and GIXR data (b) of 300-400 Å-thick
films grown on SrTiO3(001) substrates at intermediate temperatures and pressures
in the range explored. Blue curves show the data from a film grown on a substrate
without any treatment before deposition. As can be seen from the WAXRD data,
there is a slight shoulder to the substrate peak indicating the presence of a film
116

with an out of plane lattice parameter greater than the bulk substrate. We

also

observe Kiessig fringes indicating a clear contrast between the film and the
substrate (see section 2.2.2). The fringe spacing is used to calculate the out-ofplane lattice parameter of 3.908 Å from the intercept of the line fit of the sinθ vs. n
curve, as shown in the inset of Figure 4.3b (n is the order of reflection of the
fringes). Contrast is also observed in the GIXR data at these conditions. However,
the contrast in both WAXRD and GIXR disappears up on annealing the substrates
at 900 oC in O2 prior to the film deposition (red curve). The lattice parameter is also
indistinguishable from the bulk via WAXRD.

Fig. 4.2 Influence of pre-annealing the substrates. (a) Comparison of grazingincidence X-ray reflectivity scans of 300-400 Å-thick SrTiO3 films grown at
700-750 oC, 1.9 Torr on untreated and pre-annealed SrTiO3 substrates. Inset
shows the scattering length density as a function of depth for both the films
normalized to the respective film thickness. (b) Comparison of wide-angle X-ray
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diffraction scans of the two films. Inset shows the linear fitting of sinθ versus order
of reflection (n) for Keissig fringes about the Bragg peak to extract the out-of-plane
lattice parameter of the untreated sample. No fringes are seen in the pre-annealed
sample.
GIXR data from both the samples was refined using GenX, and the resulting
scattering length density profile is shown in the inset of Figure 4.3a. For the
untreated sample, refinement of the reflectivity data reveals ~ 100 Å layer of higher
scattering length density at the interface of the film and the substrate. No such
layer is observed in the case of the pre-annealed sample. Our findings are similar
to a previous report in literature [18], where the authors observe a C-rich layer, via
high-resolution cross-sectional transmission electron microscopy, at the interface
between the SrTiO3 film and the underlying SrTiO3 substrate for samples grown at
deposition temperatures ≤ 800 oC. They also observe that this layer disappears at
higher growth temperatures, possibly due to the removal of contaminants at
elevated temperatures. Our findings reiterate the importance of annealing the
substrates at elevated temperatures prior to deposition. Thus, the samples used
to investigate the influence of temperature and pressure, or explore the transport
properties were pre-annealed at 900 oC and 1.9 Torr of O2. Any contrast or
expansion of lattice parameter we observe in homoepitaxial films, after the SrTiO3
substrates have been pre-annealed, is then a direct indication of non-stoichiometry
present within the film itself.
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4.3 Growth optimization via homoepitaxy
To optimize the deposition parameters, films were grown on SrTiO3(001)
substrates. Films grown at various deposition parameters were compared using
three quantities – the out-of-plane lattice parameter (aop), contrast in WAXRD
(ΔWAXRD) and contrast in GIXR (ΔGIXR). A stoichiometric SrTiO3 film grown on a
SrTiO3 substrate is expected to have a lattice parameter of 3.905 Å just like the
bulk substrate, and doesn’t show a discernable contrast with the SrTiO3(001)
substrate in both WAXRD and GIXR (hence ΔWAXRD = 0, ΔGIXR = 0).

Fig. 4.3 Optimization of deposition parameters. Temperature-dependence of (a)
lattice parameter, (b) contrast in wide-angle X-ray diffraction, and (c) contrast in
grazing-incidence X-ray reflectivity of films grown at 1.9 Torr oxygen pressure
(PO2). Pressure-dependence of (d) lattice parameter, (e) contrast in wide-angle X119

ray diffraction, and (f) contrast in grazing-incidence X-ray reflectivity of films grown
at 750 oC. Black dotted lines are guides to the eye. Red dash line shows the
crossover from non-stoichiometric to stoichiometric growth conditions. Green dash
line shows the lattice parameter of bulk SrTiO3. (g) Rate-dependence of out-ofplane lattice parameter of films grown at 750 oC and 1.9 Torr. (h) Low-angle
annular dark field and (i) high-angle annular dark field transmission electron
microscopy image of 300 Å thick SrTiO3 film on SrTiO3(001) substrate. Films were
300-400 Å thick.
Figures 4.3a, b and c show the influence of temperature on aop, ΔWAXRD and
ΔGIXR. The pressure was held constant at 1.9 Torr, while the temperature was
varied from 600-900 oC. The lattice parameter was extracted by subtracting a
symmetric reflection of the substrate peak and using the peak position of the
resulting isolated peak arising from the film. Contrast was quantified by calculating
the amplitude of the Kiessig fringes, as described earlier in the Methods chapter
(Chapter 2). At low temperatures, there is a broad prominent shoulder to the
substrate peak resulting in large aop values. In addition, intense Kiessig fringes are
seen both in the WAXRD and the GIXR scans, indicating non-stoichiometry. aop
(Figure 4.3a) gradually decreases with temperature till 750 oC, beyond which it is
identical to the bulk lattice parameter of 3.905 Å. The values of ΔWAXRD (Figure
4.3b) and ΔGIXR (Figure 4.3c) also diminish with temperature, until contrast
completely disappears at 750 oC. Thus, we observe a clear trend between the
expansion in lattice parameter (Figure 4.3a) and the contrast in WAXRD and GIXR
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data (Figures 4.3b and c, respectively). Films grown above 750

oC

are

stoichiometric and completely indistinguishable from the bulk via either WAXRD or
GIXR. Figures 4.3d, e and f show the influence of pressure on aop, ΔWAXRD and
ΔGIXR, respectively. In this case, the temperature was held at 750 oC for all films
and the pressure was varied between 1.3 Torr to 2.7 Torr. The film grown at the
lowest pressure shows contrast with the substrate in both the WAXRD and GIXR
scans (Figure 4.3e and f, respectively), and has a lattice parameter slightly greater
than the bulk value(Figure 4.3d). However, the influence of pressure on lattice
parameter is not as pronounced as that of temperature, maximum expansion in
lattice parameter is 0.001 Å and 0.02 Å, respectively. Films grown at all pressures
≥ 1.6 Torr are indistinguishable from the bulk.
Finally, the rate of deposition was varied between 0.5 Å/min to 2.5 Å/min, by
either changing the deposition power or the target-to-substrate-heater distance, at
a constant temperature (750 oC) and pressure (1.9 mTorr). As shown in Figure
4.3g, films grown at rates ≲ 1.5 Å/min were indistinguishable from the bulk. It
should be noted that while the rate is independent of the deposition temperature,
it varies with oxygen pressure. For investigating the influence of temperature and
pressure (Figures 4.3a-f), the deposition rate was maintained at a fixed value of
1 Å/min. For a film grown at the optimized conditions (T = 750 oC, PO2 = 1.9 mbar,
and rate ~ 1 Å/min), STEM imaging (Figure 4.3h, i) also shows a vanishing contrast
between the film and the SrTiO3(001) substrate in both high-angle and low-angle
annular dark field modes. There is no strain or Z-contrast at the interface marked
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by the black arrow. Thus, we have demonstrated that by optimization of deposition
parameters, we can indeed achieve stoichiometric SrTiO3 via sputtering.

4.4 Doping and heteroepitaxy: growth on LaAlO3 and LSAT
substrates
Once the growth parameters were optimized via homoepitaxy, n-doping of films
through oxygen vacancies was pursued via vacuum annealing (or reduction).
Vacuum annealing provides a simple way of n-doping the films post-deposition,
unlike site A or B doping which would require synthesizing new targets with the
required dopant, and perhaps further optimization of growth conditions for each
dopant (also discussed in Chapter 6). However, the drawback of reducing
homoepitaxial SrTiO3 is that the substrate itself could get reduced, complicating
the interpretation of transport measurements. Hence, alternate substrates
(LaAlO3(001) and (La0.18Sr0.82)(Al0.59Ta0.41)O3 or LSAT(001)) were used for doping
and transport measurements. Films were grown at conditions optimized for
stoichiometric deposition (Figure 4.3). However, for films grown on LaAlO3(001)
and LSAT (001), there is a compressive strain of 3% and 1% respectively, causing
an expansion of the out-of-plane lattice parameter over the bulk value of 3.905 Å.
Hence, witness samples were grown on SrTiO3(001) substrates to ensure
stoichiometry during deposition. Slight variations in lattice parameter were
observed even at the same deposition conditions (Figure 4.3g), especially for
thicker films, hence, a cut-off lattice parameter, aop ≤ 3.915 Å on the witness
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SrTiO3(001) substrate was used to distinguish stoichiometric films. Over 50
samples were grown on LaAlO3(001) and LSAT(001) substrates to understand the
role of film thickness, strain and stoichiometry on the transport properties of the
films. Vacuum annealing was done at 900 C for 3 hrs at pressures < 10-7 Torr.
Subsequent DC electronic transport measurements utilized In contacts in a van
der Pauw geometry.

Fig. 4.4 Structural characterization of films grown on (a, b) LaAlO3(001), and (c, d)
LSAT(001) substrates.
Figure 4.4 shows the WAXRD, RC and GIXR of 450-Å-thick stoichiometric
films grown simultaneously on LaAlO3(001) and LSAT(001) substrates. Distinct
film peaks are seen in WAXRD on both substrates. These were used to estimate
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the lattice parameter from the peak position, using Bragg’s law, and the coherence
length from the peak width, using Scherer’s formula (Section 2.2.2). Kiessig fringes
are seen in both WAXRD and GIXR, indicating smooth films over small (10’s of
nm) and large (10’s of μm) lateral length scales, respectively. Rocking curve widths
were extracted by fitting the peaks with a suitable peak function to compare the
mosaic spread over different substrates.

Fig. 4.5 Thickness dependence of (a) out-of-plane lattice parameter (c), (b) roomtemperature resistivity (ρ(300K)) upon reduction, (c) full-width at half-maxima of
the rocking curve (σRC), and (d) Scherrer length (Λ) of stoichiometric SrTiO3 films
grown on LaAlO3(001) substrates. Red data points in (b) show the room124

temperature resistivity of non-stoichiometric films. For non-stoichiometric films, the
out-of-plane lattice parameter of the witness film grown on SrTiO3(001) substrate
(aop) is greater than 3.915 Å. Thickness dependence of (e) out-of-plane lattice
parameter (c), (f) room-temperature resistivity (ρ(300K)) upon reduction, (g) fullwidth at half-maxima of the rocking curve (σRC), and (h) Scherrer length (Λ) of
stoichiometric SrTiO3 films grown on LSAT(001) substrates. Black dotted lines are
guides to the eye. Green dash lines show the bulk SrTiO3 lattice parameter (abulk).
Orange dash lines show the expected value of the fully-strained out-of-plane lattice
parameter (afs). Dark blue thick dashed lines give the range of room-temperature
resistivity of bulk SrTiO3 samples reduced at the same conditions as the films
discussed above. LSAT = (LaAlO3)0.3 (Sr2AlTaO6)0.7 or (La0.18Sr0.82)(Al0.59Ta0.41)O3.
Figure 4.5 shows the evolution of lattice parameter, room temperature
resistivity, rocking curve width, and coherence length with film thickness on the two
substrates – panels a-d on LaAlO3(001) and panels e-h on LSAT(001). The orange
line in Figure 4.5a indicates the fully strained value of the lattice parameter (3.96 Å)
on LaAlO3 and the green line shows the bulk lattice parameter of SrTiO3 (3.905 Å).
As can be seen, films thinner than 100 Å are fully strained. Above a thickness of
100 Å, strain gradually relaxes. However, even the thicker films (up to 1700 Å, not
shown here) are only partially relaxed, with lattice parameters between
3.91-3.92 Å. Figure 4.5b shows the evolution of resistivity with thickness (post
reduction). All films ≤ 300 Å thick were found to be insulating (4T resistance > 10
GΩ). Data points with arrows over them give the lower bounds of resistivity. Above
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300 Å, films have a finite resistivity in the range of 1-104 Ωcm. To put these
numbers in context, the dark blue dashed line in panel 4.5b shows the scatter in
the resistivity of bulk SrTiO3 single crystals (1-2 Ωcm) reduced at the same
conditions as the films. In addition, we also deposited some deliberately nonstoichiometric films by increasing the rate of deposition. As shown with the red
data points, the non-stoichiometric films are all insulating, irrespective of the film
thickness. This further illustrates a strong correlation between structure and
transport properties of thin films, and the importance of stoichiometry for observing
any measurable conductivity. As can be seen from Figure 4.5c, the full width at
half maxima of the rocking curves does not show any trend with thickness. Figure
4.5d complements the results of Figure 4.5a. The coherence length begins to
deviate from the film thickness in the thickness range of 300-400 Å, indicating
strain relaxation.
Figures 4.5e-h show the evolution of these parameters on LSAT(001)
substrates. The expected strain relaxation thickness on LSAT (120 Å) is greater
than LaAlO3 (60 Å) due to a smaller strain. The fully strained lattice parameter is
3.93 Å, as shown with the orange dashed line in Figure 4.5e. However, as shown
in Figure 4.5e, no strain relaxation is observed on LSAT substrates; even for
thicknesses as high as 600 Å, the lattice parameter is close to its fully strained
value for all films. Delayed strain relaxation of SrTiO3 films grown over LSAT
substrates has also been reported previously via MBE [30]. This is also confirmed
from the coherence length that does not deviate from the film thickness in the
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whole range (Figure 4.5h). As with films grown with LaAlO3(001), no trend is seen
in the width of rocking curves with thickness (Figure 4.5g), however, both the value
of the rocking curves and the scatter in them are much smaller on LSAT(001)
substrates. This is likely due to the difference in the crystalline quality of these two
substrates. Similarly, while the thinnest film was found to be insulating after
reduction (4T resistance > 10 GΩ), films > 300 Å thick had a finite resistance in the
range of 103-105 Ωcm, about an order higher than the typical films grown on
LaAlO3(001). While some samples on LaAlO3 were exceptionally conductive (ρ300K
< 102 Ωcm), no such samples were found on LSAT substrates. Even for these
exceptionally conductive films on LaAlO3, the conductivity was at least an order of
magnitude less than the oxygen-deficient bulk SrTiO3 single crystals.

4.5 Transport
We further investigated the transport properties of films on LaAlO3 substrates
by measuring temperature dependent transport. As shown in Figure 4.6a, all the
measured films show semi-conducting transport characteristics. The log(ρ) vs. 1/T
curve fits linearly for all samples indicating activated transport (Figure 4.6b). The
activation energy lies in the range of 140-260 meV, which is much less than the
band gap of SrTiO3 (3.2 eV), implying that the carriers are excited from a dopant
band formed during reduction. However, it is two orders of magnitude higher than
the energies (O(1-10 meV)) predicted by hydrogenic theory of shallow donors in
SrTiO3 [31].
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Fig. 4.6 (a) Temperature–dependence of resistivity of 180-1600 Å-thick
stoichiometric and non-stoichiometric reduced SrTiO3 films grown on LaAlO3(001)
substrate. (b) Arrhenius fit of log(ρ) vs. 1/T for some selected films. The activation
energy of the reduced SrTiO3 films lies in the range of 140 to 260 meV. Hall
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measurements on the thickest film give a room-temperature carrier concentration
of 1.5 × 1018 cm-3, which corresponds to an electron mobility of 0.4 cm2V-1s-1.
Another possibility for activated transport is small polaron hopping that
occurs due to electron-phonon interactions, and results in an Arrhenius-like
temperature-dependence of mobility [32]. The temperature-dependence of
resistivity, in the case of small polaron hopping, is given by:

=

(4.1)

The fit of the transport data of the most conductive sample (not shown here), to
equation 4.1, gives a small polaron activation energy (EP) of 160 meV, comparable
to the activation energies obtained by fitting log(ρ) vs. 1/T data.
In addition, Hall effect measurements (not shown here) were performed, at
room temperature, on the most conductive sample, revealing a carrier
concentration of 1.5 × 1018 cm-3, quite close to the maximum carrier concentration
observed in SrTiO3 upon reduction (Section 1.2) [31]. From the room temperature
values of resistivity and carrier concentration, a peak mobility of 0.4 cm2V-1s-1 was
calculated.
Comparing to the transport properties of bulk single crystals doped with
oxygen vacancies (Figure 1.5), we find that the carrier concentration in our films is
comparable to the maximum observed carrier concentration in bulk single crystals
via oxygen vacancy doping. However, the thin film samples differ from the bulk
crystals in two major aspects. Firstly, the room temperature mobility achieved in
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films is almost an order of magnitude lower than bulk. Secondly, while bulk single
crystals are metallic even at a carrier concentration as low as ~ 4 × 1015 cm-3 [31],
sputtered thin film SrTiO3 shows activated transport, with an activation energy of
~ 200 meV.
Furthermore, the onset of conductivity only after a certain thickness (Figure
4.5) points towards the existence of a depletion layer. It is not unexpected that
surface or interface states could pin the Fermi level, depleting the surface or
interface of the film. In a previous work on 5% La-doped SrTiO3 films grown on
SrTiO3 substrates [33], the authors found that even at dopant concentrations as
high as 1021 cm-3, they observed a strong dependence of resistivity on film
thickness. Thinner films were invariably more resistive and had lesser carriers for
the same dopant concentration, indicating the presence of a depletion layer. They
estimated the depletion width to be 53 Å thick at room temperature, which
corresponds to a built-in potential of 0.7 eV. Figure 4.7 shows the depletion width
as a function of carrier concentration for various built-in potentials, calculated using
equation 4.2.

=

2
(4.2)

Here, w is the depletion width, ε is the dielectric constant of SrTiO3 at room
temperature,

=

,

= 300 was used here, Vbi is the built-in potential, q is

the electronic charge and ND is the carrier concentration.

130

For a carrier concentration of 1018 cm-3 that is achieved via oxygen
vacancies, the depletion width is expected to be ~ 200-2000 Å thick depending on
the built-in potential. This implies that the thinner films could be fully depleted, and
hence insulating (4T resistance > 10 GΩ). Even films thicker than 300 Å could
have a depletion width that is a significant fraction of the film thickness. It should
be noted that the limit of ~ 1018 carriers per cm-3 is set by the equilibrium
concentration of VO in SrTiO3 at the reduction temperatures accessible to us, which
was the method of doping used here. Substitutional doping with Nb or La can push
this limit by almost three orders of magnitude [31], and reduce the depletion width
proportionately.

Fig 4.7 Depletion width as a function of carrier concentration and built-in potential.
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4.6 Particle-induced X-ray emission of sputtering targets
While the possible existence of a depleted region of O[100 Å], arising due to
a low density of dopants achieved via reduction, could explain the onset of
conductivity at t > 300 Å for films grown on LaAlO3 substrates, it doesn’t completely
explain activated transport and the limited mobility of these films. In addition to
surface/interface depletion, it is possible that the films contain point defects in trace
quantities that are not revealed via structural characterization techniques, such as
WAXRD and STEM, but are sufficient to affect transport. In particular, there is a
concern that impurities present in trace quantities could both compensate the
excess electrons from oxygen vacancies and act as ionized impurity scattering
centers. To characterize the trace impurities present in our samples, we used
particle-induced X-ray emission (PIXE) technique, as described in Section 2.2.5
and discussed previously in Chapter 3, Section 3.2. Due to the absence of
fluorescence and Bremsstrahlung radiation, it gives a high signal-to-noise ratio,
making it a technique of choice for detecting trace impurities (> 10 ppm), which
could go undetected via other spectroscopy techniques such as EDS. However,
the depth probed via PIXE is of the order of 1 μm, making it hard to detect trace
amounts of impurities in a few 100-Å-thick film over a thick substrate. In addition,
the La L-edge (from the La in the substrate) overlaps with the K-edge of many
transition elements that are suspected to be present in SrTiO3. To circumvent
these issues, instead of the film, we characterized a piece of the sputtering target
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by PIXE. This can give a rough estimate of the impurities present in the films, since
the stoichiometry of the sputtering target is more or less maintained in the film.

Fig. 4.8 Particle-induced X-ray emission (PIXE) spectra from a commercial SrTiO3
target measured using 4000 keV energy and 83 µC charge. Spectra were obtained
from the unpolished target surface, polished surface, undoped SrTiO3 single
crystal (not shown here, see ref. 34) and 0.01% Fe-doped SrTiO3 single crystal.
There is approximately 1000 ppm of Fe on the target surface and 400 ppm in the
bulk (polished surface). This corresponds to 2.2 × 1019 cm-3 to 5.5 × 1019 cm-3 deep
acceptors. Inset zooms over the energy range of Fe Kα and Kβ peaks. Curves offset
for clarity.
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Figure 4.8 shows the PIXE data from unpolished target surface, polished
target surface and a 0.01 wt.% Fe single crystal used for comparison. As seen
earlier in bulk single crystals (Figure 3.1), the host peaks from Ti and Sr and sum
peaks are present at the expected positions [34]. In addition, two main impurity
peaks are seen in the spectra – arising from Ca and Fe. Ca is an expected impurity
in Sr based materials, and we have estimated the Ca content to be about 1000
ppm by weight or 0.1% via GUPIX [35]. However, what is concerning is the
prominent Fe peak in the spectrum. Fe is a known deep acceptor in SrTiO3.To
verify that the Fe peak is indeed present throughout the thickness of the target and
not just on the surface, the target was polished to half its thickness and
characterized again. Care was taken while polishing to ensure that the target does
not get contaminated. While the peak intensity goes down after polishing (blue
curve), there is definitely Fe present even in the bulk of the target. To quantify the
Fe content, a commercial sample of 0.01% Fe-doped SrTiO3 single crystal was
used (red curve). The inset zooms over the energy range of the Fe Kα and Kβ
peaks. Comparing the area under the Fe Kα peak in all three spectra, we estimate
that there is 400 ± 40 ppm of Fe in the bulk of the target, and 1000 ± 100 at the
surface. This is significantly higher than the Fe content claimed by the vendor,
which is just 1 ppm! This value is cited from the material characterization certificate
provided by Kurt J. Lesker Co. [26], and was determined by inductively coupled
plasma (ICP) mass spectroscopy performed on the reagents used for synthesizing
the target. Comparison of impurities in the target to the trace impurities in
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commercial single crystals of SrTiO3 is presented in Table 4.1. This is the highest
purity SrTiO3 commercially available [36, 37]. We find that single crystals also have
some trace Fe, but the amount is ~ 10 times lower than that in the target.
Table 4.1: Comparison of trace impurities in SrTiO3 targets from Lesker [26] and
SrTiO3 single crystals from MTI [36].
Expected
elements
[Reference]

Expected
concentration
(in ppm)

Measured
concentration
in single crystal
(in ppm)

Measured
concentration in
polycrystalline
target (in ppm)

Mg [36]

20

Not detectable,
likely present

Not detectable,
likely present

Si [36]

40

Not detectable,
likely present
Present, not
quantifiable due to
peak overlap

Not detectable,
likely present

Ca [36]

50

Fe [1, 36, 38]

30

35 ± 5

400 ± 40

Cr [37]

?

< 100

O(100’s)

Mn [37]

?

O(10’s -100’s)

O(10-100’s)

Al [1, 35]

20

Not detectable,
likely present

Not detectable,
likely present

1000 ± 100

In terms of dopant concentration, 400 ppm corresponds to about 5 × 1019 cm-3
of acceptors! It implies that the carrier concentration we observe in our films is over
and above that compensated by these p-type impurities. In addition to these, there
is ~ 1000 ppm of Ca which amounts to ~ 1020 cm-3 of additional impurities or
scattering centers in the sample. Such high concentration of impurities can
drastically limit the mobility observed, without affecting the structure enough to be
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detected via X-Rays or STEM imaging. Furthermore, acceptor ions are known to
form deep levels in SrTiO3 [39-42], unlike donors that form shallow bands. The
presence of deep acceptors in concentrations comparable to (perhaps even higher
than) oxygen vacancies would not only limit the mobility due to ionized scattering,
it could even shift the Fermi level away from the conduction band edge. The value
of activation energy (140-260 meV) determined by fitting the logarithmic resistivity
to inverse temperature, from temperature – dependent resistivity measurements,
is indeed two orders of magnitude higher than the energies (O[1-10 meV])
predicted by hydrogenic theory of shallow donors in SrTiO3 [31]. This situation is
shown schematically in Figure 4.9.

Fig. 4.9 Schematic of the energy band diagrams of (a) undoped bulk SrTiO3, (b)
oxygen-deficient bulk SrTiO3, and (c) oxygen-deficient sputtered thin films. EC and
EV are the conduction and valence band edges, respectively. EF is the Fermi level.
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ED denotes the dopant band formed due to oxygen-vacancies, and EA denotes the
deep acceptor-like levels formed due to Fe. Eact is the activation energy required
to excite the electrons into the conduction band.

4.7 Summary
In summary, we have demonstrated the deposition of highly stoichiometric
SrTiO3 via sputtering, comparable in structure to the best films deposited via MBE
or PLD, something that was considered difficult, if not, impossible. In spite of bulklike lattice parameters and vanishing interfacial contrast in homoepitaxial
deposition, the conductivity observed in these films upon reduction is at least an
order lower than bulk at room temperature. This difference arises mostly from the
lower room-temperature mobility observed in these films. Additionally, the films
display semiconducting, activated transport at carrier concentrations that display
metallic conduction in bulk crystals. We postulate that the films are significantly
depleted due to possible surface and interface states. We have further determined
that the commercially procured sputtering targets contain significant amounts of
compensating trace impurities, which could drastically shift the Fermi level into the
band gap, and limit the mobility and carrier concentration observed in these films.
While this reduces the utility of sputtered SrTiO3 for applications requiring high
mobility, the presence of considerable amounts of trace impurities in the target
suggests that this limitation arises from the purity of the commercially available
ceramic targets, not from the process itself. This paves the way for deposition of
137

other functional oxides and heterostructures via sputtering. Additionally, the limit
of ~ 1018 cm-3 is set by the equilibrium concentration of VO in SrTiO3 at the reduction
temperatures accessible to us, which was the method of doping used here. This
does not limit the carrier concentration or mobility that can be achieved in SrTiO3
doped via cation substitution, or in other oxides deposited by this method [43] (for
example, BaSnO3, as discussed in Appendix A). Annealing of samples in a
reducing environment, for example, in H2 ambient, could be tried in the future,
instead of vacuum anneal, to increase the carrier concentration achieved by
oxygen vacancy doping.
However, there are still some unaddressed questions, i.e., the observation of
semi-conducting transport instead of metallic transport at n ~ 1018 cm-3.
Furthermore, the absence of exceptionally conductive samples on LSAT(001)
substrates is also curious. Further investigation is required in order to understand
why this difference exists. Perhaps, the difference in band alignment at the two
substrates or the difference in diffusion of Al (another p-type dopant) from the two
substrates into the growing film could play a role. In order to address the issue of
target purity, we considered the growth of SrTiO3 thin films using single crystals of
SrTiO3 as targets. These are nominally > 99.99% pure as compared to
polycrystalline targets that are only > 99.9% pure, promising an order of lower
concentration of trace impurities. The preliminary work done in this regard is
discussed in Chapter 6.
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Chapter 5
Nb-doped SrTiO3 films

This chapter is adapted, with permission, from the paper “Observation of
electrically-inactive interstitials in Nb-doped SrTiO3”, ACS Nano 7 (5), 4487 (2013).
Contributing Authors: J. S. Jeong, P. Ambwani, B. Jalan, C. Leighton, K. A.
Mkhoyan
As discussed in Chapter 1, phenomenal progress made with the growth of
complex oxide heterostructures in recent years has led to the observation of twodimensional (2D) electron gases, quantum oscillations, 2D superconductivity and
emergent ferromagnetism [1-6] in heterostructures and delta-doped layers of
SrTiO3, further adding to its appeal. Doped thin films have also displayed 300%
enhancement of electron mobility, as compared to bulk, under compressive strain
[7]. It is remarkable that this rapid progress has been possible given the difficulties
encountered with controlled doping of SrTiO3 films. In bulk crystals, n-type doping
via O vacancies (in SrTiO3–), Nb substitution (in SrTi1–yNbyO3), and La substitution
(in Sr1–xLaxNbO3) are all relatively well controlled [see reference 8 for more details].
Doping SrTiO3 films and heterostructures, on the other hand, has proven quite
challenging, due to the severe demands placed on crystalline perfection,
stoichiometry, and defect density. With the commonly employed pulsed laser
deposition (PLD) technique, incorporation of dopants, such as Nb, is non-trivial,
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requiring growth temperatures in excess of 1000 oC to achieve bulk-like lattice
parameters. Moreover, even when doping is successful, mobilities observed in thin
films are far lower than in bulk. Precise management of defects during PLD have
resulted in dramatic improvements in mobilities [9]. Recent breakthroughs in hybrid
molecular beam epitaxy (MBE) have also resulted in the growth of highly
stoichiometric films that show bulk-like mobilities [10]. Nevertheless, much remains
to be understood regarding n-doping in SrTiO3 films, including the nature of defects
that limit electron mobility, the mechanisms by which non-stoichiometry hinders
dopant incorporation, and the local state of electrically-inactive dopants.
As described in Chapter 4, we have established that carefully executed high
pressure oxygen sputter deposition, much like precisely controlled PLD and MBE,
is also capable of synthesis of highly stoichiometric undoped SrTiO3 epilayers.
Optimized deposition conditions lead to identical lattice parameters for film and
substrate in homoepitaxy, in addition to vanishing interfacial contrast in X-ray
scattering, two of the most stringent stoichiometry criteria [9-11]. Nevertheless,
when these growth conditions are used for deposition of SrTiO3:Nb, we observe
no measurable conductivity and significantly expanded out-of-plane lattice
parameters, indicating electrically inactive dopants and significant nonstoichiometry. Details of target synthesis and thin film growth are described in
Sections 5.1 and 5.2. By combining high-resolution X-ray diffraction (XRD),
multiple modes of transmission electron microscopy (TEM), energy dispersive Xray spectroscopy (EDX), and electron energy loss spectroscopy (EELS), we show
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that such films must in fact contain significant levels of interstitial Nb. This
interstitial Nb is found to be inhomogeneously distributed within the films, creating
local lattice strain and modifying the local electronic density of states (DOS), but
not significantly adding electrons to the conduction band. The methods discussed
in this chapter could enable critical advances in understanding the doping problem
in SrTiO3, most notably a full appreciation of how deposition and processing
conditions can be optimized to promote fully electrically-active substitutional
doping.

5.1 Preparation and characterization of polycrystalline SrTiO3:Nb
targets
Unlike the case of undoped SrTiO3, targets prepared in the laboratory were
used for deposition of doped films, since only one concentration of Nb-doping
(10%) was available commercially in 2ʺ diameter polycrystalline targets.
Synthesizing powders in our laboratory, on the other hand, allows to us synthesize
doped targets of any concentration we desire. 5% Nb-doping was chosen as a
starting point, since it is a reasonable concentration to expect a change in the
electrical conductivity as compared to an undoped film, without significant
deviation of the lattice parameter from the bulk value (expected lattice parameter,
from Vegard’s law, ~ 3.911 Å). It is also large enough to detect the presence of Nb
atoms, and study their chemical environment via various spectroscopy techniques.
Targets were prepared using the solid state synthesis route, as described earlier
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in Chapter 2. The reaction was carried out at 1250 oC for 72 hours, with multiple
intermediate grindings. Sintering was carried out at 1350 oC for 24 hours, followed
by slow cooling at 0.5 oC/min to avoid cracking. It should be noted that, at under
these conditions, the target is electrically insulating (two-terminal resistance >
100 GΩ) and white in color (Figure 5.1). In comparison, Nb-doped SrTiO3 single
crystals (SrTi1-xNbxO3, 0.2 ≤ x ≤ 2.0) are metallic (ρ300K = 2-7 mΩ) [8], and black in
appearance. Synthesis of doped SrTiO3:Nb via solid state processing is known to
be non-trivial [12-15]. Reaction temperatures ≥ 1440 oC (congruent melting point),
followed by a fast cooling step are required to form and retain the stoichiometric
phase upon cooling.

(a)

(b)

Fig. 5.1 (a) Slow-cooled, and (b) quenched SrTiO3:Nb target.
Figure 5.1b shows a SrTiO3:Nb pellet that was sintered at 1500 oC for 24
hours, and quenched in a liquid N2 bath. The pellet so obtained was indeed
conductive (ρ300K = 1.5 kΩ), even though the resistivity was about 6 orders of
magnitude higher than that of single crystals of comparable dopant concentration
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[8]. While this method can be used to synthesize powders or small pellets of
SrTiO3:Nb, the sudden change in temperature, however, invariably cracks a larger
disk, making it infeasible for synthesizing a 2ʺ diameter, doped target. Hence, slow
cooling protocol after sintering at a reasonable temperature was used to
synthesize a mechanically stable, albeit an insulating, target, containing 5% Nb.

5.2 Deposition from polycrystalline targets: structure and transport

Fig. 5.2 Wide-angle XRD pattern of a 270-Å-thick SrTiO3:Nb film compared to a
420-Å-thick undoped SrTiO3 film grown on SrTiO3(001) substrates showing
increased out-of-plane lattice parameter in the SrTiO3:Nb film.
5% Nb-doped SrTiO3 (SrTiO3:Nb) targets were used to deposit 150-900 Å
thick epitaxial SrTiO3:Nb films on undoped SrTiO3(001) and LaAlO3(001)
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substrates using RF high pressure oxygen sputtering. Prior to growth, the
substrates were annealed in 1.88 Torr of oxygen at 900 °C. Deposition was
performed at 900 °C in 1.88 Torr of oxygen, followed by cooling in 600 Torr of
oxygen. Homoepitaxial undoped SrTiO3 films grown at these conditions lead to
identical lattice parameters for the film and the substrate, and vanishing X-ray
scattering contrast, as discussed in Chapter 4. Figure 5.2 shows wide-angle XRD
pattern from a SrTiO3:Nb film, compared to an undoped SrTiO3 film deposited at
the same temperature and pressure.
In the undoped case, we obtain an out-of-plane lattice parameter essentially
identical to the substrate, with no finite-size fringes seen about the Bragg peak. In
the doped case, however, we observe significantly expanded out-of-plane lattice
parameter (3.941 Å, a 0.91% increase over bulk SrTiO3 (3.905 Å)), and clear
fringes.

Although

calibrated

X-ray

photoelectron

spectroscopy

confirms

approximately 5 at.% Nb incorporation in the SrTiO3:Nb films, we obtain no
measurable conductivity (i.e. two-terminal resistance > 100 G). We interpret
these results as some form of non-stoichiometry in the film, along with the
presence of electrically inactive dopants. The following sections describe the
details of the nature of non-stoichiometry, and the influence of the microstructure
of the doped SrTiO3 film on its electronic properties. The data described in the
following sections are only for ~ 300-Å-thick 5 at.% Nb films, although similar
results were obtained from 0.1 to 5 at.% Nb doping and for thicker films, above any
anticipated depletion thickness. For comparison, we also studied commercial (MTI
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Corp.) bulk single crystals of undoped SrTiO3 and 1.4 at.% SrTiO3:Nb. Such doped
crystals have close to 100% electrically active dopants, with a small compensation
[8].

5.3 STEM imaging of SrTiO3:Nb films
The results from one of our EDX experiments are presented in Figure 5.3,
which shows the lateral variations in scanning TEM (STEM) low-angle annular dark
field (LAADF) intensity, Nb, Ti, O, and Sr EDX signal, and the corresponding
representative LAADF, Nb, Ti, O, and Sr images in a SrTiO3:Nb epilayer on
SrTiO3(001) substrate. The EDX signals from the film were compared to those from
the substrate. The thickness differences between film and substrate were also
measured, using ADF intensities, and the corresponding adjustments were made.
The data reveal quite clearly that: (i) there are regions in the film where
anomalously high concentration of Nb is observed, (ii) these regions are
associated with higher LAADF intensity and lower Ti content, and (iii) there are no
systematic variations in O or Sr content throughout the film. While the average
LAADF intensity in the SrTiO3:Nb film is only marginally higher than that from the
substrate, the local intensity variations are significant, and are correlated with the
variations in Nb content. The Pearson correlation coefficient [16] between LAADF
and Nb EDX intensities was evaluated at 0.85, confirming a strong correlation. This
coefficient is –0.57 between the Nb and Ti signals (a relatively weak anticorrelation), suggesting that the excess Nb does not simply occupy vacant Ti sites.
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Fig. 5.3 (a) STEM LAADF image of a SrTiO3:Nb film grown on a SrTiO3(001)
substrate and corresponding EDX maps of (b) Nb L, (c) Ti K, (d) O K, and (e) Sr L
peaks recorded in parallel. The horizontal dotted lines indicate the interface
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between the film (top) and the substrate (bottom). Panels f–j show verticallyaveraged signal variations obtained from the region of the film indicated by the
dotted rectangle in (a). The LAADF, Ti, O, and Sr signals were normalized to the
undoped SrTiO3 substrate. The solid lines in the LAADF and EDX profiles are
guides to the eye obtained by FFT-filter-smoothening to remove high frequency
noise. The same parameters were used for all signals.
The Pearson coefficients for Sr/Ti and Sr/Nb are –0.38 and 0.72,
respectively, with the Sr signal mostly varying around zero, suggesting that there
are no considerable or systematic changes in Sr content. There is no anticorrelation between Sr and Nb, and thus the possibility of systematic presence of
Nb on Sr lattice sites can be ruled out. Since there are no correlated or systematic
variations in the O signal and no secondary phase formation (this point is returned
to later), excess Nb (relative to deficient Ti) is expected to occupy interstitial sites,
in addition to substituting for Ti. This point will be returned to throughout this
chapter.
As an example of the magnitudes involved, the local composition of Nb, and
the fraction of interstitial Nb, were evaluated in an example region. If all Ti losses
are substituted by Nb, the excess Nb must be in the interstitial sites. In region A in
Figure 5.3, for example, the Ti loss is about 8.6 at.%, whereas the concentration
of Nb is about 11.5 at.%, which means that about 2.9 at.% Nb (or 25% of the local
Nb) is in interstitial sites. Since the loss of Ti atoms in the film is not uniform, the
doped Nb substituting Ti must also be clustered. As returned to below, this dopant
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clustering possibly plays a significant role in limiting electrical conduction in these
films.
Additionally, we tried to evaluate the expansion of lattice parameter from the
estimated interstitial Nb concentration. This is somewhat challenging, since Nb
interstitials in the films are predominantly clustered in ~ 10-20 nm regions. On the
other hand, the out-of-plane lattice expansion measured by XRD is averaged over
the entire film. However, some simple qualitative evaluation can be made to
assess the magnitude of the lattice expansion due to Nb interstitials, to compare
with XRD data. A single t-Nb interstitial displaces 1st neighboring Sr and O atoms
along the out-of-plane direction as much as 0.762 Å and 0.548 Å, respectively,
leading to a rough estimate of an average lattice expansion within one unit cell of
~ 16.8%. Assuming that the highly strained region A (the boxed region in Figure
5.3a) contains about 2.9 at.% of Nb (or about 25% of total Nb) in the interstitial
sites, as mentioned earlier, the lattice expansion in that region can be estimated
to 0.029 × 16.8% = 0.49%. Moreover, if we include effects in lattice expansion not
only through displacements of the 1st nearest neighbors but also 2nd and 3rd, we
obtain a value of 0.49 % + 0.49 % × 0.28 + 0.49 % × 0.16 = 0.71 % (refer to table
5.1 and Figure 5.11 discussed in Section 5.5). If we now extend this result to the
overall average lattice expansion throughout the film, we obtain 0.71 % × 2/3 =
0.47 %. Taking into account that this is a lower limit (since we assumed that every
Ti vacant site is substituted by Nb, allowed for a relatively small density of
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interstitial Nb, and only included strain up to 3rd nearest neighbors), this simple
estimate reasonably matches to the lattice expansion of 0.91% measured via XRD.
The visible increase in STEM ADF signal in the high Nb content regions could
be attributed either to the changes in composition [17, 18] or to the presence of
strain [19]. Although STEM ADF imaging is often considered to be a technique for
visualization of just atomic number contrast (i.e. Z-contrast) in a structure, this
approximation is only valid when the ADF detector inner angle (adf) is
considerably larger than the incident beam convergent semi-angle (obj) (typically

adf > 3 × obj) [20, 21] allowing for the use of the Rutherford scattering model [18,
22]. In cases where adf is not this large, overlapping and interfering diffracted
beams reach the ADF detector, and pure Z-contrast imaging is compromised, as
shown in Chapter 2, Section 2.2.4, Figure 2.15. This situation, however, is ideal
for the detection of local lattice strain [19, 23].
Following this, Figures 5.4a, b show side-by-side simultaneously recorded
LAADF and high-angle ADF (HAADF) images of both thin film (top panels) and
bulk crystal (bottom panels) samples. Note that the slight contrast changes across
the film in the LAADF image are due to thickness variations caused by TEM
specimen preparation. The clear absence of bright regions in HAADF image of the
film indicates that those regions are indeed a result of localized lattice strain, not
strong compositional variations. This conclusion is further supported by bright-field
(BF) TEM imaging (Figure 5.4c) which also reveals contrast variations
characteristic of strain but only in film samples [24]. None of these variations occur
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in bulk single crystal samples. As discussed in more detail below, the considerable
quantities of interstitial Nb in these regions are the source of this strain.

Fig. 5.4 STEM ADF images simultaneously obtained from SrTiO3:Nb film and
SrTiO3:Nb bulk crystal (a) using a LAADF detector with adf of about 20 mrad for
strain imaging and, (b) using a HAADF detector with adf of about 60 mrad for Zcontrast imaging. (c) Conventional BF TEM images from the same samples. (d)
Atomic-resolution STEM LAADF and HAADF images of the SrTiO3:Nb film. (e) A
SAED pattern recorded from the SrTiO3:Nb film. Interfaces between film (top) and
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substrate (bottom) are indicated by the dotted lines, and the scale bars in (a–c)
represent 10 nm.
Atomic-resolution STEM ADF images (Figure 5.4d) also show contrast
variations in the film samples, but, critically, no evidence of microstructural
changes or secondary phase formation in the strained high Nb content regions.
Selected-area electron diffraction (SAED) patterns recorded from the same
interfacial regions (Figure 5.4e) show no additional spots and no distortions of the
[100] pattern, ruling out secondary phases such as binary Nb oxides and SrNbO3,
which has the same crystal structure with slightly different lattice parameter [25,
26], a = 4.04 Å. SAED measurements, in fact, rule out SrTi1–xNbxO3 with x > 0.3
(discussed later in Section 5.5). Since no systematic changes in oxygen content
were observed, the observed strain is also unlikely to be associated with oxygen
vacancies [19].
As discussed before, XRD measurements on such SrTiO3:Nb films indicate
an average out-of-plane lattice parameter of 3.941 Å, corresponding to an increase
of 0.91 % over the bulk SrTiO3 lattice constant of 3.905 Å. This is consistent with
an increase in the unit cell volume due to Nb interstitials, which must be
accommodated primarily by out-of-plane expansion due to the observed
pseudomorphic growth. This expansion is expected to be non-uniform given that
we have clearly observed non-uniform Nb interstitial density. The expansion of inplane (║) and out-of-plane (┴) lattice parameters was measured using highresolution STEM HAADF images from SrTiO3:Nb films and SrTiO3 substrates. As
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shown in Figure 5.5 there are no significant changes in in-plane lattice parameter
of the films in comparison to the substrates, indicating pseudomorphic epitaxial
growth. The expansion of the out-of-plane lattice parameter is consistent with the
XRD data.

Fig. 5.5 The expansion of in-plane (║) and out-of-plane (┴) lattice parameters in
SrTiO3:Nb films relative to SrTiO3 substrates measured using high-resolution
STEM HAADF images. The lattice parameters of the films were measured in the
region < 10 nm from the interface. Relatively large scatter in the measured lattice
parameters is due to scanning artifacts and specimen drift typically present in highresolution STEM images.
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5.4 EELS measurement on SrTiO3:Nb
To evaluate the effects of interstitial Nb on the electronic properties of these
SrTiO3:Nb films, first, the usefulness of the EEL spectra at the Nb M-edge was
evaluated.

Fig. 5.6 EELS of Sr and Nb M edges experimentally measured from a bulk
SrTiO3:Nb sample and compared with those from EELS Atlas [28]. Nb M4,5 edge
overlaps with Sr M4,5 edge. Nb M2,3 EELS edge recorded from the bulk SrTiO3:Nb
sample shows poor signal-to-noise ratio.
The Nb M2,3 edge in EELS displays sharp white lines and is sensitive to the
oxidation state [27, 28]. However, it has a very small scattering cross-section and,
as a result, it is quite hard to measure the Nb signal without damaging the
specimen, for a low concentration of Nb, which is the case here. On the other
hand, the Nb M4,5 EELS edge has a reasonably high scattering cross-section and
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can be used to identify the presence of Nb. Unfortunately, it has a delayed onset
and is fairly featureless [28, 29]. The analysis of Nb M4,5 EELS in SrTiO3 is further
complicated by the fact that it overlaps with the Sr M4,5 EELS edge, as shown in
Figure 5.6, limiting its usefulness for quantitative EELS. Hence, EEL spectra at the
Ti L2,3 and O K edges were used to evaluate the effect of interstitial Nb on the
electronic properties, as they probe the electronic density of states (DOS).
Moreover, the detection of Nb for EDX mapping was carried out using the new
generation high-efficiency EDX systems available on modern aberration-corrected
STEM systems. These systems allow higher X-ray count rates, and better
sensitivity to low concentration of elements. In our experiments, EDX composition
maps were acquired in parallel from the Nb L, Ti K, O K, and Sr L peaks, with
corresponding STEM ADF images. All data were recorded in a single scan,
covering both the film and the substrate, and were also repeated several times to
ensure reproducibility.
To begin the discussion of the effect of interstitial Nb on electronic properties,
we first consider the possible strain effects on this DOS, since we have
demonstrated (Figure 5.3) that Nb interstitials are accompanied by significant
lattice strain. We compare the EEL spectra of the SrTiO3:Nb film to those of
undoped SrTiO3 substrates, where no Nb is present. We intentionally generated
strained regions in the undoped substrate during specimen preparation. These
defects are normally formed in SrTiO3 substrates by long (~ 100 min at 0.5-4 keV
and 8-10° of incident beam) ion milling. First, to show that the strain created in the
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substrates during specimen preparation is similar to the strain observed in the film,
we compared the LAADF intensities from both regions (Figure 5.7). As can be
seen, the level of strain at the defect in the substrate is comparable to that in the
strained regions of the SrTiO3:Nb film. Then, the EEL at the Ti L2,3 edge (Figure
5.8) of both - the unstrained regions and the intentionally strained - regions in the
undoped substrate was compared (Figure 5.8).

Fig. 5.7 Comparison of strain generated by an intentionally-created defect in a
SrTiO3 substrate and by Nb interstitials in a SrTiO3:Nb film. (a) STEM LAADF
image and (b) corresponding intensity profiles. Intensities were obtained from the
boxed regions shown in (a). Thickness effects were eliminated using LAADF
information from neighboring regions.
As can be seen from Figure 5.8b, the differences in the Ti L2,3 edges in
strained and unstrained regions occur only in total intensity, not in fine structure
(Figure 5.8c). This indicates that no detectable changes in DOS occur in the SrTiO3
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lattice at these strain levels, which are comparable with those observed in
SrTiO3:Nb films. We ascribe the overall intensity changes to dechanneling and
broadening of the incident beam [30], due to strain. Note that the slight anticorrelation of STEM LAADF and HAADF images in highly strained regions, as can
be seen in Figures 5.4a, b, is also due to strain-induced changes in electron beam
channeling.

Fig. 5.8 (a) STEM LAADF image of a SrTiO3(001) substrate with strained regions.
The strain fields here originate from defects formed during ion milling. (b) Ti L2,3
edge EEL spectra from unstrained and strained SrTiO3 regions (areas of data
collection are indicated in (a) by the black and red rectangles respectively).
(c) Data in (b) after normalization. The difference between the normalized spectra
is shown at the bottom, and statistical noise levels are indicated by the dotted lines.
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Fig. 5.9 EELS fine structure of (a, b) Ti L2,3 and (c, d) O K edges from undoped
SrTiO3 substrate, bulk SrTiO3:Nb with substitutional Nb doping, and SrTiO3:Nb film
with substitutional and interstitial Nb. Differences with respect to undoped SrTiO3
are shown on the bottom, and statistical noise levels are indicated by the dotted
lines.
Similar low-noise EEL Ti L2,3 and O K edge spectra were acquired from
SrTiO3:Nb films (with both substitutional and interstitial Nb) and from bulk
SrTiO3:Nb crystals (with predominantly substitutional Nb) (Figure 5.9). Spectra
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from undoped SrTiO3 substrates were also obtained for reference. Focusing first
on the left panel of Figure 5.9, we see that the Ti L2,3 and O K edges of bulk
SrTiO3:Nb show a shift in the edge onsets, and additional changes in fine structure,
relative to undoped bulk SrTiO3. This shift of 0.3  0.05 eV in both Ti L2,3 and O K
edge onsets (Figures 5.9a, c) can be interpreted as an upward shift in the Fermi
energy at 1.4 at. % substitutional Nb doping cf. nominally undoped SrTiO3.
Although it should be noted that this shift propagates throughout the fine structure,
meaning that alterations of the DOS are also occurring, as opposed to just rigidband filling. Turning to the right panel of Figure 5.9, we see that the Ti L2,3 and O
K edge EEL spectra obtained from SrTiO3:Nb films show considerably smaller Nbinduced shifts in the edge onset region than bulk single crystal SrTiO3:Nb. This
clearly suggests that Nb doping with a large density of Nb interstitials has a much
weaker impact on the band filling and distortion, i.e. that these Nb interstitials are
significantly less electronically active than substitutional Nb.
Additionally, Ti L2,3 and O K edge EELS measurements were also conducted
with a dispersion of 0.05 eV/channel, providing an energy resolution of ~ 0.75 eV
(Figure 5.10). Despite a slight increase in the experimental noise level, the results
essentially show identical changes in the fine structure of undoped SrTiO3,
SrTiO3:Nb single crystals and SrTiO3:Nb epitaxial films.
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Fig. 5.10 EELS fine structure of (a) Ti L2,3 and (b) O K edges from an undoped
SrTiO3 substrate, bulk SrTiO3:Nb with substitutional Nb doping, and SrTiO3:Nb film
with substitutional and interstitial Nb recorded using a dispersion of 0.05
eV/channel. Differences with respect to undoped SrTiO3 are shown on the bottom.
Statistical noise levels, calculated as ±√ , where I is the signal intensity, are
indicated by the dotted lines in the differences.
As returned to in the next section, we should emphasize that carrier
compensation by other defects is also certainly possible. This is of course
consistent with the vastly different electronic transport properties of bulk SrTiO3:Nb
and these particular epilayers. Bulk SrTiO3:Nb crystals at this doping level have
resistivity in the 10–3 cm range at 300 K, compared to > 100 G resistance in
these particular SrTiO3:Nb films. At higher energies (> 459 eV for the Ti L2,3 edge
and 532.5 eV for the O K edge) significant changes in fine structure occur for
SrTiO3:Nb films compared to both SrTiO3:Nb crystals and undoped SrTiO3. This
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indicates that the high densities of interstitial Nb do induce higher energy changes
in the DOS, as expected. Note that the observation that Nb incorporation clearly
impacts the Ti edge is unambiguous evidence that the Nb dopants are in atomicscale proximity to Ti ions, again confirming that precipitation of Nb-containing
secondary phases does not occur.

5.5 Strain modelling and simulation of diffraction patterns
In order to make quantitative comparison to the strain-sensitive highresolution STEM LAADF images presented above, we constructed a simple model
to estimate strain fields based on local Nb interstitial density, and the oxidation
state of the interstitial Nb. Using a hard sphere model, the displacements of the
nearest neighbor around a Nb interstitial were estimated [31]. The strain field thus
calculated was then used to simulate STEM LAADF and HAADF images using the
Multislice computational method [32-34] with the code developed by Kirkland [35].
Two sets of simulations were performed. In one case all interstitial Nb was
considered to be Nb0, while in the second all interstitial Nb was considered to be
Nb5+. The simulation parameters used and the results obtained are discussed in
this section.
A 1.3 Å STEM probe was generated using the following electron optical
parameters: 300 kV acceleration voltage, spherical aberration of CS = 1.2 mm,
objective angle of 9 mrad, and defocus of 400 Å. The inner and outer angles of the
ADF detectors were 20 and 60 mrads for LAADF, and 60 and 300 mrads for
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HAADF. The effects of thermal vibrations of the atoms (i.e. phonons) were included
in the calculations using the following root mean square (RMS) displacements for
the atoms in the SrTiO3 lattice and Nb: Sr (0.0773 Å), Ti (0.0606 Å), O (0.0848 Å)
[38], and Nb (0.0455 Å) [34]. The RMS displacement for Nb was estimated using
a relationship between the RMS displacements and atomic number. The DebyeWaller factors, W, can be deduced from the RMS values using a simple
relationship: W = Q2<u2>/6, where Q, and <u> are the momentum transfer and the
RMS displacement [39]. A slice thickness of z = 1.1 Å was used in all simulations.
Model supercells with a size of 10 × 10 unit cells2 (39.05 × 39.05 Å2) were
created, where only half of the supercells contained Nb. The other half, not
containing Nb, model the substrate. The thickness of the supercell along the beam
propagation direction was 90 unit cells (351.5 Å), as estimated from experimental
low-loss EELS measurement. For these STEM ADF simulations, 11.5 at.% Nb was
used in a representative highly-strained region of the film. Of these Nb atoms, 25 %
were considered to be interstitial Nb, the rest were considered as substitutional.
Both substitutional and interstitial sites for Nb in the SrTiO3 lattice were chosen
randomly, the only constraint being avoiding two Nb in the same unit cell. For
comparison, additional simulations were conducted using supercells with Nb
contents of 10, 10.7, and 14.3 at.%. In another set of simulations 11.5 at.% Nb was
included, but all Nb atoms were constrained to be substitutional.
The strain, in the films, resulting from Nb atoms, is due to the displacement
of the nearby ions from their original lattice sites. In the model supercells of
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SrTiO3:Nb films, the displacements of the first nearest neighbor ions of Nb atoms
were calculated based on a simple hard sphere model with the characteristic ionic
radii for the corresponding coordination number (see Table 5.1).

Table 5.1 Displacements of 1st nearest neighbor ions from Nb at various sites with
different ionization level.

Ionization
level

Nb0

Character

Site

Displacements of 1st nearest
neighbor ions (Å)
Sr2+

O2-

Ti4+

t-Nb

1.319

0.949

0.484

o-Nb

1.057

0.687

-

t-Nb

0.509

0.139

0

o-Nb

0.247

0

-

Ti

-

0.038

-

Interstitial

Interstitial
Nb5+
Substitutional

Most of the STEM ADF simulations were performed for the Nb5+ ion and the
Nb atom (Nb0). The displacements of the ions in the lattice were evaluated as a
function of the distance from interstitial and/or substitutional Nb using:

⃗ ( ⃗) =

⃗,

where ⃗ is the position of the ions from Nb sites, and
and the displacements of 1st nearest neighbor ions [31].
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(5.1)
and

are the distances

Fig. 5.11 (a) Atomic displacement as a function of ionization level and distances
from interstitial or substitutional Nb. The nth nearest neighbor distances from a tNb interstitial are indicated on the top of the plot, and 1st nearest neighbor
distances are indicated by the solid circles and open diamonds. The RMS
displacement, which is an average lattice vibration calculated by averaging RMS
displacements of each atom in the SrTiO3 lattice, is also indicated. The hatched
area indicates the level of strain that is not considered in the simulations.
(b) Reported ionic radii of Nb with different ionization levels and coordination
numbers [40].
Figure 5.11a shows the displacements of the ions in SrTiO3, caused by Nb5+
and Nb0 at the interstitial and substitution sites, evaluated using equation (5.1),
where both tetrahedral (t) and octahedral (o) interstitial sites were considered. The
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displacements of the lattice ions up to 10th nearest neighbor for Nb0, and up to 4th
nearest neighbor for Nb5+, were applied for interstitial Nb, to ensure that they are
terminated at the level where displacements are less than the RMS displacement
of the SrTiO3 lattice due to thermal vibration (also shown in Figure 5.11 a). The
strain field overlap is negligible. The concentration of interstitial Nb in highly
strained regions is about 2.9 at.%, which means that on average we can expect
one interstitial Nb per 33 unit cells. An average separation distance between two
Nb interstitials is then about 3-4 unit cells or about > 20th nearest neighbors. Such
large separation distance between two nearby Nb interstitials allows us, to a good
approximation, to neglect the effects of overlapping strain fields. For comparison,
in Figure 5.11a, displacements of the lattice ions caused by substitutional Nb5+ are
also presented. As can be seen, substitutional Nb5+ causes strain below the RMS
thermal displacement even for first nearest neighbor ions.
As discussed before, the level of strain is directly proportional to the
displacements of 1st nearest neighbor ions, which are in turn proportional to the
size of Nb atom or Nbn+ ion. Figure 5.11b summarizes the sizes for all possible
Nbn+ ions (Nb5+, Nb4+, and Nb3+), with their possible coordination numbers, and
compares them to Nb atom (i.e. Nb0). As can be observed, the ionic radii at all Nb
ionization levels, though slightly higher, are still very similar to that of 4-coordinated
Nb5+ and considerably smaller than that of Nb0. A summary of Multislice STEM
LAADF and HAADF image simulations, with interstitial and substitutionally-doped
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Nb in SrTiO3 films on undoped SrTiO3 substrates is presented in Figure 5.12. The
experimental images are also presented for comparison.

Fig. 5.12 (a-d) Simulated STEM LAADF and HAADF images of SrTiO3:Nb films on
undoped SrTiO3 substrates for several different Nb contents with interstitial Nb
being either Nb5+ (left column) or Nb0 (right column). All Nb substitutionals are
considered to be Nb5+. (e) Simulated STEM LAADF and HAADF images of
SrTiO3:Nb films containing only substitutional Nb5+ on undoped SrTiO3 substrates.
(f) Experimentally acquired images (shown again in next figure). The interfaces

165

between the film and substrate are indicated by the white lines, and the scale bars
represent 1 nm.
Figure 5.13a highlights, schematically, two obvious possible locations for
interstitial Nb in the SrTiO3 unit cell from all possible cases discussed in Figure
5.12 - a tetrahedral site (t-Nb) and an octahedral site (o-Nb). Each unit cell has 8
identical tetrahedral and 3 identical octahedral sites. A simple 2D hard sphere
representation with Sr2+, O2–, Ti4+, and t-Nb in a (110) plane is presented in Figure
5.13b, with the ionic radii [40] shown. The high compatibility of Nb5+ as a
substitutional dopant on the Ti4+ site is simply seen from the similarity of the 6-fold
coordinated ionic radii for Ti4+ (74.5 pm) and Nb5+ (78.0 pm) [40]. Figure 5.13b also
clearly shows that when Nb occupies interstitial sites (either t or o), it necessarily
expands the local lattice parameter, introducing strain. The magnitude of this strain
will depend on the oxidation state of the interstitial Nb, as aptly demonstrated by
the comparison of the Nb5+ and Nb0 extreme cases in Figure 5.13b. Since the
effective sizes of t and o interstitial sites are similar, the strain is expected to be
similar in these two cases (as discussed earlier). Thus, for simplicity, we limit
further discussion to t-Nb. It should be noted here that more study, beyond the
scope of this work, will be necessary to clarify which of these two interstitial sites
is energetically favorable for Nb.
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Fig. 5.13 (a) Perspective view of the SrTiO3 unit cell with interstitials (one t-Nb and
one o-Nb), and a highlighted (110) plane (dotted blue line). (b) 2D schematic of the
(110) plane in (a) showing a t-Nb interstitial overlapping with neighboring ions
based on a hard sphere model. Ionic and/or atomic radii are: 12-coordinated Sr2+
(158 pm), 6-coordinated Ti4+ (74.5 pm), 2-coordinated O2– (121 pm), 4-coordinated
Nb5+ (62 pm), and Nb0 (143 pm) [40] (c) Comparison of STEM LAADF (left panel)
and HAADF (right panel) images with corresponding intensity profiles obtained
from experimental measurement (top, close-ups of Figure 2d), Nb0 simulation
(middle), and Nb5+ simulation (bottom). The interfaces between film and substrate
are indicated by the lines and the scale bars represent 1 nm.
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As mentioned earlier, for direct comparison to experimental observations, we
simulated a case of 11.5 at.% Nb concentration with 25 % interstitial Nb, i.e. the
physical situation occurring in the nanoscopic region A in Figure 5.3a. A specimen
thickness of 35 nm was considered here, to correlate with the actual specimen
thickness measured experimentally using low-loss EELS (the log ratio method was
used, with a mean free path for bulk plasmon generation in SrTiO3 of p = 123 nm)
[36, 37]. The results are shown in Figure 5.13 - both as images, and as laterallyaveraged intensity profiles. Clearly, the experimental STEM LAADF images and
line profiles are in much closer agreement with the interstitial Nb existing in the Nb0
state, broadly consistent with the EELS data. Partially ionized Nb (Nb4+ or Nb3+)
results in strain, somewhat similar to that induced by Nb5+ (Figures 5.11 and 5.12),
that is much lower than the values detected in the experiment.
In addition to the simulation of ADF images, we also simulated the
diffraction patterns expected from a film containing both SrTiO3 and SrNbO3
phases, using the Multislice method. Here, to be consistent with the experimental
scenario, we consider the film to be oriented along the [100] crystallographic
direction. Supercells with 60 × 60 × 45 unit cells [33] were used and bulk lattice
parameters (a[SrNbO3] = 4.04 Å; a[SrTiO3] = 3.905 Å) were applied for each
crystal. Calculations were performed using a grid of 2,048 × 2,048 pixels [32].
Slight convergence (semi-angle of 0.2 mrad) of the beam was incorporated to
improve the visibility of the diffraction pattern. The resulting expected diffraction
pattern from a film that contains SrTiO3 and SrNbO3 is shown in Figure 5.14a,
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where two sets of patterns can be identified. Additionally, we superimposed the
positions of the expected diffraction spots from SrTiO3 and SrNbO3 onto an
experimentally recorded diffraction pattern obtained from a section of the film that
has high strain (Figure 5.14b). As can be seen, there is no evidence of pure
SrNbO3 clusters. Moreover, this analysis allows us to eliminate the possibility of
having SrTi1-xNbxO3 with x > 0.3, as mentioned earlier.

Fig. 5.14 (a) A simulated diffraction pattern of a SrTiO3/SrNbO3 bilayer stacked
along the [100] crystallographic direction, which is also the incident beam direction.
(b) An experimentally acquired SAED pattern of the SrTiO3:Nb film, with expected
positions of diffraction spots from SrTiO3 (red) and SrNbO3 (green) superimposed.
In totality, our microscopy and spectroscopy results, thus, point to substantial
incorporation of electrically-inactive interstitial Nb0, consistent with the lack of
metallic conductivity. Since Ti and Sr contents also fluctuate on the nanoscopic
level, as shown in our EDX data, Ti or Sr vacancy-driven compensation (and
mobility reduction) may also occur [9]. Although the contribution of the latter
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appears smaller than that of Nb interstitials. Furthermore, since Ti loss in the film
is not uniform, substituting Nb must clearly be clustered, likely further contributing
to poor conductivity. In any case, we propose that defects and strain severely
hinder the mobility in films such as these, precluding measurable electronic
conductivity, despite the fact that some substitutional doping does occur.

5.6 Summary
In summary, we have studied the local structural and electronic properties of
SrTiO3:Nb epilayers deposited under conditions that yield nominally ideal
stoichiometry for undoped SrTiO3. Even under such conditions we find expanded
out-of-plane lattice parameters, and insulating electronic behavior, in stark contrast
to bulk Nb-doped single crystals. The Nb incorporation was found to be highly
inhomogeneous on nanoscopic length-scales, with the spatial variations being
closely correlated to the LAADF intensity in STEM imaging, which we demonstrate
to be due to large quantities of interstitial Nb. Secondary phase formation is ruled
out, even at the nanoscopic level. EEL spectra reveal changes in the DOS in
SrTiO3:Nb films compared to undoped SrTiO3, but without the clear shift in the
Fermi edge seen in bulk single crystals of SrTiO3:Nb. From simple simulations we
argue that the strain field seen in experiments likely arises from interstitial Nb in
the Nb0 state. The results thus point to the presence of electrically-inactive Nb
interstitials in large quantities, which, in addition to other defects, are responsible
for the poor conductivity of doped thin films.
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Chapter 6
Summary and outlook
6.1 Optically induced magnetism in SrTiO3
The first part of this dissertation demonstrated that circularly polarized light
can induce magnetism in oxygen-deficient bulk SrTiO3 crystals. These magnetic
signals, which are induced at zero applied magnetic field and at low temperatures
below ~ 18 K, are extremely long-lived. Furthermore, they can be controlled in both
magnitude and sign by means of circular polarization and wavelength of subbandgap illumination (400-500 nm). Detailed characterization of trace impurities in
these crystals and experiments done on SrTiO3:Nb crystals highlight the
importance of oxygen vacancies towards observation of magnetism in SrTiO3. Our
findings point to the existence of optically polarizable VO -related complexes in the
forbidden gap of SrTiO3-δ that are responsible for the observation of optically
induced magnetism. Further experiments on intentionally compensated SrTiO3
crystals, such as oxygen-deficient SrTiO3:Fe with controlled concentration of Fe
could shed some light on the nature of complexes and the contribution of impurities
towards magnetism. Attempts to measure optically-induced magnetism in
sputtered and MBE-grown thin films of SrTiO3 is also underway. These findings
will be crucial in understanding the role of defects in the recent reports of
observation of magnetic moments and magnetic ordering at oxide interfaces.
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6.2 Growth of SrTiO3 thin films
The second part focuses on the growth of thin films of SrTiO3 via high
pressure oxygen sputter deposition. Using homoepitaxy on SrTiO3(001)
substrates, we have successfully demonstrated the deposition of highly
stoichiometric SrTiO3 thin films via high pressure oxygen sputter deposition, by
optimizing the deposition parameters. Structurally, the films are indistinguishable
from the bulk substrate via WAXRD, GIXR and STEM imaging. A detailed
thickness-dependence of the structure and transport on two other substrates –
LaAlO3(001) and LSAT(001) – is also presented. An important finding is that, in
spite of bulk-like lattice parameters and vanishing interfacial contrast in
homoepitaxial deposition, the conductivity observed in these films upon reduction
is at least an order lower than bulk values, at room temperature. This difference
arises mostly from the lower room-temperature mobility observed in these films.
Additionally, the films display semiconducting, activated transport at carrier
concentrations that display metallic conduction in the bulk crystals. We postulate
that the films are significantly depleted due to possible surface and interface states,
along with compensating trace impurities present in commercially procured
polycrystalline sputtering targets. Looking ahead, there are two options to
overcome the influence of deep acceptors on the electronic properties of the films.
The first approach is to reduce the number of deep acceptors by using purer
targets, The second is to increase the number of donors by either increasing the
concentration of oxygen vacancies via reduction in H2 ambient, or dope the films
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substitutionally. In order to address the issue of target purity, the plan ahead is to
use single crystals of SrTiO3 as targets, since they have at least an order of
magnitude lower concentration of trace impurities. The preliminary work done in
this regard is presented here.

Single-crystalline SrTiO3

Fig. 6.1 Schematic of the target loading assembly for (a) a polycrystalline target
and (b) a single crystal target. Target sizes are drawn to scale for ease of
comparison.
Figure 6.1 shows a schematic of the target loading assembly for our oxide
chamber. The target is bonded to a Cu stub which is then screwed over the Cu
electrode (as discussed previously in Section 2.1.3). A typical polycrystalline
sputtering target, commercially available, is 2ʺ in diameter and 0.25ʺ thick. In
contrast, the maximum diameter of a SrTiO3 single crystal is 20 mm, with a
thickness of 0.5 mm (Figure 6.1b). Targets are drawn to scale. In order to use
these single crystals as sputtering targets, certain parts of the loading assembly
(including the Cu stub and the macor rings used for insulation) were redesigned.
At this point, we have successfully loaded them in the chamber and have even
attempted to grow from them. However, there are certain considerations,
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pertaining to their size and transparency, making the growth challenging. Firstly,
the area of these crystals is about three times smaller than the polycrystalline
targets, which changes the power density, and hence the concentration of ionized
oxygen during deposition. In addition, these single crystals are optically
transparent, so once the target is brought over the heater, the bonding agent and
the Cu assembly behind the target get heated as well, leading to instabilities in the
plasma.
Furthermore, these instabilities seem to depend on the epoxy used to bond
the target, something that was not observed during deposition from polycrystalline
targets. It is still unclear what causes this difference in plasma stability based on
the epoxy used. So far an insulating epoxy Epotek H70E seems to be stable over
the heater for extended periods of time (≥ 12 hours) and was, hence, used for
depositing films from single crystal targets. However, the rate of deposition from
these targets is about 1/10 of that from polycrystalline targets, at the maximum
power and minimum target-to-heater distance that was found to be viable without
causing plasma instabilities. This places a severe constraint on the thickness of
films that can be deposited in a reasonable amount of time. Further investigation
and modification of electrode design is required to address this issue. Deposition
of an opaque material behind the target could be tried to prevent the bonding agent
from overheating. This will allow us to bring the target closer to the heater during
deposition, leading to a higher deposition rate. Concurrently, magnetron sputtering
could be tried to increase the confinement of ions and increase deposition rate. If
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deposition from undoped single-crystals is realized, it would open up the path for
deposition from substitutionally doped, commercially available, high-purity
SrTiO3:Nb and SrTiO3:La single crystals.
As discussed in the third part of this dissertation, we deposited SrTiO3:Nb
thin films via sputtering using polycrystalline targets made in our laboratory. We
find that, even at the deposition conditions that lead to vanishing contrast and bulklike lattice parameters in undoped films, the lattice parameter for doped films is
significantly expanded. Moreover, the films display insulating electronic behavior,
in stark contrast to bulk Nb-doped single crystals. We studied the local structure
and electronic properties of these SrTiO3:Nb epilayers using STEM/EELS. We
found that Nb incorporation in the films is highly inhomogeneous on nanoscopic
length-scales. These spatial variations in Nb concentration were also closely
correlated to the LAADF intensity in STEM images. Through ED experiments and
simulations, we rule out the formation of any secondary phases, even at the
nanoscopic level. EEL spectra reveal changes in the DOS in SrTiO3:Nb films
compared to undoped SrTiO3, but without the clear shift in the Fermi edge seen in
bulk single crystal SrTiO3:Nb. The results thus point to the presence of electricallyinactive Nb interstitials in large quantities, which, in addition to other defects, are
responsible for the poor bulk conductivity. From simple simulations, we also argue
that the presence of interstitial Nb in the Nb0 state, leads to the strain fields
observed in the films, hence, also causing the expansion in lattice parameter.
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It should be noted that the role of deposition rates was not fully understood
before the deposition of doped films, which grew at triple the rate of undoped films,
at the same heater-target distance and deposition power. Recently, we found that
deliberate reduction of deposition rate, indeed, leads to reduction of lattice
parameter. For rates ≤ 1 Å/min, we achieved lattice parameters as low as 3.915 Å,
which is close to the expected value (3.911 Å) for 5% Nb doping, as per Vegard’s
Law. Further investigation is underway to determine if this lowered deposition rate
leads to better incorporation of Nb at Ti sites, i.e. substitutional doping, instead of
forming inactive interstitials. Along with modifying the deposition parameters,
growth of doped films from single crystals will also be worth exploring, especially
in light of the possibility of compensating trace impurities present in polycrystalline
targets.
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Appendix A
BaSnO3 thin films

This appendix is adapted, with permission, from the paper “Structure and transport
in high pressure oxygen sputter-deposited BaSnO3− δ”, APL Materials 3 (6),
062509 (2015). Contributing authors: K. Ganguly, P. Ambwani, P. Xu, J. S.
Jeong, K. A. Mkhoyan, C. Leighton, B. Jalan

Semiconducting oxides with predominantly s-orbital-derived conduction
bands are attractive due to their potential for low electron effective mass and high
room temperature mobility. ZnO is an illustrative example, with electron mobility
up to 430 cm2V-1s-1 at ambient [1, 2], increasing to 700,000 cm2V-1s-1 at cryogenic
temperatures [3], enabling observation of the integer [2] and fractional [4] quantum
Hall effects. Particularly in wide bandgap cases like ZnO, such semiconductors are
also of interest as transparent conductive oxides (TCOs), as part of the drive to
displace indium tin oxide [5]. While much exploration of binary and ternary wide
gap semiconducting oxides has been thus stimulated [5], relatively little, in this
regard, has been done with perovskite oxides. This is despite the remarkable
chemical flexibility and functionality of perovskites, which could potentially include
high mobility wide gap semiconductors. Realizing high room temperature mobility
in perovskites, potentially via s-bands rather than d-derived bands, is important for
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several reasons. Primary among these is the need, for the advancement of oxide
electronics [6-8], to translate the extraordinary diversity in functionality that has
been demonstrated in perovskite oxide heterostructures [6-8] to room temperature.
A high room temperature mobility perovskite semiconductor could enable, for
instance, ambient temperature high mobility oxide two-dimensional electron
systems, oxide transistors, and all-perovskite spintronic devices.
In this context, the recent discovery of room temperature mobility up to 320
cm2V-1s-1 in n-doped cubic perovskite (Pm3m) BaSnO3 (BSO) single crystals [911] with a band gap of 3-4 eV is significant. This is the highest reported 300 K
mobility in perovskite oxides and can be compared to < 10 cm2V-1s-1 in SrTiO3
(STO) [12]. The 300 K resistivity ( 200 cm [10, 13]) and visible absorption
coefficient in BSO are even competitive with existing TCOs [5], and, critically,
progress has been made with film growth [10, 11, 13-15]. The latter has led to
mobilities as high as 70 cm2V-1s-1 at 1020 cm-3 in relatively thick epitaxial films,
doped n-type by substitution with La (for Ba) [9, 10, 14] or Sb (for Sn) [13, 16]. The
fundamental understanding of BSO has also improved, including its electronic
structure in bulk [10, 17-22], heterostructure [23, 24], and film [21, 25] form, as well
as its phonon spectrum [17], optical properties [10, 11, 17, 20-22, 26], scattering
mechanisms [10, 13-15, 27], defects [28], and thermal stability [9]. It is understood
that the conduction band is derived from Sn 5s states [10, 17-25], and progress is
being made in identifying mobility-limiting mechanisms in crystals [9-11] and films
[9, 10, 13-15, 27].
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There remain a number of unresolved issues, however, including the optimal
choice of dopant ion and site [13], and the relative importance of phonon [11, 17],
neutral impurity, ionized impurity [9, 10, 27], and dislocation scattering [13-15]. The
latter is significant in films because of the dislocations accomodating the lattice
mismatch with the substrate, due to the dearth of perovskite substrates around the
4.116 Å BSO lattice parameter [13-15]. Additionally, while it is known that thick
BSO films exhibit some instability at as low as 530 C [9], and that bulk polycrystals
are somewhat sensitive to treatment in N2 and O2 at 950 C [16], it is not yet clear
how facile reduction is in BSO, or whether it could provide an alternate route to ndoping. Density functional calculations [28] suggest quite high oxygen vacancy
(VO) formation energies, and deep VO donor levels, but the experimental situation
is unclear.
Here we report on a study of the growth, structure, and stoichiometry of
epitaxial BSO deposited via high pressure oxygen sputter deposition. This is a
proven method for oxides, where a high pressure (O(1 Torr)) O2 plasma provides
aggressive oxygenation, thermalized ions, and minimized resputtering. It is shown
here to produce single-phase, relaxed, close to stoichiometric BSO, as
characterized by high resolution wide-angle X-ray diffraction (WAXRD), grazingincidence X-ray reflectivity (GIXR), atomic force microscopy (AFM), and scanning
transmission electron microscopy (STEM). This is demonstrated on both STO(001)
and MgO(001), the latter providing smaller lattice mismatch (2.3 % tensile vs.
5.1 % compressive), but with symmetry mismatch. Significantly, vacuum annealing
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of 300 Å thick films on MgO(001) at 900 C is shown to readily reduce BSO, the
resulting VO density generating a Hall electron density of 5  1019 cm-3, 6 mcm
resistivity, and 20 cm2V-1s-1 mobility. The transport is degenerate (in fact metallic)
with positive temperature coefficient of resistivity down to 100 K. While this mobility
is lower than prior thin film reports with other dopants, there remain numerous
promising routes to further mobility optimization.
RF sputter deposition was done from 2ʺ BSO targets synthesized by solidstate reaction of BaCO3 and SnO2 (99.9 % purity) in air at 1200 C, followed by
cold-pressing then sintering at 1400 C. Prior to growth the substrates were
annealed for 15 min in 1.9 Torr of O2 at 900 C. Films were subsequently deposited
at 76 W with 550-850 C substrate temperatures (Tdep) and 1.5-2.2 Torr O2
pressures (PO2), the rate (0.4-1.5 Å/min) being controlled by the source-tosubstrate distance. Post-growth cooling was done in 600 Torr of O2. WAXRD
(including rocking curves (RCs) and reciprocal space maps (RSMs)) and GIXR
were performed with Cu Kα radiation in a Panalytical X’Pert system. GenX [29] was
used for GIXR refinement. Contact mode AFM was carried out in a Bruker
Nanoscope V Multimode 8, while cross-sectional high-angle annular dark-field
(HAADF) STEM was performed on an aberration-corrected monochromated FEI
Titan G2 60–300 at 300 kV. The semi-convergent angle of the incident beam was
24.5 mrad, HAADF images were obtained with a detector angle of 50–200 mrad,
and samples were tilted to a [100] zone axis. Vacuum annealing was done at 900
C for 4 hrs at pressures < 10-7 Torr. Subsequent electronic transport
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measurements (AC and DC, 2-300 K, 0-9 T) utilized In contacts in a van der Pauw
geometry.
To illustrate the basic structural features of high pressure oxygen sputterdeposited BSO, WAXRD for 230 Å thick films on STO(001) and MgO(001) is
shown in Figure A.1a and b. These films were deposited at 750 C [10, 14, 26], in
1.5 Torr of O2 (typical for this method). Figures A.1a, b reveal only the BSO, STO,
and MgO 00l reflections, establishing phase purity (within detection limits), and
out-of-plane epitaxy. As can be seen from the 002 close-ups in the insets to
Figures A.1a, b, finite-size fringes are observed on STO(001), but not on
MgO(001), indicating that films on STO are smoother on short lateral length scales.
As shown in Figure A.1c, however, BSO films on both substrates are smooth on
the long lateral scales probed in GIXR; the fits refine the film RMS (root-meansquare) surface roughnesseses to 6.8 Å on STO and 5.4 Å on MgO, i.e. the 1-2
unit cell level. Grazing incidence diffraction (Figure A.2) confirms in-plane cubeon-cube epitaxy on both STO and MgO substrates.
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Fig. A.1 Structural characterization of 230-Å-thick BSO films grown on STO(001)
(red) and MgO(001) (blue) at 750 C and 1.5 Torr O2 pressure. High resolution
WAXRD on (a) STO(001)/BSO, and (b) MgO(001)/BSO. Insets: Close-ups around
the 002 film and substrate peaks. (c) GIXR (reflectivity vs. scattering wavevector,
qz) for the same films (points) along with GenX fits (solid lines). The curves are
displaced for clarity. The refined film densities and surface roughnesses are 6.9 g
cm-3 and 6.8 Å on STO(001), and 7.4 g cm-3 and 5.4 Å on MgO(001), respectively.
The bulk density of BSO is 7.2 g cm-3.
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Fig. A.2 Grazing incidence in-plane X-ray diffraction (GID, or “ϕ scans”) of
(a) SrTiO3(001)/BaSnO3 and (b) MgO(001)/BaSnO3 films. The data are shown for
both the film and substrate reflections (displaced for clarity). The films are 300 Å
thick, and were deposited at 750 C in 1.9 Torr of O2. The results are
complementary to Figure A1, confirming the cube-on-cube epitaxial relationship
for BaSnO3 films on both SrTiO3(001) and MgO(001) substrates.

Data of the type shown in Figures A.1a, b also provide the out-of-plane lattice
parameter (aop), a probe of stoichiometry and strain state. In Figure A.3 this is
plotted vs. PO2, deposition rate, and Tdep, for films of approximate thickness (t) 100150 Å on both STO(001) and MgO(001). The values of the deposition parameters
that are held constant are shown at the top of each panel. There are two notable
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features in these data. First, aop is similar on STO and MgO, in almost all cases
lying between 4.125 and 4.140 Å, despite the very different lattice mismatch.
These values are close to, but greater than (by 0.01-0.02 Å) the bulk lattice
parameter [9, 11, 16] (horizontal line). Second, there is remarkable insensitivity to
growth conditions over the probed parameter space. One simple interpretation is
that, in this thickness range, the films on both substrates are already strain relaxed.
The slightly elevated aop could then indicate some level of cation non-stoichiometry
(potentially from the ceramic target), or non-negligible defect density.

Fig. A.3 Out-of-plane lattice parameter, aop, vs. (a) O2 growth pressure (PO2), (b)
deposition rate, and (c) deposition temperature (Tdep), for  100-150 Å-thick BSO
films on STO(001) (red) and MgO(001) (blue). In each panel the growth
parameter(s) held fixed are labeled at the top. Error bars are comparable to the
symbol size. The bulk BSO lattice parameter is shown by the dash-dot line.
Dashed lines through the data are guides to the eye.
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Thickness-dependent strain relaxation was thus probed (Figure A.4), using
BSO deposited on STO(001) at 750 C in 1.5 Torr of O2. In this Figure, panels (a)
through (c) plot aop, the Scherrer length  (i.e. the 002 WAXRD peak width
converted to a length via the Scherrer equation), and the 002 film RC full-width at
half-maximum (FWHM). Two values of the latter are plotted, as t-dependent 002
RCs (as shown in Figure A.5) reveal a sharp peak superimposed on a broader
one.
To facilitate the discussion of strain state, Figure A.4a also shows the bulk
lattice parameter, as well as the critical thickness for strain relaxation (tcrit) from the
Matthews-Blakeslee formula, using literature parameters [18]. Although this tcrit is
rather approximate for perovskites, it is nevertheless instructive to note that it is as
low as 25 Å, due to the large mismatch. The data in Figure A.4a are indeed
consistent with low tcrit; aop decreases with increasing t from the lowest thicknesses
probed, levelling off at aop  4.13 Å for t  150 Å. It is noted (i) that this aop is
consistent with Figure A.3, and (ii) that no reliable lattice parameters could be
extracted below 80 Å. That films on STO above t  150 Å are indeed relaxed is
confirmed by asymmetric (013) RSMs (Figure A.4d, t = 450 Å), where the expected
reflections from relaxed and fully strained (i.e. pseudomorphic) films are marked.
The BSO peak is close to the fully relaxed position, but with minor lattice
expansion. This is ascribed to minor cation non-stochiometry or defect formation,
as returned to below.
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Fig. A.4 Thickness dependence of (a) the out-of-plane lattice parameter, aop
(error bars are comparable to the symbol size) (b) the Scherrer length, Λ (i.e. the
002 WAXRD peak width converted to a length scale via the Scherrer equation),
and (c) the two rocking curve FWHMs. All data are for STO(001)/BSO films
deposited at 750 C and 1.5 Torr. Dashed lines are guides to the eye. The dashdot lines in (a) mark the bulk lattice parameter and calculated critical thickness,
while the solid line in (b) is Λ = t. (d) Asymmetric reciprocal space map around the
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013 reflection for a 450-Å film. Crosses mark the expected positions of fully
strained and fully relaxed BSO. (e) Contact mode AFM image of a 35-Å-thick film.

Fig. A.5 (a) High-resolution wide-angle X-ray diffraction (around the 002
reflections),

and

(b)

002

rocking

curves

(transverse

scans)

from

SrTiO3(001)/BaSnO3 films as a function of the BaSnO3 film thickness (from 35 to
450 Å). The intensity is shown on a log-scale, with the curves displaced for clarity.
Note the evolution in the film peak width and fringe spacing in (a), and the
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progressive additional broad contribution in (b). The vertical dashed lines in (a) are
guides to the eye, marking the film and substrate peak positions.

The t-dependence of the Scherrer length,  (Figure A.4b) further supports
very low tcrit on STO(001). Specifically,  is found to almost exactly coincide with
the thickness (the solid line in Figure A.4b is  = t), meaning that the WAXRD
widths are finite size dominated, with negligible broadening due to microstrain. This
is consistent with the majority of the depth of such films being relaxed, i.e. very low
tcrit. The RC FWHMs in Figure A.5c are also consistent with this, as they reveal
little t dependence, the narrow contribution being barely broadened over the
STO(001) substrate. Further work will be required to pin down the origin of the
broader RC contribution, which is clearly evident (Figure A.5) above t  100 Å. This
could be related to the expanded aop, potentially reflecting a t-dependent density
of defects such as misfit and threading dislocations. The t dependence of aop was
also studied on MgO (Figure A.6), full strain relaxation occurring by  150 Å.
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Fig. A.6 Thickness dependence of the out-of-plane lattice parameter of BaSnO3
films grown on MgO(001). The films were deposited at 750 C in 1.5 Torr of O2.
The horizontal and vertical dash-dot lines mark the bulk lattice parameter and
estimated critical thickness for strain relaxation (from the Matthews-Blakeslee
formula). Note the thickness independence above approximately 150 Å, and the
slightly expanded value compared to bulk. The true critical thickness is expected
to lie below 100 Å.

To further probe defects, cross-sectional STEM was performed. Figure A.7
shows a representative HAADF STEM image of a 35 Å thick BSO film, again on
STO(001). A smooth, continuous film is evident even at this thickness ( 8 unit
cells), the major feature of interest being the quite evenly spaced dislocations,
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marked by arrows. A magnified view of one such dislocation is shown, from which
it can be seen that these are misfit edge dislocations with Burger’s vector along
[100]. The spacing of these dislocations, averaged over multiple images, is 70-80
Å, close to the spacing expected (75 Å) if such misfit dislocations relax the full
5.1% lattice mismatch. This is again consistent with the diffraction observations of
very low tcrit. STEM imaging of MgO(001)/BSO (Figure A.8a) reveals a similar
picture, but with larger dislocation spacing due to the smaller mismatch. As a final
comment, it is noted that the low surface roughness from STEM (Figure A.7) and
GIXR (Figure A.1c), is also corroborated by AFM (Figure A.4e). A similar 35 Å thick
BSO film on STO(001) has an RMS roughness of only 1.3 Å (Figure A.4e).

Fig. A.7 Cross-sectional HAADF STEM image of a 35 Å film. Arrows mark misfit
dislocations. Inset: magnified view of a misfit edge dislocation with Burger’s vector
a[100].
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Fig. A.8 (a) Cross-sectional high-angle annular dark-field scanning transmission
electron microscopy image from a 300-Å-thick BaSnO3 film on MgO(001) after
reduction via vacuum annealing at 900 C for 4 hrs. (b)-(e) Energy dispersive Xray spectroscopy maps of the Ba Lα, Sn Lα, O K, and Mg K peaks. Note the different
scales for (a) vs. (b)-(e). The images are from the same film, but are on a different
scale. Most importantly, note the absence of any indications of regions with
different chemical composition than the BaSnO3 matrix, i.e. the absence of
secondary phases such as binary oxides.
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Having established the microstructure of these BSO layers, vacuum
annealing was pursued to attempt reduction and n-doping. Note that as-deposited
films displayed no measurable conduction at any PO2 or cooling atmosphere.
Vacuum annealing was done for 4 hrs at temperatures from 600 to 900 oC, using
MgO(001)/BSO(t = 300 Å) films; no such experiments were performed on STO,
due to anticipated complications with VO formation in the substrates. Consistent
with earlier work [9], no measurable conduction was induced below 600 oC. Above
this, finite resistivity was detected, decreasing rapidly with annealing temperature.
We focus here, as an illustrative example, on 850 oC reduction. As shown in Figure
A.9a, the WAXRD data are largely unchanged after this vacuum annealing,
confirming, within the limits of WAXRD, that no secondary phases form. This is
strengthened by analytical STEM using energy dispersive X-ray analysis (Figures
A.8b-e, which also detects no chemical inhomogeneity after annealing. The lattice
parameter does change though, increasing by 0.009 Å, consistent with VO
formation.
Electronic transport, however, reveals large changes in resistivity () and
electron density (n) after annealing, implying reduction to BaSnO3- and facile ndoping. As shown in Figure A.9b room temperature  values are  6 mcm after
850 C annealing, in comparison to unmeasurably high values (> 15 kcm) asdeposited.  decreases on cooling to  100 K, below which it undergoes a weak
upturn, to 6.5 mcm at 2 K. The weak temperature (T) dependence suggests
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degenerate doping and in fact the T  0 extrapolation of the conductivity, ,
appears finite (Figure A.9b), implying metallic behavior.

Fig. A.9 (a) High resolution WAXRD from a 300 Å thick MgO(001)/BSO film before
and after vacuum annealing at 850 C. Temperature dependence of (b) the (log
scale) film resistivity, ρ, (c) the Hall electron density, n, and (d) the Hall electron
mobility, μ. Dashed lines are guides to the eye. The insets to (b) show the
conductivity, σ, vs. temperature below 50 K, and the zero-field-offset-subtracted
300 K Hall resistivity vs. magnetic flux density (B), respectively. The growth
conditions (750 C, 1.5 Torr) are labeled at the top. Note that this film was sputtered
at 66 W.
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Hall effect measurements further elucidate this. A clear, field-linear Hall
signal due to electrons is observed (inset to Figure A.9c), n varying only weakly
with T (Figure A.9c), consistent with degenerate doping.
Additionally, although uncertainty in the effective mass and dielectric
constant results in uncertainty in the Mott prediction for the critical electron density
in BSO, our upper bound is  1018 cm-3. The observed n (5  1019 cm-3, Figure
A.9c) exceeds this, consistent with the metallicity deduced from the inset to Figure
A.9b. Both this observation and the field-linearity of the Hall voltage suggest
relatively low compensation. As shown in Figure A.9d the deduced mobility () is
around 20 cm2V-1s-1 at 300 K, increasing to 23.5 cm2V-1s-1 at 50-100 K, before
decreasing to 22.5 cm2V-1s-1 at low T. Indications of phonon scattering
contributions to the mobility are thus found, although scattering from defects such
as dislocations is likely also important. In addition to establishing that VO formation
is facile in BSO, and that it enables n-doping without impurities, these results point
to numerous viable approaches to improve mobility. Substrate choice, thickness,
and reduction temperature are obvious optimization variables, with the potential to
elucidate the range of n obtainable by reduction, the resulting  variation, the
quantitative influence of misfit and threading dislocations, and, ultimately, the
relative impact of the various defects on mobility.
In summary, we have demonstrated the growth of epitaxial, phase pure,
relaxed, close to stoichiometric BSO films on STO(001) and MgO(001) using high
pressure oxygen sputter deposition. A detailed picture of the microstructure is
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provided, particularly with respect to strain relaxation via misfit dislocations.
Importantly, vacuum annealing at 850 C is found to induce oxygen vacancies at
significant densities, without secondary phase formation, enabling facile n-doping.
Mobilities of 20 cm2V-1s-1 at 5  1019 cm-3 are obtained in films only 300 Å thick,
with much scope for improvement. Ultimately this will enable a comparison of
electronic properties obtainable by intrinsic vs. extrinsic doping in BSO, an
important step for room temperature applications.
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Appendix B
Methods used for revealing optically induced
magnetization in SrTiO3

This appendix is adapted, with permission, from the paper “Revealing optically
induced magnetization in SrTiO3 using optically-coupled SQUID magnetometry
and magnetic circular dichroism”, Journal of Vacuum Science and Technology B
32, 04E102 (2014) (PCSI-41 conference proceeding).
Contributing authors: W. D. Rice, P. Ambwani, J. D. Thompson, C. Leighton, S.
A. Crooker

As discussed before, the developing field of complex oxide electronics is
intimately tied to its most widely studied member, strontium titanate (SrTiO3) [1-5].
While the electronic and optical properties of bulk SrTiO3 have been thoroughly
investigated [6-9], SrTiO3 has recently drawn renewed research interest mainly
driven by the discovery of magnetism and superconductivity at epitaxial interfaces
between SrTiO3 and other complex oxides [5, 10-16]. Because oxygen vacancies,
VO, are easily formed in SrTiO3 and act as electron donors, it has been widely
conjectured that VO may play a key role in these emergent electronic and magnetic
phenomena [17-21]. Interest in nominally non-magnetic bulk SrTiO3 has been
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further fueled by observations of the Kondo effect and magnetization in ionically
gated SrTiO3 crystals [22].
Chapter 3 discussed the observation of persistent optically induced
magnetization in bulk crystals of slightly oxygen-deficient SrTiO3-δ, as reported in
ref. 23. Specifically, circularly polarized light at sub-bandgap wavelengths between
400 nm and 500 nm was found to induce a magnetic moment (in zero magnetic
field) that persisted from seconds at ~ 18 K to several hours below 10 K. This
magnetization was attributed to a partial spin polarization within the ground state
of local VO-related complexes. While these effects were investigated primarily
using magnetic circular dichroism (MCD) spectroscopy, critical time- and
temperature-dependent behaviors were directly confirmed using a variant of
conventional SQUID magnetometry [23]. Moreover, it was demonstrated that
detailed spatial magnetic patterns could be written into and read from SrTiO3-δ
using light alone.
The primary intent of this appendix is, therefore, to provide details of the
optically coupled SQUID magnetometry technique that was utilized to confirm the
presence of optically induced magnetization in our SrTiO3-δ crystals, and also to
fully describe the MCD-based optical system that was used to write and read
magnetic patterns in SrTiO3-δ, at Los Alamos National Lab. Detailed experimental
schematics are shown, along with data that further support a scenario in which the
induced magnetic moment arises not from long-range or collective magnetic order,
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but rather (and more simply) from a long-lived spin polarization within an ensemble
of localized and independent VO-related complexes.
In these studies, nominally pure 500 μm thick SrTiO3 (100) crystals from MTI
Corporation were annealed in ultra-high vacuum (oxygen partial pressure < 10-9
Torr) at temperatures between 650-750 oC, conditions that promote diffusion of
oxygen out of the lattice [24]. This annealing (i.e., reduction) treatment was used
to make a set of nine slightly oxygen-deficient SrTiO3-δ crystals with varying VO
densities. To measure the VO density, we soldered indium contacts to the corners
of each sample in a van der Pauw geometry and measured the electron
concentration, n, using longitudinal resistivity and/or Hall-effect transport studies.
Assuming that every VO contributes one to two electrons to the conduction band
(in the simplest models), the approximate VO concentration can be inferred from n.
In this work, n ranged from ~ 1014 cm-3 to 8 × 1017 cm-3.
In our previous work [23], discussed in Chapter 3, optically induced
magnetization in these SrTiO3-δ crystals was studied primarily via the technique of
MCD spectroscopy. While non-zero MCD signals typically imply the presence of
time-reversal breaking (e.g., magnetism) [25], we felt that it was important to
independently confirm magnetism in our SrTiO3-δ crystals using a direct SQUIDbased probe of the optically induced magnetic moment. Besides providing a
quantitative measure of the induced moment, SQUID magnetometry also avoids
certain artifacts (such as material gyrotropism) that can, in certain circumstances,
generate MCD or Kerr-effect signals that are not related to real magnetism [26].
231

To this end, we sought to perform SQUID magnetometry on our SrTiO3-δ
crystals while illuminating the crystals with light whose optical polarization could
be established and controlled – in situ -- with a high degree of fidelity and precision.
While many commercial SQUID systems provide options allowing samples to be
illuminated, this is typically achieved via multi-mode optical fibers that scramble
the polarization of the transmitted light. Therefore we constructed a portable
optical setup based on polarization control within a standard single-mode fiber
(SMF). Although bends and strain in a SMF generate birefringence that can alter
the polarization state of light traveling within the SMF, the output polarization of the
light is not irretrievably scrambled. Rather, it has a definite and measurable
relationship to the input polarization, because the light travels only along a single
optical mode. Importantly, any undesired birefringence or polarization changes in
the SMF can be compensated and “undone” by carefully and intentionally straining
the SMF using a manual fiber polarization controller. Related fiber-based
approaches to couple polarized light to SQUID magnetometers have been used in
the past to study, for example, magnetic polarons in diluted magnetic
semiconductors [27].
Figure B.1 depicts the optical setup that we used in conjunction with a
commercial Quantum Design MPMS SQUID magnetometer. The system uses a
standard probe whose top was modified to admit a single-mode optical fiber (here,
the bare fiber was stripped of its plastic jacket and epoxied into a 10 cm length of
brass tubing, that was in turn fed through a standard vacuum quick-connect). The
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fiber emanating from the probe to the optical setup was carefully suspended far
above the fiber feedthrough to prevent any strain or twisting of the fiber when the
SQUID probe was moved vertically during measurements. Optical polarization
conditioning and monitoring was achieved with components on a portable
300 mm × 600 mm optical breadboard that was located near the SQUID. Circularly
polarized 405 nm laser light was coupled into a standard UV bare SMF using an
aspheric objective lens and a fiber launcher with piezoelectric actuators. Freespace circular polarization was produced before the fiber using a linear polarizer
(LP) and a Soleil-Babinet compensator (SB) on a rotational mount. To compensate
for unwanted birefringence in the SMF due to bending and strain, we threaded the
fiber through a three-paddle manual fiber polarizer controller. To infer the
polarization state of the light at the sample, we monitored the light that was backreflected from the other end of the fiber (in the SQUID, just above the sample).
This back-reflected light travels a time-reversed path back through the optical
system (fiber, SB, and LP), where it is picked off using a beamsplitter and
measured with a photodiode (PD) and oscilloscope. Mechanically chopping the
beam provides a convenient baseline determination on the oscilloscope trace.
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Fig. B.1 Optically coupled SQUID magnetometry. Mechanically chopped 405 nm
light from a laser diode is passed through an optical isolator (OI) and is circularly
polarized by a linear polarizer (LP) and Soleil-Babinet compensator (SB) before
being coupled into a standard UV single-mode fiber. The light that is back-reflected
from the other end of the fiber (in the SQUID magnetometer) follows a timereversed path back through the fiber, SB, and LP and is directed to a photodiode
(PD) using a beamsplitter (BS). Its intensity is zero (it is completely nulled by LP)
if the optical polarization at the end of the fiber is exactly LCP or RCP. A manual
fiber polarization controller allows to compensate for unwanted strain-induced
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birefringence in the fiber in order to maintain circular polarization at the sample.
Inset: Detailed view of fiber end near sample. The sample is mounted on a plastic
Kel-F (polychlorotrifluoroethylene) puck that is held by friction in a plastic straw.

The crucial point is that the back-reflected light will be polarized exactly
orthogonal to the linear polarizer LP (giving zero intensity at the photodiode) only
when the light at the end of the fiber -- and therefore at the sample -- is circularly
polarized (because only circular polarized light exactly reverses its helicity upon
reflection). Thus, manually straining the fiber to compensate for any unwanted
birefringence in the SMF and zeroing the back-reflected intensity at the photodiode
guarantees circularly polarized light at the sample. Once one sense of circularly
polarized light is obtained, rotating the Soleil-Babinet compensator by 45 or 90
degrees produces linear or oppositely circularly polarized light at the sample,
respectively (and a corresponding maximum and second minimum of the backreflected intensity). As might be expected, any significant movement or bending of
the fiber during an experiment requires a re-adjustment and balancing of the
manual polarization controller. This setup therefore utilizes the back-reflected
intensity as a continuous and in situ monitor of the optical polarization at the
sample in the SQUID.
We used the optically coupled SQUID magnetometer to perform both timeand temperature-dependent magnetometry on oxygen-deficient SrTiO3-δ crystals
and also on unannealed (as-received) SrTiO3. Typical sample sizes were
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approximately 3 mm × 3 mm × 0.5 mm with measurements of the magnetic
moment being collected roughly every 90 seconds in zero magnetic field with an
average illumination power of ~ 200 μW. Figure B.2 a displays how the magnetic
moment evolves during and after pumping with circularly polarized light. For both
RCP and LCP light, the magnitude of the optically induced magnetic moment is ~
5 × 10-7 emu, with RCP and LCP light creating equal but oppositely-oriented
magnetic moments. At low temperatures, the magnetization persists for over an
hour even after the light is blocked, in agreement with MCD results [23]. To ensure
that only samples with oxygen vacancies produced this effect, we also tested an
unannealed (as-received) SrTiO3 crystal under the same conditions. As seen in
Figure B.2b, no magnetic moment is induced regardless of the polarization of light.
The slight offset in the measured magnetic moment is likely due to the small
remnant magnetic field of the superconducting magnet (~ 10-4 T) and the intrinsic
diamagnetism of the sample and the plastic puck on which it was mounted.
Temperature-dependent magnetization for RCP, LCP, and linearly polarized
illumination was also investigated. As shown in Figure B.2c, the optically induced
magnetic moment M(T) undergoes a steep increase below 18 K when continuously
pumped with either RCP or LCP light; however, no net magnetization is observed
for linearly polarized illumination. Again, RCP and LCP light induce equal and
opposite magnetic moments. M saturates when T decreases below ~ 10 K, a
behavior that agrees well with MCD studies [23], and which is shown next to be
independent of the VO density.
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Fig. B.2 (a) The temporal evolution of the optically induced magnetic moment in
SrTiO3-δ, as measured by the optically coupled SQUID, shows that magnetization
at 5 K is maintained for hours even after the light has been blocked. RCP and LCP
light induce equal, but opposite, magnetic moments. (b) No optically induced
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magnetic moment is observed when the VO density is very low, as in unannealed
SrTiO3. (c) Temperature-dependent optically induced magnetic moment for RCP
(black), LCP (red), and linearly (green) polarized pumping as measured by SQUID
magnetometry (adapted, with permission, from Rice et al. [23]).

Optically producing a long-lived magnetic moment in zero applied magnetic
field is a potentially exciting development both scientifically and technologically.
Figure B.3 demonstrates that SrTiO3-δ can potentially be utilized as a component
in an optically-addressable magnetic memory device. We created an imaging
system that can optically write and read spatial magnetic patterns in SrTiO3-δ
(Figure B.3a, b). For this demonstration, we detected either simple magnetic “dots”
or more complex magnetic patterns that were written with 400 nm LCP/RCP light
(Figure B.3c, d). Writing was typically accomplished by passing RCP or LCP light
through a positive mask and imaging it on to a SrTiO3-δ crystal at low temperature.
To read these magnetic patterns, a raster-scanned optical MCD probe was used
to measure magnetization as a function of position.
MCD spectroscopy is an all-optical technique that measures the normalized
difference
∝

between
−

⁄

transmission
+

(T)

of

RCP

and

LCP

light:

. Non-zero MCD signals are usually attributed to

broken time-reversal symmetry (e.g., magnetism) and can be used to study a wide
variety of magneto-optical phenomena [25]. A key benefit of MCD methods over
conventional (SQUID, for example) magnetometry is its detailed spectral
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dependence, which provides information on the energies of polarizable and
magneto-optically active states.

Fig. B.3 (a) Experimental configuration used to optically write magnetic images in
SrTiO3-δ at zero field. A linear polarizer (LP) and quarter-wave plate (QWP) are
used to create RCP or LCP light that can be imaged onto the sample through a
positive mask. (b) Setup used to optically read magnetic images using raster239

scanned MCD. A photo-elastic modulator (PEM) produces alternating RCP/LCP
light that is transmitted through the sample and detected by an avalanche
photodiode (APD). (c, d) 2-D images of detected magnetic patterns in SrTiO3-δ;
here, the magnetization is reversed at each subsequent dot/letter (B.3 (d) adapted,
with permission, from Rice et al. [23]).

As previously shown [23] (see Chapter 3), optically induced magnetization in
SrTiO3-δ is most clearly revealed in the wavelength range between 400-500 nm
(just below the band edge), with a particularly strong response at 425 nm.
Therefore in the MCD images shown here, probe light at 425 nm was modulated
between RCP and LCP at 50 kHz by a photo-elastic modulator (PEM) and was
mechanically chopped at 137 Hz to facilitate lock-in detection of
+

−

and

, respectively. This probe light was focused and raster-scanned across

the sample to construct a two-dimensional image of magnetization. In these
experiments, the minimum size of the magnetic patterns was effectively limited by
the large thickness of the samples; we selected optics for which the Rayleigh range
of focused pump and probe light was commensurate with the 500 μm thickness of
the SrTiO3-δ crystals. These magnetic images can be erased by heating the
SrTiO3-δ crystal above ~ 20 K.
We now present three pieces of new data that further elucidate the underlying
nature of the optically induced magnetization in SrTiO3-δ, and which further support
a scenario in which the magnetization arises not from collective or long-range
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interactions, but rather (and more simply) from a metastable spin polarization in
the ground states of an ensemble of independent VO-related complexes. We note
that VO may be forming defect complexes with residual elemental impurities (for
example, Fe) that are present at the tens of parts-per-million level even in
nominally pure commercial SrTiO3 crystals. A detailed analysis of trace impurities
in our crystals was presented in our recent work [23].
Figure B.4a shows optically induced magnetization as a function of
temperature for three different SrTiO3-δ crystals having VO concentrations that vary
over three orders of magnitude. Whether the VO density is large (6 × 1017 cm-3) or
small (2 × 1014 cm-3), the optically induced magnetization appears at the same
temperature of about 18 K. If the magnetic moment were due to long-range
interactions between VO complexes (for instance, due to itinerant ferromagnetism),
then some difference in this critical temperature would be expected as the VO
density (and therefore also the electron density n) changes, as was shown for the
ferromagnetic semiconductors PbSnMnTe, Ge1-xMnxTe, or Ga1-xMnxAs when the
density of itinerant carriers was varied [28-30]. In contrast, the data in Figure B.4a
are consistent with a single-entity effect, where the polarization of individual VOrelated complexes becomes extremely long-lived below 18 K.
Figure B.4b shows that the build-up and saturation of optically induced
magnetization in SrTiO3-δ depends only on the total number of photons incident on
the sample (at a given wavelength), rather than explicitly on the duration or
intensity of illumination. In this data we monitored the temporal build-up of
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magnetization following illumination with 405 nm light having intensity ranging from
5 μW to 100 μW. Plotting the induced moment as a function of the total number of
photons received (rather than as a function of time) collapses all data traces on to
a single curve. Again, these data are consistent with a non-interacting ensemble
of VO-related complexes that, with some finite cross-section, can become spinpolarized by circularly polarized light. Moreover, these data show that any changes
in the background electron density n due to illumination has little effect.
Finally, Figure B.4c shows the measured MCD signal from a SrTiO3-δ crystal
as a function of applied magnetic field B in the Faraday geometry, for the two cases
of continuous optical LCP pumping and no optical pumping. Although it is tempting
to associate the observed hysteresis with long-range magnetic order, the observed
open hysteresis loops are due to the slow magnetization dynamics that were
identified in, for example, Figure B.2. In the absence of optical pumping, the
magnetization requires hours to relax and re-equilibrate. With optical pumping, the
characteristic timescales are much faster, of the order of seconds to minutes
depending on the illumination intensity. In this latter case, the sample
magnetization is better able to remain in approximate equilibrium as the magnetic
field is swept at 1 Tesla/minute, and the observed hysteresis loop is narrow.
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Fig. B.4 (a) Temperature-dependent magnetization (as measured by MCD at 425
nm) under continuous pumping with 405 nm LCP light for SrTiO3-δ crystals having
different VO densities. The curves are normalized in magnitude for comparison.
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Regardless of the VO concentration, the form of M(T) is the same. (b) Optically
induced magnetization in SrTiO3-δ as a function of total photon number for different
illumination intensities. (c) Magnetization, as measured by MCD at 425 nm, versus
magnetic field with (orange curve) and without (black curve) LCP optical pumping.
Hysteresis is due to slow magnetization dynamics; faster equilibration occurs when
the system is continuously pumped with circularly polarized light.

In summary, we developed and used an optically coupled SQUID
magnetometer to deliver and monitor circularly polarized light to an in situ sample.
This setup was used to investigate the temperature- and time-dependent
magnetization in oxygen-deficient SrTiO3-δ. All data strongly suggest that the
optically induced magnetization arises from a long-lived spin polarization in an
ensemble of localized and independent VO-related complexes, rather than from
collective effects such as ferromagnetism. We demonstrated the technological
promise of persistent optically induced magnetization by optically writing, storing,
and optically reading magnetization in a SrTiO3-δ crystal in zero magnetic field,
pointing to exciting new frontiers in complex oxide electronic and magneto-optical
devices.
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Appendix C
Silver films for plasmonics

This appendix is adapted, with permission, from the paper “Single-crystalline silver
films for plasmonics”, Advanced Materials 24 (29), 3988 (2012).
Contributing authors: J. H. Park, P. Ambwani, M. Manno, N. C. Lindquist, P.
Nagpal, S. H. Oh, C. Leighton, D. J. Norris

Surface plasmon polaritons (SPPs) are hybrid photon-electron waves that
propagate along a metal-dielectric interface [1]. Due to their hybrid nature, SPPs
can be exploited to control and concentrate light below the optical diffraction limit,
generating large electric fields in confined regions [2-4]. This unique characteristic
of SPPs has led to their application in many areas including surface-enhanced
spectroscopy

[5-7],

molecular

sensing

[8-10],

nanofocusing

[11-13],

subwavelength waveguides [14,15], optical antennas [16,17], data storage [18,19],
and photovoltaics [20]. In many cases, patterned metals are employed to generate
and manipulate SPPs. The precision of these structures and the dielectric
properties of the metal are critical factors in determining the performance of
plasmonic devices [1, 2]. Surface inhomogeneities should be minimized to avoid
SPP scattering during propagation, and the metal should have high conductivity
and low optical absorption to enhance optical confinement and reduce losses.
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To obtain patterned metallic films, a two-step procedure is typically utilized.
Metals are first deposited via evaporation or sputtering on a substrate and then
patterned with focused-ion-beam (FIB) milling [21, 22]. However, since the
deposited films are polycrystalline and etch rates vary for different grain
orientations [23], the patterning procedure can lead to increased surface
roughness. One possible solution is to prepare single-crystalline metals, which will
etch more uniformly and lead to precise patterns. To address this possibility,
single-crystalline silver and gold samples have been prepared by several
approaches, including the Czochralski process [24], colloidal chemistry [25-29],
and nanoskiving [30]. The resulting samples have demonstrated great promise for
plasmonics. However, they also have disadvantages. The Czochralski process
requires specialized equipment and additional polishing to obtain smooth surfaces,
leading to high costs. Colloidal chemistry leads to micrometer-scale flakes or
nanowires that are dispersed in a solvent. Consequently, they are susceptible to
aggregation, are inhomogeneous in size and shape, and are inconvenient to place
and manipulate for device fabrication. It would be preferable to have a simple
approach to produce continuous, smooth, and inexpensive single-crystalline
metallic films, which could then be used as the starting material for a variety of
plasmonic devices.
Herein, we demonstrate that epitaxial growth can provide an effective route
to obtain smooth single-crystalline metallic films for plasmonics [31-35]. In epitaxy,
the crystalline structure and orientation of the growing films are strongly influenced
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by those of the underlying substrate. Compared to single-crystalline films obtained
via the Czochralski process or colloidal chemistry, epitaxial metallic films can
provide many advantages: a flat surface over a large area, an accurately controlled
thickness, and high crystallinity. Epitaxial growth is also a simple and reproducible
process that offers lower cost. Finally, it is applicable to both silver and gold, which
are the most widely studied metals for plasmonic applications.
In this work, we focus on silver because it has better optical properties at
visible wavelengths at less expense. For the substrate, several reasonably well
lattice-matched materials such as mica, MgO, Al2O3, and silicon have already been
used for epitaxial growth of silver films [32-35]. We chose mica due to its flat
surface, high chemical stability, low cost, and propensity for smooth epitaxial
growth of Ag and Au. The substrates were cleaved perpendicular to the c-axis to
reveal smooth, clean surfaces, prior to deposition. We deposited nominally 100 nm
thick silver films epitaxially on mica substrates by dc magnetron sputtering under
controlled conditions, with a base pressure lower than 5 × 10-8 Torr. It is known
that the surface morphology and crystalline structure of such epitaxial films are
strongly influenced by the deposition rate and substrate temperature [31-33]. Since
a high deposition rate is needed to make the surface continuous and flat [33], i.e.
to avoid surface-diffusion-enabled agglomeration, we utilized the maximum
deposition rate (1.65 nm/s) that was achievable via simple means in our sputtering
system. Films were sputtered at an argon pressure of 6 mTorr and a DC power of
400 W to give a deposition rate of 1.65 nm/s at a source to substrate distance of
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18 cm. Various substrate temperatures were used between room temperature and
500 °C. Films grown at room temperature were polycrystalline, though textured in
the (111) direction, whereas films grown at temperatures higher than 300 °C were
single crystalline. The surface roughness of the films was observed to be the
lowest at 350 °C, and, thus, films grown at this temperature (samples SC1 and
SC2) were used for this study. Table C.1 reports the deposition conditions for our
samples.

Table C.1 Surface roughness and microstructure of sputtered Ag films as a
function of deposition temperature. The pressure in the sputtering chamber was
maintained at 6 mTorr with argon during deposition.

RMS roughness was

determined from AFM scans over an area of 2.5 × 2.5 μm2.

Substrate

Deposition

Measured

Micro-

RMS

temperature

rate

thickness

structure

roughness

(°C)

(nm/s)

(nm)

30

1.65

96

Polycrystalline

1.28 ± 0.06

300

1.65

98

Singlecrystalline

1.20 ± 0.10

350

1.65

97

Singlecrystalline

0.82 ± 0.05

500

1.65

94

Singlecrystalline

1.26 ± 0.24

350

1.65

201

Singlecrystalline

1.30 ± 0.10

Sample

(nm)
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SC1

SC2

Fig. C.1 Structural characterization of a 97-nm-thick c-axis mica/Ag(111) film
(SC1) deposited at 350 °C. (a) High-resolution specular X-ray diffraction (q-2q)
scan with asterisk symbols indicating substrate diffraction peaks. (b) Transverse
scan (rocking curve) through the Ag(111) diffraction peak. The measured
transverse scan and a fitted Gaussian profile are represented by black dots and a
solid red line, respectively. (c) Grazing-incidence in-plane X-ray diffraction scan (scan) of the Ag(220) plane. (d) Measured (black circles) and simulated (solid red
line) grazing-incidence specular X-ray reflectivity. The Ag surface roughness and
thickness, extracted from the fit, are shown.
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The microstructure of our films was characterized via high-resolution wideangle X-ray diffraction (XRD). Figure C.1a shows that the wide-angle XRD pattern
of SC1 contains only the Ag(111) and Ag(222) peaks in addition to those from the
substrate. This indicates that the film is single crystalline in the z (growth) direction
and aligned (111) out-of-plane. This is expected from prior work on Ag grown on
c-axis mica [33], as well as simple lattice-matching models. The rocking curve
through the Ag(111) peak has a full-width-at-half-maximum (FWHM) of 0.3°,
indicative of a low mosaic spread in the film (Figure C.1b). A grazing-incidence inplane X-ray scan was also performed on the Ag(220) peak and it showed the 6fold symmetry expected for (111) oriented films (Figure C.1c). These results
demonstrate that SC1 is also single crystalline in plane. Furthermore, Figure C.1d
shows the grazing-incidence X-ray reflectivity of SC1. Simulations suggest Ag
surface roughness of 0.7 nm over the long lateral length scale probed. When the
film thickness was increased up to 200 nm under the same growth conditions (film
SC2 in Table C.1), single crystallinity was maintained (Figure C.2).
Since flat single-crystalline films can result in reduced SPP propagation
losses, these films should exhibit good performance for plasmonic applications. To
demonstrate this, we compared our single-crystalline films with polycrystalline films
with identical surface roughness. Because it is difficult to obtain extremely flat
surfaces with a roughness of less than 1 nm through conventional evaporation, the
template-stripping method was used [36-39]. 200-nm-thick silver films were
deposited on clean silicon wafers and then stripped from the substrates using an
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epoxy backing layer. The roughness of the stripped surfaces was controlled by the
deposition and stripping conditions.

Fig. C.2 Structural characterization of a 200-nm-thick c-axis mica/Ag(111) film
(SC2) deposited at 350 °C. (a) High-resolution specular X-ray diffraction (θ-2θ)
scan with asterisk symbols indicating substrate diffraction peaks. (b) Transverse
scan (rocking curve) through the Ag(111) diffraction peak. The measured
transverse scan and a fitted Gaussian profile are represented by black dots and a
solid red line, respectively.
To compare the microstructure of single-crystalline and polycrystalline films,
all films were characterized using a Bruker microdiffractometer equipped with a
two-dimensional (2D) area detector. Five distinct Debye rings were observed in
the area diffraction pattern of all polycrystalline films in the 2θ range of 30°-85°, as
expected from the powder diffraction pattern of Ag (Figure C.3). The singlecrystalline films, on the other hand, showed a single spot at the Ag(111) peak
(Figure C.4).
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Fig. C.3 Two-dimensional X-ray diffraction patterns of 200-nm-thick Si(001)/Ag
polycrystalline films. Area-detector images of polycrystalline sample PC1 with a 2θ
angle centered at (a) 70 and (b) 45. (c) Integrated X-ray diffraction pattern of
sample PC1 from area-detector scans. Area-detector images of polycrystalline
sample PC2 with a 2θ angle centered at (d) 70 and (e) 45. (f) Integrated X-ray
diffraction pattern of sample PC2 from area-detector scans. Note the slight texture
in the (111) Debye ring. The weak apparent oscillations near the Ag(220) reflection
are a detector artifact.
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Fig. C.4 Two-dimensional X-ray diffraction patterns of a 97-nm-thick c-axis
mica/Ag(111) film (SC1) deposited at 350 C. (a) Area-detector image of the
highest intensity c-axis mica diffraction peak centered on a 2θ angle of 45 and an
X-ray incidence angle of 24.17 (Bragg angle of the mica peak). (b) Ag(111) area
detector image centered on a 2θ angle of 38 and an X-ray incidence angle of
19.00 [Bragg angle of Ag(111) peak]. (c) Integrated X-ray diffraction patterns of
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the highest intensity c-axis mica diffraction peak (solid black line) and Ag(111)
diffraction peak (solid blue line) from parts (a) and (b), respectively.
The surface morphology of our films was further quantified with atomic force
microscopy (AFM). The atomic force microscope (Veeco Nanoscope IIIA
multimode system) was housed inside an argon-containing glove box. The dry
argon atmosphere was helpful to prevent contamination of the silver surfaces
during the measurement and to observe the surface morphology accurately. All
AFM images were obtained by using tapping mode at a scan rate of 0.5 Hz and
the scanned area was 2.5 × 2.5 μm2. Nanoscope software was utilized to analyze
the images and extract topographical information such as root mean square
roughness.
The surface of SC1 was continuous without pinholes or islands, and no grain
boundaries were found (Figure C.5). The contrast observed in the AFM image of
SC1 is due to mild height variations arising from the epitaxial growth mechanism
[33]. The root mean square (RMS) roughness was 0.82 nm measured over
2.5 × 2.5 μm2, very close to the 0.7 nm extracted from X-ray reflectivity in Figure
C.1d. For the thicker sample grown under the same conditions (SC2), the surface
was still continuous without any grain boundaries, with only a small increase in
surface roughness (Table C.1 and Figure C.5b). The conditions were also adjusted
so that the polycrystalline films had nearly identical surface roughness (Figure
C.5c, d) as the epitaxial films, SC1 and SC2. The polycrystalline films with a
roughness of 0.81 and 1.39 nm are denoted PC1 and PC2, respectively.
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Fig. C.5 AFM images of single-crystalline Ag films [(a) SC1 and (b) SC2] and
polycrystalline Ag films [(c) PC1 and (d) PC2]. These films have RMS roughness
of 0.82, 1.30, 0.81, and 1.39 nm, respectively. All scanned areas are 2.5 × 2.5 μm2.
Using a multi-angle spectroscopic ellipsometer (V-VASE, J. A. Wollam Co.),
we compared the dielectric functions of the single-crystalline and polycrystalline
films. With a 75 W xenon lamp source, polarized incident light was scanned in the
wavelength range from 450 to 750 nm, with an interval of 1 nm, and the reflected
light was analyzed at incidence angles of 65, 70, and 75°. By using WVASE
software (JA Woolam Co.), the dielectric functions were fitted with numerical
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iteration and the Fresnel equations. A two-layer model (air and Ag) with a perfectly
flat interface was assumed. For all samples, the mean square errors, representing
the quality of the match between the measured and theoretically calculated
dielectric functions, were less than 1, which implies good consistency between
them.

Fig. C.6 Real component (a) and imaginary component (b) of the dielectric
functions of single-crystalline Ag films (SC1 and SC2) and polycrystalline Ag films
(PC1 and PC2). Polarized incident light in the wavelength range of 450-750 nm
was reflected from the films and detected. Three different incidence angles were
used: 65, 70, and 75°. The dielectric functions were fitted using numerical iteration
and the Fresnel equations. The standard deviations for e1 and e2 were estimated
as ± 0.05 and ± 0.02, respectively.
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The epitaxial films exhibited dielectric functions with a larger negative real
component (e1) and a smaller imaginary component (e2) than the polycrystalline
films, as shown in Figure C.6. The larger negative e1 indicates higher conductivity.
Indeed, the dc electrical resistivity of SC2 was measured to be less than that of
PC2 (see Table C.2). The smaller e2 in the epitaxial films indicates a lower energy
loss, which is important to enhance the propagation length of SPPs. Furthermore,
the dielectric functions of the films were also affected by surface roughness. Even
though this effect was not significant in the tested films due to a small difference in
the surface roughness, films with smoother surfaces showed higher conductivity
and lower optical absorption, consistent with previous work [40].
To demonstrate the improved plasmonic properties of single-crystalline films
over polycrystalline films, we measured the SPP propagation length in both types
of films. Figure C.7 shows a schematic of the experimental setup for the
measurement [41]. A series of identical slits were patterned on both epitaxial and
polycrystalline silver films via FIB milling using a dual-beam FEI Quanta 200 3D
FIB workstation. The patterns, including slits, grooves, bull’s eyes, gratings, and
squares were etched using 30 kV as the acceleration voltage and 100 pA as the
ion-beam current. The approximate spot size was 25 nm. The etched depth was
controlled by the milling time.

257

Table C.2 Electrical properties of SC2 and PC2. Four-terminal quasi-DC (16 Hz)
resistance measurements were used to determine the resistivity of films. Au wires
were soldered onto the films, using indium point contacts, to connect the sample
to an in-house measurement probe. Resistance was measured as a function of
temperature, which was varied from room temperature to liquid He temperature.
The van der Pauw method was used to convert sheet resistance to resisitivity. The
mean free path was calculated from the resistivity, using Drude’s model and a
carrier concentration of 6 × 1022 cm-3, estimated from the electron count and lattice
parameter.

Sample Thicαness Temperature Electrical
(nm)
(K)
resistivity,
 (μΩcm)

Mean
free path
(Å)

5.5

6.02 × 10-2

1.4 × 104

300

1.54

550

5.5

2.71 × 10-1

3.1 × 103

300

1.65

510

SC2

200

PC2

200

Residual
resistivity
ratio
[= (300 K)/
(5.5 K)]
25.6
6.1

Once the slits were patterned, a parallel groove was added adjacent to each
slit at a distance, d. The slits and grooves were each 200 nm wide and 40 μm long,
and d was varied from 10 to 40 μm. When the sample was illuminated with white
light from the substrate side, transmitted light through the slit generated SPPs that
propagated along the silver surfaces. When these SPPs struck the adjacent
groove, they were partially scattered into the far field and the resulting light was
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collected with an optical microscope. We measured the spectrum of the scattered
light for all slit-groove pairs, and by fitting the data to an exponential decay of
intensity versus distance d, we extracted the propagation length of the SPPs as a
function of optical wavelength [38].

Fig. C.7 Schematic diagram of the experimental setup for the measurement of the
propagation length of SPPs on Ag films.
Plots of the scattered intensity versus slit-groove separation distance d for
each wavelength were used to extract the wavelength dependence of the SPP
propagation length. Two methods were used for each film. To obtain the first set,
we assumed that all of the SPPs propagated along the shortest path between the
slit and groove (the dashed red arrow in Figure 3.7). The results are plotted in
Figure 3.8. In this approach, the scattered intensity at each wavelength , I(d,  ),
was fit to the following equation [22, 38],

I (d,  )  I o (  )e

d / LSPP (  )

 Ib ( )

(C1)
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where Io() is the SPP intensity at the slit, LSPP() is the SPP propagation length,
and Ib() is the background intensity. The results for each film are shown in Figure
C.8.

Fig. C.8 (a) SPP propagation lengths on a single-crystalline Ag film (SC1) and a
polycrystalline Ag film (PC1). The values were extracted using equation C1 and
are therefore underestimated. The surface roughness of the films is almost
identical (0.82 and 0.81 nm, respectively). The dashed line is the predicted
propagation length using the measured dielectric function of SC1 and assuming
only ohmic losses and no roughness. (b) SPP propagation lengths on a singlecrystalline Ag film (SC2) and a polycrystalline Ag film (PC2). The values were
extracted using equation C1 and are therefore underestimated. The surface
roughness of the films is almost identical (1.30 and 1.39 nm, respectively). The
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dashed line is the predicted propagation length using the measured dielectric
function of SC2 and assuming only ohmic losses and no roughness.

However, this formula underestimates the SPP propagation length because
not all SPPs will propagate along the shortest path between the slit and groove
[22, 38]. Light passing through the slit will launch SPPs in many directions.
Depending on the geometry, some of these can reach the slit by travelling a
distance greater than d. Therefore, a slit-groove pair with a shorter separation will
lead to a larger amount of SPPs at the groove. This is due not only to the shorter
distance but also a relatively larger acceptance angle. In other words, a groove
closer to the slit can capture more propagating directions of the SPPs than a
groove farther from the slit. This results in a larger detected intensity of the slitgroove pair at shorter distance, and thus the extracted SPP propagation length is
underestimated.
Our second method tries to correct for this effect. To treat the problem
exactly, one would need to know how efficiently the SPPs are launched from the
slit in each direction. Because this angle dependence is not known, we assumed
that SPPs are launched equally in all directions. For each slit-groove pair, we then
calculated an average acceptance angle. In other words, we considered each point
on the slit and calculated the range of angles that would reach the groove. This
acceptance angle for each distance d was then averaged over the length of the slit
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to obtain

q (d ) . After normalizing by the average acceptance angle at d =

10 μm, q (10) , equation C1 can be corrected as,

 q (d ) 
d / L (  )
I corrected (d,  )  
 × I o (  )e SPP  I b (  )
q (10) 

(C2)

The results for each film using equation C2 are shown in Figure C.9.

Fig. C.9 (a) SPP propagation lengths on a single-crystalline Ag film (SC1) and a
polycrystalline Ag film (PC1) after correcting SPPs that propagate at various
angles, . The surface roughness of the films is almost identical (0.82 and 0.81
nm, respectively). The dashed line is the predicted propagation length using the
measured dielectric function of SC1 when assuming only ohmic losses and no
roughness. Roughness would decrease this curve by ~ 5%. (b) SPP propagation
lengths on a single-crystalline Ag film (SC2) and a polycrystalline Ag film (PC2).
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The surface roughness of the films is almost identical (1.30 and 1.39 nm,
respectively). The dashed line is the predicted propagation length using the
measured dielectric function of SC2 when assuming only ohmic losses and no
roughness. Roughness would decrease this curve by ~ 10%.
We observe that SPPs propagate further on epitaxial films, which lack grain
boundaries. With similar surface roughness, SC1 exhibited on average a ~ 70%
improvement in the SPP propagation length over PC1 (Figure C.9a). The
propagation length with SC2 increased on average ~ 55% compared to PC2
(Figure C.9b). This shows that the effect of the grain boundaries on the
propagation length is critical for smooth surfaces. On rougher surfaces, SPP
scattering by the surface roughness dominates. For this reason, compared to a
polycrystalline film, the smoother epitaxial film (SC1) exhibited a larger relative
improvement in the propagation length than the rougher one (SC2). Also, as
previously reported [1, 38], smooth films (SC1 and PC1) have longer SPP
propagation lengths than rough films (SC2 and PC2).
Assuming that the surface has zero roughness and the SPPs are damped
only by ohmic losses, we can estimate the theoretical propagation lengths using
the measured dielectric functions from the same films. As shown in Figure C.9a, b,
the theoretical values of the propagation lengths are slightly larger than the actual
SPP propagation lengths. If the roughness is incorporated into the theory [38], the
theoretical curves decrease by ~ 5% and ~ 10% for SC1 and SC2, respectively. In
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addition, subtle surface contamination or oxidation, which is not included in the
model, could lead to a decrease in the experimental curves.
Because we have measured the propagation lengths on both singlecrystalline and polycrystalline films of the same roughness, we can in principle [42]
estimate the contribution of grain boundary scattering to the overall SPP
propagation length. This contribution can be quantified in terms of a grain boundary
scattering length, Lgb. This is the length that SPPs would propagate if no other loss
mechanisms were active. The propagation length of SPPs on metallic films is
limited by several loss mechanisms. These include: (i) ohmic losses in the metal,
(ii) in-plane scattering, (iii) radiative scattering, and (iv) grain-boundary scattering.
The overall SPP propagation length, LSPP, can be obtained from: [1, 38]

1
1
1
1
1




LSPP
Lohm Lscat Lrad Lgb

(C3)

where Lohm, Lscat, Lrad, and Lgb, are the ohmic, in-plane-scattering, radiativescattering, and grain-boundary-scattering contributions, respectively. These
individual contributions can be estimated from the following equations: [1, 24, 38]
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Lgb 

g
S gb

(C7)

where c is the speed of light, ω is the frequency of the SPP,

em

is the dielectric

function of the metal with real component e m1 , e d is the dielectric function of the
surrounding dielectric material (air in our case), δ and σ are the root-mean-square
height and the lateral correlation length of the metal surface, g is the average grain
size, and Sgb is the grain boundary scattering coefficient.
For each of our Ag films, we obtained the dielectric function via ellipsometry
measurements. The surface morphology parameters (such as δ, σ, and g) were
extracted from AFM images. Lgb for the single-crystalline films was assumed to be
infinite. Thus, for films SC1 and SC2, LSPP could be calculated from

1
1
1
1



LSPP
Lohm Lscat Lrad

(C8)

and compared with the measurements shown in Figure C.9a, b. On an average,
the measured propagation lengths for SC1 and SC2 were lower by 20% and 50%
of the predicted value, respectively. Unfortunately, these discrepancies complicate
the analysis of the grain boundary scattering because the difference with theory is
significant compared to the grain boundary contribution. Therefore, to obtain a
rough estimate, we made a major assumption. Namely, we assumed that the
theory and experiments would deviate by the same percentages in the
polycrystalline films, PC1 and PC2. In other words, we calculated LSPP for PC1 and
PC2 using equation C8, which ignores the presence of grain boundaries. These
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curves were then decreased by 20% and 50%, respectively. The results were fit to
the measured propagation lengths for PC1 and PC2, using Lgb as a fitting
parameter. Figure C.10 shows the final fit. Using this procedure, Lgb was estimated
to be 120 and 80 μm for PC1 and PC2, respectively. With these values for Lgb and
the experimentally determined average grain sizes (180 and 140 nm for PC1 and
PC2, respectively), the grain boundary scattering coefficients, Sgb, were also
estimated. Values of 0.15% and 0.18% were obtained for PC1 and PC2,
respectively. These scattering coefficients are comparable to a previously reported
value (0.2%) for gold films for 20 nm grains in gold [24].

Fig. C.10 Comparison of the measured SPP propagation lengths and a fit
(following the procedure outlined in Section 8). From the fit, a rough estimate for
the grain boundary contribution, Lgb, to the propagation length could be extracted.
(a) data for PC1 with Lgb of 120 μm, g of 180 nm, and Sgb of 0.15%, and (b) data
for PC2 with Lgb of 80 μm, g of 140 nm, and Sgb of 0.18%.
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Another important advantage of single-crystalline samples is that they are
well suited to precise patterning [43]. Fig. C.11 shows scanning electron
microscopy (SEM) images of nanostructures fabricated in SC1 and PC1 patterned
via FIB milling.

Fig. C.11 Scanning electron micrographs of nanostructures patterned on a singlecrystalline Ag film (SC1) and a polycrystalline Ag film (PC1) via FIB milling. (a)
Bull’s eye and (b) grating structures on SC1. (c) Bull’s eye and (d) grating
structures on PC1. Images (a) and (c) were recorded with the sample tilted 30°
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from normal. The periodicity and milling depth of the structures are 580 and 60 nm,
respectively.

A significant difference in the surface morphology of the nanostructures is
observed (Figure C.11a, c and C.10b, d respectively). Even though both films had
nearly identical surface roughness before patterning, the obtained structures on
PC1 were very rough while precise nanostructures could be obtained for SC1.
Since epitaxial films have a highly-oriented, single-crystalline structure, the entire
surface has essentially the same etching rate during FIB milling. Therefore, the
milling depth of the patterned areas is almost identical across the surface, and the
increase in surface roughness is limited. On the other hand, different etching rates
of the randomly oriented grains in the polycrystalline films cause a variation in the
milling depth across the patterned areas and, thus, a deterioration of the desired
pattern.
To quantify this difference, we patterned 10 × 10 μm2 squares of different
depths on both single-crystalline and polycrystalline films via FIB milling. The
surface roughness of each square was then observed via AFM. As expected, for
the same FIB milling conditions, the squares on SC1 and PC1 showed different
surface morphologies. The squares on SC1 exhibited a more uniform surface
(Figure C.12a), compared to the squares on PC1 (Figure C.12b). Figure C.12c
shows the measured RMS surface roughness as a function of the milling depth.
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Fig. C.12 Scanning electron micrographs and roughness of squares patterned on
(a) a single-crystalline Ag film (SC1) and (b) a polycrystalline Ag film (PC1) via FIB
milling. The patterned area is 10 × 10 μm2 and the depth is 60 nm. (c) The RMS
surface roughness of the patterned area as a function of the milling depth. The
error bars for SC1 are not shown as they are smaller than the size of the data
points. Before patterning, both films have a nearly identical roughness of about 0.8
nm. At the depth of 60 nm, the roughness of the polycrystalline film (8.91 nm) is
over three times that of the epitaxial film (2.74 nm). The RMS roughness was
determined by averaging four 2.5 × 2.5 μm2 AFM scans within each patterned
square.
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Before patterning, both epitaxial (SC1) and polycrystalline (PC1) films had
nearly identical surface roughness. With increasing milling depth, the surface
roughness of the patterned area on both films increased. However, for the epitaxial
film (SC1), the increase in roughness saturated at a depth of 60 nm, while the
roughness of the polycrystalline film (PC1) continued to increase. As a result, when
the milling depth is 60 nm or deeper, the roughness of the patterned area on PC1
is over three times larger than that on SC1. This shows that epitaxial films can
provide more precisely patterned nanostructures as compared to the
polycrystalline films. Such fine control is essential for accurate manipulation of
SPPs with plasmonic devices [28, 39]
Thus, we have demonstrated that epitaxially grown silver films can provide
several key benefits for plasmonics. Using a standard dc magnetron sputtering
system, single-crystalline films can be easily obtained that are extremely flat over
large areas. Because this flatness occurs on both sides, these films can be useful
for devices that utilize long-range plasmonic waveguides [44] or extraordinary
optical transmission [2]. The metallic films also exhibit an improved dielectric
function with higher conductivity and lower optical absorption compared to
polycrystalline films. This can lead to an increase in the SPP propagation length.
Furthermore, when the epitaxial films are patterned via FIB milling, precise singlecrystalline nanostructures can be obtained. The resulting films can therefore allow
the fabrication of plasmonic devices with enhanced performance.
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