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Abstract

In the past ten years nanotechnology has develivpeda buzzword to an integral
part of our modern life. The promise of bottom gvides has turned into better, faster,
and stronger products utilizing nanoscale material$ires designed with carbon
nanotubes, touchscreens, reformulated steel, salftitig fabrics, drug delivery systems,
and semiconductor devices all rely on nanoscalesniadét. However, the mechanical
property relationships are not fully understoodd ahe cross-roads of mechanical
performance and electrical properties is still ge@gxplored. For example, the role of
electrical contact in mechanical systems is impartfr reliability in systems that
contain interconnect, switches, or relays. MEMStd&ves in particular can have
reliability issues if the conducting area is desezh or the switch fails due to plasticity.
In this thesis, an attempt is made to charactdeiere modes of several fundamental
nanoscale materials using nanoindentation.

In this thesis, ostensibly brittle materials sashalumina, chromia, and silicon are
chosen as being archetypal examples of brittle ma¢ge The use of conductive probe
indentation is used here as a measure of plastioifer the indenter in constrained metal
films with native oxide layers, as well as to detere the point of oxide fracturén situ
transmission electron microscope indentation isl useexplore dislocation velocities and
strain hardening in compressed silicon pillars sl@iation velocities, in compression at
room temperature, are found that approach thathoge at 600°C in bulk tensile
specimens. The dislocations, of unknown type, asotribute to strain hardening

exponents of approximately 0.4 in pillars, and apph unity in silicon spheres.
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Chapter 1. Motivation and Introduction to Contact Mechanics



1.1. Motivation

In the past ten years nanotechnology has develéqped a buzzword to an
integral part of our modern life. Fifty years afteeynman’s promise of bottom up
devices in 1959, better, faster, stronger produtiizing nanoscale materials have been
realized. Tires designed with carbon nanotubas;hscreens, reformulated steel, self-
cleaning fabrics, drug delivery systems, and thith&s miniaturization in semiconductor
devices all rely on nanoscale materials. Howevbe thanges in mechanical and
electrical behavior the qualities desired in thes&erials have yet to be adequately
described. For example, the role of electricaltacnin mechanical systems is important
for reliability in systems that contain interconjeswitches, or relays. MEMS switches
in particular can have reliability issues if thendacting area is decreased, or the switch
fails due to plasticity. Repeated stress, fricteond wear, and strain hardening capacity
are all very important. However, the difficulty performing and interpreting these
experiments has thus far led to an incomplete awialo. In this manuscript, an attempt

is made to characterize failure modes of severaldmental nanoscale materials.

1.2. Overview

Indentation has become one of the widely used oasthifor measuring the
mechanical properties of low-dimensional materibdghe first chapter, the fundamental
principles of mechanical and electrical contactd e discussed. These fundamentals
will then be applied to solve problems in chapt2réfailure of thin metal films with
native oxides) and 4 (silicon nanopillars). The kns&e of the silicon nanopillars
requires the use ah situ indentation testing with a transmission electroierascope.
The requirements, benefits, and operation of sacimstrument are the topics of chapter
3. Using the material from chapters 1, 3, anchd,demonstration of work hardening in
silicon is demonstrated, and strain hardening egptinas a function of feature size is
shown. This work could then be applied to otheremals, including iron oxides and

olivine, in chapter 6 where the two primairy situ indentation techniques, electrical



contact and TEM, are combined. An additional \@eéatemperature, may be also be
added.

1.3. Material choices

The first two materials of interest are thin filmSaluminum and chromium. Both
of these metals have native oxides which are ‘lgeiting”. This results in an oxide
layer about 1 to 2 nm in depth prior to becominffudion limited! ? The first oxide,
alumina scale, is a commonly used dielectric matepginhole-free tunnel barrier, and
anti-corrosion layer, has a high Young’'s modulus] bas been well characterized by the
community.®> ¢ The second oxide, chromia, is also a high modaht&orrosive layer,
but has very different electrical characteristi@sd is not widely employed as a tunnel
barrier due to propensity for pinhol2$§. These two films then can be used to show two
types of electrical contact behavior. Due to thdifferences, Al films are then chosen to
be examined as a function of metal layer thickniesthis case for oxide fracture.

Silicon was chosen for its ease of manufactutgbiéind its extensive use in the
semiconductor industry. Two collaborations devetbf the vapor-liquid-solid growth
of (111) oriented silicon pillars. Silicon is a stac “brittle” material, which in addition to
a brittle to ductile transition with increasing teenature has recently been shown to have
a brittle to ductile length scale transition. Tingcleation of dislocations of an unknown
type in these silicon pillars is verified, whichats to the first measurements of
dislocation velocities in silicon nanopillars. WhBi has a native oxide, it is considered
only briefly, in the role the oxide layer playstmapping mobile dislocations in relation to
the work hardening demonstrated in chapter 5.

In all cases, the length scales of interest am@Isrithe metal films range from 10
to 300 nm, while the native oxide layers are tylyoanly 2 nm in thickness. The silicon
nanopillars range from 100 nm in diameter to 300inrdiameter. It is the mechanical
properties at these reduced length scales thavates this work.



1.4. Indentation and Contact Mechanics
1.4.1. Hardness in relation to yield strength

Typically, stress-strain curves are taken by tertsisting. Alternatives to tensile
testing include three-point bend and compact tensimwever all of these methods
require specified sample geometry and are destmittists. Alternative methods were
required to test uniqgue sample geometries at tiperese of complications in the stress
field. When a material yields in a uniaxial teasiést, the three principle stressespp,
and p, simplify top, = ps= 0 andp; = Y, whereY is the yield strength. Indentation
experiments put the material under both compressind shear stresses during
indentation testing, increasing the likelihood &w. The hardness of a material is
related by the constraint factd®, to its strength, as in Eq. 1.1The constraint factor

can be approximated at 3 for metals (with high ealof E/Y) and 1.5 for materials with a
low E( ratio.

H=CY Eq. 1.1
1.4.2. Indentation Hardness

Indentation testing has provided a reasonably @&sy to measure hardness by
using a well-characterized tip of known shape &sprinto the sample. These instruments
are typically cheaper than the corresponding tertss$ting apparatus and give fast and
reliable results. A progression of the Mohs hardngesale, indentation hardness was
originally defined as the pressure required tadtet plasticity, but historically this has
been difficult to measure. The American Society Tafsting and Materials defines
hardness as “the ability of a material to resistrent indentation or deformation when
in contact with an indenter under lodti¥ohs and other hardness scales have a strong
connection to wear properties, fracture toughngietd strength, and shear modufu$®

HardnessH, as a measurable quantity, can be defined as



P
H= Eq. 1.2
A q

where P is the applied load and is the contact area. It is important to make the
distinction between thactual contact area, used in early indentation testingilew
modern instrumentated indentation testing usepibjectedcontact area.

There are several hardness theories, some of whigblve a sharp indenter
effectively “cutting” the material and forcing ib tthe surface. In these cases the
constraint factorC, would be determined by plastic flow and veloaising either the
Tresca or von Mises yield criterion in metallic ®yms*" *2 Another proposed theory is
the “expanding cavity model”, introduced by Johnsaevhere the core region is
surrounding by a plastic cavity, which is in tunrreunded by an elastic continudth.
This will be discussed later in this chapter, unelastic-plastic loading. For now, the
concern will be the residual plastic effects, inelegient of elasticity.

The major limitation of the spherical indenternreasuring hardness is pile-up at
the edges of the indentation surface, giving reserrors in the measuring the residual
impression. This led to advancements in tip teldgy including the development of
the four-sided Vickers diamond pyramid. The angld36 between faces mimics the
stress-strain relationship of the spherical indente

Vickers indentation bridges the gap between madrdgf minimum load") and
microindentation. The ease of measurement of idigodals in Vickers hardness testing,
coupled with calibrated microscopes, allowed indgan with forces less than 1 kyf."
The advancement of microhardness testing allowedlsnspecimens, finer features, and
thinner plates to be tested. Some examples dettares that drove these developments
were: measurement of wires, carburization andditg processes, and testing of layered
composites? This reduction in dimension required greater nemh at low depths, and
thus more accurately machined tips, such as thmlbbedral Knoop indenter. However,
Vickers and Knoop indenters showed opposing effattdow loads, where Knoop
hardness increases at lower depths, while Vickersiness often decreases or holds
constant:*

This relationship, of decreasing hardness witlheiasing contact depth, has been

termed the indentation size effect (ISE). As ind&aoh loads and depths decreased, the
5



accurate measurement of hardness became incrgadifiglult due to minimum loading
requirements to produce plasticity, non-idealitresp shape, and errors in measuring the
residual impression.

By using depth-sensing indentation, which simwtarsly tracks both the load
and depth of the indenter the trend when examirghgllow indents is increasing
hardness increases with decreasing penetratioh.f&it Theoretically this could occur
as a result of work of volume deformation energhaibee in the creation of new surface
area™ ° This second theory would explain the"? dependence for the hardness in
shallow indents as the result of spherical tip thag.

Other theories suggest that geometrically necgstialocations result in a strain
gradient in deptf® This can be modeled for indentations with 200nrgreater in depth,
but shallower indentations would require a perfestharp tip in order to generate the
dislocations necessary for this theory. Howevethbthe geometrically necessary
dislocations and work of volume deformation apploaontinue to generate continued
research interest. Thin film effects and ISE aneenced in the high-stresses seen later
in this chapter.

In addition to the issues with the ISE, the lenggthles under investigation have
decreased. With the limitations of macro- and mraentation these features cannot be
reliably probed. This requires the developmentegén more sensitive indentation
equipment, with sub-nanometer resolution for dep#metration data, with sub-puN

resolution in applied loads.
1.4.3. Ideal Contacts

Nanoindentation instruments give stable control applied forces while
simultaneously extracting depth dependence via abengcontrolled transducers. This
necessitates new analysis methods, with the alditsneasure both elastic and plastic
properties. As the load is applied to a materidirst deforms elastically, according to
Hertz’s theory.

While Hertz may be most famous for his contribongoin the field of



electromagnetism, his contributions to the fieldnaéchanics are the foundations for
elastic contact theory. This work was a side pobaf Hertz's graduate work in optics,
and his concern with fringe effects from bendingsks. Hertz found a series of solutions
for both static and quasi-static loading of thesttacontact between two ellipsoid
paraboloids with shapes of, = AX* +cxy+By* and z, = AX* +Ccxy+ B,y?, offering a
general form for elasticity with only normal dispéanent, and only for some stress
component$” ?* By simplifying the results for the ellipsoids, onan find the elastic
solution for the contact between two ideally smoagbtropic, and continuous spheres.
Non-spherical geometries will be introduced latethis chapter. If one considers that
the mean pressurg, at the contact surface is a continuous functibmit¢ first
derivative), then each material must support araelpad,P, as determined by radius,
and the modulus of elasticitl, Eq. 1.3, where the system is composed of two madge
the indenter (1), and the material being probetabstrate” (2).

&+&Da(i+ij Eq. 1.3
E B R R
Knowing that the projected area of a sphere isc@egithe total load is

pP= pmlaz. Eq. 1.4
Rearranging for the radius of contact;

a:(%ESTé Eq. 1.5

The quantitieR andE* are the effective radius and modulus of the systameduced
radius and modulus respectively, defined in Eddahd 1.7. Since an indentation results

in a “plane-strain” condition, a factor t@f— u2) is introduced, where is Poisson’s ratio.

- Eq. 1.6
E E E, a
11,1 Eq. 1.7
R R R

The radius of contact, for a rigid indenter, asnfd by Eq. 1.5, shows that for a
given elastic penetration, into the free surface it can be shown that theiusa of

contact,a, is located a#/2, figure 1.1.



Figure 1.1. Contact of a rigid spher@) and a perfectly sharp coifle) into an isotropic elastic
half-space (shown in red). The contact radiusdated ab/2 for the sphere, but is relatedddn

the case of the cone, Adapted from Fischer-Cripps.

The total approach i® = o + &, when deformation occurs in both indenter and
substrate. In this case caution must be taken thieatoverall shape of the indenter

remains spherical. The approach can be calcuésted

b
3P V1
soal/ - (_j 1 Eq. 1.8
A { 4E°) R q
For most cases, the diamond indenter radius rencaimstant, (due to its higg), andJ,
is ignored, thus equating and the total penetration distante

By using Egs. 1.4 and 1.5, an expression for teamrtontact pressure can be

used to derive a stress-strain relationship.

P 4E ) a
= = = |= Eqg. 1.9
P 2 (37TJR d

This relates the indentation stress, representegl,bto the ratio of%, signifying the

indentation strain. This relationship provides aan® to the correlate the Tabor
relationship, using hardness, to Hall-Petch, whishs the yield strengffi.The pressure
distribution, with r as the radial distance frone ttenter of contact is given in Eq. 2.10.

The maximum pressurpy, will be 1.5 times the mean contact presstire.

p=g pm{l—(%)z} Eq. 1.10



The above equations can only be applied for spaleimdenters loading curved or
ideally flat isotropic substrates. Application thlese results to complex non-spherical
indenters as well as generalizing the stress figddan area of ongoing reseafth.
Utilizing Boussinesq's problem for elastic conté&gneddon found solutions for both the
flat punch and a conical indenféf?’ The total load-depth relationship found for axiall
symmetric indenters, such as a cone (figure 1l.bjhat of Eq. 2.11, wherd is a

function of the depthj.

P=IZE*-éd5 Eg. 1.11
m

Upon integrating, for the axially-symmetric sphatimdenter with tip radiuR,;
P:gJﬁEq% Eq. 1.12

This then recovers the Hertzian relation for tateplacementg, to the load,P for
spherical indenters.

In nanoindentation, the surface of the materialffisn found by slowly stepping the
tip down to the substrate until a reactive forcegased. This acts as a zero-point depth,
similar to the pre-load used in Rockwell testingnisTloading is assumed to be 100%
Hertzian in nature, causing no permanent changfeeimaterial. This will be shown not

to be the case for some materials in chapter 3.
1.4.4. Ideal Contacts: Elasticity simulations

The elasticity simulations in this thesis are perfed using the commercial
FilmDoctor™ software® This software has the flexibility to perform miager thin film
elasticity calculations under both normal and tvanse modes of indentation with a non-
ideal tip shape. The model used is that of thectiffely shaped indentét, * described
more fully in 81.46. However, this model uses asalized isotropic elastic-half for the
indentation substrate, while this software cal@dathe elastic stress in multilayer
systems?

However, roughness can only be simulated as théacbbetween the tip and a

single asperity. Additionally, the model used he tsimulations does not normally
9



include frictional effects between the indenter &mel surface, which will underestimate
the amount of strain in tension at the surfacecdloulate the upper bound strain in these
calculations, an ideal spherical tip shape will Us=ed with a “no-slip” condition for

indentation radiust, in the region0<r <a.'* However, despite these limitations, the
ability to simulate the stress distribution in denx@nd complex multilayer systems is

essential to the understanding of film fracture.

1.4.5. Contact: A transition from elastic to elast-plastic, and fully plastic

As the load is applied, the initial loading is E&n with mean pressures,

p,, <1.1Y (as calculated by Eq. 1.9). From Eq. 1.9, it carséen that in the case of an

elastic indent for a spherical indenter, that apsrelationship exists between the

contact radius and the displacement

a=+0R Eqg. 1.13
The elastic loading is followed by the developmeina small amount of plasticity. This

is the elastic-plastic loading region and the defirmean pressure .1Y < p, < CY,

with C defined in Eq. 1.1, but is typically ~3 for metals

This coexistence of both elastic and plastic negis a result of Eq. 1.10, where
the magnitude of the pressure near the centereointttenter is larger than that near the
edges. Due to frictional effects, the stress be&sotansile rather than compressive at the
edge of the contact. This results in regions ohlggess undergoing plastic deformation
surrounded by an elastically deforming region of ktress, figure 1.2a. However, it is

well known that metals deform primarily in sheagufe 1.2b,
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Figure 1.2. (a)Simulation of a normal stress distribution for GQu& radius spherical tip at 1N
load into (100) single crystal platinunfb) Simulation of the shear stress under the same

conditions aga).

therefore the regions of primary deformation do abtways occur at the region of

maximum pressure magnitude. The maximum shessssis defined as

T zl(az—ax), Eg. 1.14

max 2

where +z is the axis of indentation, and x and & equivalent for an axis-symmetric

indenter. The Tresca yield criterion states thiddifa in all conditions will occur at

T :X. Eqg. 1.15

However, the failure criteria used extensively inajgter 2 is slightly more complex, and
requires the use of stress invariants, a derivatfowhich can be found if®. The von

Mises yield criterion, figure 1.3, which more adatgly correlates with experimental
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Figure 1.3.Simulation of the von Mises stress distribution &02Qm radius spherical tip at 1N

load into (100) single crystal platinum.

data, states that yield will occur when the secsineks invariant],, exceeds a fraction of
the yield stress, where the fraction is directipndependant? such that yield will occur

when the following is met?

NG

Y :7[(@ -0, +(0,-0.) + (0.0 ) +6(r%r 1% TZX)TZ

Eq. 1.16

In the case of uniaxial tension, this reducesato=Y , as does the Tresca criterion.

Whereas the von Mises yield criterion is applicgiienarily to metals and other ductile
materials, a more appropriate criterion for yietdim ceramic materials is the Mohr-
Coulomb criterior?> However, calculation of failure in this criterisaquires the use of
materials constants that can only be determinedna}ysis of a plot of shear strength
versus failure. However, as the yield strengthevhmics in compression is greater than
that of tension, a simple maximum principle straiiterion can be used.

12



o, -v(g,+0,)<Y Eq. 1.17
Yielding under complex loading, such as indentatien slightly more difficult. A
simplified view of an incompressible material un@dewedge indenter can be found in
Johnson’s cavity modéf where the hydrostatic pressui, can be given as

Y 3

3Y

It is understood that the stress is not hydrostétit that this pressure function allows us

to approximate the normad;,

171

and radial stresses, , as

o :_(EJ,Z_YJ, Eq. 1.19
3
and
g, =—(T3—2?Yj Eq. 1.20

respectively.

For values ofp,, = 3Y, we find that the material at the edges of theemer has

started to deform plastically, with either pile-oipsink in of material at the surface being
possible. Post-yield characterization of metalghia literature shows pile-up is likely
when indented with a spherical indenter, and carse&anore than a 60% change in
contact diametet> Furthermore, materials with plastic flow may sirhiarden, causing
small deviations in the hardness that can be a¢eduor by using a strain function that
contains a correction factor.

For spherical indenters, the geometric relatigmshi
a=42R0, -5 Eq. 1.21
holds for any contact, wheré.is the contact depth, as opposeditpthe total depth of

penetration. For thin films, where after the comosmnent of plasticity that contact, due
to some pile-up gives
0.=0 . Eq. 1.22

13



This gives an idealized method to calculate thengbain contact radius during
indentation, which does not require calculation tioat contact from the unloading

segment, as described in the following section.
1.4.6. Analysis for non-ideal geometries

Early experiments in instrumentated indentationowsdd that there was
considerable information regarding all three regiroe loading, but that the difficulty lay
in interpreting the information. Using the founidatlaid by Sneddon regarding the rigid
indenter and smooth, elastic half-space, Doernéir reworked the equations for use
in nanoindentation. They, along with many othatso recognized that just as the initial
portion of the loading slope is elastic, so shdo#dthe initial unloading slope, figure
1.4%

Pmnx S e
do

Load, P

5; IMax
Displacement, 0
Figure 1.4.Idealized loading curve showing the elastic respaim unloading. The stiffness is

the slope of the unloading curve, and interse@sthxis at the contact depth, as was
indicated in figure 1.1. Adapted from Oliver aniabir >

Utilizing the elastic response of unloading, Nik a&. found that the contact

stiffness, S, on the initial portion of the unlaaglicurve could be defined as Eq. 1.23,

14



where A is, the projected area of contact. A sua®ed to remain constant in the initial
stage of unloading.

d:) 2 *
s=2_ =2 FEJA Eq. 1.23
0 VA g

Thus far we have neglected to mention that thetmosimonly used tip for
nanoindentation is the Berkovich, a three-sidecpyd, with the parameters in table 1.1.
The tip angle is designed match the strain relatiba Vickers indentet! The cube
corner, also in Table 1.1, is another three-sidgcmpid, but with a smaller included
angle. Care must be used as to what approximasienmade with this tip. Schematics
of these geometries are found in Fischer-Cridps.

Indenter Ideal Ap 0(°) a(°) ] f m
Spherical| = ?27Rh, n/a n/a 1 0.75 2.0
Berkovich| =3Vahitarf6 | e527 | 70.3 1.04 | 075 15
Cube Comer =3Van’tarfd | 3526 | 4228 | 1.03 | 0.75 15

Table 1.1. Ideal projected area, semi-an@leeffective cone angle, intercept factof, power
law exponentm, and correction factof for the most common tip geometries. Adapted from

Fischer-Cripps and Oliver et &f: %

Oliver & Pharr advanced the work of Nix et al, wh@ey recognized that in many
materials the initial unloading slope was actuallyower law,

P=Ah-h)" Eq. 1.24
where the exponentn, is typically taken to be 2, but can also be ditmultiple data
curves with a least squares fit. Referring to table we can see that both the exponent,
m, and the representative strainare dependent on tip geometty?> Here the strairg,

is related to radius of the spherical indenfghy
£=0.22. Eq. 1.25
R

Hardness in this analysis is calculated by usirgy tojected area at a given contact
depth,d., for a given tip geometry, Table 1.1, at maximwad, Pax.
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The correction factorf, in Table 1.1 must also be introduced to expl&ia t
difference between indented and zero pressure medilmaterials. It is related to tip
shape factors and frictional effects. To take thie account we must correct the value
of the stiffnes$> *

&k _1k
oh B N measured

Recent work by Mook, et af® suggests thgt may not in fact be a correction factor for

S Eq. 1.26

indenter geometry alone. In this case the increasp from expected geometric
conditions may actually be a correction factor tbe pressure effects on the bulk
modulus,, as found in the geomechanics literattire.

Additional methods of analysis focus on the ptastork done by the indenter on
the substrate, and dynamic indentations that aseilthe tip on loading, effectively
creating many small load-unload cun?8he use of methods that describe the contact in
terms of energy are uncommon, but useful in sonseszavhile the method of dynamic

oscillation is commonly used on soft materials g@isd¢oelastic materials.
1.5.Electrical contacts

The Maxwell model relates contact area to chamge®nductance caused by a
constriction in the electronic transport in thefulive regime, where the contact
diameter,d, is much larger than the mean free path of thetrelecd. The Maxwell
conductanceGy, has a linear relation with the contact diametgrand is inversely
proportional tape, the average resistivity of the indenter and sabst This gives

Gy =—- Eq.1.27

Pe
This model assumes a circular contact between denwotical, isotropic, and semi-infinite
materials with no thermoelectric effects. Howevehas been showtf that this model
can also be derived for a circular constrictionddball and flat” model.

For contacts where the mean free path is greatm the contact diameter,

(d <2), electrons behave in a ballistic manner, thawishout scattering™ ** This
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occurs with contacts areas on the order of a few fiime Sharvin limit is a geometric
limit imposed on current flow. Here, the conduckims found to be proportional to the

square of the contact diameter,

2
G =M Eq. 1.28
16p/

The transition between ballistic and diffusive @mt$ is described by the Wexler
correction, which provides a smooth function coningc the Sharvin limit to the
Maxwell limit. * #* Calculating the Wexler conductance fibr~ A, gives a value of
approximately &s.

Combining equations 1.25 and 1.21, results inralgotance — depth relationship
for a spherical indenter for thin films of
G, :Z—VZR;SVJE : Eq. 1.29

Similarly, the Sharvin limit conductance - deptim tee defined as

2
37T(2«/2RJC—502)
G. =

S 160,/

Eqg. 1.30

It is also known that, as a metal undergoes plagéiformation, changes in
dislocation density cause a local decrease in lbetreal conductance at the contact.

This can be seen from the total resistivity,written as *>

Ioe = Ioimpurities + p phonons+ p dislocation-sl- p defect oot DM R ! Eq 131

where Pimpuries  Pphonons  Pdefects @Nd Paisiocations @re  impurity, phonon, defects, and
dislocation contributions to the resistivity. Heve are employing Matthiessen’s rule to
write the total resistivity as a sum of individuaintributions. Important for extremely
large strains, an additional term for “deviatiomsnfi Matthiessen’s rule” (DMR), has
been added. It is important to note that Mattl@e%srule has been used successfully by
experimentalists for the measurement of dislocatidensity and point defect
concentrations in metals and superconducfér®

These limits pertain only to contacts between meials. In the case of contact

between nonmetals, single step elastic tunnelmgastic tunneling, hopping transport
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via defect states in the oxide, and metallic transghrough pinholes are all possibilities
and must be considered. Surface roughness effactalso play a large role in the actual
contact ared® *® *°therefore the ideal projected contact area from 8iill likely not

hold true for the electrical contact area.

1.6. Indentation equipment

The Tribolndentét is a standalone mechanical testing instrument avitariety of
add-on options, two of which are used extensivelythis thesis; the nanoECR™
discussed in 82.2 anuh situ scanning probe microscopy. Additionally, tire situ
indentation unit uses a similar transducer androbmnit. The Tribolndent& consists
of three main components, vibration control, properation, and a computer control and
data acquisition interface. This instrument is piienary means of mechanical probing
throughout this thesis.

A combination of path active and passive vibratomtrol allows the isolation of
the probe and sample from outside mechanical erente. The passive control consists
of an engineered enclosure that isolates the menti from acoustic noise and some
thermal protection, while an electronic feedbacktem provides an isolation platform
from mechanical coupling. The noise floor providedthis isolation is on the order of
0.2 nm for displacement resolution, and 100 nNIdad resolution. Indentation with a
700 nm radius indenter, in displacement controtifief 5 s at 70 nm into single crystal
platinum, figure 1.5, has a standard deviation df60nm in displacement, with a

maximum point to point variation of 0.24 nm.
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Figure 1.5.Indentation with a 700 nm radius indenter, in dispiment control, held for 5 s at 70
nm into single crystal platinum. The varation &pth has a standard deviation of 0.06 nm, with a
maximum point to point variation of 0.24 nm. Inskiows the entire displacement versus time
curve for the indent. System was properly set up wie active vibration unit on a concrete slab

away from railroads and large highways.

The probe operation consists of three main meshaia stepper motor and drive
system for accessing large distances between ssmplpiezoelectric for x,y, and z
adjustments at a smaller scale, and a capaciansducer for the precise control. The tip
is screwed into a plate in the center of the transdstructure suspended by four metal
springs. The electronic schematic of the transdiscghown in figure 1.6, where the top

and bottom electrodes are operated in AC with & p&@se difference.
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Figure 1.6. Schematic of the thr-plate capacitive transducer as used in the Hysithoou
Tribolndentef. Additional systems on the left and right carused to control the displacemt
in the x and y directions. Image courtesy of Hgsit Inc

The electric field at the center plate is zero wtiencenter plate is in elec-mechanical
equilibrium. By application of a direct currenglfi at the top or bottom plate, the tip «
be driven up or down by electrostatic interactibtha capacitiv plate. The voltagey,
and distanceg,, are related to the electric fie E, by

\%

E=— : Eq. 1.32
d, a
Where the voltage is the work done by the cheq,
v = o Eq. 1.33
q

Thetransducer system is calibrated through extensiairj giving it an effective sprin
constant, and determining the volte— displacement relationship in a known mediu
This can now be used to apply a force while sinmgltaisly measuring the displacent
in the same transducer syst

The transducer has a maximum force and extensiorl@f mN and 3um
respectively. The piezoelectric tube allows fateaing of the tip across the sample i
and vy, recording z with loads (as measured in Zmaall s 1.1uN. In this mode the
system can be used as a scanning probe microscibipehs indenter tip used as
scanning probe. Additical side-mounted threglate transducers allows “scratch tes,”

or indentation followed by-translation, and “wear motle/here the tip is rastered acrc
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the surface using forces larger than in imaging enodWear mode can show relative
amounts of material worn away as a function of land number of pass&s.The lateral
force can be measured to find the coefficient iatitin.

A computer interface between the instrument amrdutber allows the adjustment
of loading rate, feedback mechanisms, scanning, adhdr parameters. The simplest
control mechanism is “open loop,” OL, where no temck is applied, but a maximum
load and target loading rate are set for the inddrite loading rate and maximum load
are only targets, and are not guaranteed withctimérol. Load control, LC, indentation
applies the feedback to both the loading rate baditaximum load. For some materials
this feedback mechanism may become unstable, ajudtaeént of the PID must be
made. The third control mechanism is displaceroentrol, DC, and applies feedback to
achieve target depth and displacement rate. $Hisei least stable control mechanism as
penetration depth is not directly controlled, witie feedback from the depth measured
and then applied to the indenter load. Fine adjasts to the PID are essential for
reliable data with DC. However, DC mode has thiétalto register the finest featurés.
The computer interface also serves as data storage.

The nanoECR™ option is an add-on for the Triboime® testing system. It
combines a conductive probe, a Keithley source ranllimeter, and a data acquisition
card. The circuit, shown in figure 1.7, measuipsample interaction as well as series
resistances of the boron doped diamond (BDD) tg(B the oxide film, Rim, the
instrument wiring,<1Q, the Au wire from sample to to stages<1Q, and the copper

mounting surface, €2, and the film of interest, typically several huediohms.
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oxide
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Figure 1.7.Schematic of the two terminal nanoEICRest set-up. Some of the resistive elements
contribute very little to the overall resistancet lmust be included for completeness. Although
resistance along the length of the tip is IB6the contact, with 1X& of resistance taken at

300nm displacement into Pt, dominates the measurteme

Either current or voltage bias can be suppliedhaKeithley 2602 source-meter,
and is read by the same device. This data is ttersmitted via a 100MHz data
acquisition card, is averaged over a user variaie period, and is stored with a one to
one correlation with time, load, and displacemeiitie user interface is via an additional
window with the computer software package. Theenirnoise floor of the nanoECR™
has been shown to be in the 15 pA range, with alugsn of 5 pA, with the
corresponding voltage values of @0 and 5uV. The conductances, is calculated from
the measured current, divided by the applied voltag¥, i.e. we display conductance as
opposed to differential conductance. In additiorinte DC measurements of resistance,
the system can also perform current-voltage (I\W@eps to probe contact behavior.

Diamond is a wide band-gap (5.5eV) indirect semiltmtor with high mobility
and break down voltagd. Furthermore, it can be doped as a p-type semiigtar with

a resistivity range of 18 orders of magnitude byngisboron as an acceptor. Grain
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boundary resistance plays a negligible role indherall resistivity>> ** The BDD tips
used in this research project have a nominal reigysof 3.3 Q-cm. The BDD tips used
in this study have been machined from single crystaon doped diamond that is
available through commercial laboratories.

The modulus of BDD was measured to be between BA380 GPa by a beam
bending method> This was confirmed by the use of resonant frequesxperiments
performed on the beam, and did not appear to becibn of the B concentration. This
is only about 80% of the modulus of pure diamorithis change in indenter modulus
must be included when using BDD for calculatiortre reduced modulus of the system,
using methods described in 81.45. The changeeitisson’s ratio has been assumed to
be small. Small changes in the Poisson’s ratio @dhave a large effect on the value in
the reduced modulus assuming Ehef the film is low compared to that of diamond.

Doping diamond with boron tends to increase tlic&aparameter, and may be
the cause of the reduction in modulus. The latheeameter change may be due to
interstitial boron, but this is uncertain. Measgrthe change of the lattice parameter in
compression testing shows that for pressures ess25 GPa, and doping concentrations
of less than 3 atomic percent that there appedse t@o change in the compressibility of
BDD as compared to diamond.

Initial doping concentration, as measured by priglary wavelength dispersive
spectroscopy, WDS, was @83 atomic percent, but the error results from aaven
indenter surface. The dopant concentration is asdumbe uniform.

The effect of using a semiconductor probe in a—fvobe measurement is that
behavior is non-Ohmic. The measurements of thishveildiscussed in detail in the next
chapter. Therefore, in addition to the BDD tipsdugethe initial phases of this study, a
conductive carbide tip was also used for conduatidentation. This tip showed linear I-
V behavior, and was more conductive. However,tdube delicate nature of these tips a
lower bias voltage was required. These carbide #ilso have a lower modulus and
hardness than the BDD used, and will therefore ireqdifferent parameters for the
calculation the area function.
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Chapter 2. Plastic Response of Thin Film Systems
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2.1. Overview

Conductive indentation has previously been useditu to investigate phase
transformations in & and GaAs, for measuring dielectric breakdowhto estimate the
contact area under nanoindenter fip& evaluate wear of ionic thin film&’ to probe
the fracture of an oxide layer and subsequent gifilforces”, and to investigate the
presence of organic contamination lay&rdhese electrical contact resistance (ECR)
experiments have shown that it is possible to ektoualitatively useful information
regarding the deformation of the material underitiieenter, above and beyond that of a
simple load-depth profile. Additionally, such exipeents have demonstrated that the
theoretical and experimental contact areas of a&rg@l tip and flat surface could be
correlated to, but not completely quantified withe Maxwell conductance model as
described in §1.5% %3

A key feature of many indentation load-displacen@mnves are discrete events
occurring as changes in displacement with no chamdead for load-controlled (LC)
feedback, or changes mostly in load, in the casealigplacement controlled (DC)
feedback. In metallic systems, these loading custegest either nucleation or rapid
multiplication of dislocations in the metal, or edture of the native or grown oxide
surface layef*’® While these deformation processes in the metaleoaverlayer system
are physically quite different, the resulting intltion load-depth profile is similar. In
this chapter, electrical contact resistance (ECRpsurements are takem situ with
depth-sensing nanoindentation in order to decotedhese two processes. To determine
the system behavior of conductive indentation,aiphm reference sample is used. The
films under study are then characterized and testethblishing a link between the
measured conductance and plasticity within the gampm addition to the investigation
of overlayer failure on metal films, a preliminairywestigation on the delamination of
copper thin films is covered.

Regarding the specific metal films studied, itddde noted that both chromium
and aluminum metals rapidly oxidize in air, but thede growth is “self-limiting.” This
results in an oxide layer about 1 to 2 nm in deptbr to becoming diffusion limited.?
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Note that native AD; layers have been widely used as pinhole-free fubagiers®
whereas native GOy layers are not so widely employed for tunnel tearformatiors In
sharp contrast to both of these cases, singleatnyisttinum does not form a native oxide,

making it an ideal choice for use as a referencemahin this study.
2.2. Platinum reference material

A laboratory grade (100) single crystal platinume@men, with a surface
roughness of 11 nm, is used as a reference mat€hal platinum was mechanically
polished using 20 nm colloidal silica, and thensadquently cleaned by ultrasonication

for 15 minutes in deionized water, isoproponol, arethanol.
2.2.1. Relating conductance to contact area

For conductive indentation using a boron dopedndiad (BDD) indenter tip on
platinum, figure 2.1, the current- voltage swedpg $weeps) show non-Ohmic behavior
as a function of depth. The conductance can brileaéd from the I-V sweeps as the
slope of the curve in the nearly linear portiortle# curve, from -300mV to +300mV, as
plotted in figure 2.2 (a). The state of creep dytine I-V sweep, where the applied load

is held constant, would also affect the measuradwctance.
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Figure 2.1.Current voltage sweeps taken during the constauk periods. The BDD indenter is a

semiconductor, resulting in a nonlinear / non-Ohatntact, even at large displacement.

The data from figure 2.2(a) can then be combindd thie data taken during the loading

segment of the indentation, calculated using

G:K/, Eq. 2.1

at a bias voltage of 300mV, it can be seen thatctintinuously measured conductance
slightly underestimates the conductance as meadwydtie |-V sweep, figure 2.2(b),

which might be expected from creep considerations.
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Figure 2.2.(a) A linear fit of the low voltage (£300mV) I-V sweegrom 2.1(b) gives for
conductance versus depth on the Pt reference sartigléConductance versus depth calculated
during continuous loading of the sample by applymdC bias slightly underestimates the
conductance calculated from I-V sweeps. Howeverr figure 2.1(a), occurring during the 1-V
sweep causes an increase in contact area, inggeasirhe dotted line represents the maximum
conductance measured on the reference sample.oHuictance is limited by contact area and

the instrument resistances, as indicated in figure

Using equations 1.29 and 1.30, shown here agaireference,

_ 2
G, =2V HR% =0 , Eq. 1.29

Pe
and
2
3;7(21/2R5¢ —53)
G, = , Eq. 1.30
16p/

the G — data in figure 2.2(b) can then be compared to ttieoretical approach

documented in §1.5, figure 2.3. Here howewverJ,, cannot be assumed, as very little

pile-up is observed on this sample. Insteadri@sef indents were performed and the

Olive-Pharr unloading curve analysis, §1.4.6, wseduo calibrate the ratid. / d, which

had a range of 0.82 to 0.93. The average resistvéis calculated to be 1.88m, half
that of the boron doped diamond (BDD) tip, as tsstivity, on the order ofQ@acm, of
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the Pt was so low as to be negligible. The resekn in figure 2.3, is that the measured

conductance is an order of magnitude lower thangreadicted by the Maxwell model.

— 10 I
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O _85 I/V during loadng
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Contact Depth [nm]
Figure 2.3. Conductance — contact depth for the Maxwell maded 700 nm radius tip (open
circles) compared to the results of figure 2.2(alhe measured conductance is an order of
magnitude less than predicted, likely due to topppical features, where the actual area of
contact is less than the predicted area of contact.

It should be noted that here the projected areaonfact has been used. Comparing the

projected area of contact to the surface areaeotdimtact at a given depth, calculated by

Agurfacfﬂ?R(ZR—\/(ZF)Z— d) , Eq. 2.2

it can be seen, figure 2.4, that there is a mawimti10% error at large displacements.
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Figure 2.4. Comparison of projected contact area and surfeez \&rsus contact depth for a 700

nm radius tip. The percent difference — contactidépsert) shows that at low depths (sub 50nm)
the difference is on the order of 1 percent, growim10% at 300 nm.

2.2.2. Surface roughness effects

This large variation in theoretical contact area actual contact area follows the
findings of several other researchers, where tleahcontact area is significantly less
than the theoretical surface aréa> *% > "The expected ratio of conducting to expected
area can be lower than 1% in some cases, andeis lefss than 10%. In figure 2.5, it
can be seen that 1-D ridges of Cu can retain theginal shape, even after considerable
plastic deformation under load. The ridges shoawehundergone some degree of plastic
deformation, with their total strain having a sianil/alue to the residual strain of the bulk
material*® " but would still prevent the complete contact betwéhe bulk surface and

the indenter.
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Figure 2.5. One-dimensional grooves cut into annealed coppewsthat the load from a
spherical indenter does not flatten the asperiti€be residual plastic strain of the asperities is

only a few percent greater than the plastic stodithe bulk material. Adapted from A.J. Moore,

etal’™

These ridges strain harden, developing greatednless than in the bulk.
Indentation hardness testing is normally not neghtiaffected as long as the indent
depth is much greater than the surface roughnédswever, in the case of shallow
indents, the surface roughness can be on the ofdke indentation depth, affecting the
reliability of indentation testing at low loads.

The simple surface of figure 2.5 can be approxatheas one-dimensional
waves, with wavelength and amplitude\. If this surface is brought into contact with an
ideally smooth elastic half-space, the apex ofulawes will deform first. The height

variation between the two materials can be foufd &s

h(x) :A(l— CO{ZTHXD . Eq. 2.3

The total displacement, for both materialgish(x), with a pressure distribution of

p(x):T)+”iAcos(2;mj. Eq. 2.4

*

TE A
This means that for uniform pressurés, of smaller magnitude thaﬁT, the actual

contact,A, area will be smaller than the apparent contaed,&;pparen: €.9. the case of
two smooth surfaces.

In this case the ratio of the real and apparemtaco area IS
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— \2/3
c A _ O.762(_p*j | Eq. 2.5
Aapparent \/AKS E

with x being the root mean squared (rms) curvature casiperities.

By analogy, similar arguments can be made forrasa with random roughness.
If the radius of a spherical tip is large enoughjsathe case here, it can be approximated
as being nominally flat compared to the roughndsghe substrate surface. For the

compression of a single asperity by a “flat pun¢h¢’ contact area changes as
A = m? = % . Eq. 2.6

Here, &, is the circumferential radius of the asperityd @nthe distance it has been
compressed. The Hertzian relation for pressutbds used with the asperity curvature
replacing the radius of the indenter. The loacuiregl for the compression of a single

asperity is thus

P =%E*KS‘%5%. Eq. 2.7
The corresponding “perfectly” plasticity equatiare
A :2,7%5 Eq. 2.8
for the area, and
= 670 Eq. 2.9
K

S

for the pressure. Approximating the asperity dstion as exponential rather that
Gaussian, we can integrate over a number of asgsehiaving rms roughnesss, to find

a relationship between redl, and apparenty, contact area:

= |- LB Eq. 2.10
oK, E

The rms roughness of 11.1 nm was calculated forafegzence sample using ISO 4287/1-

1997, and the rms curvature %unm‘lfrom a line scan. Using the reduced modulus

of 138 GPa and hardness of 900 MPa, the ratioeo&thas is found to be 0.037, whereas

the ratio of conducting and projected contact aedeulated by
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Gmeasured: d measure: Eq 211
GMaxwell dMaxwell ’ o
and
2
£ = Poassu - L d ] Eq. 2.12
A\/Iaxwell d Maxwell

gives a value of3x10°at 10 nm displacement, increasing to .015 at 300 nm
displacement. The depth dependence is causedebyiglding of asperities, under the
conditions described in 81.4. As the initial agpes yield, the indenter comes into
contact with additional asperities. The high répdrhardness here is likely due to the
damage layer from mechanical polishing, which wasither annealed nor
electrochemically polished. The high dislocatiamnsity within this damage layer could
also cause a rise in resistivity, Eq. 1.31. Howgetgeemake up for the order of magnitude
difference the Pt resistivity would need to be tge¢ghan 10Q2 cm. This is extremely
unlikely in any scenario.

Additional analysis using FEM and multi-scale miode show that the
approximations from above scale well with fractahtact mechanics resufts.” "
Kogut, et al. showed that the general solutiongterelastic and fully plastic case could
be worked out for both the Maxwell (bulk) and Shargballistic) contact limits. The
ratio & between two rough but nominally flat surfaces waand to be linearly
proportional to the dimensionless roughness thrahghregior® It can be seen that
using a large radius indenter does little to cownttethe effects of small asperities.
Values of ¢ close to unity could be attained if the radiudhe# indenter tip was on the
order of magnitude of any asperities present, sisdine carbide tip presented in 82.2.3.

Comparing the measured results to a Sharvin Bmalysis requires the addition
of the mean free path, typically no greater thamm8 The other bound area could be
arbitrarily represented by an array of paralleliryérs of dimension 1 nm in diameter
and length, using the measured conductance. UsiagSharvin conductance limit

model, the contact area lower bound would be cafedl by summing Eqg. 1.30 ovir

33



cylinders untilG =2.1x10°Q™. The total contact area available for conductamaeld

be N [A,,, where A, is the contact area of a single cylinder.

Using the values listed above, the number of dgig, N, is found to be 235 for a
total contact area of 46 fmThis can be compared to the tens of thousandguzre nm
in the ideal case of Hertzian contact. Thereftine, use of a parallel arrangement of
Sharvin contacts gives the lower bound on the acimreducting area, and the Maxwell

model the upper bound.
2.2.3. Electron Tunneling

The use of either current versus voltage, |-V, diiferential conductance

(G :a%v) versus voltage, G-V, sweeps are one of the metpioteered by Rowell to

verify tunneling in superconductor-insulator-superductor systemS: ® While this
method does not confirm tunneling in metal-insutatetal systems, it has been shown
to be useful in measuring an effective barrier khiss’® The method of Brinkman-
Dynes-Rowell’® where the differential conductance is normalized &t 0 V, involves a
fit to a parabolic model derived from the trapeabideffreys-Wentzel-Kramers-Brillouin

(JWKB) approximatiorf®®® The average tunneling barrier heighp, in eV, and

thicknesst in nm, can then be extracted as;

G(v) :1—( %Agzjev{iﬁj( eV)’ Eqg. 2.13
G(0) 1605 128005

where A =4(2m )?t/ 31, m, is the effective electron mass, ands Planck’s constant

over Zt. The difference in potential energig, is the difference between materials 1

and 2. If the curvature of the I-V sweeps on Ptewen fact, due to an organic

contamination layer as was seen by Kim, et‘ahen using the Brinkman-Dynes-Rowell

(BDR) fitting criteria would allow us to measureetthickness and barrier height of this

junction. The fit of a second order equation t® tlormalizeds at a contact depth of 31
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nm, figure 2.6, results in a barrier height of 0.@\th a barrier thickness of 0.4 nm. The
BDR criteria clearly state that the thinnest basrigeed to be on the order of 1 nm for the

fit to be valid. Therefore, a negligible contantioa layer must be assumed.

1.151 Y =1.00573+0.1045 X+0.69997 X2 ‘e
¢ =0.20V ,"
d=4.2 Ang. ;
(lower than allowable fitting) ./,’

O 1.10- ’
N
> * ’
N— . /Q//
O 1.051 \ ‘
\' [ 4
\Q\ [
. o
1.001 AP

04 02 00 02 04

Voltage [V]
Figure 2.6. Fitting the derivative of the conductance nornedizo the conductance at zero bias,
and then fitting to a second order equation, foitmathe criteria of Brinkman-Dynes-Rowéfi,
can give the barrier height and thickness for tlinge The calculated barrier thickness is only
half that of the lower bound of the fitting criteritherefore the I-V curvature is not due to

tunneling through a contamination layer.

It can be seen in equation 2.13 that the conteed sequired to calculate the

current density,J :%A\, in the JWKB approximation has been canceled authe

normalization. This suggests that the non-idealtaxd between the indenter tip and a
rough surface does not need to be estimated, amdthlere is no asperity effect.
However, the contact area must now be assumedardrdiiring the hold period, i.e. no
creep should occur. This method could then be tsatkasure contact area independent
properties, such as compression of insulating ayera metal-insulator-metal contact.
Thus far, signal-to-noise ratio has prevented s af this method for measurements in
this thesis.

At least one researcher has claimed a correlatitim the absolute value of the

integrated 1-V sweep and the contact area for itelah Newton loads into copper, but
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could find no theoretical reasoning for this clathiMathematically, this integration of
current versus voltage gives the power in the dirgdhich, as Fang, et al. found, has no
theoretical linkage to contact area. Integratingfbr the reference sample here indicates
that, even with a constant prefactor, no suchicglahip exists with either the idealized
spherical contact, or the contact area determired Dliver and Phaf?

2.2.4. Indentation with carbide tips

In comparison to the Pt sample indented usingBR® tips, the results using a
proprietary single crystal carbide tip, (indentatia figure 2.7 (a)), show linear, Ohmic,
behavior, figure 2.7(b), albeit for low bias volesgy Due to the fragile nature of the
carbide tip under larger biases, with reported lkirecof the tips, the maximum applied
bias was only 20mV.

2.0x107
200+ - L1 0+ 5 nm
1.5x10 .« 16 nm
— —1.0x107{ + 26nm
=" 150- ——/
= / f 5.0x10° |- 35nm | .
gl — 5 0] oo et
C / = 8 " ote
— 3-5.0x10 . .
50+ —/ ,
1.0x10
04 1.5x107
. ; ; ; -2.0x107 +—— T T . .
0 10 20 30 40 -0.02 -0.01 0.00 001 0.02
Displacement [nm] Bias [V]

Figure 2.7.(a) The load depth curve of a Berkovich carbide tighwéub 100 nm radius of
curvature in the Pt reference sample. Hold peraaisbe seen as creep, indicated by the arrows.
Additional incipient plasticity is also visible ithe profile, where jumps in load occur. The
sharpness of the tip causes high stress, 1.2 GRasinndent, resulting in pop-in events. The
indenter radius is on the order of the radius ef dsperities(b) Current voltage sweeps taken
during the hold periods. The carbide indenter isedal, resulting in an Ohmic contact, as far as
can be determined with the limited bias range. ifiltal points, at -0.02 V show that the sweep
did not reach equilibrium during the specified dsiion time of 8.6ms for each point. Longer
acquisition times result in more creep for the hmddiod.
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Here, linear fits of the I-V sweeps giving condurate as a function of depth,
figure 2.8, are considerably noisier when compéaoatie BDD data of figure 2.2. This is
could be due to the lower bias voltage, smalletacirarea, and possibly a contamination

issue.
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Figure 2.8. Conductance — contact depth for a sub-100 nm ragiukovich tip (open circles)

machined from a metallic carbide. The conductaneasured from the I-V sweeps is two orders
of magnitude greater than that from continuous ritaion. The indent-to-indent variation of
continuously measured conductance also varies thgrerof magnitude. The use of this tip to

measure values of conductance in Al films revdas it contamination readily adheres to the tip.

Additionally, the continuous conductance is severalers of magnitude less than the
conductance calculated from |-V sweeps. The indial sweep data points can also be
seen in figure 2.8, and that the value of theswididal points only approaches that of the
conductance from the fit to I-V sweeps. Includedhis graph are the data points used to
calculate the I-V conductance, which also fall bis tower curve. This is likely due to
the contact potential that develops when thesentwtals are brought into contact, and is
a result of the work function difference betweem tip (carbide) and sample (Pt).
Additionally, there is an issue of acquisition tinBe6 ms for each point on the I-V sweep,
and 5 ms for each continuously measured point. fhkan resistivity of these tips is

69uQcm, four orders magnitude less than the BDD indente
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2.3. Initial films of chromium and aluminum
2.3.1. Experimental Considerations and Structural @aracterization

Chromium films, with thickness of 28 nm, were groepitaxially in the (001)
orientation on MgO (001) substrates by d.c. magmesputtering in a chamber with a
base pressure of 2dorr. The films were deposited (0.9 Asat 200°C in 3 mTorr Ar
pressure after a 500°C vacuum anneal of the MgQ)(Othe deposition, structure and
characterization were discussed in more detaitior pvork 2°

Aluminum films were deposited on substrates 00@&l) at ambient temperature
by RF Magnetron sputtering with a 2.4 mTorr of Angmessure at 0.7A/s. Oxidation for

the initial films was done by exposing the filmsaio.
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Figure 2.9.(a).Wide angle x-ray diffraction (insert) confirms ant@f plane (001) orientation.
A =CuK, . Grazing incidence x-ray reflectivity (open cigjeand the fit (solid line) used for
calculation of thickness and roughness for Ggisystem.(b) In-plane x-ray {-scan” shows a

45 degree rotated epitaxy expected for growth odrC¢001) MgO. Scans are courtesy of Dr. Jeff

Parker.

The films were then characterized-situ by high resolution wide-angle x-ray
diffraction (figure 2.9(a), inset), rocking curvealysis (not shown), grazing incidence x-
ray reflectivity (figure 2.9(a)), and in-plane xyrdiffraction (figure 2.9(b)). The wide-
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angle diffraction confirms an out of plane (00ljeatation, while the in-planeg'scan”
demonstrates in-plane, “45 degree rotated” epitdhe rocking curve full width half
maximum of 1.0 degrees confirms a reasonably lograke of mosaic spread. The
measured x-ray reflectivity profile (GIXR) was coampd to the results of standard
simulations® (figure 2.9), resulting in extracted rms top soef@oughness values (on the
long lateral length scale probed in this technigoe.9 nm. Figure 2.10 shows the
density depth profile, converted from the extraategth profile of the x-ray scattering
length density. The density of the interior of Gefilm from the fit was found to be 6.95
glcnt, slightly less than that of bulk Cr (7.19 gfm
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Figure 2.10. Density profile of the MgO/Cr/GO; film, generated from the fit of the grazing
incidence x-ray data shown in figure 2.9. Thekhass of the oxide film from this measurement

was 1.6 nm. Fit courtesy of Dr. Mike Manno.

The CkOy layer, formed by natural oxidation, had a deteedithickness of 1.6 nm, and
was found to have a density of 4.87 giciess than that of @Ds (5.22 g/cni), and of
CrO;, (4.89 g/cm). Note that the density value for thin films igically less than the
bulk material, as was found in the fit for Cr metallhus, this characterization is
consistent with formation of a predominantly,Gs oxide. The rms roughness from 10 x
10 um scanning probe microscopy scans was 0.5 nm, tsentsO 4287-1997 roughness
standard, in reasonable agreement with that fren@#XR fitting of 0.9 nm.
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Wide angle x-ray diffraction of the aluminum filmevealed polycrystallinity
with no strong texturing. A Williamson-Hall analgsof the peak widths showed little
contribution from microstrain, and an average graize (probing the direction
perpendicular to the substrate surface) of 18 nhe flims were found to have lattice
parameter around 0.406 nm, i.e. they were esslgmgddixed. From GIXR measurements
and simulations a surface roughness of 3.2 nm wtesdined.

X-Ray Photoelectron Spectroscopy (XPS) using aaeh&H6X-100 by Surface
Science Instruments, Inc. was carried out to furtharacterize the thickness and valence
of the Cr in the native oxide from the chemicallyifed 2, components. This
instrument consists of a hemispherical sector gnanglyzer and monochromated A} K
X-ray source operated at a spot size of ~800 purve$ spectra were obtained at a pass
energy of 150 eV and high resolution spectra wétained at 50 eV. The energy scale
was calibrated relative to the Au;41(83.95 eV) peak and the Cuz2932.7 eV). This
instrument is equipped with an angle resolved sarsfadge that can be used to vary the
electron take-off angle. The acceptance anglehefédnergy analysis system is ~30
degrees, limiting the usefulness of variable asglelies; that is, the angular resolution at
which data can be obtained limits the resolutionhef depth profile. The samples were
observed to be carbon contaminated. However, sinsainlikely that the carbon bonds
to the surface (in the presence of a surface oxmsteplies of the Cr 2p peak were
performed to determine the oxidation state of Ghatsurface. Elemental cleaned Cr has
its 2py2 peak located at 574.4 eV and its oxide occur&@6-4 eV®’ Spectra were curve
fit and the oxide peak was observed at 576.4 eYle dlemental peak was observed at
~573.7 eV. The small shift (0.7 eV) is due to tlaekground and curve fitting procedure,
which introduces inaccuracies in determining thakpposition®® ® The data, within
experimental limits, are consistent with a thindexof predominantly GO3; on Cr.

Nondestructive depth profiling analysis was domgevariation of the subtended
angle in three angular positions at grazing, 58, aR0 degrees relative to the sample
normal, as shown in figure 2.11, to provide a roegtimate of the oxide thickness. (see,
for example ref®) The intensity,l, of electrons escaping from the sample follows the

Beer-Lambert law*
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( h )
| =1 - , Eqg. 2.14
0 ®XP AescsineJ a

where @ is the photoemission angle subtended relativehéosample surfacéy is the

infinitely thick and clean substrate intensityis the depth, and.s:is the escape depth.
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Figure 2.11.The change in the ratio of thes2Ci° and CI' peaks can be used to give oxide film

o
o
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thickness. Grazing angles have the lowest peiwirdepth, and therefore the largest2@r"
peak. Inversely, higher angles of incidence prdbeper into the sample. The oxide film
thickness, from XPS depth profiling, was estimaed.0 nm.

If Aescis then assumed to be constant in Cr metah@nd Cr oxide ((3), the ratio of
the intensitiesu/lo can then be used to estimate the thickness afxide film. Analysis

of the angle-resolved XPS data, using Eq. 2.14ther2p,, chemically shifted Cr, shows
that the native oxide layer is approximately 2.2 thick. An escape depth of 2.7 rifn,
and densities of the Grand Cp of 7.19 and 5.22 g/cinrespectively, were used in the
analysis. Deconvolution of the Zpchemically shifted Cr peak shows that there isesom
variation in the valency for the oxide as functioh depth from the surface.This
confirms the results of others who have investgat@idized Cr and found that the

surface oxide was mainly &, with some Cr@ at the metallic Cr interfacd® A
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small amount, ~2%, of hydroxyl bound Cr was alsanfb at all takeoff angles. In
summary the XPS and GIXR analyses are in reasoaaipéement on the existence of an
approximately 2 nm thick native oxide overlayer, afixed Cr valency, but
predominantly GiOs.

Load-controlled indents with maximum loads fron0106 1000uN were placed
in 5 x 5 arrays with 10m spacing between indents. Displacement-contratidénts
were performed to provide more sensitivity regagdiiscontinuities for the Al films. An
overpressure of Ngas was used to reduce the relative humidity fapproximately 40%
to less than 15% at ambient temperature. Sampdes vonnected to a freshly cleaned
copper substrate stage by 99.99% purity Au wiren@i99.99 % purity In solder.
Periodic cleaning in an ultrasonic bath to remoeataminants and maintain proper
electrical contact was performed on the Boron ddpexkovich tip, of nominal 700 nm
radius. The indentation depth and film thickneses within the spherical regime of the

indenter.

2.3.2. Damage mechanisms within chromium and alumim thin films

The first sign of contact plasticity in the Al/&s; film is seen as a load-drop at
5.2 nm in the time versus load plot, figure 2.12 ai displacement controlled indent.
After the commencement of plasticity, the contacnokter can be expressed as a
geometric contact, Eq. 1.21. As stated in chahtargeometric contact is chosen as pile-

up is likely to occur to some degree in a thin riga.
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Figure 2.12. Load-time (solid squares) and the correspondingdectance (open circle)
measurements for a typical displacement contraliddnt to 15nm. Small load drops are seen at

5.2 and 7.3nm prior to oxide fracture at 10.7nrdidated by the large rise in conductance

Displacement controlled indentation is used hereprovide additional sensitivity to
discontinuities’® Loading continues in an elastic-plastic fashisith minor load drops
at ~7.3 and 10.7 nm. A residual plastic depth aofnd remains after unloading. The
absolute value of conductance at the initial cantses <10™ Q™" until the load drop
occurring at ~10.7 nm. At this poid@ rapidly rises 2 orders of magnitude reaching a
maximum value 0f2.3x 10°Q ™. A nominal value of3x10°Q™" is maintained through
the initial unloading period, with two sudden irgses prior to contact being broken.
The initial low value ofG is expected, as the native oxide layer on Al i Wweown to
form a good insulating tunneling barrier. For int&ion to larger displacements, the
conductance is seen to rise exponentially afteakiheough, as seen in the load
controlled indent to 6QN/28nm, figure 2.13. Here, the load depth profilgure 2.13,
indicates Hertzian elastic behavior for the firshi® before the onset of elastic-plastic
behavior®
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Figure 2.13. Load-depth (solid squares) and the correspondingduxiance (open circle)
measurements for a typical 600 uUN under load-cbritident into the AI/A}JO; film. The
conductance rise after initial onset is 5 ordemnagnitude.

This result is similar to that presented by Pethétal for Ni samples with native oxide,

figure 2.14* where oxide fracture is observed with a largedmse inG, albeit with one
significant difference.
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Figure 2.14.(a)In situ electrical measurements with a sharp probe onizeddNi single crystal
showed that no fracture occurred in region a, fedld by a sharp onset of current. Region b was
characterized as a metal-metal contact, with sicanf pull-off forces. Adapted from Pethica, et
al® (b) The data from figure 2.13(b), replotted using stsice, for comparison to the classic

Pethica example of 2.14(a).

Whereas Pethic&t al observed Hertzian, elastic, contact prior to oXrdeture, the load
depth profile shown here on Al/AD; indicates a deviation from Hertzian behavior at
approximately 3 nm displacement. After that, ptast ensues, buG does not rise,
which gives evidence to the integrity of the oxitlen. At 10.7 nm displacement,
however,G rises rapidly. We believe that this onseois directly due to the fracture of
the oxide, occurring simultaneously with a loadpdroThe thin oxide layer, combined
with a constrained thin film can account for thisservation of elastic-plastic behavior
prior to fracture. The Maxwell conductance carchkulated, Eq. 1.21, using the mean

value of resistivity,1.15Q cm, as found from the resistivity of the indenter, 3.8m,and

that of the Al film, 4.1Qcm. At a displacement of 15nm the theoretical valtiehe

measured conductance Is3x10°Q™". This theoretical value involves the unlikely

assumption that the entirety of the tip-sample acntan be described as being metal-

metal. This is unlikely, for reasons described/funesly for the case of Pt, as well as the
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introduction of a nonconducting oxide barrier. Foffractured oxide film, the actual
contact area would be much smaller. The load-otatt indent, figure 2.13, shows that
the G continues to rise exponentially, to a maximum eadfi 2.5x 10°Q " . I-V sweeps,
figure 2.15, taken at 30 nm displacement showttietcontact is still non-Ohmic, which
is as expected for a very small metal-metal cont&ttiwever, this could also mean that
some barrier exists, for example a very thin gapiof For example, if this were a ring
fracture of 0.1 nm in width and 750 nm in circuneiece, having a contact area of 75
nn, using equation 1.29 to determine the conductaheeresult would be a value 6f

=9.8x10°Q™. This is quite close to the measured value &alriurn-on.
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Figure 2.15.1-V sweeps taken after oxide fracture at 20nm ldiggment in Al thin films show
that the contact is not Ohmic. This would be exped the contact were very small.

Lets us now turn to the Cr system. Similar toA0Os, the load depth profile in

the Cr/CpOs is Hertzian for the first few nm at which pointlaviation ofP proportional

to &2 is observed, figure 2.16). A large displacemexttursion is seen at ~8 nm, of
approximately 0.75nm in length. After the excunsip arrested, the sample reloads in an

elastic-plastic fashion.
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Figure 2.16. Load-depth (solid squares) and the correspondingduxiance (open circle)
measurements for a typical 500 uN indent into th&CIGO; film. A deviation from Hertzian
behavior can be seen prior to the large excursiorBanm. A corresponding decrease in the
conductance is observed coincident with the exoarsiThe conductance continues to decrease
upon the reloading of the sample surface, indigatihat dislocation plasticity continues
decreasing the conductivity of the sample at tbiatp

In contrast to AlI/AJOs, the initial measureds is immediately greater than
10°Q'in the Cr/CpOs system, even prior to the onset of plasticity.isTimative oxide
system is known to be more difficult to establismrieling conduction due to the
formation of pinholes. Growth conditions contreétpinhole density, but Cr films grown
under similar conditions have been found to contadrnx 10°/mn? pinhole density, or a
linear density ofl.5x 10 nm as determined by HCI decoratrConductive scanning at
2uN (figure 2.17(a)) showed almost no apparentesdd of current hotspots; however,
as the scanning load was increased to 10uN (fi@ut&(b)) current hotspots were

observed.
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Figure 2.17.(a): A conductive scan of the Cr/@; film using the indenter tip at 2 uN force
shows a single conductivity hotspafb) As the perpendicular scanning force is increasetit
MUN force, more conductivity hotspots appear. Tlagmitude of these hotspots is similar to that
shown in the first few nm of displacement durindentation. The two concentric circles near the
scale bar are aids to the eye, indicating the afé¢fae tip in relation to the figure for scanning a
10 uN (inset white circle) and at 320 uN nm loatgér black circle) for comparison. The load
of 320uN (depth of 17 nm) is chosen to match thgimmam load of the indent in figure 2.12.

The position of these hotspots did not obviouslyregpond to surface features, although
they may be formed by the result of shearing acti®he density of hotspot4,2 x 10’
/mn?, as determined from the 10uN scan, was found lmgues conductance criteria of
9x10° Q™. The larger regions are counted as a single bbifhere is less than a two
pixel separation between individual pixels. Thegéa half-dozen hotspots would be
smaller than the image suggests due to tip ditataifects when imaging small features
with a large radius tip

Due to the nature of the shear force in the aeadf hotspots, the actual density
underneath the indenter in perpendicular loadingnismown. The conductance criteria
of 9x10° Q"is quite small compared to the overall value@®feen in the indents.
Moreover, post indentation conductance scannirgetl shows no hotspots, even at the
site of the indent. This is likely due to reformexide in the damaged region, in the

several minutes that a scan requires.
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After the initial Hertzian loading, (blue curvefigure 2.16) the curve transitions

to an elastic-plastic behavior. Focusing on the-ipogt =8 nm demonstrates a clear

correlation between a simultaneous decrea&® and the lateral displacement bursPin

At the arrest of the displacement excursi@ngontinues to decrease. He@s=8.8nm,

the indenter begins to reload the sample, whichns¢laere is a corresponding increase
in the contact area. After approximately 1.1 nmadflitional indenter displacement,

0=9.9nm, G begins to increase again, but at a reduced ratee exact state of tip-
sample contact is not known during the large pophiomd=8to =8.8nm, as the

sample surface deforms. In the past, this excuigtely would have been interpreted as
oxide fracture. If this were oxide fracture, anrgmase irG would be expected as the tip
begins to reload the surface, seen in the DC exaonfi®.12, or the LC example of figure
2.13 for the Al/AbO; film. As the tip-surface contact is loaded, thentact area is
increasing, (Eg. 1.21), and with increasing contikameterG should also be increasing,
(Eq. 1.29). The continued decreaseGrthus requires that some other mechanism be
counteracting this increase in contact area. pragposed here that the mechanism is the
multiplication of dislocation loops under the intlem acting to decrease the conductivity
of the sample, as described in Eq. 1.31.

The differences inG-o0 between Cr films and Al films are evident on ialti
loading. Where the Al/AD; system shows lows and then a dramatic turn on coincident
with a small displacement excursion, the Cglzrsystem shows a much higher init@]
which temporarily decreases, coincident with a ldispment excursion. A rise @ of
orders of magnitude after significant displaceneamt only indicate that the nature of the
contact has changed. In the case of the Al filna,dontact has changed from a tunneling
contact to that of a contact more indicative of ahetetal, but where the fractional
contact area is smaller than that of Pt at the seonéact depth. However, the slope of
log (G) vs displacement in this case is 0.44, in which tontact area is increasing
according to the Maxwell model. Any decreaseGmmust be accounted for by other
mechanisms. It can be seen that the initial pastidre behavior, between time 7.5 s and
10 s in figure 2.12, in the Al film is quite noisyhis is likely due to intermittent small

area contact, whereas in the Cr film (figure 2.4 contact can only be increasing in
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size after the pop-in at 8.8 nm, whedecreases. The only variable in equation 1.29 that
would decreasé& in the case of increasing contact areansncrease in resistivity It is
proposed that the dramatic turn-on @ in Al/Al,O3; is evidence of oxide fracture,
following the conclusion of Pethia. Moreover, we propose that the downturnGn
occurring simultaneously with a large displacemedursion in the Cr/GO;z system is
caused by a high local dislocation density near ¢batact, enhanced during the

excursion, which increases the resistivity of tample.

2.3.3. Elastic simulations of chromium and aluminunthin films

Theoretical models using parallel springs cangedluo model the stresses of thin
films on substrate¥. °® However, these analytical models can be cumbezsond fail to
account for shear stresses. In order to deterthmstress, and likelihood of plasticity, in
the multilayer films, elastic simulations were usedalculate the von Mises stress in the
both sets of films with native oxides.

Elastic simulations were performed using the Fibufdr program, described in
§1.4.4% A load of 215uN, the load of the large pop-inckosen for the Cr film, and
gives a maximum von Mises stress of 11.0 GPa apédf 38.7 nm. This is just below
the Cr/MgO interface, figure 2.18.
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Figure 2.18. Simulation of the von Mises stress via FilmDoctor the Cr system (color) at a
load of 219N (the load at the time of the large pop-in). @xMetal-Substrate interfaces are
indicated by the dashed lines. The The von MisesstZ cross-section (graph) is indicated in the
plot, centered at the left cross-hatch, which iattis the point of maximum von Mises stress as a

function of the z direction (bottom)

A value of 10.5 GPa is calculated at the Cr/Mg@irifasice. Literature values for hardness
in thin films of Cr are in the 6 to 10 GPa rarige'®° quite close to the bulk hardness of
MgO at 9.2 GPa. The modulus of Cr, 248 GPa, is fkan the indentation modulus of
MgO, 295 GPa. In both the film and the substreta, Tabor relationship is used, the
simulated von Mises stress exceeds the yield stfetb®e material. However, because of
the extremely high electrical resistance in the Mg current is flowing only through
the metal film. If the substrate were to yield prio the film, the only electrical change
would be an increase in contact area, causingaaase in G. Since the opposite is seen,
it is likely that the metal has yielded, and na MgO substrate.

For the Al system, yield stress in free standimg films tested in tension have
been reported as high as 4 GPahile indented films ranging from 300 to 500 nnvéa
reported hardness values range from 3 to 6 P& Here, the hardness of the

substrate, 8.8 GPa is higher than the film valdéhe von Mises stress, figure 2.19,
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calculated at 33(IN shows a maximum von Mises stress of 5.76 GPaheatmetal
film/substrate interface. However, at the edgethefindenter/alumina interface, a value
of 5.33 GPa is found. As a ceramic under tensibars that are not accounted for in the

simulation, the alumina is likely to fracture prioryield.
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Figure 2.19.Computed von Mises stress via FilmDoctor for thesgstem (color) at a load of

33QuN (the load at the time failure for figure 2.13)Oxide-Metal-Substrate interfaces are
indicated by the dashed lines. The von Mises stresgoss-section (graph) is indicated in the
plot, centered at the left cross-hatch, which iattis the point of maximum von Mises stress as a

function of the z direction (bottom)

Additionally, these elasticity simulations assuntkat there are no frictional,
growth stresses, or surface roughness effects. Bwdji, Gerberich, and
Greenwoof 1% %have all shown, there is considerable stress corat®n near the
asperities, increasing the likelihood of plastiditythe asperities. Simulating asperity
contact with a “large indenter”, figure 2.20, wd2 nm asperity, of wavelength 100 nm,
at a load of 130N, shows a maximum von Mises stress of 11.9 GPa, the center of

the Al film, rapidly decaying in +z.
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Figure 2.20.Computed von Mises stress via FilmDoctor for a $atad “rough” Al system at a
load of 13@N (the load at the first load drop for figure 2.12)xide-Metal-Substrate interfaces
are indicated by the dashed lines. The maximumMcaes stress is within the metal film, but

values of 9.9 GPa are found in the oxide directigiar the indenter.

This load was chosen, as it is the load at firatldrop, signifying initial yield, for figure
2.12. The von Mises stress is 9.9 GPa directlyeuride indenter, in the oxide film.
From theG — 6 measurements, it can be seen that oxide fractdneod occur at 13@N.
From these simulations, it can be seen that latgesses do occur in the
substrates, with the possibility that some of #sdual plasticity occurs in the substrate.
Importantly, rough surfaces can change the strestgbdition, providing possible yield

points for the fracture of the oxide in the cas¢hefAl system.
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2.3.4. Radial stresses

However, even when taking into account the surfemgghness, the lack of
frictional effects at the indenter — film interfaceduces the tensile stress at the edges of
the contact, in turn reducing the shear stress ttearsurface. Using the “no-slip”
condition for indentation radius, in the regiono<r <a,'*” Spence has shown that the

maximum radial stress can be calculated as
o,(r=a)=1515 + 0.18)7p, Eq. 2.15

whereu is the constant coefficient of frictiopg is the contact pressure, ands a factor
that characterizes the differences in elastic @mtstbetween the indenter and substrate.
Here, with a factor of three difference in sheadoip using table 5.1 from Johnson,is
close to -0.242 Calculating the tensile stress at the edge ofttmeact for figure 2.19
gives a value of -2.56 GPa. The tensile streskeimed as being negative, keeping the
convention of positive compressive stresses irréseof the thesis. Using a very simple

fracture model,

K, :(1.12— f [%DM@ [N Eq. 2.16

film

with an edge crack of lengtha, ., =1 atomic uni(approximately 0.51 nm), and the
functionf of value 0.44, and a film thickness of 2.2 nmiagture toughness greater than
69 MPaOm*would be required to prevent fracture. This is ader of magnitude
greater than the room temperature fracture toughogsingle crystal sapphit€® It can
therefore be concluded thgtthe initial estimate of the crack length is likébp largeji)
that compressive stresses will prevent crack grdwth crack-closing mechanism under
these circumstances, aiigl that the fracture of the oxide under strong tensdnditions
is likely.

The previous, idealized simulations and calcuieido not take into account the
stresses which arise during the oxide growth. €xitypically have an intrinsic stress
related to formation by ion diffusion, and by caa#nt of thermal expansion mismatch

when the oxides are deposited at high temperatlitese stresses are maximum at the
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metal-metal oxide interface, due to epitaxy, atidofdat the metal oxide — air interface.
The simplest means of calculation of these streasedd be the metal to metal volume
ratio, (PBR for Pillings — Bedworth Rati}® For Al/Al,O;, this ratio is 1.28, and for
Cr/Cr,0O3 is 2.07. Assuming elasticity, the compressivessirin the oxide film can be
calculated as®

le__—li’;w[(PBR)l/3— | Eq. 2.17
where, E and v, have the usual meanings andis the factor for stress reduction
mechanisms. Not surprisingly, the factor ©f prohibits rigorous analysis of films.
However, typical values ab are on the order of 0.10. If this value is theed) the
compressive stress in the CrfOg system would be 4.9 GPa and 1.5 GPa for the Al

system. Modifying the metal oxide fracture reswit€Eq. 2.16 for the Al system, with
this stress gives a theoretical fracture toughmésg8 MPadni?, still not possible to
achieve for this system. These stresses, 4.9GP#hdoCr and 1.5GPa for the Al, are

likely to exceed the strength of the material, htalw point the elasticity model would no

longer apply.
2.4. Plastically constrained aluminum films
2.4.1. Experimental considerations

Silicon, with a modulus of ~160 GPa and hardnésgpproximately 12 GPa, does
not provide an ideal substrate for constraininglodations. To further constrain
dislocation plasticity in the aluminum films, anpapximately 90 nm layer of primarily
amorphous §Ny was deposited on Si (100) substrates by low pressiemical vapor
deposition (LP CVD). Aluminum was then depositeg RF sputtering, in the conditions
given in 82.3.1. Here, the oxide was grown bygtesence of pure oxygen at 500 Torr at
ambient temperature. Again the films showed a clattparameter, determined by
WAXRD, of 4.05 + 0.01 A, essentially relaxed. Féraf thickness 13, 43, 70, 110, 210,

and 300 nm Al thickness were grown.
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To understand the effects of theNg¥SiO,/Si substrate system on the mechanical
measurements, a hardness and modulus depth puaoffikhe substrate system was
performed with a Berkovich tip, and data analyzéthhe Oliver and Pharr analysis.
Like otherst'! a near surface Young's modulus of approximatel§ BPa was found,
rising to 150 GPa for contact depths approachieditim thickness, and the near surface
hardness was 21+4 GPa. Therefore, the substratensyshould be elastically less
constrained than the prior Al on Si sample, butgbssibility of plastic deformation in
the substrate is significantly reduced, i.e. ptadly constrained.

AFM was then used to further characterize theasgrfoughness and grain size of
the films. Grain size, as expected, increased With thickness, from 63 nm, figure
2.21(a) at a film thickness of 13 nm, to 215 nmtfa 300 nm thick film,, figure 2.21(b).

82.1 nm
75.0

70.0
65.0
60.0
55.0
| 50.0
| 450
40.0
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Figure 2.21.(a)A 2um x 2um repulsive non-contact SPM scan, afih3AI205/Al/SixN,/SiO,/Si
multilayer film, with rms roughness of 2.08 nm, agéin size of 63 nm(b) Identically sized
scan for the 300 nm multilayer film, value for rmmighness and grain size are 10.56 and 215

nm, respectively. Scans courtesy of Palak Ambwani.

Indents were performed with the carbide tips dbsdrin §2.2.4, initially using
the same technique of spaced indents, with 10 [acirsgp. However, for the carbide tips,
the indent-to-indent variation was found to be daelemt on prior indentation. This
indicates that the measurement ability of the umgnt degrades with each indent. This
is likely an issue with contamination, perhaps acten between the fresh Al metal and
the carbide tip. For a series of three LC indéota maximum load of 1QMN, with tip
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cleaning prior to the first indent, the maximum@rdecreases, antlat fracture increases

with each indent, figure 2.22(a,b,c).
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Figure 2.22.(a): G — time for the first 100N indent into the 70 nm AI203/Al/N,/SiO,/Si
multilayer film after tip cleaning using a cube ger indenter. Indentation was performed with a
10 s load segment followed by a 20 s hold and tiilsading segment. The applied bias was
switched off and on during the hold segments terdgihe quality of the contact. Cleaning was
initially done by ultrasonication in deionized watkut was later switched to gentle swiping with
a cotton swab wet with acetor®) second indent, same conditions as (a), but nonediate
cleaning(c) third indent, same conditions as (b). Due to ¢batamination of the tip from

previous indents; decreases for (b) and (c).

Due to this contamination issue, the tip needebleteleaned after each indent, and then
subsequently tested on the Pt reference sample.biéls for these tips was reduced to 10
mV from the 300 mV bias used in the boron dopesd.tig sharper tip also means less

contact area. Unfortunately, the side effect aftcwally operating the piezo to come
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into contact with the sample is increased thermift, énaking the load — displacement

profiles less well developed and possibly affectimg accuracy of the measurement.

2.4.2. Effects of plastic constraint on fracture irAl thin film system

The design of experiments was to vary the Al theds to observe the relative
effect of the plastic constraint on oxide fractute.the case of the 43 nm thick plastically
constrained film, measured as the Al thicknesstiglid¢y is observed at very low load and
depths, figure 2.23 (top left), where 3 nm of residplasticity remains after indentation
to less than 8 nm. However, the oxide startedatioohly at indentation depths 83% of
the film thickness using the zero current crossiaghe breakthrough criteria, figure 2.23
(bottom right). The previously mentioned work ftion difference causes a contact
potential in the tip — oxide contact, which resuftsa negative measured current for low
bias voltages. However, when the carbide comes dotdact with the Al metal, the
current is positive, therefore the zero crossingesu is used as the breakthrough criteria.

The indentation stress at failure is on the ordel.® GPa. The conductance at failure is

still quite low, with a maximum conductance of oy 10'°Q™, increasing smoothly
on loading and decreasing smoothly again on untogadi
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Figure 2.23. A series of indents from 50 to 3Q®l on the 43 Al multilayer system. The tip was
cleaned and tested on Pt prior to each indivichdémt. The onset of conductance is seen only in
the highest loads, at a depth of 83% of the filickiess. The load-depth variation is due to
surface effects on the Berkovich indenter. Thisaten in topography could possibly play a part

in the breakthrough characteristics.

Again, pop-in events are seen, especially evidethie case of the 200l indent
(lower left figure 2.23). Typically, this would lescribed as fracture of the oxidébut
here that is obviously not the case. Similar itdeons were performed on films of
thickness 13, 70,110, and 300 nm. To determinet afiact the film thickness had on
constraining oxide fracture, the mean failure dejotha variety of 50, 100, 200, and
300uN indents for all film thicknesses, 13, 43, 70, 12Q0, and 300 nm was plotted,
figure 2.24.

59



50

__ 40
= .
=
L 30- . .
?
5 I
Ze)
20
1M+
0 50 100 150 200 250 300
t [nm]
im

Figure 2.24.The depth of oxide failure, where failure is caesed to be the onset of positive
conductance, for all six film thicknesses, for L@iénts from 50 to 3QIN. The large scatter

bands may be due to asperity (surface roughndestsfbut occur at all loads.

The failure criterion suggests that, regardlesglastic constraint in the film system, that
the failure depth of penetration was approximatelgstant. There is significant scatter
in the data, both in the measured depth at a dovah and failure depth, possibly due to
surface roughness effects or thermal drift durimdentation.

In all likelihood, the athermal stress criterijeddor failure here represents only
part of the process. Venkataraman found that the® a significant thermal/statistical
component in the failure of thicker oxide fili$. For the thin oxide films under
investigation, observation of failure under a vigrief conditions, including at pop-in
events, during the hold segment, and during theadhg process point to a thermal
component in the process. Loading rate experimewse performed, but are
inconclusive due to the large scatter in data. &wespter 6, future work, for more
information.
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Summary

Here, the ECR instrumentation gives insight irite targely elastic deformation
of a thin native oxide on thin Cr and Al metal fim This method utilizesn situ
electrical measurements to determine mechanicaiggsaof metal thin films during
nanoindentation. The relatively large current mead at initial loading in the Cr films
may indicate an alternate means of electron cormmucther than tunneling. This could
include pinhole effects, and the presence of met&tO,. The initial thickness was
measured by fit to GIXR, and has been verified bgudar resolved XPS. From a first-
order calculation of elastic compression in mwee it has been shown that the
hardness of the Cr metal is exceeded prior to okieture. Additionally, a transient
decrease in conductance is likely due to an ineréagdislocation density. This is in
contrast to the fracture of the alumina film, shogvia dramatic rise i as the oxide
fractures. These disparate findings on the regsoatnatural oxide films under contact

are being used to investigate oxide film integaibd subsurface plasticity.
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Chapter 3.1n Situ Indentation Imaging; Transmission Electron Microscqy
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3.1. Introduction to in situ TEM indentation

As seen in chapters 1 and 2, nanomechanical dgediyn instrumentated
indentation testing (IIT) has become a common teglen for the measurement of
mechanical properties of nano- and mesoscale vaumbe methods of chapter 2
include the use oin situ conductance measurements to determine yieldingpt€h&
begins a focus om situ transmission electron microscopy indentation; ¢iais be seen in
figure 3.1, where a pillar under indentation candieerved by a number of beam
methods. This is in contrast &x situobservations of residual indentation impressions,
again by an array of available methods. Here, beevations of the sample are made by

electrons in the transmission mode.

weaq Juspioul

paniwsuel)

3.1. Schematic of cantilever under observation usibgam of photons, electrons, or neutrons to

interact with the specimens, which are then sulestyudetected.

The limitations ofin situ TEM IIT include constraints on instrumentationmgde
size, sample preparation, and increased difficaftynalysis. The sample requirements
will be discussed in detail, as well as a reviewcafrent best practices for sample
mounting and preparation. A short section on ims@utation requirements is followed
by another on TEM image analysis, with a list cfo@rces, which should be treated only
as a very basic introduction to the subject. Thrtditions on the physical instrumentation
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113 and therefore will not be further discussed.

were succinctly summarized in Mar&sal,
The advantages of using situ TEM [IT compared toex situ methods will then be

discussed.
3.2. Historical background

In situ instrumentated indentation (IIT) experiments ire thcanning electron
microscope (SEM) by Gane and Bowden showed thatsl@s low as N could be
applied. Simultaneously, information crucial to ergtanding the deformation (depth of
penetration, and contact radius) can be obsemdhllow up work by Gane included the
first use of contact probes inside a transmissitect®n microscope (TEM)
Developments in the field of scanning tunneling noscopy (STM) led toin situ
experiments regarding the role of mechanical castacconductancg® ' The use of
actuated piezo-driven diamond indenters at theddatiCenter for Electron Microscopy
(NCEM) led to the rapid development of the techeitfi*?* Replacing the piezo drive
with a depth-sensing transducer and displacementraiofeedback® has increased
sensitivity, while the continued device miniatutisa and commercialization allows
experiments to be run almost routinely in the TEM.

3.3. Sample constraints

The major constraint on samples is size. As thamige of this technique is to
probe mechanics at the nanoscale, this constraimtentioned only because samples
must then be prepared as acceptable TEM specinbisrequires that the samples be
electron transparent, that the sample and mounitfiin the confines of the microscope
pole piece, that the path to the beam is not biddkespecimen mounting or the indenter
tip, and that a suitably stiff substrate is useddofine the deformation to the sample.

As the atomic mass of a sampk,increases, the thickness of the sample must
decrease to maintain electron transparency. Fonialum in a 100kV microscope the

maximum thickness for transmission is approximafiglyn, while a gold sample in the
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same microscope necessitates a sample thicknésssahan 100 nrif? These thickness
maxima are only for electron transparency. For dbservation and determination of
specific deformation mechanisms, such as slip ptanteBurgers vector in the TEM, the
best sample is often the thinnest sampldncreasing the accelerating voltage of the
microscope will allow for an increase in the speamnthickness, but can also result in the
beam damaging the specimém.***

The specimen and indenter probe must also bet@alolein electrical charge, or a
build-up of static charge will cause the beam &.dfor non-conducting specimens, this
is remedied by coating the sample with a very ffiinio 2 nm) layer of amorphous
carbon. Any breaks in the circuit, such as a nodaotive bonding layer, can be fixed by
the use of carbon paint.

Typically, the indenter is placed to indent petienlar to the direction of the
beam, parallel to the direction of the holder. As z-axis has historically been taken as
the axis of indentation, and to avoid confusior, bleam axis of the microscope shall be
referred to as the y-axis. Therefore, both theran@verse) axis and the z (indentation)
axis lie perpendicular to the beam.

Several of the classic TEM specimen preparatiahrigues have been used
successfully, such as tripod polishitfg, **°jet polishing and focused ion beam (FIB)
polishing!?” '?® These, and additional techniques, are further am@tl in several
texts'?> 2 However, all traditional methods require some &atign for attaching the
sample to a holder/mounting so as to have surfasedable for compression. For
example, a traditional wedge polished specimeypially placed on a TEM ring, and is
supported only by bonding agent, shown in figur2(&. For indentation, the same
specimen must be bonded such that the ring doestedfere with the indenter, and that

the sample load frame remains stiff, as in figu&13.
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0.5 mm T G 0.5 mm

3.2.(a) Image of TEM FEI mount “half-ring” with tripod pished olivine sample discussed in
chapter 6 mounted. Here, bonding agent was M-Bis)dmage of FEI mount “half-ring” style

sample mounted to chair. Sample is a (111) silmdrstrate with vapor-liquid solid grown silicon
towers courtesy of Krylyuk and Davydov at NIST,alissed further in chapter 4. Crystal bond

was used to adhere half-ring to sample mount.

The use of a jet-milled single crystal Ni samplebsequently attached to a brass
substrate, is detailed in the supplementary méaseng™>° where the sample is then
further milled using FIB. For any type of thinnind,the aspect ratio of the thinned
section sample is too large, such as the FIB milledpecimen discussed 1A’ elastic
bending of the crystal may result. The consequenté&nding will be discussed in the
final section on image analysis. The use of the tlBrepare specimens has become
common forin situ experiment$3**3* However, the FIB creates a thin damage layer,
which can change the mechanical behavior of thenteserial**> ***The use of the FIB
for sample preparation should be used with somgarau

Two unique specimen mounting techniques that fgatiee requirements listed
above are the use of wet etched silicon wedgeflateand the use of sharp wedges.
Using lithography and etch techniques developedVi@MS systems?’ many wedges
can be produced on (100) single crystal Si wafees€ wedges extend in the z-direction,

and have a flat plateau, on the orderhlin length (Figure 3.3a,b).
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3.3.(a) Low magnification SEM micrograph of a silicon wedpglateau etched from a silicon
wafer using photolithography. Hundreds of such geeflateaus can be produced from a single
wafer. The large bars on the “H-shape” aid in @dtadignment of the plateau, which makes up
the center line in the “H". Image courtesy of Hyait, Inc. (b) Higher magnification SEM
micrograph of a plateau which is i is width. Image courtesy of Hysitron, In€c) Cartoon
representation of a sapphire wedge, with beam tiredndicated. The indenter would be
approaching from —z direction to compress the shagainst the substratd) SEM of wedge
sample, showing (111) Si pillars that have fallenwell as white dots where pillars are upright.
Pillar samples are courtesy of Swiss Laboratowedvfechanics of Materials and Nanostructures
(EMPA), in Thun, Switzerland. Wedge shown is acsifi substrate used for growing the pillars.
A sapphire wedge would provide a less complianssate material, ideal for studying stiffer

materials.

Thin films, such as Al if?® *® Al-Mg alloys* or nanoporous At° can then be
grown, processed, imaged, and indented on theseapk Additionally the mechanical
properties of the Si wedges can also be te$tel major advantage of the wedge plateau
technigue is that many experiments can be perforatedg the length of the wedge,

allowing statistical generation of properties, aftt many polycrystalline films a
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variation in grain orientation with respect to theam. When testing along plateaus,
experimenters should be aware that the lack oftc@ing in the y direction can affect the
measured mechanical properttésAdditionally, there is a well-known substrate effen
indentation:®> 1> 1% Although the effects of the substrate will afféndentation
measurements the goal is, as much as possiblestiact the deformation to that of the
material under test. This requires a high modulgk/hardness substrate. For example, a
problem was encountered fiff, where the increased hardness of silicon nanofestic
compared to bulk single crystal plastically deforthe silicon plateau substrate when
compressed by the diamond indenter. To avoid thatsilicon is replaced by a sapphire
wedge, which is sharp in the x-y plane (to avoid Hubstrate shadowing the beam)
(Figure. 3.3c, d).

It should be noted that any material used in t@p@e preparation should be
vacuum compatible for UHV, or it will contaminateetmicroscope. After mounting, it is
a good practice to insert the mounted specimenhaidkr in a plasma cleaner, or hold

under vacuum to pump off any contamination.

3.4. Instrument constraints

A typical in situ indenter has coarse and fine positioning to bitimg tip into
contact with the sample at the desired positiothéncase of the instrument, figure 3.4, a
mechanical course positioning system utilizing tbumacrews allows for gross
adjustments and alignments. The fine positionirgiesy is actuated by a 3-dimensional
piezo system with stepped movements to provide Ilmoitro- and nanometer level

positioning.
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(i) (i) (i) (v)
Figure 3.4. A photograph of the Hysitron P-95 PicolndenterxisAindicate x and —z direction,
whereas the beam (+y) direction is coincident with viewers perspective. Labels indicate
relevant parts of the system; (i) sample moun}, ifidenter tip, (iii) transducer (hidden by

shielding), (iv) piezo manipulator (hidden by sHialy), and (v) course mechanical manipulators
for x and z movement. The y manipulator is hidftem view.

Operation in vacuum places additional demands hen ttansducer. Using a
harmonic solution, the tip can be modeled as beamped by the capacitive platé8.
The tip damping is then separated from the dampnogided by the material when in
contact to measure properties of the material. Hewefor ex situindentation, the
presence of air also provides significant dampirgprevent parasitic oscillation, which
is enhanced by vacuum, a high-bandwidth transdudttr a high mechanical quality
factor must be used?

3.5. Microscope/Indenter operation

Once the sample and holder have been insertedtlietanicroscope, and the
microscope is operational, a coarse examinatiorthef sample at low magnification
(typically 2500x) with a parallel beam is used itedfthe area of interest. This area of
interest is brought into eucentric focus, and theroscope is aligned according to
manufacturer recommendations. The tip is broughtith the coarse positioning system,
while keeping the tip in view to avoid crashing thte into the specimen. The x-z

positioning while viewing in 2-D is relatively easlo bring the tip to the sample in the y
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direction, use the defocus to alternately focustle@ sample and tip, using fin

adjustments until the tip and sample are bothéretincentric focus plane, figure 3

-

Figure 3.5. A video screen capture taken during compressiaa @f11) Si pillar approximate
170 nm in diameter. Both the pillar and the tip & focus, so compression should occur on
with the pillar.

Obtaining useful images in the TEM ta practice. There are two prima
contrast mechanisms, m-thickness and diffraction contrast, and two primamaging
conditions, bright field, BF, where the incidentbeis used for imaging, and dark fie
DF, where a diffracted beam is used. Masskness contrast is caused by incree
scattering from heavier atoms, and/or thicker sasigh this way it is possible to ima
large gradients in atomic concentration, or vaoiadiin thickness. Although all samp
will have mass thickness contrast is not really useful here. As indentation i
deformation technique, the emphasis is on the intagf crystal defects. Defects cat
diffraction, and therefore the contrast mechanisrmi@rest here is diffraction contra
Setting up a strong diffreéion condition is a requirement for contrast in itmage

It is recommended to use convergent beam eleciffsaddion, aligning to a zon
axis, and then tilting to obtain a t-beam condition. The best t-beam conditions are
obtained by using tilts iboth o (rotation around z) anfl (rotation around x). Howeve
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due to restrictions on sample movement, it is oftéficult to tilt in B, although external
B tilt control has been reporté®! A more thorough procedure can be found as a
multimedia presentatiotf’ as well as in introductory text$> 148

The use of computerized stages allows the set fupnadtiple two-beam
conditions, which can then be switched to obtam ltlest contrast. In addition to two-
beam imaging, the direct beam can be excluded aliifracted beam can be selected for
dark field imaging. DF can highlight grain growthdagrain orientation i situ lIT, *3
149 as well as to highlight dislocation activity. Asr@minder, it is critical to record the
diffraction pattern, and which spots were usediiaio the image, in order to understand
the scattering conditions in the sample.

While not strictly necessarin situ TEM indentation is aided by the addition of a
video capture system, which can then be linkedetdd time data during indentation.
Direct correlation is one of the distinct advanta@é in situ indentation; however, in
some cases the use of a more standard image captieen allows for higher resolution
images. The video capture system used for the empets in this thesis runs at NTSC
standard (29.97 frames per second / 720 x 480ut®0), using a usb TV capture card.
An additional device links the control computer tbe video capture, allowing

simultaneous output of load-displacement dataishi@ine locked to the video images.

3.6. Analysis

In analyzingin situ TEM micrographs and videos, it is important to rember
how the image was formed (by interaction of electravith the sample). This is the
reason that all images should be associated withiffeaction pattern. Aside from

introductory textg?3 148

an excellent text for understanding how defectsamples form
images and how to identify them is Head, €PAlSome further illustrations are given in
chapter 4.

The observation of defects can be obscured by Isdo@nding, as was mentioned
in the section on sample preparation. This bendfrtbe crystal planes causes diffraction

and interference patterns that are then observedrdgast, figure 3.6, where large aspect
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ratio Si pillars can be seen bending in a videm&aluringin situ compression with IIT.
This elastic bending contrast can be mistaken dscte if the user is not carefi
However an accumulation of defects can also caesmanent bending cthe crystal.

This will be further discussed in chapter 4, deglvith dislocation velocitie

010 1.

Figure 3.6. A video screen capture taken during compressiaa (@f11) Si pillar approximate
120 nm in diameter. The large aspect ratio anghtjyi misalgned indenter result in lar

bending. This pillar fractured soon after this irmaBend contours are visible as dark regi
It should also be noted that, much like Schroditsgeat, the act of viewing can and dc
change the object of viewing. Inis case the effect of the beam on the sample

increase dislocation velocities, and enhance nticle™ The beam effect must |

considered when doirin situanalysis.
3.7. Advantages over conventional indentatic

In situ IIT has four particular advantas over conventional IIT. The first, ai

most compelling advantage gained is the uniquelmsnto deformation mechanisn
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such as plasticity, phase change, and grain ratalibis is the reason that many users
find it necessary to perform situllT experiments.

In addition to this primary advantage, the auttfeed that three other advantages
for testing nanostructures stand out;
1. Requirement of an area function for the indenére Oliver-Pharr area function
is presented as a logical solution to the requiregnie an area function for traditional
nanoindentatioA? However, with the ability to use either a flat pbrin the compression
of pillars or spheres, and an axis symmetric inglemt the indentation of films to low
contact depths, the projected and contact diameterde directly measured to within a
precision of a few nanometers.
2. The ability to position the indenter over the exgmécimen locatiariWhile many
commercially available systems have a scanningifeatmage, where the tip (or an AFM
attachment) can raster the surface to find an swéable for indentation, this is not a
good option when using a flat punch indenter. Scanis also problematic when a
sample contains high aspect ratio features whieheasily damaged. Additionally, a
sample of nanoparticles, weakly adhered by vanVdaals forces may slide across the
substrate. Imaging features also allow an ideuwtiioey of pre-existing defect structures,
and defective features can then be passed over.
3. Direct correlation of the force-displacement daté@hwthe TEM video image
Minor et al. demonstrated that irreversible damégehe sample may occur under
stresses that are near the force detection linhitiseon situ indentation device (<200nN).
Here, figure 3.7, small asperity contact was vesiioh the microscope, resulting in
dislocations being nucleated and gliding in the garr?
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Figure 3.7. Load displacement data showing very small indiceti that contact has been

initiated. Dislocations were obvious in the videizmgraphs. Adapted from Minor, et’af.

This occurred prior to the establishment of a largmulsive contact during the test. This
phenomenon would have been lost in traditional bidt, can be captured and understood

guantitatively here.
3.8. Summary

By coupling the high resolution imaging capalekti of the TEM with the
guantitative force-displacement data provided ibysitu TEM nanomechanical test
instrumentation, insight into material deformatigmocesses occurring during the
indentation test can be resolved. The availabaftyser friendly and commercial devices
avoids the complexities of instrument design far tiser, who can now routinely perform

experiments that are not possible with standarsitexdIT instrumentation.
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Chapter 4. Plasticity in nanoscale silicon
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4.1. Introduction: Dislocation dynamics in high tenperature silicon

Dislocations play an important role in determinthg electrical and mechanical
properties of crystalline silicon. Recent findinmggarding room temperature plasticity in
silicon will play a key role in how MEMS, NEMS, ssars, and microelectronic systems
are designed for reliability. For example, nextvgeation bipolar devices using silicon
nanowires as building blocks require stable electrical properties. Howevehais been
shown that the |-V characteristic of these “wiresheavily influenced by the presence of
dislocations>***® zakhorov, et al, found that, by increasing thefatiation density by an
order of magnitude, the bias voltage for a 10 pArent decreased by an order of
magnitude’™>® For devices to function properly, it is necess&wyunderstand their
electrical characteristicas implementedn the device including variation in defect
densities.

Materials science and engineering textbooks géwenaat broad classes of
materials with properties that are appropriatelyhrmexted to their bonding type.
Ceramics and many semiconductors, with ionic andalemt bonding, are generally
described as brittle but with high hardness. Mgetal their pure state with metallic
bonding, and polymers with covalent bonding and dan Waals forces have high
ductility and toughness but low hardness. Theedgffices in ductility and toughness are
generally attributed to the relative mobility ofsttications in the crystalline materials.
Ease of dislocation motion in metals is due towa Reierls (energy) barrier for moving

the dislocation from one lattice row, to the nextx,, figure 4.1.
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Figure 4.1. The energy barrier, K, approximated by a sinuddiglaction can be overcome by a
combination of thermal and mechanical energy ondikkcation, allowing it to move through
the crystal. Adapted from Hull and BacBh.

From figure 4.1, it can be seen that dislocatioils more easily overcome this barrier
with either an increase in thermal energy or insedastress. By plotting the velocity at a
given stress to the inverse temperature, figurewl2ch have an Arrhenius relation, the
energy barrier can be determined. For silicoreatperatures varying from 900 to 1100
K,*® this energy is 2.2 eV, whereas for metals, ityjsdally on the order of 0.1 to 0.8
eV.*® While, for a variety ceramics and semiconductdese barriers, measured at
elevated temperatures, are found to be 1.0 to 2.%#% For any thermally activated
mechanism, including dislocation motion, this irage represents orders of magnitude
decrease in the velocity, represented in figure 4lBe thermal process determines the

ductile to brittle transition temperature (DBTTglbw which materials become brittle.
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from figure 4.1, measured by X-ray tomography ighhpurity single crystal silicon at high
temperatures. Adapted from Imai and Suntitio.

For many metals, this DBTT is below room tempematurhile for most ceramics, the
DBTT is several hundred °C, or larger. Hence, thiétg of dislocations to act in crack-
tip shieldindg®® **or blunting®® to reduce the propensity of unstable cracking, thng
increase toughness, is large in metals and allogmpared to ceramics and
semiconductors at room temperature. The DBTT,gngated by four-point bend after
precracking with Vickers indentation in single dalssilicon, figure 4.3, reveals a sharp
transition between brittle failure, indicated bwdture without presence of dislocations
(4.3 left inset), and ductile behavior at 540°C evéhthere is a relatively high dislocation
density (4.3 right inset).
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Figure 4.3. Stress, applied by four-point bend after pre-draghkvith Vickers indentation, on
single crystal silicon at increasing temperatutesas a sharp transition, in both terms of applied

stress at failure, and post-deformation morpholojgtapted from Samuels and Robéffs.

4.1.1. Defining dislocations in silicon

Prior to understanding the mechanisms of duc#fmnation, it is important to
outline the structure and likely types of dislooa8. At standard temperature and
pressure, silicon has the diamond cubic (DC) stnectas does diamond. The DC

structure is an interpenetrating face-centeredcc(lBCC) lattice with a two atom basis.
This second set of atoms is offset from the fih;t,%[ll:l] wherec is the unit cell
width. The stacking pattern of the DC is typicaliven the notation,AaBSCy,

compared to the ABC stacking of FCC. Again, liked-dislocations in the DC are
typically found on the{ll]} plane, with a direction 0{011>, however they can appear as

dislocations on the equivalegtB or B stacking, figure 4.3. Respectively, these are the

glide and shuffle set§®
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Figure 4.4. A projection of the diamond cubic structure on (hé_o) plane, showing stacking

sequence, the shuffle, and the glide planes. Adapom Hale"®® Hull**® and Wang, et at®’

Dislocations on the glide plane are usually dieit60° or screw character, where
60° indicates the angle between the Burger's veetawd the line direction of the
dislocation,u. There is an energetic competition between thee sets of dislocations,
with the glide set perhaps being preferred in bhigh temperature sampl&8; 168 169
The glide set also allows dissociation into partigglocations, where the dislocation
energy, proportional tb%, can be reduced by the splitting of the dislocatitio partials.
This is governed by the Frank critettd,and may be preferred under high pressure

compression’®*"2 Dislocations as prismatic loops can also be forfnepunching out a

dislocation in the[ll]] direction, and must also be considered. These lagpsften seen

near oxygenated defects in single crystal silicmwy by the Czochralski methdé
Calculating the Schmid factor for compressiorhie[t111] direction using
m=Ccosy cos : Eqg. 4.1

assuming{111}<0_13> slip gives a value of 0.272. It should be noteat the dislocation

movement, here at low temperatures, is governethéyglide (Peierls barrier) process
not the climb process, which requires the diffusodrvacancies to the dislocation. This

diffusive process is applicable only to higher tengures.
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With the high Peierls energy in covalent materitile movement of dislocations

is hindered. The low energy configuration areightadislocations in the{011> in the

{11]} glide plane. When available energy for movemsrniroduced, either as thermal

energy or applied stress, figure 4.1, a small segro€the dislocation line can move
forward one atomic step, to the next low energyeyal However, this segment is
connected to the rest of the dislocation line bylsmegments not in the low energy
configuration. These connecting segments areccdileks, and are elastically strained.
In a bulk sample, where the dislocation line muestcbntinuous, these kinks must occur
in pairs, and therefore the energy to move a digioo forward requires the formation of
two kinks. However, in materials with large sudaarea to volume, where the
dislocation can thread to the amorphous boundaryhef oxide layer, single kink
formation is possibl&’* "> This is important, as the energy required foigksirkink
formation is less than that for the double kink heeasm.

It should be stated that there is significant omrérsy over the preferred
dislocation, glide or shuffle, in silicon. Both dws have been observed at varying
conditions of temperature and presstife!’®*"% 176 177 |deally, knowing the dislocation

type would add evidence to the correct theory.
4.2. A ductile to brittle size transition?

Recently, there has been an abundance of literabyrthe Gerberich grotiy 1®
180 and other$®*®3who have found an exception to the brittleness foil single crystal

silicon nano-scale spher&8; 1wires! 182and pillars-** 18 18 Sych evaluations have

included both tension and compression(inl) and (100) orientated wires and pillars,

and random orientations for spheres. Large ineseasductility and fracture toughness
have been reportdd® *®* The fact that the above increases were measiiresom
temperature is significant since the DBTT has deapp50° compared to bulk silicoff:
184,185 Theoretically, this can be explained by the singhk barrier, mentioned above.
Additionally, for dislocations which have split (mpartials, the leading partial has been

shown to move at higher velocities than the trgilpartial’®® For small length scales,
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with dislocations which may thread to the surfatere may no need for the trailing

partial to move, in turn enhancing the dislocatretocity.

4.3. Silicon nanopillars

Nanopillars of silicon, grown under two processiognditions were tested,
primarily under “open-loop” (no feedback) contralthein situ instrument described in
chapter 3. The first sets of nanopillars to beéetksvere through collaboration with Dr.
V. Sivakov, Max Planck Institute of Microstructupdysics, Germany, and Drs. B. Mook
and J. Michler, Laboratory of Mechanics of Matesiand Microstructures (EMPA),
Swiss Laboratories for Material Testing and RedgaBwitzerland. These pillars were
typically 200-300 nm in diameter, with a typicalpast ratio of 3 or 4:1, figure 4.5.
These pillars were grown by a vapor-liquid-solidL@) mechanism®’ Here, a thin film
of Au is deposited on a silicon substrate and dedeahereupon Au droplets coalesce
from the film. Then a Si vapor source is introdiicen this case by electron beam
evaporation (EBE), above the Au-Si eutectic temijpeea(373°C). The Si vapor diffuses

through the Au droplet to the underlying Si sulistrgrecipitates and grows as a single

crystal in the preferred crystal direction (he[e_llj). These pillars contain a

considerable amount of Au doping within the pilfegar the surface, as determined by
aberration corrected scanning transmission elegtrmnoscopy (STEM) can be as high
of 107° cm®.¥ A more typical value, measured by atom probe gnaohy, is on the
order of 18° cm®!®® However, the exact concentration is related to ghecessing
temperature (eutectic growth), which affects theceical and mechanical properties.
Additionally, shoulders appear on several pillanslicative of Ostwald ripening of the
Au during the VLS growth.
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Figure 4.5.(a)Bright field TEM micrograph of a typical EBE-VLS@vn nanopillar, inset; the

corresponding diffraction patter(b) Higher magnification of the same pillar, Au dopaah be
seen as black dots.

In addition to the EBE grown pillars, chemical vapmleposition (CVD) pillars
grown by Dr. Sergei Krylyuk of Dr. Albert Davydov'group at NIST Metallurgy,
Maryland) were tested, figure 4.6.
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=

o
Figure 4.6.(a)Bright field TEM micrograph of a typical CVD-VLSrgwn nanopillar, inset; the

corresponding diffraction patter(h) Higher magnification of the same pillar, showinded.
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Here, 100 nm Au nanoparticles were used as thwtroatalyst in these pillars.
as opposed to the previous annealed Au film. Gas&o in the form of SiGlgas was
combined with Hand N at 600 torr. p-Si(111) substrates were funcliaed by poly-
L-lysine. A deposition temperature of 850°C gavgrawth rate of 200 nm/min. To
prevent post-growth diffusion of the Au cataly$ie samples were force cooled at 550°C
by transference to the reactor cold zone. Thdkegifigure 4.6(a), had a slightly larger
variation in diameter (100 to 200 nm), with lengtfs600 nm to 1.3um, giving aspect
ratios as high as 10:1. These pillars did not avecaps as tested, the Au having been
etched off using a diluted HF (1:10) rinse, follalvéy deionized water, and a
commercial K/l etchant (Transene, TFA). This @tghprocess primarily replaces the
Au solute near the surface with vacancies, whitaaeing the Au cap. To clarify the
type of pillar being discussed, they will be reéetby growth technique. The first group
of pillars will be referred to as EBE, and the NIgillars as CVD, in reference to growth

technique.

4.4. Compression of silicon pillars

The EBE samples were tested, using the tip-samipjenaent procedure of
chapter 3, using an open-loop (no feedback) canditilnitially, compression to a max
load of 250N during a 10 s loading period wasedted, figure 4.7. This flattened the
Au cap, which showed several discrete displacerhardgts (pop-ins). Due to the no-
feedback condition, the target max load was natlred. Here, even though the pillar is
seen to be elastically compressed, the modulusoading is obscured because of the

yielding of the Au cap.
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Figure 4.7. (a) Typical load — time plot for the EBE pillars, load and unloading segments of
10s, with no hold(b) Load — depth for the same indent, showing disalesfelacement bursts as
the Au cap is compresse@) Video screen capture of the 200 nm pillar, apprately 620 nm

in length, immediately prior to first compressicand (d) immediately prior to the second

compression, where the Au cap has stuck to thentede
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4.4.1. Young’s Modulus for both sets of pillars

Assuming the Au cap to have no reverse plastititg, Young’s modulus was
measured on unloading. The elastic modulus fopilers was determined from,
Ao,

E=—m Eqg. 4.2
Agtrue q
whereAog, . is the true stress,
AT, =E(1+éj , Eq. 4.3
A L
and A¢, . is the true strain

true
A =In (1+€j . Eq. 4.4

For the 200 nm diameter pillar, figure 4.7, witd:a aspect ratio, the modulus was to be

107 GPa, approximately 50 GPa less than bulk Shén[11]]. This pillar could be

loaded repeatedly, allowing an accumulation of mesments. Repeat compressions of
several of the EBE pillars, of diameters 180 to 289 show no relationship between
pillar diameter and modulus, and have values o#181GPa.

However, this method involves several major assiomg. First, the substrate is
assumed to be a rigid platen. The second is kel cap does not contribute to the
elastic deformation, and third, that there is nadaeg. For the first assumption, it is
understood that the compliance in the substrate coantribute to the overall elastic
deformation. Therefore, it is more appropriateise the true stress and true strain with
the Sneddon correction for micropillar compressiahere the compliance in the

substrate is calculated as a flat punch indentinglastic half-spacg® ***
c = x/l_T(l—vz)
sub — ZESUb\/Xp

from which the stiffness of the systeB),can then be separated from the stiffness of the

piIIar, Spillar, by,

Eq. 4.5
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S, = T Eq. 4.6

As the projected area of the base of the pilgris four times larger due to the presence
of a growth fillet, the compliance of the substrates observed to have a negligible effect
in these pillars, as was also found by Greer, &talt is worth mentioning again that

true stress and true strain were measured durilogding, as the indents were primarily

elastic except for the initial contact region oadng.
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Figure 4.8. Three consecutive indents on a 200 nm tower, figuréc,d), show that after the Au
cap is compressed, that both the true stress-traén sare nearly identical on loading and
unloading. The slope of the true stress-truerstiai green, can then be used to compute the
modulus. The low modulus is likely due to a conalion of elasticity in the Au cap and bending

effects.

An average modulus of 121 GPa would be a low vf:dueélll) silicon, requiring

investigation of the second and third assumptiol¢hile the stiffness fits, as seen in

figure 4.8, appear straight, there is indeed sovigeace of bending as can be seen in the

video capture of the indentation, discussed lateor stiffness measurements, where the

displacement is typically 50 nm, even a 5 or 10dafhection would influence the results.
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Additionally, the presence of the Au cap is troogli A simple calculation, using a
reduced modulus for uniaxial compression, for 168a&i and 80 GPa Au, gives a value
of 53 GPa.

The CVD pillars have much larger aspect ratios, lwerefore showed bending in
most load — depth curves. However, these pillaithout a Au cap, give values of 129 +
31 GPa. Therefore, while the effect of substratmmiance is negligible, and effect of
the Au cap must be considered, it is likely that piilar flexure most affects the modulus

measurements.
4.4.2. Bending in pillars

During the calculations of the modulus in 84.4nkasurements in which bending
was observed in the shape of the pillar, or wheeeihdenter slid on the pillar, were
discarded. With two of the EBE pillars having @dae 4:1 (length to diameter) aspect
ratio, there is a possibility of buckling. This svbound to be the case particularly when
the indenter (rounded sphere of ~500 nm radiusupfature) was not properly aligned,
and a shearing load was applied. The influendeuckling, even in these lower aspect
ratio pillars, will become important when the dsdtion velocities are calculated. For
the CVD pillars, the 6:1 or greater aspect ratindidated some bending in nearly all
cases.

These 3:1 and 4:1 aspect ratios, thus far defasetength to diameter, must be
redefined for buckling analysis. Euler and inaetabuckling for pillars in compression
for pillars in compression uses a length to radiugyration aspect ratio. As the radius of
these circular pillars is constant, that gives Balér” ratio of 6:1 or 8:1. As the base of
the pillar is physically bonded to the substratean be regarded as fixed. This indicates
that the pillar angle of the bend, where it mebts gubstrate, is 90°. This doubles the
effective length of the pillar, making the ratiotbe 200 nm pillar described above, 12:1.
Using the classic Euler buckling formulas for ansler pillar®®

P, E

ALY

Oy = Eq. 4.7

88



a buckling loadPg, of 276uN is found using the known dimensions #rel 129 GPa
modulus found previously. The buckling load is tbad at which deflection from the
normal should begin, and an underestimation of rtiwelulus could easily affect this
calculation. For sever&l-o curves for this pillar, buckling was apparent nigsr end of
the compression, at loads of ~220uN.

Following the discussion of 84.5, it will becompparent , that even for linear
loading and unloading, such as illustrated in fegdr8, that that the pillars were bending,
determined by analysis of tlesitu video.

4.5. Dislocation velocities, part |

It should be first made clear that the initial ®@b&tion and analysis of dislocation
velocities in this sectionis flawed. It is included as a lead-in point fionproved
measurements of the dislocation velocities, latghe chapter. During the compression
of the EBE npillars, dark bands were observed, ngunainly from near the tip,
progressing towards the substrate, figure 4.9. s@Hmnds then moved in the opposite
directing during the unloading. It was thoughttttieese were diffraction bands, created

by the stress field of a dislocation.

100nm 9.1 sec

Figure 4.9.Diffraction bands seen during loading, indicatediy arrows in a 265 nm diameter
pillar. These bands then propagate down the @bdoading increases. No residual plasticity is

apparent in the pillar after compression.
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The velocity of these bands was measured as aidanof applied stress and pillar
diameter. Values of 80 to 100 nm/s were found, manable to those found by Imai at
600°C in bulk silicort® The reverse movement was thought to be revemstigity

from pile-up against the stacking faults seen rkarbase of many of the VLS pillars.

This reverse plasticity can be modeled as an Eghglb-up against a grain boundary,

such that the stress on the first dislocation, from the applied stresgf, and the other
N dislocations, can be found &%

o =No : Eq. 4.8
When the applied load is removed, this back sipesses the dislocations away from the
pile-up, such that equilibrium between the Peibdgrier and the back stress is achieved.
This stress also serves as a mechanism to turth@f§ource of dislocation, surface or
otherwise, also by stress balance. Given thathtberetical conditions for nucleation are
sufficient and can be experimentally observed ihesps, these observations were not
totally unexpected.

Here, the first bands appeared at a compressiesssof 1.6 GPa. Using the
Schmidt factor, calculated from Eq. 4.1, the averagsolved shear stress for the two

available dislocation glide sets was=ocosg cosl = 435 MP. Dislocation slip

appeared to be coincident with the nucleation shiesng the observable surface

roughness along the length of the pillar. Thiggfmess would act as stress concentration
points, such that, an effective stress concentratiok; =1.5 can be expected® The
progression of these bands, was that they climheddlumn at a constant angle, atypical
of a{114[110] slip. However, previous observation of dislocatidn silicon show that
Liider's band formation is possibl&. Classical Liider's bands, demonstrated over 150
years ago, had a yield band that initiated on ae &f the sample and zigzagged across
the pillar as the band progressed along the sangresh!® This is depicted in figure
4.10. Given that the initial nucleation stressdiicon was 435 MPa, it would seem that

some additional stress would be required to nueldet site on the opposing side.
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Figure 4.10.(a)A classic Luder’s band formed in polycrystalline AAdapted from Naddr® (b)
Schematic representation of the back and forth fhbwislocations in Luder’'s band progression.

Red arrows indicate compressive force, while theeffllack arrows indicate the dislocation

motion.

Using the Eshelby pile-up model of equation 4.3,f@s as three dislocations could
provide an adequate stress to trigger the nucleaite on the opposing side. The back
stress would then develop, turning off the nuctgasource on the first slip plane and
allowing the next nucleation site to be initiate@llthough the exact process and number
of dislocations was unknown, the velocity of thertieally rising diffraction band
associated with dislocationsg,Wdepends on the translational velocity of theatiations

on the slip band§® This would require that the velocities of dislteas on a slip band
to be nearly an order of magnitude faster thanvéiecity of the diffraction band. While
“metal-like” ductile behavior has been observe@sthdislocations would be traveling at

velocities on par with Si at 800°C. Also, verytlétplasticity remained in the pillars,

mostly appearing on th@_ll), perpendicular to the growth direction.

These inconsistencies were more apparent whenaramgto othein situ results,
where shear banding and/or large scale plasticiggewthe nornt®® %2 197 After
discussions with several microscopists, it becarppagent that the beam/sample
interaction was not as simple as initially believeih some cases, bending was easily
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observed, 84.4.2 and figure 3.6. Unfortunatelyydieg was not always this obvious.
For bending in the microscope Y-direction only, fhi#ar would not appear curved.
Coupled to this, the Y-axis is the most difficult align forin situ experiments. To

understand how this type of bending can be obseevebort digression is necessary.

As electrons pass through the sample, there vwgafar scattering of the electrons
from the crystal planes. This forward scatterifigure 3.1, creates the phase-contrast
image in conventional TEM. Bragg diffracted elea also give rise to the diffraction
pattern. These diffracted electrons, interactinigh whe crystal planes, also create
diffraction contours, as seen in 84.4.2. The imecehtly scattered electrons, with
interactions increasing with atomiz and sample thickness, create mass-thickness
contrast. Coherently scattered electrons alsdeiEmtrast differences. In the simplified

two-beam approximation, the intensity,of the diffracted beam can be describeds,
198

| _‘¢‘2_(Ejsin2(ﬂtseﬁ)
BN (meﬁ)z , Egs. 4.9, 4.10

S

€

=g
g

wheret is the distance traveled by the beagy, is the extinction distance for the
material in question, and,;, is the effective excitation error. Therefore,the beam

passes through the material, the phase and interisiinges as changes. For samples

with variation in thickness, this gives rise tanffes associated with the intensity of the
diffracted beam, as in the pillar in figure 4.1Rending of the pillar changes the angle of
the sample plane, causing a shift in the Braggatifion. As these diffracted beams
interact, both with each other and the direct beaminterference pattern is created. This
interference pattern is a pair-wise function, aiifi centered on the bending apex, figure
4.12.
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S Vnn
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I

Figure 4.11.(a)A CVD pillar imaged using the direct and the (082am. The variations in the
intensity are thickness fringes, due to variatiort.i(b) Diffraction pattern for (a), where the

white circle indicates the location of the objeetaperture.
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Figure 4.12.Bending of the sample causes diffraction from teatlplanes. The interference
pattern from the bending is superimposed with thignsity profile from the direct beam. The

result is a pair-wise intensity profile that mowasler increased flexure. Adapted from Edington,

Stach, Howie, and Wheldf??%*
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Defects also bend the crystal planes, usually siahthe planes are bent away from the
Bragg condition, which causes a sharp drop inrtensity profile, figure 4.13.

0.2

I/E

-04-02 0 0204
Figure 4.13.Computed bright field intensity profile of a screlglocation in the center of a thin
1
sample of uniform thicknes$,= 8¢ , with the excitation error$,; =—, and the dot product

g

of the Burger’s vector and the diffracted begmb, setto 1. The contrast is a sharp function,

without fringes. Adapted from Howie and Whef3h.

For observation of compressed pillars pair-wisecfioms exhibiting broad bands are
most likely due to bending. These pair-wise cordomere observed in almost all cases
in the EBE pillars, despite having aspect ratiofasas 3:1. This means that any pillar
that contained a moving dislocation would be seea aummation of the intensity from
both the defect, figure 4.13, as well as the bemdiontour. In addition, if the planes
surrounding the dislocation were also bending, atld appear that the dislocation
contour was moving very rapidly when, in fact, iaynremain stationary. This can be
seen in a video sequence for a 180 nm CVD pillkickvafter several compressions, has
been plastically deformed. Here, the prior damiagthe pillar appears to move very

rapidly down the length of the pillar, pressingagainst some barrier, figure 4.14.
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Figure 4.14. Sequence of first 0.8 seconds for damaged pillmtet compression. The rapid

velocity of the band initially in the center, indted by the red arrow, is apparent. The velodity o
the band is on the order of 100 nm/s. Howeveidues plasticity remains on unloading.

Unlike the time lapse micrographs of figure 4.% tbad — depth profile of a high aspect
ratio pillar, figure 4.14, clearly indicates benglithrough a rounding over of the stress
strain curve. During the hold period, a pair-wisature appears near the tip, figure 4.15,
indicating an elastic bending feature as was desdrearlier (figure 4.12). Also unlike

the EBE pillar experiments, these CVD pillars shdowesidual damage after unloading.
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100 nm

Figure 4.15. Pairwise feature, indicated near the tip with red magrisnich fluctuates with th
applied load during the hold period. This featisrendicative of bending. Note that this ime
was taken on a later indent than figure 4.14, hedcethas been a ctge in magnificatior

The dislocations, which appear to have been pushé¢lde end of the pillar then mo
rapidly back, not stopping until the end of theaading, as seen in figure 4.16. Even
dislocations experiencing considerable I-stress, Eg4.8, an equilibrium stress prior
the zero load condition should occur. Therefotes trapid movement is not tl
movement of the dislocations, but something | wefier to as “elast-plastic bending,”

since it has the character of both elastic kng and plasticity.
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t=11.69s

Unloaded

Figure 4.16. Diffraction bands move backwards on unloading, aas the indenter. Bands

continue moving until indent ends at 12s. If disitton movement was due to back-stress, there
would be an equilibrium stress, prior to zero load.

It can therefore be concluded that the useanositu indentation video would
require significant deconvolution to understand #féects of bending, and what is
happening to the accrued plasticity in the pilla@f course, this could be done by
simulating each video frame, or measurements cbeldone when the pillar is not in

compression.
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4.6. Dislocation imaging

In figure 4.13 it was shown that, for an edgeatiation in a thin foil, the intensity
profile was “sharp.” The astute reader will obgethat the intensity profiles of the
described “plasticity” of figures 4.14 and 4.16 aret sharp. Even under a no-load
condition, such as the last frame of 4.16, tharsfralds do not produce a sharp contrast.
To investigate the origin of these diffraction cmnts a 120 nm diameter pillar was
indented to a maximum stress of 4 GPa. With nals#ipy for double tilt (tilting in both
the o and angles in the microscope) using tinesitu holder, the pillar location was
mapped, the sample lifted off the sample mountgutiie half-grid method described in
chapter 3, and then placed in a double tilt holdé&fter compression, two additional
series of micrographs were taken of this pillaheTirst was done by Dr. Ozan Ugurlu,
in collaboration with Professor lkuhara, at Tokyaikgrsity in a 200keV microscope.
The second was done by Andrew Wagner and the aofhibiis thesis in a Tecnai F30
microscope operated at 300keV. Each image insdtsion will be attributed directly to
the microscopist. The original bright field imagd the pillar, prior toin situ
deformation, figure 4.17(a), reveals no straindebr prior damage. After a single
compression, which due to the extreme aspect odtimore than 10:1 had significant
bending, a broad strain field appeared near théecef the pillar, figure 4.17(b). The
initial bright field imaging in the 200keV microgee showed a similar feature, indicating
that the pillar had not been further damaged, &gul8. This was as expected, as the
pillars had been shipped previously without mishap.
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Figure 4.17.Before(a) and after(b) compression of a 120 nm diameter pillar, to a mmaxn
stress of 4 GPa. No strain contours are visibler go compression. The contour in the post-
micrograph is broad, much like that seen in previaeformed pillars. Micrograph by D.
Stauffer, 120keV.
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Figure 4.18.Bright field image of 100 nm pillar in 200keV mascope. Strain field is broad, as
seen in figures 4.14 and 4.16. Micrograph courtg€yr. Ozan Ugurlu.

It is in the dark field image of figure 4.19 th&etnature of the strain field becomes
apparent. The looping pattern of the dislocatemy the intersection of the dislocation
with the amorphous oxide are clear. This intereactwhere the strain field of the
dislocation relaxes as the dislocation line ensgypified by a blooming featuré! 2%
This clearly indicates that the broad features sedhe bright field images are due to the
interaction of the strain field across a sampldwatge variations in thickness.
Additionally, it is likely, from analysis of figer 4.20, that some of the contrast is

due to the dislocation causing bending in the ipilla
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Figure 4.19. Dark field image of the singly compressed 120 niammater pillar, with clear

indications of a dislocation strain field, whichaoees at the surface. Courtesy Dr. Ozan Ugurlu.

Figure 4.20.Dark field image of the same pillar, bisected bg tlislocation. Top half is in a

diffraction condition atg = (4?2) , While the lower half is not. This indicates alkin the pillar.

Courtesy of Dr. Ozan Ugurlu.
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An attempt was then made to analyze these micrbgrap determine the Burger's

vector, and thus isolate the dislocation plane lilagtbeen activated.
4.6.1.Dislocation Imaging: Burgers vector identification

There are two primary means of identifying diskomas in the TEM. Both

involve imaging the strain fieldR, around the dislocation. The first, the “invisityi

requirement,” uses the fact that when the diffactvector, g, is perpendicular to the

Burger's vectorp , the resulting contrast in strain field shouldzeeo?® This requires a
collection of micrographs, varying bot§ and the zone axis. At least two conditions

must be found to that satisfy this criteria in orde identify the Burgers vector.

Additionally, this method is only truly valid foriglocations with pure screw character, as

dislocations with mixed character will still be ke if g+ bx U= 0.64,2**although Stach

showed visibility for dislocations withge bx i< 0.082°° One major caveat to this

technique is that thickness of the specimen caecathe image. Here, the specimen
thickness is of a circular cross-section and thargeg constantly. One additional concern
with imaging is the interference by other pillaredahe substrate in tilting (rotation in
the axis of the holder) anfl (rotation in axis perpendicular to both the holded the
beam), which limits the number of zone axes thatloaimaged. The substrate is very
thick, which blocks most of the beam, but can diilifract into the pillar image.
Likewise, beams diffracted from the pillar can theteract with the substrate. This is
more significant at the pillar base, which is awaidvhen testing long pillars. For this
study, only a single image seemed to satisfy thesiiility criteria, figure 4.21, and then

only partially.
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Figure 4.21.0ne half of the dislocation strainfield is in a &menvisibility criteria”. This would

require that multiple Burgers vectors be pres&uurtesy Dr. Ozan Ugurlu.

Here, the strain field in the central part of thigapis mostly invisible. This is unlikely if
this dislocation were of pure screw character. thé total strain field is caused by
multiple dislocations, then those dislocations wloubt share the same Burgers vector. It
would also be possible, for a dislocation to undesplitting into two Schockley partials,

such that,
%[0_11] :g[‘mpg[ 113 . Eq. 4.11

It is apparent, from Eq. 4.11, that these two pkrtivould not have the same Burgers
vector, so the partial invisibility criteria couddso be valid for one of the Burgers vectors
and not the other. These two partials would caustacking fault. Additionally, it has
been noted in 84.1.1., that the dislocations orsthdfle set are more likely to split into

partials.
4.6.2. High-resolution imaging
High resolution TEM (HRTEM) was also performed e same sample, after

being shipped back from Tokyo University, figur@2..
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Figure 4.22. HRTEM of dislocated region in 120 nm pillar. Téislocation strain field interrupts

the periodic lattice fringes. Courtesy Andrew Weaign

These micrographs clearly show the distortionha atomic columns, but as

Htara of the strain field has not been

detailed simulations have not been performed

determined.
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4.7. Dislocation velocities, part Il

Having a greater understanding thatithsitu video has been complicated by the
combination of elastic and plastic bending, the ofséstop-start” methods, like that of
the initial dislocation velocity experiments in EPE were implemented. In these
experiments, an applied load was held constanty wie dislocation velocity being
described as;

V= distance travele
time at max loa

Eq. 4.12

However, in these early etch pit experiments, shess applied macroscopically, and
thus easy to apply and maintain. In compressigreemxents, the strain rate must be
controlled, so the dislocation velocity is defiraes]

_ distance travele
time under test

Eq. 4.13

This should provide a lower bound for the dislomatvelocities in the pillars. Tests
were run with 5 s segments for load, hold, and ashidor a 15 s time under test.
Velocities in the still images could be measuredubyg a pillar in the background as a

reference point, figure 4.23.
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Figure 4.23.The broad band, indicating at least one dislocatopushed forward in this 180 r
diameter pillar, after the fifth compression. Maasnents were taken at three positions for

band, as it is apparent that the band does not nmnaf@mly along is length

Measurements along the width of the diffraction davere made, as the band did

move uniformly. These measurements make up thistgtal variation in the velocity
The shear stressas calculated assuming a Sch factor of 0.272, sincthe type of
dislocation was not exactly known. This, as walltiae bending, could introduce err
in the calculation of applied shear stress. Howesiace the bands are seen across¢
pillar, and the pillar velocities take into accothése variaons, the effects of bendir

have, for the most part, been taken into accoutitervelocity statistics, figure 4.:

106



) _ Imai, et al: —e— 603°C 60°

- S —o—603°C screw
— 1E6§ This study = 200nm, 25°C
% 3 = 180nm, 25°C
o -7 -

g 1E7; "

() /<>/<>;0”

> 1E-8] o o** '

s ] 2

= 1E-94

S s

Q ]

D 1E-10 +——rrrrr——r e

s 10° 10" 10° 10° 10°

Shear Stress [MPa]

Figure 4.24.Dislocation velocities for Imai at 603°C for bulkicon,**® as a variation of stress,
compared to those found in this study. The veakifound by here are of the same order of

magnitude, but at a much higher shear stress.

Two interesting points arise when looking at theskcity — shear stress plots.

The first is the order of magnitude of the velastias large a8x10° m/s, larger than
the lowest values found by Imai, et al at 603°Gwdver, this was achieved primarily in
compression with two orders of magnitude higheldiadshear stress. This may be more
evidence that the ability of nanoscale silicon twleate dislocations and allow them to
glide may be linked to the high compressive stiessethese tests, as opposed to the
three and four-point bend test of either Robertsnmi.*® *** The second point is the
wide spread in the velocities measured by this otethinterestingly, the dislocation
velocities for each subsequently nucleated disiocatrom a repeatedly compressed
pillar had a lower velocity. This is likely due t® pile-up mechanism, which is

effectively reducing the applied stress on theodistions. Since the exact type and
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number of dislocations is not known in this casesannot be exactly determined using

the pile-up model, detailed in Gerberich, et®l.

N = V) T« . Eq. 4.14
1o

However, if each band in figure 4.23(c) represemtathgle dislocation, with an average

spacing of/_ =150nm, that the actual applied shear on th& dislocation, would only

be 60% of the actual applied stress. Additionaty source would feel essentially no
applied stress after 16 dislocations had been atedeunder these conditions. This pile-

up, which gives silicon the ability to work hardénthe subject of chapter 5.
4.8. Summary

Silicon is described as a classically brittle mate despite decades of research
showing that plasticity may be induced in silicamgée crystals under high stress levels.
Ex situ examinations of deformed samples have left open pbssibility of phase
transformation induced plastic strain. Here,imrsitu study shows abundant evidence
that this residual plasticity is the result of dwstion nucleation and long-range
movementat high velocities at room temperature These dislocations pile-up against
boundaries within the pillars, which decreasesviecities of dislocations nucleated on
subsequent compressions. This strain hardenirgvimetis the subject of chapter 5.

Here we present direct room temperature measutsnoérihe stresses required
for dislocation nucleation and the velocities ddldcation band motion using am situ
showing abundant evidence that residual plastisitgdue to dislocations that move at
high velocity. Reproducible results were obserfiggdl2 repeat runs on the same pillar,
and then again for another pillar.

A complete understanding of the mechanism wouldirecaccess to the extracted
and deformed pillar on a grid to further attemptcédegorize the type of dislocations.
Without knowing the type of dislocation presengréhcan be no further analysis of the
corresponding activation energies for kink-stepleation.'% %7 208 Thjs |atter is likely

the key to understanding the dislocation motion.
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Chapter 5. Strain-hardening in sub-micrometer silion systems
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5.1. Introduction

For devices in switches requiring electrical cotéaor MEMS devices subjected
to repeated stress, friction or wear, strain-hardgeapacity can be critical. From the
previous chapter, discussing initial plasticity agidlocation velocity, it was observed
that the dislocation velocities decrease on repelmi@ding. However, to date, there has
been little understanding of strain-hardening &t mlanoscale due to the difficulties in
performing or interpreting such experiments. Fangnstudies, there is a perception that
little strain-hardening exists. This is due to thislocation exhaustion mechanism, by
which dislocations escape to the free surface ulmdeling™* 19" 2°% 219 These studies
have mostly focused on face-centered cubic metillsre recently, however, there is a
growing recognition that BCC nanopillars do har§&n'**and even FCC metals harden
in confined structures, which prevent the escapelisibcations>° For other crystal
structures such as zinc blendes or diamond cukibjeR and Demen®t demonstrated
substantial hardening for compression under codfpressure, and significant literature
exists for bulk strain- hardening in tension andsitm at high temperaturés: 2*2
Additionally, during examination of sub-micrometglicon nanospheres in the 40 to 400
nm scale regime, it is apparent that even verylIssilaon single crystals undergo strain-
hardening’® ' This is a pivotal test case between metals amdntes for our
hypothesis that crystalline materials can havearstiardening capacity in compression.
The semiconductor silicon is known to undergo sqasticity during nanoindentation,
much more than oxides and carbides but less thaalsrend intermetallics. For such a
material, with yield stresses in the GPa range tduiés high Peierls barriér> *it is
difficult to conceive of very large strain-hardeginapacity. Nothing could be further
from what is observed.

In the following, experimental evaluations of napheres and nanopillars will be
described. These demonstrate that strain-hardempgnents greater than 0.3 might
exist in both. In the case of more greatly confirgggheres, values near unity arise.
Experimentally, nanopillars are straightforward banhospheres are analyzed two ways

due to complications of the spherical geometryilggatb strain gradients. Single crystal
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silicon pillars in the range of 180-415 nm in didereand spheres in the range of 39 to
338 nm in diameter are describgd. Examples of the plastic deformation which may

arise in these are shown in figure 5.1, with nurasradditional examples in chapter 4.

100/inm
 —

Figure 5.1. TEM micrograph examples of situwork hardened Si nanopillars (a, b) and spheres
(c, d). The undeformed 180 nm Si pillar(eJ was compressed three times to a strain of less than
5% (b). The Au cap, from the VLS growth, adhered to ithdenter. The Si spheig) was
compressed ondgl). Residual plastic damage is observed in bothargilhnd spheres. Images (c)

and (d) are courtesy of Dr. Aaron Beaber.

Regarding the source(s) of hardening, an ad hoorélieal application of surface

mediated dislocation nucleation is applied to bspineres and pillars. Different size
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effects are observed wherein the magnitude ofrstrardening exponents changes with

length scale due to relative geometry and congtediacts.
5.2. Experimental procedures

The experimental analysis is complex for sphesetha initial contact, a diamond
indenter at the top and a flat sapphire substriatkeabottom of the spheres, gives small
contact areas. The deposition and analysis of spbleres being deposited by a low
pressure, high temperature plasma through a nattigpervelocity is described in more

179

detail elsewheré™® The original experiments on sphéfés'’® were evaluated by

compression with a Hysitron Triboscdpenounted on a Digital Instrumefitsatomic
force microscope (AFM). Later, similar experimentsre repeated witim situ imaging.
This utilized a Picolndent€rmeasuring load-displacement inside a JEQ@ic FEI-T12"
transmission electron microscope (TEM), as desdribehapters 3 and 4.
Load-displacement curves in the AFM based systaabled the testing of
somewhat smaller nanoparticles, due to line-oftsigquirements inherent in the TEM.
These AFM based experiments were conducted undel-dontrolled feedback. As
discussed by Mook, et df'? repeated runs on the same nanoparticle could taéneb
with total strains up to approximately 0.2 in indwal runs and a summation up to 0.5.
A series of runs for a 43.6 nm diameter sphereslaogvn in figure 5.2. As the total strain
could be quite large, flattening of the sphere ret top and bottom needed to be

considered.
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Figure 5.2. Load-depth curves for repeat loading of a 43.6smimere, where loading was done
with a Triboscope system in load control. Yieldangd residual plasticity was observed from all
indentations. While strain is considered to be Zerany individual load-depth curve, the plastic
deformation was cumulative. An increase in thetacinarea resulted from this cumulative
deformation. Adapted from Mook, etZf.

Initially, the contact areas were small and eviesnaall loads the contact stresses
were large. To quantify the stresses, the geometrtact radius was found from

27
a:{dr—%} 5.1

whered is the total displacement divided equally into the and bottom of the sphere of
radius,r. As such, this was considered to be a geomeaintact due to elastic and plastic
deformation. It was also considered that, witthe experimental measurement error,
that the compliance of the tip (diamond) and swabstr(sapphire) were small
contributions to the total displacement, in comgamito the strain of the silicon. Given
that the region directly under the contacts is vgoieg severe plastic deformation, this
required two additional steps to evaluate the dlabain-hardening, particularly for
repeat runs. First, upon unloading, any subsequ@stneeded to consider that the initial
contact area would increase due to previous relspastic deformation. This could be
measured with AFM as described in Mook, et’&l}”® However, the strains were
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considered to start from zero in the unloaded dtatany given run as required. Note
then that these repeat compressions on AFM tegteerss have been previously strain-
hardened. The second step was to take into actioainthe center of the sphere was not
initially experiencing as much plastic strain alilgh recent atomistic simulations clearly
demonstrate dislocation loops completely traversimegsphere diameter when nucleated
at either the top or bottom. Sitill, the stresses smaller in the sphere center, and to
obtain a more representative equivalent stressnaecsion of initial radius of the sphere,

ro, to an effective radiuss was needed.

5.2.1. Contact approximations

Two approximations were used to model the compteract behavior of spheres
in compression. One, using a bilayer model whbeedstresses (and deformation) are
concentrated near the contact edges is more apfdito small strains, while the other
which assumes gross distortion of the sphere, i® rapplicable to large strains. As the
large strain approximation was used for the iniark, it is described first, with the

lower bound of the small strain approximation ugangviously defined terms.

5.2.1.1. Right cylinder approximation

For severe plastic deformation (large strainsges in figure 5.1(d), the damage
region occupies a large percentage of the volumeéhefsphere. At this point the
“sphere” is grossly distorted, and the dislocaiieraction and thus work hardening can
increase. Here, a constancy of volume for pladtains is used, where the assumption is
that the corners of a right cylinder, shaded darklyfigure 5.3 are equivalent to the
truncated sides of a “pancaked” sphere suchrtlfabf a right cylinder gives the same
volume as the original, undeformed sphere. Themexgntal view in figure 5.1(d) is in
the “unloaded” state. Therefore there has beestielapringback of both the top and

bottom surface of the sphere.
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Figure 5.3. Schematic representation of the right cylinderragimnation, where damage deforms

the edges of the contact into something more relsegnd flat surface. The contact area can then

be described as a right cylinder of volume equ#h¢osphere prior to compression.
Equating the volumes of the original sphere anditite cylinder,
gnro3 =mi(2,-9) , Eq. 5.2

where the right cylinder has been foreshorteneah filee original sphere heigh2r,, by
0. This then gives an effective cylinder radius of

T2
» :1.155{ 0 } : Eq. 5.3
2r, -0

which can then be used to calculate the stress@sdiwidual experiments. Stresses were

evaluated in two ways, using the equivalent righinder with A= 7> and by using a

contact stress with the contact radius of Eq. 5.1 with=778’. Here, 2, is the contact

diameter at both the top and the bottom. Usiggthis gives an estimate of the average
stress for an equivalent volume.

Also considered was a harmonic mean stress viethiagleformed sphere as a
strained, bilayer structure. Here, the contaetssis at the top and bottom would control
dislocation nucleation, but the overall strain-leanicig capability would be influenced by

the entire volume.

115



5.2.1.2. Harmonic mean approximation

For spheres under low plastic strains, the sieepsimarily concentrated near the
contact. This gives rise to damaged regions atdpeontact (with the indenter) and the

bottom contact (substrate), figure 5.4.

Figure 5.4. Schematic representation of the harmonic meanoappation in a sphere, where a

bi-layer system is used to model the damage regiear, the contacts, in a sphere.

For these harmonic mean stresses, the spherestakere as layers of highly deformed
regions at the top and bottom with the contact Aessed upon Eq. 5.1, and a more nearly
average area radius from Eqg. 5.3. The concept lay@ed structure, as observed by
TEM contrast differencé¥’ gives rise to a harmonic mean stress as used by
composite structures® This gave a stress intermediate to those usingdhgact radius

from Egs. 5.1 and with the harmonic mean given by

2
In=1 1
I T

o. O

Eq. 5.4

Here 0. is the contact stress using Eq. (1) amg is the equivalent stress of a right

cylinder using Eq. 5.3. The harmonic mean strefiseid/0igt average, which represents a
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lower bound. A similar set of procedures for stsaused the strain in the two contact
regions after Tabd? to be,

ol

which is twice that of the spherical indenter stydtq. 1.25, as strain occurs in both the
top and the bottom of the sphere. For an averagensin the sphere, the total
displacement), divided by the sphere diameter, gives

&=y : Eq. 5.6
Coupling the Tabor strain with the global estim&gs. 5.5 and 5.6, gives the harmonic
mean strain

_ 2
En = 1 1 . Eq 57
i Ml

& &

For much larger strains, the deformation would loeenevenly distributed throughout the
sphere and the rationale of a right cylinder wolbkd more appropriate, as discussed

previously.
5.2.2. True stress — true strain

The stress-strain could then be assessed fronpringous data, for a right-
cylinder approximation and for a harmonic mean espntation. The strain-hardening
behavior was then evaluated using true stress4tten plots in compression as

determined from

o, =0 (l+e) ; &=In(l+e) . Eq. 5.8
It is important to keep in mind that, in compressistrains are negative. As a sphere or
pillar is compressed the cross-sectional area aseie making the true stress somewhat

less than the engineering stress. From such phastrain-hardening exponentswere

then determined from the power-law equation,

o, =ke" . Eq. 5.9
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Using Eq. 5.9, strain-hardening exponents were astermined for columns of
nanopillars loaded in compression. Only a few loése data were analyzed, two
representing pillars prepared by focused-ion-bedfiB)( machining, and others
representing growth by a vapor-liquid-solid (VLSppess. The FIB samples had a small
taper but the CVD VLS samples, as supplied by Ni&dre relatively straight-sided.

5.3. Results on silicon spheres
From data, such as that shown in figure 5.2, rsfnardening exponents were

determined as discussed above. Two sets of tressst true strain data for repeat runs

are shown from the load control data in figure 5.5.

It e
10 92.7%1#6
] #5
‘©® 51
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Figure 5.5. True stress — true strain for two spheres tdatétie AFM based Triboscope system,
where the harmonic mean approximation was useetermine the stress. Work hardening, due
to cumulative damage, can be seen as increasiagssfor a given strain as the run number

increases. The strain hardening exponents, tabjevére calculated from these plots.
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Strain magnitudes were generally between 0.02 abd Bor each subsequent run, the
stresses were generally higher than the previous Ror example, at a strain of 0.1 for
runs 5 through 8 for the 92.7 nm diameter sphleestresses increased from 5 to 6.8 to 9
to 12.5 GPa. However, a minor variation in thaisthardening exponents resulted, as
determined for the effective right cylinder. Siamll, for several runs the stresses
increased from about 14 to 20 GPa at a strain ofdl.a 50.3 nm diameter sphere, but
with greater variation in strain-hardening exponehkbr five such nanoparticles, strain-
hardening exponents are reported for repeat rutabie 5.1 based on the right cylinder
method. For a given sphere there appears to bdonmnant trend inn with run
sequence. Except for the smallest nanospheres tieess appear to be a strong increase
in strain-hardening exponent with increased spdeameter. Average values increased
by a factor of three from 0.25 to 0.75 as sizeaased from 43.6 nm to 92.7 nm.

Sphere diameter [nm] | Test Method Bun # / strain hardening exponent, n il
38.6 LC 2/0.79 | 5/0.90 | 7/094 | 9/0.75 | 12/0.78| 15/0.66 | 0.80+0.14
43.6 LC 2/0.23 | 3/0.21 | 4/0.15 | 5/0.38 | 6/0.29 0.2510.13
50.3 LC 2/0.41 | 3/0.49 | 4/049 | 5/0.44 | 7/0.39 0.44+0.05
63.5 LC 2/0.82 | 3/0.63 | 4/0.64 | 5/0.64 | 6/0.63 0.&63x0.02
92.7 LC 3/0.81 | 4/0.81 | 5/0.75 | 6/0.77 | 7/0.69 | B/0.65 | 0.75+0.10

LC = lpad control

Table 5.1. Strain hardening exponents, measured for eactiorumultiply loaded Si spheres of
diameters from 38.6 to 92.7 nm. A Triboscope/ARMtem was used in load-controlled mode
for these compressions. The strain hardening exsrwere calculated using the right cylinder

approximation, described in more detail in 85.2.1.2

Additionally, for eight spheres in the size ram&0 to 340 nm, single runs were
conducted generally to a strain of 0.4 as represebly Eqg. (6). These tests were
conducted with then situ transmission electron microscope system in digpient
control. Examples for four of the runs in figuré Show a similar trend of increasing
stress with decreased size. Here for stressesedeby the right cylinder method, at a
strain of 0.1, there was nearly a factor of sixé&ase in average stress as size decreased.

This is larger than what might be expected as addckin the discussion session. A
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factor of four increase in sphere diameter produzdector of four increase in strain-
hardening exponents tested in displacement comtrahntrast to the 63 nm sphere tested
in open-loop. See table 5.2 and figure 5.6. Disgriaent control is known to be more
sensitive than either open-loop or load contraliowing discrete events.

10 5
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v 338 nm
01 ' 8 05 1

T
Figure 5.6. A comparison of the true stress — true strairtspfor the first compression of

individual spheres, tested in load control, shohat tas sphere size decreases, the stresses
increase, but the strain-hardening exponent deese&sresses here are determined using the right

cylinder approximation.

Sphere diameter [nm] | Test Method | i (Right Cvlinder) | # (Harmonic Mean) n
63 Open Loop 0.55 0.43 0.49
S0 DC 0.33 0.31 0.32
113 DC 0.23 0.23 0.23
138 DC 0.64 0.67 0.66
162 DC 0.76 0.88 0.82
173 DC 0.84 1.23 1.04
255 DC 1.09 1.31 1.20
338 DC 1.21 1.40 1.31

Table 5.2. Strain hardening exponents, measured for eacffiorui spheres singly compressed
primarily in displacement control. Here, @m situ Picolndenter was used to perform the
compressions. Exponents are given for each ofwibeanalysis methods, harmonic mean and
right cylinder approximations, detailed in 85.2.2.
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To double check the efficacy of these estimatestrain-hardening, the layered structure
of the harmonic mean approach of Egs. 5.4 and &3 &also used to determime
Examples of four true stress-strain plots are showirgure 5.7. Compared to the data

for the 90 nm and 162 nm spheres of figure 5.6|/dgdog slopes were similar.
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Figure 5.7. A comparison of the true stress — true strairtspfor the first compression of
individual spheres foin situ tests that as sphere size decreases, the straieniey exponent
decreases. Stresses here are determined usingrtheric mean approximation.

5.4. Results on silicon pillars

For the silicon pillars, the relatively uniform adneters simplified the stress
analysis and only load/area and displacement/lengife used to analyze engineering
stress-strain, with conversion for a true stressue strain by Eqg. 5.8. Six pillars were
analyzed for their strain-hardening characteristickhe 160 nm diameter pillar was
examined for its response to repeat runs wherduakplastic strains were small, on the
order of 1 — 2 percent. Beyond this there wasrlglea onset of bending, as discussed in
chapter 3 and 4. Stresses for each run typicatiged between 2 — 4 GPa, as shown for

four of the runs in figure 5.8.
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Figure 5.8. Repeat compression true stress — true strain tﬁOanm(ll]} oriented Si pillar,

grown by VLS. The strain-hardening exponents halight increases for each subsequent
compression. The strain-hardening exponent vatee$ound in table 5.3. Bending of the pillars

was observed at larger strains.

Examples of single stress-strain behavior of fatfekent pillars, two each o(lOC} and

(11]} orientations are shown in figure 5.9. These regmelarger diameter pillars with
smaller (3 to 4:1) aspect ratios.
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Figure 5.9. True stress — true strain plots for three FIBQiubbwers. Two towers are oriented in

the <1OQ, and one in théll]}. Values for the strain-hardening exponent atalife 5.3.

In general the strain-hardening exponent increasgl repeat runs but seemed to
decrease with increasing pillar size. This latésult appeared to be inconsistent with the
sphere size effect where the exponent increaséudimdteasing sphere size; see table 5.3.

After some theoretical considerations, such diffeas will be discussed.
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Table 1(c): In-Situ TEM strain hardening exponents of nanopillars

Pillar diameter [nm] | Test Method n Orientation notes
180 DC 0415 <l11= Plastic bending or
200 DC 0.706 <111> buckling suggested
310 DC 0.316 <100= FIB cut
392 DC 0.355 <111=> VLS grown
400 DC 0.293 <100= FIB cut
415 DC 0.220 <l11= VLS grown

DC = Displacement Control FIB = Focused Ion Beam VLS = Vapor - Liquid - Solid

Table 5.3. Determination of strain-hardening exponents opiars using then situ SEM and
TEM Picolndenters fo111) and (100 oriented pillars operated in displacement contrbr

some pillars, the large aspect ratio resulted isepkable bending/buckling of the pillar. Both
Vapor-Liquid-Solid grown and Focused-lon-Beam maelipillars were studied.

5.5. Strain-hardening model

Due to the apparently large variations in strairdbaing exponents in table 5.2, it
is important to provide an analysis as to why theorlld be a large size dependence.
Two obvious variables are dislocation nucleatiomited and dislocation plasticity
motion limited behavior. As size decreases, thmber of nucleation sites, particularly
at the free surfaces, becomes small. Similarte@eased size could limit the mean free
path of dislocation motion if all, or most of, théslocations remain. Such constrained
flow could possibly increase both strength andisthardening. Here, a first-order
model is proposed using these size constraint@ledwith nucleation theory.

First, consider spheres under the compressiowafrélatively flat platens. The
overarching assumption is that strain-hardenind & mediated by the number of
surface sites per unit area. Here, the unit areasumed to be the contact area as surface

asperities under contact will represent stresseamnation sites. Taking the contact area,
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A., at both the top and bottom to be that given thndort for neither pile-up nor sink-
in,

A =m&d=mdd Eqg. 5.10
where a is the contact radius) is the displacement, andl is the sphere diameter. As
before, the strain is defined by Eq. 5.6, which whembined with Eq. 5.10, gives

A =md’e . Eqg. 5.11
This is intuitive, since increasing displacemerttaja) will broaden out the contact
region. The further assumption is that the nundfeavailable nucleation sites, at the
contact surface, increases with strain, and is grit@mal to both the strain hardening

exponent, and to the increase in contact areayg@jivi

no 4% g i{ndze} 0 md? . Eq. 5.12
de de

Since a given nucleation site will more easily eaté a dislocation the higher the applied

stress, Eq. 5.12 can then be modified to accomradts, giving

n0Zrd? Eq. 5.13
U

with the stress normalized by the shear modufus, The number of sites would be the

contact area divided by the area of a given ségethis latter value being given an ad hoc

assignment. It is assumed that a nucleation sitgroportional to an activation area,
which is proportional to the Burgers vectbytimes a length parametef, as described
by Cordill, et a?*® With Eq. 5.13, and the proportionality to the renof nucleation
sites per unit aready./ A, , this becomes
n 0 g rd”
H o Xxlsb

with y a proportionality factor for activation area. Tih@mal stress must be resolved

: Eqg. 5.14

on a slip plane, and the diameter of the sphepztsfthe applied stress, approximated by

a Hall-Petch relationshipkyd‘l’z. With the activation length scale proportionalthe

sphere diameter,; = yd , one postulates that
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no. of contact surface sitg(sa

: , Eqg. 5.15
unit area U

n= const. x

and combined with Eq. 5.14, a Hall-Petch stressrasolved shear, gives

k d% sl
n= 97 CospCo . Eq. 5.16
Xybu

One last point is there should be a cutoff diametgrbelow which there are no, or

insufficient dislocations, nucleated to give strhardening. Hereg, was chosen to fit

the data, and &, equal to 1 MPalnf’was selected as it represented a simple but

79, 220

reasonable representation of strength data prdyipublished’ as well as the new

data of this investigation.
7k, (d - do)y2 cosg cosl
xybu

For a constantnky/)(yb, the data can be fit for two orientations of diatocubic

n = Eq. 5.17

silicon with respect to the indentation axis. Theme the(lOQ and <11:I> where

cosg cost would be 0.408 or 0.272 fdi13} slip, and can be considered an upper and

lower bound to the possibilities for resolved shear

Consider an example case of a 320 nm sphere. tRatewith b = 0.384 nm,

k, J1MPan{?, and 1 =66 GPa that ¥ ¥ would be 17.8 for a 320 nm sphere with a
value of 40 nm chosen fal,. The proportionality factory, can be determined by

¢ =yd, if the length scale parameter is known. Fromesavprevious studies of

deformed nanospheré?&zj) the activation volume in silicon nanospheres figtodation
nucleation can be determined by

\VAREON Eq. 5.18
Therefore,V~ for a 320 nm particle is 8. Since the activation volume is equivalent to
the activation area times the Burgers vector, seisn that,

V' =Ab . Eqg. 5.19
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Simplifying, A" =/.b. This means that the length scale parametgy,is 19.2 nm, or

50b. In the case of the aforementioned 320 nm sphb@eewould fix y at 0.06.
Additionally, it has previously been determinedtfHark, O1MPam?, yy = 17.8
above. Given this assignment, a valueyof17.§ 0.06= 29 results. For/g =19.2n,

an activation area ofA =/,b=7.4x10" nf, is calculated. The contact area for this
320 nm sphere, considering both the top, and betfoma displacement of 44 nm is
4x10™ nt. For an activation area of approximately X40*® m?, there could be as

many as 540 total sites, or 270 each at the togbattdm. This implies approximately a

16 by 16 array of sources at each contact. Edehasiuld then be (fo2a ~160 nm)
about 10 nmx10 nm in size. If dislocations are spaced, onayerto be 10 nm, for

Taylor hardening, this would give, = aEbJ x=3 GPawith a value ofa of about 0.5.

This appears to be of the correct ordenVas= 7/ since for/_~ 10 nm,V =260 .

This is within a factor of 2 of that from Eq. 5.1&uch deviations are not surprising
given the number of approximations required.

With y y defined, it is possible to use Eq. 5.17 to complaeestrain-hardening
result for the deformed spheres. However, thendglis represent a different geometrical
case. Similar to the spheres, it is assumed tieabhtimber of dislocation nucleation sites
increases with plastic strain, but with a differ&mctionality. Rather than the contact

area, A,, at the top and bottom of the pillar increasinghwvdisplacement as for spheres,

here it remains nearly constant. Still, as plasttiain increases and more dislocations are
generated, the number of sources would increasses assumed that due to the contact
area dominance for spheres being weaker in pillais|eads to a smaller dependence on

strain. This gives the available area for nucteato be

2
A, = %8%=%£yz Eq. 5.20

2
for a square-root strain dependence and the oligomdact area of% existing at both

the top and bottom of the pillar. The increasavailable area is partially due to internal
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sites. As before it is assumed that the straindrard) exponent is proportional to the rate
of increase of available area giving

dA, _ nd®

n0d

Eqg. 5.21

Within this area there are a number of individuatleation sites of aregb/, such that
the number of surface sites plus those sites tleaindernally generated per unit area

becomesA,,/xb/ . For increasing normalized stress, Eq 5.14, asitess dependence

of k,d™?cosp cost, Eq 5.21 becomes

7k, a7’ cos cosl d?

n =
Zxésbuf%

Eqg. 5.22

Again, taking/¢ = yd and following the same approach as for spheresfinds

7k, dy2 CcosS cosi
4x Vﬂbf%

What is missing here is that much larger volumesstefor a given pillar diameter

n = Eq. 5.23

compared to a sphere. As a result, even under dtrgisses, there are large spacings
between dislocations. As such, the available apealiSlocation nucleation shifts away
from the pillar top and bottom. For a volume imteg of the pillar at least four times
larger than a corresponding diameter sphereconk modify Eq. 5.16 to

7k, dy2 CoS@ cosi
n = : Eq. 5.24

16y yub 5%

This is clearly speculative but could account fbe tmuch smaller strain-hardening

exponents in the pillars due to the lower confinetme the deforming volume. While the
evidence for such an ad hoc assessment of straileitiag is weak for the single crystal

silicon pillars evaluated to date, there is somilenwce for larger diameter pillars of

MgO.??* #*?For (111) oriented single crystal MgO, Korte and CI&gg***evaluated the

stress-strain response of 0.5, 2, anghb pillars. Their respective yield strengths were
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5.4, 4.5, and 3.6 GPa. The conventional stressastesponse could be converted to true-

stress, true-strain using strains in the vicinitP @6 + 0.04, figure 5.10.
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Figure 5.10. True stress — true strain plots for the <111> Mujllars of Korte, et af™ 2%

showing a size dependence on the strain-harderjpgnent.

As seen in figure 5.11, the strain-hardening expbnearly doubled from about 0.2 to
0.4 while the paramete(%)uzincreased by a factor of three. The dependencszen

appeared to be less than suggested by Egs. 5.18.5hdbut qualitatively trends in the

correct direction.
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Figure 5.11. Strain-hardening exponents, calculated from tted pf figure 5.10. The strain-
hardening exponent is related to the ratio of tw pillar diameter to the strain (open circles) as
suggested by Eq.(13). However, for similar straihs strain-hardening exponent is proportional
to the root of the diameter (filled squares).

5.6. Discussion of the results using the proposedoutel

What has been considered here is the strain-hiaglemduced by the
compression of small spheres or pillars of silicmein situ TEM method analogous to
those pioneered by othelfs;*18 121222 2255 gllowed the true stress-true strain behavior
to be reasonably averaged in nanospheres, andaocueately determined in nanopillars.
Here, we compare the experimental results to tbpgsed first order model as detailed
in the previous section. It is emphasized heré shah models, dependent upon surface
mediated dislocation nucleation, are appropriate regatively dislocation free
nanovolumes as is the case for these silicon siogystals. For larger volumes where
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initial internal multiplication sites are operatanthese approaches would need to be
modified.

Given the two proposed methods for analyzing aeeratress and strain in
spheres under compression, 85.2.1.1 and 5.2.1i2first important to demonstrate the
differences produced regarding strain-hardeningoegpts. Qualitatively the stress-
strain plots of then situ compressed spheres appear similar in figures. fidébar. A
comparison of the harmonic mean and right cylingethods can then be detailed by
plotting the strain-hardening exponents, from t&b& as shown in figure 5.12.
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Figure 5.12. Strain-hardening exponent for the Si spherestquotersus the sphere diameter.
Values calculated by the right cylinder approximat{squares) are smaller than those using the

harmonic mean approximation (circles), especially farger diameters. Dashed lines are

provided as guides to the trend are based on Baugli2g large variations iB0S@ Cosi .

For both approaches, there is a strong increasstrain-hardening exponent with
increasing sphere diameter. Both the right cylindeerages and harmonic mean
approach gave similar results for spheres less 1ihnm in diameter but the latter

consistently gave higher strain-hardening exponantirger diameters. As the right
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cylinder approach was easier to justify, and the methods gave reasonably similar
results, further analysis used the simpler righindgr method.

First, the increase in strain-hardening exponeith wncreasing diameter is
gualitatively addressed. For both sets of sphate,drom tables 5.1 and 5.2, there is a

strong increase im with sphere diameter except for two data pointsguare 5.13.
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Figure 5.13. Comparing load — controlled (LC) tested spheréXG) tested spheres, the strain-
hardening exponents for the LC data trend highan tie largest value of the twaoSg cosl
plots of Eq.(12), reproduced from figure 5.12.

The increase is considered to be due to an inclieadislocation nucleation rate in the

larger spheres, as seen in the size dependenag 6f6. One must consider that since
the activation area bears an inverse relationshifhé applied stress, more nucleation
sites become available at higher stresses. Thessseas should increase for the smaller
spheres. However, these sources are rapidly etdthirs small spheres and the further
rate of hardening is much less. This is exacedolayethe confinement represented by the
smaller spheres. For smaller diameters, the mesngath of dislocations is decreased
due to the back stress from dislocation - disleeainteractions (Egs. 4.8, 4.14). This

prevents further nucleation in the smaller sphergss proposed that a combination of
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surface-mediated dislocation nucleation and confgr@ leads to smaller increases in
dislocation densities per unit strain and henceelostrain hardening exponents. Clearly,
the confinement is less in larger spheres and eduplith increased contact area, the
potential for the activation of large numbers oflocation sources can result at larger
strains. As stated previously, this is somewh#&edfby the elevated flow stresses in
small spheres which facilitate nucleation at po&drsites within the contact area. Both
of these features are embodied in Eq. 5.16, whicludes the cut-off diameter.
Additionally, figure 5.13 shows that the straimrdening exponents, nominally

bounded by the shear stress values of the Schrtior feosg cosl, based on {111} slip
and compression orientations of eitf@0Q or (111, show a discrepancy between the

two types of feedback operation. Here the displargroontrol data favors a theoretical

fit of cosp cosl = 0.40 and the load control data favors a fit withsg cosl = 0.27.

This is fortuitous, however, as the loading axis &l of these spheres is unknown.
Additionally, as discussed in chapter 3, dislogati@locities can be increased by the
presence of a high voltage electron beam by thétiaddof energy to overcome the
Peierls barrier. While the LC indents were perfednn an AFM based system, the DC
compressions were carried out in the 120keV mi@pscwith varying amounts of beam
current. However, beam exposure fails to providexplanation for the “open loop” (no
feedback) compression of the situ 63 nm diameter sphere, which appears to better
match the load control data. Whether these twarsép data groupings are due to some
fundamental condition associated with feedbackrobwor drift, is a consideration for the
future work.

The data of table 5.3, and figures 5.6 and S 'piléars, are not as reliable due to
the relatively smaller strain ranges available iptm bending or buckling. This was
particularly obvious in the smallest diameter pglavhere bend contours were clearly
observed concomitant with dislocations and permiarstrain upon unloading, as
discussed extensively in chapter 4. It is strorgylggested that this compromised the
data to some degree and that the strain-harderjgnents reported for the 160 and 200
nm diameter pillars are inaccurate. Still, theestes for these two smallest diameter
pillars are consistent with the same size scaleeliar spheres, e.g. ~ 3 GPa. Because of
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prior bending in the previous runs, stresses taesehthe same five percent strain
progressively decreased from 4.5 to 3.3 GPa. Thidd result in very high apparent
strain-hardening exponents due to predominantistielatress-strain behavior with small
elastic-plastic bending strains superimposed. Waoisld cause the elastic respongex

1) to give somewhat smaller values of strain-hardgilue to large compressive stress
but larger than normal compressive plus bendingrsr(n < 1). Note that the aspect
ratio, height to diameter, was closer to 7:1 fasth small diameter pillars. For reliable
measures of strain-hardening, additional experimaill be required for aspect ratios
closer to 3:1, which reduces the likelihood of Himtk®* There are literature data for
pillars of this aspect ratio on somewhat larger Mgigle crystals. As shown in figure
5.11,n values ranged from 0.2 to 0.4, consistent withrép®orted measurements here for
larger diameter silicon nanopillars. For the foarger diameter pillars with smaller
aspect ratios, i.e. the FIB cut pillars, the begdis sufficiently suppressed that
reasonable strain-hardening exponents of £©.30.08 are found for the two pillar
orientations of(100and (111). As the average pillar size was 380 nm, this Itesu
compares to a measured strain-hardening exponengredter than unity for a
corresponding diameter sphere. This may be qtiaétg understood considering the
relative confinement and increased dislocationvagtifor the sphere compared to the
pillar, as proposed in Eq. 5.24. An idealized eod is shown, figure 5..14, for a single

type of slip system to illustrate the potential.
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Figure 5.14.Idealized schematic of plasticity in compressedesph and pillars.(a) At small
strains, there is dislocation interaction only nis& contact for a sphere, but at larger strdhys,
the dislocation structure interacts in the entpkese. This can be contrasteddpd) where in a

pillar the dislocation structure needs to propa@atiher for increased work hardening.

At ~10 percent strain similar stresses might belpced in both the sphere and pillar of
equal diameters. However, at larger strains, dogd numbers of dislocations moving
sufficient distances to give 20 percent strairg planes would have to be closer together
in the sphere. This would require larger applieeas stresses as discussed elsewfiére.
Additionally, there would be larger interactionestses and commensurate back forces

leading to higher stresses within the spheress figh dislocation density also increases
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the potential for locks and internal dislocationis@s. Therefore, it is not surprising that
the very large strain-hardening exponents estimatethe spheres are considerably
greater than for the pillars.

How do these differences compare to what migheXxgected from Eqgs. 5.15-
5.17? The average strain for the four largest $esrip 0.109 givings”?of 0.33. Since

4c"%s little different from unity it appears that thetrain-hardening exponent for
comparable diameter pillars could be nearly a factdour smaller than the spheres as
observed for the 300-400 nm size range. Notetthatwould be for pillars with a 4:1
aspect ratio. The assumption here is thgtfor the two geometries is essentially the
same. Also, because of some ad hoc assumpticagineg the assignment of dislocation

nucleation areas, one must consider the modelisgagally for pillars, as a working

hypothesis.

5.7. Phase transformations in silicon

Finally, it is probable in some of the larger s@se but not the pillars to have the
diamond cubic tgs-Sn (Silicon 1- I1l) phase transformation occur on loading. This
usually manifests itself by a pop-in (loading) @ppout, or knee in the load-displacement
curve (unloadingy® ?* #2° Such a result for a 212 nm diameter sphere isshio figure
5.15. Maximum compressive stresses in the pillese 4 GPa, one third that reported

for the$-Sn transformation.
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Figure 5.15. For anin situ loaded sphere, evidence of a phase transitionbeaseen in the
unloading elbow, or “pop-out”. This unloading fe@ is consistent with a reverse phase
transition from the high pressufeSn phase to the low pressure amorphous, Si-l, Sifd
phases. The amount of phase transformed regiotdwmusmall. Data courtesy of Dr. Aaron

Beaber.

Here, it is seen in that both pop-in and pop-owuo®n loading and unloading. From
measurements of the sphere height, both post adgonpression, it was found that the
residual strain was no more than 4.8% strain, @liengh the hysteresis in the load —
depth curve would imply much more. One may conclinde there is reverse dislocation
plasticity or a new phase transformation upon wtilog restoring part of the deformed
volume. Beaber, et al, show, in an as yet unpuétisstudy of nano- and submicron-
spheres, that there is a size transition in belhdwon deformation of microspheres to
nanosphere€’ In this work, large spheres exhibit these popewments, while spheres of
less than 100 nm in diameter do not.
At much larger Vickers indentations, others hdveva there is little or no plastic

deformation below 500°¢** This may be due to the triaxial stress statewéle@r, this

is not an issue for the small sphere volumes whtte of stress and length scale allows
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dislocation plasticity prior to fracture, as dissed in chapter 4. Perhaps appropriate to
this study, Gogotsi, et al. suggest that “indentathduced metallization (Silicon Il) . . . .
is accompanied by confined plastic flow . . . .oder to partially accommodate high
strains in the surrounding materi&f® Future work should address whether it is
dislocation plasticity, phase transformation oroabination of the two which results in
the large jump in strain-hardening exponent in #@9-150 nm diameter regime.
Irrespective of the relative hardness between tHead Si Il phases, the transformation
and/or its interface could easily act as dislocatgeneration sites. If the latter, this
would require additional interpretation of Eq. 5.tt6include dislocation nucleation at
both surface and internal interfaces.

One remaining issue is the unanticipated stramddmang exponents near unity.
Such linearity between stress and strain is nogyraily expected for elastic behavior.
Clearly strains are well beyond the elastic regibecause of the large residual
displacements observed. For typical examples di lmztd-controlled and displacement-
controlled data, plots using a linear scale prodiuesar loading slopes. However, the
tangent moduli were only 100 GPa and 10 GPa forsttmaller and larger spheres
respectively. These are still large compared teetgtions, since previous data by Rabier
at 425°C for GaAs only gave work hardening rates6& GPd’! Two points are
important. First, due to high energy dislocationaagements, one might expect this
silicon data to have higher strain-hardening réit@s the more low energy dislocation
structures which might occur at 425°C for GaAs.dpel as the pressures are very high
in these compressed spheres, one might also etkia@s the pressure increased that the
flow stress would increase. This is due to thetelanoduli increasing under pressure, as
observed in the Murnaghan equation of stateAs a result, an increase in the elastic
stiffness tensor would lead to greater Peierlsiéarfor dislocation nucleation and

motion.
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5.8. Summary

Experimentally, deformation of single crystal@ln nanospheres and sub-micron
pillars has been measured in compression. Thesiexonsiderable plasticity with
plastic strains approaching 0.5 for spheres. Asenled by transmission electron and
atomic force microscopy witin situ loading devices, considerable strain-hardening is
observed as well. Strain-hardening exponents manfiom 0.2 to unity are observed
with a size scale dependence which increases watheder. For a given diameter in the
range of 200-400 nm, spheres have a hardening erpapproximately three times
larger than pillars with a 4:1 aspect ratio. Tletical considerations find that the strain-
hardening exponent increases approximately asgbuars-root of the sample diameter.
Arguments based on both relative contact areas camfinement suggest a milder
dependence for nanopillars compared to nanosphérks. latter are significantly more
constrained than pillars leading to strain-hardgr@rponents increasing to near unity for

single crystal silicon.

139



Chapter 6. Future Directions
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6.1. Introduction

In the previous chapters the improved mechanioaperties of so-called “brittle”
materials, such as thin oxides of alumina and chapand sub-300 nm single crystal
silicon spheres and pillars has been demonstrated.example, such nanostructures can
withstand large strains prior to fracture. Theligbiof single crystal silicon to
accommodate dislocationat room temperatureand then strain harden is quite
remarkable. However, the size effects for botlsss#a of materials, native oxides and
silicon, have not been fully explored. Additioyalthe combination of the twm situ
techniques, electrical contact indentation and TiBdéntation, has the potential to be a
powerful analytical tool. This chapter deals witliure directions for this work, with
some preliminary data. Additionally, potential exments for the application of room
temperature plasticity in other important brittl@terials are proposed, using geological

materials.

6.2. Further exploration of fracture in aluminum thin films

6.2.1. Grain size effects

Surprisingly, no correlation between film thickeeand depth of delamination
measured by conductance was found in the plasticakkonstrained
AlL,O4/Al/SiyN,/SiO2/Si multilayer films. In these film systemisitial calculations
suggested that the plastic constraint from thgN,Siunderlayer would likely cause
excessive stress in the Al and native oxide layétewever, this may be due to the low
modulus found in the amorphous/$j layer, only 100 GPa near the surface. The sharp
indenter used to deform this system had a contatius on the order of the surface
roughness wavelength. For this case, it is passlidt the data scatter could be caused
by the variation in the number of grains being slaohp It is easy to conceive, that with
these grain sizes, from 63 to 215 nm dependingilon thickness, perhaps 1, 2, or 3
grains might be sampled at a time. Indentatiofilofs with the roughness wavelength
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either much greater or much less than the cont@rheter is needed. Additionally,
decreasing the grain size will increase the haloéshe film, by the classic Hall-Petch
mechanism. This could further enhance the plastistraint, relieving the requirement
for a plastically constraining underlayer. Theigrsize, for all thickness of films, can be
controlled by varying the deposition rate parangeteincreasing the deposition rate
causes a corresponding decrease in the grainasidencrease in roughness. Decreased
grain size and increased roughness would maken tiieely that several asperities will
be contacted for each indentation, likely incregsire likelihood of oxide failure.

6.2.2. Elastic constraint

So far, the plastically constrained films showedreliability enhancement, with
regard to failure of the oxide. They typicallydtared at depths very similar to the non-
plastically constrained film. FilmDoctor simulati® show that the pressure effects in the
system would be more likely to be enhanced for tsates with very high moduli.
Replacing the Si silicon, 160 GPa, with a MgO sidtet 290 GPa, would increase the
elastic constraint in the film. The MgO/Al intecais also strongly adhered, decreasing

the chances of any delamination events.

6.2.3. Characterizing fractureex situ

Much of the work in the Al film systems of chapt2rwould be more fully
supported with data explaining the extent of frestuand whether fracture may have
occurred away from the contact. As was seen inFilmmDoctor simulation of figure
2.20, the deformation of a rough surface can ci#arge elastic stresses in neighboring
hillocks. As these hillocks are related to theimgain these films, where the grain
boundaries act as stress concentration pointdufeacould potentially occur away from
the contact. This fracture would not be detectethexcurrent ECR test set-up, even if

contact were just outside the contact, as the tividaf the Al metal is extremely rapid.
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This would require the ability to image these fuaes at the surface. Initial
attempts, using both AFM and SEM, were unable sratn where the cracking had
occurred. Scans by AFM showed significant pileatpghe contact, and cracking was
obscured. However, if a means of detecting chamgége oxidation existed, from that in
the controlled oxidation of pure,@n the growth chamber as described in chaptertBeo
rapid oxidation in air, the type and extent of ftee could be analyzed.

Kelvin probe microscopy (see Nonnenmacher, et*afor more details) is a
variation of non-contact AFM, where the cantilevedriven away from resonance by
means of a lock-in amplifier, at constant distarfecen the sample. The potential
difference between the reference electrode, tylgi@lPt coated Si tip, and the sample
can then be measured accurately, typically on teramf 5 mv2*

Preliminary experiments on Cr films, where thenfihad been indented to 5gf
using a Beuhler Micromet with a Vickers tip, showedt work function differences in

the material could be measured in plastically detat regions, figure 6.1.

Figure 6.1.(a) Microindentation performed on a 100 nm Cr filmdicates large pile-up and
plastic deformation, as expectefh) Work function differences are also seen as then sca
transitions from undamaged to the plastically daedagegion, indicated by changes in potential
with respect to the Pt tip. The 130mV increasealtage implies a decrease in the work function
of the material. Scans were performed in collatiamawith David Ellison.

While this method would not be able to detect freetinside the pile-up region, by
placing very shallow indents in the material, thesgbility of fracture away from the

plastically deformed area could be probed. Foragk running through the film, likely

143



due to substrate cracking, figure 6.2, the pladéimage at the crack edge also causes a

change in the work function difference.

X

Figure 6.2. Higher resolution scans of the radial cracks sedigure 6.1 (a) The cracking in the
the substrate propagates to the surface, whentedieéo high loads causing a height difference
on either side of the cracKb) The potential voltage difference between the pdakhere KFM
shows a work function difference of 158mV only lire tdamaged region.

In the potential scan image of figure 6.2, it can deen that the 158mV increase in
potential is found only at the crack itself, noeothe area where the film has been lifted.
This is contrast to the height images, which shtived the surface to the right of the
crack has been elevated. While these work fundifferences may also be due to the
extent of the plasticity in the metal film, thisuadly has the effect of increasing the work
function, not decreasing it. A decrease in thekwionction could possibly be due to
increased oxygen vacancies in the oxide layer.te5o this theory, additional Al films
could be grown, and then rapidly oxidized in aindacompared to the controlled
oxidation in the growth chamber. From this, the qimty of precisely locating film
cracking and plastic deformation could be usefukfosituinvestigation.
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6.3. Electrical contact for film delamination

Flexible electronics, including amorphous solalisggouch screens, and next
generation robot tactile sensitive skin all rely refiable “soft” film systems. However,
when coupled to more conventional electronics thaseices often fail at the soft
film/metal interconnect or soft film/semiconductoterface??23*

A well-defined procedure for the mechanical tegtof adhesion exists for the
typical ductile metal films on hard substrates aadd film / hard substrates, such as W
and Cu multilayers on $f> This procedure calculates the buckling stregsof surface

debonding during indentation &%;

2 2
aB=”—EZ(£j , Eq. 6.1
12(1-v7)\ c

whereE andv are the Young’s modulus and Poisson’s ratio offilne, t, is the film
thicknessu is a geometric prefactor, ards the radius of the film blister (figure 6.3).
The film constants are typically determined fromneiadentation, and can be measured
ex situby light microscopy or AFM. However, the geomefrefactory, requires more
specific knowledge of the loading conditions at tinge of failure. In the case of a metal
film debonding from a semiconductor substrate, It@gling at time of failure is often
seen in discontinuities in the indentation loadtbdemrofile, such as large increases in
depth without an increase in load. Hard films whilelbond on unloading can be modeled

as a circular blister withy =14.6€ (figure 6.3af>’ Films which debond on loading are
typically modeled as pinned annuli, (figure 6.3bithvw =42.67. These are often
referred to as (a) single buckling, and (b) doutalekling.

(a) (b)
D AT A
h
#—-C-—b T +—cc—

Figure 6.3.(a) An unpinned circular blister, where the film bebsnah unloading, an¢b) a
pinned blister where debonding has occurred dudading. Adapted from Cordill et &’
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In the case of hard films on soft substrates, aghV on PMMA, there are no
discontinuities in the load-depth profile, and ashsthe loading conditions at failure are
not known. This complicates the testing procedutdsre, a simple system is proposed
for the testing of adhesion model for W films orypqmethyl methacrylate) (PMMA)
using conductive nanoindentation. Initial testsrmatal films/hard substrates with low
adhesion, such as copper on silicon, show signifigacreases in conductance on

unloading. Using the Maxwell model for conductarieg. 1.27, repeated here for clarity
G=— , Eq. 1.27

it can be seen that any large increaseS ion theunloadingwould likely be due to an
increased contact area and not oxide fracturethéddilm delaminates from the substrate
it can be understood that the area of the filndtptact would increase for either 6.3(a)
or 6.3(b). For metals with an oxide film, increaseG during the loading period could
be a result of either oxide failure, as in the ca$eAl, or debonding of the film.
Determinations of delamination would need to be ened situin this case. KFM,
described in 86.1.3 of this chapter, would be adgoandidate for this. Polycrystalline
Cu films have been well-documented regarding defation, and typically lose
adherence during the unloading segment. Here)Omin thick Cu films, grown directly
on a Si substrate, a large current spike can be deeng the unloading segment after
being indented to a displacement of 75 nm, figude 6
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Figure 6.4. A plot of displacement (dark triangles) and curr@et circles) versus time shows
that a large spike in the current occurs duringading in 200 nm Cu films.

The extent of delamination can be determined freeratio of the buckle radius, to the

contact diametera. For delamination, the ratigshould be larger than 3, with larger
a

ratios indicating a greater extent of delaminatidfar the indent of figure 6.4, the ratio,

Ewas determined by post-indentation scanning wighitidenter probe to be 3.4, which
a

indicates that the buckling was not extensive. Uke of a sharp indenter would have
been more appropriate for these experiments, buesing the delamination of films on
soft substrates, a large radius sphere would be mympropriate to avoid fracture of the
film or substrate. Using a simple system, suckVasn PMMA, which has already been
extensively studie@®* would provide a benchmark for testing other filntstrate
systems.

6.4. Deformation in iron oxides by conductive indetation

The earth minerals wistite, magnetite, martitenditge, and maghemite, while
making up an extremely small fraction of the Eartbrust, make up the majority of the
mixture known as “rust’. However, these matertzdse not been thoroughly explored
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with regard to length scale phenomena. Films gioFéhickness 34, 54, and 85 nm have
been grown in the same chamber as the aluminumiayeits discussed in chapter 3,
with at ambient temperature, at 2.4+0.1 mTorr of &ra rate of 0.6A/s. These Fe films
were then capped with an alumina layer to preveiation. The Fe films are epitaxial,
having no observable grain boundaries in a 5um,saat are very flat, with an rms
roughness of 0.6 nm. As the effect of the thimmaha scale on aluminum has been
explored, the properties of the Fe films can thennvestigated. After analysis of the
single crystal Fe, an examination of films of mageeon Fe can be made. These
magnetite films, deposited at 400°C, at 20.0 mborAr with 0.5 mTorr of oxygen at a
rate of 0.45 A/s, are grown directly on freshly pted Fe films under the conditions just
described. The magnetite grows epitaxially onRagwith the rms roughness increasing
slightly to 0.9 nm.

The mechanical properties, primarily hardness andiulus, of magnetite can
then be investigated by conventional nanoindentatio

Additionally, further experiments on the fractyseoperties of the alumina cap

can be probed, where the underlying elastic argtiplaonstraints has been varied.

6.5. Determination of dislocation identity in compessed silicon.

Despite the efforts of chapter 4, which showed tha dislocations caused post-
compression bending in the pillars, two issues rem&®ne, the type of dislocation was
not identified, and two the large strain gradieptesent from pillar bending were not
eliminated. These failures are mostly due to lrfaiof geometry. For determining the
dislocations type, the thin pillars bonded to th#bstrate present major imaging
constraints. Also, all pillars showed some evigent bending contours during situ
compression, even when tied curves were straight. Recent work from the Michle
group show that the plastic response of compressiedn does not change as a single
dimension increases in lendtff. Thus, thin “walls” of silicon also exhibit plasitig. This
can also be seen in the initial work of Stach, lefaa the indentation of the wedge-

plateaus used as sample substrates in chaptérRurther increasing the height of these
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pillars, thin walls could then be created by eitfeaus ion beam (FIB), or further wet
etching. One must be careful that the width of wia#l does not become too wide, or
bending will occur, as seen by Stdéh.If walls less than 1um in height and width, and
less than 100 nm in thickness were FIB milled, ttosld provide a stable platform for
indentation.  Additionally, it would provide a foithin enough for dislocation

determination by thege bx u or weak beam methods discussed in chapter 4. hanot

means of preparing a thin foil is the use of thgott polisher, followed by FIB milling,
as was done on the olivine sample in chapter 3.FBymilling and annealing the final
sample, the initial dislocation density should be,| and therefore the nucleation and
determination of dislocations should be similathat of the single crystal pillars. These
thin walls will then be indented using an indentath a sharp radius of curvature, and
large angle, such as a cube corner, to avoid @ithe supporting structure during time

situ indentation.

6.6. Application to geological materials

Olivine is a magnesium iron silicate that makes agproximately 80% of the
Earth’s mantle by volume. Like silicon, olivineasis very little evidence of plasticity at
room temperature in bulk samples, figure 6.5, ulad possibly show a length scale
brittle to ductile transition. Thus far, sampleogeetry had been an issue as the samples
were initially 1mni single crystals, but the development of the trigmmdishing/FIB
finishing scheme outlined in chapter 3 has alledahese issues. This development was
followed by the failure of the temperature contdlin situ indenter that was on loan
through a collaboration with Dr. Ryan Major from $i#tyon, Inc. The controller is
capable of heating and electrical contact duiingitu indentation, and due to geometry
constraints on the holder is designed only for daickoscopes Activation energies for
dislocation motion in constant thickness FIB milléthin foil” samples could be

measurable, by controlling both temperature arebstr
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Figure 6.5.(a) Optical images of radial cracks emanating from t¢beners of indents on the

(0001) face of single crystal olivindb) Dark field micrograh of a FIB lift-out of a regiarear a
crack tip in single crystal olivine, showing thatea near a crack tip there are few dislocations.
Samples are courtesy Professor David Kohlstedigwhé TEM micrograph is courtesy Dr. Ozan
Ugurlu. Diffraction data was not available.

6.7. Combining the twoin situ techniques

The combination of both electrical contact amditu TEM compression has been
the ultimate goal of this research. This becamessibility using the prototype holder,
described briefly in 86.5, which was available tbe proof of concept experiments
described below. However, during the availabibfythe prototype indenter, the video
capture system on the 100keV Jeol 1210 was nottpeal. Therefore, no videos were
taken during the compression. Compression teste \performed on n-doped VLS
grown Si wires grown by the Davydov group at NISWPillar diameters were sharply
distributed, ranging only from 120 to 140 nm. Hegywere more variable, from 600 to
1000 nm. Again, for these CVD pillars, no Au capsre present. However, unlike the
samples tested in chapter 4, the tops of theseddupars were rounded, figure 6.6.
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200 nm

Figure 6.6.(a) Micrograph taken with Jeol 1210 at 100keV, showéngillar, indicated by red
arrow, prior to being compressed.

Indents with a 5 s load segment, 3 s hold, andifi@ad to a nominal displacement of 80
nm were run. The nominal displacement can be ééfas 80 nm from the position of
the indenter at the start of the run, to the maxmadisplacement at the hold. As indents
were performed with the tip out of contact, theuattlisplacement is always less than the
nominal displacement. Typical displacements intacinwere on the order of 20 to 40
nm. The tip used was the carbide of the type dsed in chapter 2, which had been
machined as a flat punch. The applied bias wam¥0during the load and unloading
segments, while during the hold segment, the bis swept from -10 mV to + 10 mV,
and then back to over the entirety of the sweeger

Initial results show that as the tip comes intataot, the measured conductance
decreases, figure 6.7(a). This is likely a restithe work function differences in the two
materials, although this would need to be verifigkgly with KFM. The |-V sweep
suggests Ohmic behavior, figure 6.7(b), although tannot be verified, as the applied
bias range is very low.

Using the measured |-V sweep to calculate thestaste, roughly 80@k by
linear fit, and knowing the length, and cross-sectional ared, of the pillar from the

TEM micrographs, the resistivity, of the pillar was found to by,
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p=— Eq. 6.2

to bel.5QCem. Initially, the contact resistance is neglectadt, this can then be iterated

knowing that the tip/sample contact resistance series with the resistance of the pillar.
This converges for a tip/sample contact resistaficEO9Q, and a sample resistivity of
1.3Qtm, consistent with a roughly 10cmi® doping level. The actual doping level is
not known. The assumptions here are that the uesdoes not significantly contribute
to the resistance in the two-point measurement,tlaadthe beam effects are negligible,
which at this point are both broad assumptions.teBbthe assumption that the beam had
no effect, sweeps were ran out of contact with gilar, showing several orders of
magnitude less current, effectively flat for thetien bias region. However, the
conductance here i$ increasingly negative, giving credence to an argummegarding
differences in work function between the tip and dample, and) increases linearly
with displacement.

The effect is repeatable, in that further indeoits the same pillar gave near
identical results. No gross bending was seen dwisual observation of the pillars
under load. Likewise, no plasticity in the body tfe pillar was evident after
deformation. Nevertheless, residual plasticityséen in the load-depth curve, figure
6.7(a). This is like due to the high stressefatrobunded tip, which were observed to be

compressedThese are interesting results, which are wortth&rrinquiry.
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Figure 6.7.(a) Load — depth and conductance depth for a 110 imeder, n-doped, pillar
compressed with 10mV bias. More than 20 nm ofdtedi plasticity remains after compression,
appearing primarily at the rounded t{p) The |-V sweep, performed during the hold period fo
(a). There is some observation of creep duringsteep, as the load decreases at constant



This technique could therefore be used to meamsistance of single pillars of
various types, including conductive ceramics, aredats. Additionally, as plasticity is
introduced in Si, the number of carriers due tokbrobands increases, decreasing the
resistance. This is in contrast to metals, whestochtions, acting as scattering sites,
increase the resistance. With the previous uraledgtg of dislocation type, structure,

and density, qualitative measurements could be megrding carriem, increases as,

— “IeVF
= s E . 63
,0 > q

wherem is the mass of the electrdris the mean free pathjs the charge of an electron,
andve is the velocity at the Fermi level. The limitatibere though is that as dislocation
density increases are linked to mean free pathedses, so this cannot be used to exactly
determine the carrier concentration increases is ttho probe experiment. However,
relationships between dislocation densities intoedu during processing could be
explored with respect to the expected electricaperties.

6.8. Summary

Several experiments have been proposed heresto the capabilities of thia
situ techniques of this thesis forward, including theeistigations of film delamination
and fracture of oxides on metal films. Furtheiniely the experimental technique iof
situ TEM indentation to take full advantage of the instent capabilities has been a
major objective, and has found some success. idddity, both dislocation velocities
AND work hardening in silicon nanostructures hasrbevestigated. Silicon, arguably
the most important technological material of oundj has been shown that length scale
effects have a role in this enhancement in disliooatucleation and propagation. The

experiments in this chapter are provided as a meafusther explore these effects.
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