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Abstract 

Clay and graphene nanosheets are attractive to materials scientists due to their unique 

structural and physical properties and potentially low cost. This thesis focuses on the 

surface modification and structure design of clay and graphene nanosheets, targeting 

special requirements in polymer nanocomposites and energy storage applications. 

The high aspect ratio and stiffness of clay and graphene nanosheets make them 

promising candidates to reinforce polymers. However, it is challenging to achieve a good 

dispersion of the nanosheets in a polymer matrix. It is demonstrated in this study that 

organic modifications of clay and graphene nanosheets lead to better filler dispersion in 

polymer matrices. A prepolymer route was developed to achieve clay exfoliation in a 

polyurethane-vermiculite system. However, the phase-separated structure of the 

polyurethane matrix was disrupted. Intragallery catalysis was adopted to promote the clay 

exfoliation during polymerization. With both catalytic and reactive groups on the clay 

modifier, the polyurethane-vermiculite nanocomposites showed a significant increase in 

modulus and improved barrier performance, compared to neat polyurethane. The 

toughening effect of graphene on thermosetting epoxies and unsaturated polyesters (UPs) 

was also investigated. Various types of graphene with different structures and surface 

functionalities were incorporated into the thermosetting resin by in situ polymerization. 

The toughening effect was observed for epoxy nanocomposites at loading levels of less 

than 0.1 wt%, and a peak of fracture toughness was observed at 0.02 or 0.04 wt% of 

graphene loadings for all epoxy-graphene systems. A microcrack-crazing mechanism was 

proposed to explain the fracture behavior of epoxy-graphene systems based on 
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fractography observations. Similar peak behavior of fracture toughness was not observed 

in UP system. UP nanocomposites with modified graphene oxide showed better 

mechanical performance than those with unmodified graphene oxide, which was 

attributed to better graphene dispersion and a stronger UP-graphene interface. 

Graphene has also been extensively studied in energy storage applications, due to its 

high conductivity and surface area. In order to utilize the benefits of graphene, 

macroscopic graphene/V2O5 films and graphene aerogels were fabricated from the self-

assembly of graphene materials. The unique 2D structure of graphene helped to maintain 

the integrated film morphology in graphene/V2O5 composites and the monolithic 

macroporous structure in graphene aerogels. Good conductivity was obtained by 

incorporation of graphene sheets in the structure, which results in good electrochemical 

performance as electrode materials for batteries or supercapacitors. The facile preparation 

methods allow good control of the composition and thus the properties of the 

macroscopic graphene nanostructures. 

(399 Words) 
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Chapter 1 

Introduction 

 

1.1  Background 

The capability to generate two-dimensional (2D) nanosheets from bulk layered solids 

has spawned extensive research over the past few decades.
1-5

 Due to their unique 

structure and physical properties associated with 2D confinement, 2D nanomaterials have 

attracted interest from a variety of fields, including polymer composites, energy storage, 

semiconductors and catalysis, etc.
6-10

 Clay and graphene nanosheets are among the most 

promising 2D nanomaterials, because they can be potentially produced at a large scale 

from abundant natural clays and graphite minerals.  

Since Toyota researchers demonstrated remarkable property enhancement of nylon by 

exfoliated clay nanosheets in the late 1980s, clay materials have been extensively studied 

to improve the performance of a wide range of polymeric materials.
11

 Typical property 

enhancements include improved stiffness, strength, thermal stability, flame retardant 

performance, and barrier performance. Despite the success of clay exfoliation in nylon, it 

is still challenging to achieve industrial applications of clay materials in polymer 

composites. The challenge is to mitigate the interactions between clay sheets by suitable 

organic modifications and to exfoliate the clay in solvent-free processes. Also, the 

majority of the polymer-clay nanocomposites are focused on montmorillonites (MMTs), 

so it is of great interest to develop the technology for the exfoliation of other types of clay 

materials in polymer matrices.  

Graphene, an atomically thin layer of carbon atoms, has emerged as another 

promising materials for polymer nanocomposites.
6, 12

 Compared to clay nanosheets, 

graphene has a number of advantages, such as higher stiffness, strength, electrical 

conductivity, and thermal conductivity. Due to the large size of the graphene nanosheets, 

percolation can be reached at small volume fractions. However, similar to polymer-clay 
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systems, the dispersion of exfoliated graphene nanosheets requires good compatibility 

between graphene and the polymer matrix. Tremendous efforts have been undertaken by 

materials chemists to attach various functional groups to the surfaces or edges of 

graphene sheets for desired improvements in polymer nanocomposites.
13-14

 Even though 

a significant portion of the literature has reported excellent improvements, unfortunately, 

many industrial applications are still obstructed by the high material cost, or high 

processing cost of graphene-based nanocomposites. In addition, the effects of graphene 

on property enhancement of engineering polymers still need to be improved for practical 

applications.  

Graphene also finds applications in electrical energy storage as an advanced electrode 

material.
15-16

 Graphene itself has shown high energy and power density due to its high 

electrical conductivity and high surface area. By integrating graphene materials into 

composite electrodes, boosted performance is typically observed, resulting from the 

intimate contact of active material with graphene and the facilitated electrical pathway. It 

was recently discovered that graphene can be assembled into three-dimensional (3D) 

macroscopically functional systems, such as conductive films or porous monoliths, which 

still possess the inherent properties of graphene nanosheets.
17-20

 The flexibility, higher 

surface area and electrical conductivity offer them great opportunities for use in advanced 

applications, such as wearable electronics, 3D batteries, and miniaturized sensors.  

The goal of this research is to explore the effective utilization of clay and graphene 

nanosheets in advanced applications, specifically to address the abovementioned 

challenges in polymer nanocomposites and the assembly of graphene functional 

nanostructures. Research methods involve surface functionalization and/or organic 

modifications of the nanosheets to achieve the desired surface property, followed by the 

development of scalable processing protocols to obtain well-integrated nanocomposites. 

Polymer nanocomposites are prepared in a solvent-free process. Property enhancements 

are evaluated, and mechanisms for property enhancement are proposed. In addition, the 

structures and morphologies of self-assembled macroscopic graphene nanostructures will 

be characterized in detail, and their electrochemical performance will be evaluated. 
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1.2  Clay and polymer-clay nanocomposites 

1.2.1 Clay minerals and organoclays 

Clay minerals are weathering products of rocks and naturally abundant in a variety of 

compositions. They are a class of hydrous aluminosilicates with layered structure. The 

clay materials used in polymer nanocomposites are generally classified as 2:1 

phillosilicates. In their crystal structure, one clay sheet is comprised of one layer of AlO4 

octahedra sandwiched by two layers of SiO4 tetrahedra. AlO4 octahedra and SiO4 

tetrahedra are connected with corner-sharing O atoms, as shown in Figure 1.1.
21-22

 The 

thickness of one clay layer is about 1 nm, and the lateral dimension can range from 

several tens of nanometer to several micrometers. Due to the isomorphic substitution of 

Al
3+

 with Mg
2+

 or Fe
2+

, the clay layers carry negative charges that are balanced by alkali 

or alkaline earth cations, residing in the interlayer or intergallery spaces. The stacking of 

clay sheets results from electrostatic interactions between the interlayer cations and the 

clay sheets, as well as from van der Waals interactions between clay sheets. Some 

common 2:1 phyllosilicates are shown in Table 1.1. Montmorillonite (MMT) is the most 

widely studied clay in polymer nanocomposites because of its low cost, ready 

availability, well-known intercalation/exfoliation chemistry, high surface area, and 

surface reactivity.  

 

Figure 1.1 The crystal structure of 2:1 phyllosilicates. (Reproduced from ref 22 with permission.) 
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Table 1.1 Classification and examples of clay minerals.
23

 

Group Examples Ideal composition
 
* 

Basal 

spacing 

(nm) 

Smectite Montmorillonite [(Al3.5-2.8Mg0.5-0.2)(Si8)O20(OH)4]Ex0.5-1.2 12.4-17 

Hectorite [(Mg5.5-4.8Li0.5-1.2)(Si8)O20(OH)4]Ex0.5-1.2 

Saponite [(Mg6)(Si7.5-6.8Al0.5-1.2)O20(OH)4]Ex0.5-1.2 

Illite Illite [(Al4)(Si 7.5-6.5 Al 0.5-1.5 )O20(OH)4]K0.5-1.5 10 

Vermiculite Vermiculite [(Al4)(Si6.8-6.2Al1.2-1.8)O20(OH)4]Ex1.2-1.8 9.3-14 

*: Metals in the octahedral layer are shown in the first parentheses, Si or Al in the tetrahedral layer shown 

in the second parentheses. Ex is the exchangeable interlayer monovalent cation. 

 

The high theoretical aspect ratio of individual clay sheets is very attractive to the field 

of polymer composites. However, a physical mixture of a polymer and natural clay may 

not form nanocomposites due to the incompatibility between hydrophilic clay sheets and 

the organic polymer matrix. In order to render the hydrophilic natural clays more 

organophilic, the interlayer cations can be exchanged with organic modifiers, such as 

alkylammonium or alkylphosphonium ions.
22

 The modified clay nanosheets are typically 

called organoclays or nanoclays, and their surface energy is lowered and thus more 

compatible with organic polymers.  

Besides the change in surface hydrophobicity, organoclays also display an expansion 

of clay galleries after the intercalation of alkyl chains. Supported by X-ray diffraction 

data, it has been proposed that the intercalated alkyl chains can adopt different 

configurations in the gallery, from a monolayer to a paraffin-like arrangement, depending 

on the charge density of clay surfaces.
24
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Figure 1.2 Representations of (a) monolayer, (b) bilayer and (c) paraffin-like interlayer arrangements for 

cetyltrimethylammonium-modified clays. (Reproduced from ref 24 with permission.) 

 

1.2.2 Synthesis and structure of polymer-clay nanocomposites 

The dispersion state of clay nanosheets in the polymer matrix is crucial to the 

properties of the nanocomposite. Depending on the interactions between nanoclays and 

the polymer matrix, two types of nanocomposite structures can be obtained, intercalated 

and exfoliated nanocomposites,
7
 as shown in Figure 1.3.  Intercalated nanocomposites 

result from the intercalation of polymer chains into the interlayer space. Exfoliated 

nanocomposites involve a complete separation of the clay sheets, and all the layers are 

well dispersed in the polymer matrix. An exfoliated structure is highly desired, because it 

tends to offer the best property enhancement.  

 

Figure 1.3 Schematic illustrations of two types of polymer-clay nanocomposites. Clay nanosheets are 

shown in blue. 
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A number of preparation methods have been explored to optimize clay dispersion in a 

wide range of polymers. Three main methods are mostly used: solution blending, melt 

processing, and in situ polymerization (Figure 1.4).
7
 Solution blending employs a suitable 

solvent to solubilize both polymers and clays. Organoclays tend to swell in organic 

solvents, and therefore are viable to the intercalation of polymer chains. Subsequent 

removal of the solvent results in the polymer-clay nanocomposite. The disadvantages of 

this method are the high cost and environmental issues associated with the use of 

solvents. Melt processing involves the mixing of organoclays and molten polymers in an 

extruder at elevated temperatures, and the continuous high stress during the mixing 

causes the delamination of clay sheets. This method has the advantage of being a simple, 

low-cost and green process, but it is not applicable to many engineering polymers, such 

as thermosetting polyurethanes and epoxies. Also, the degradation of the polymer matrix 

at high temperatures could be an issue.  

 

Figure 1.4 Schemes of three commonly used preparation methods for polymer-clay nanocomposites. (a) 

Solution blending, solvent molecules are shown as red points. (b) Melt processing. (c) In situ 

polymerization, monomers are shown as brown points. 
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In situ polymerization includes two steps: swelling of clay by monomers and 

subsequent polymerization in between the clay sheets. Easy processing of low-viscosity 

monomer/clay dispersion and no solvent usage make it industrially attractive. Since the 

demonstration of exfoliating MMT in nylon by the Toyota research group, in situ 

polymerization has been applied to other polymer systems as a convenient method. One 

obvious advantage of this method is the tethering effect, because the reactive groups on 

clay nanosheets or organic modifiers can participate in the polymerization process. The 

drawback of this process is that a suitable combination of monomers/clays is required to 

achieve clay exfoliation, so it may also require special functional groups on the clay 

modifier. One common consideration of organomodifiers for clay modification is the 

reactive group that facilitates covalent tethering of polymer chains on the clay surface, 

which may increase the clay-polymer matrix interactions and also enhances clay 

exfoliation. Exfoliation of MMT was observed for in situ polymerized PU-MMT 

nanocomposites with an organoclay that had reactive groups.
25

 A mono-protonated 

diamine curing agent was used to modify MMT, so the remaining amine group provided 

tethering reaction with the epoxy resin, resulting in clay exfoliation in the epoxy 

polymer.
26

  Polymerization catalysts were also integrated into the clay structure to enable 

intragallery catalysis during in situ polymerization with monomers. The fast intergallery 

growth of polymer chains exerts a strong elastic force on the clay nanosheets, driving the 

clay particles towards exfoliation as polymer chains are formed.
27

  For instance, Ziegler-

Natta type catalysts can be fixed into the interlayer space by anchoring them on the 

modifier,
28-30

 and clay intercalation and exfoliation occurs in situ with the polymerization 

of olefins or acrylates. 

 

1.2.3 Properties of polymer-clay nanocomposites 

The moduli of the clay sheets are estimated to be as high as 270 GPa,
31

 so with a high 

aspect ratio of exfoliated clay nanosheets, a substantial increase in modulus is generally 

expected in nanocomposites. The advantage of clay exfoliation was first demonstrated in 

the nylon-6/clay system. Nylon-nanoclay nanocomposites exhibit a dramatic change in 
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modulus at low filler loadings, compared to composites with conventional glass fibers 

(Figure 1.5a).
32-33

 With only 4 wt% of MMT, the mechanical properties were improved 

with a 70 % increase in Young’s modulus and a 40 % increase in tensile strength. 

Exfoliated nylon-MMT nanocomposites showed higher improvement than the 

intercalated nanocomposites (Figure 1.5b).
34

 In addition, Figure 1.5c shows that a higher 

modulus resulted from nanocomposites with MMT (average sheet size of ~100 nm) than 

from those with saponite (average sheet size of ~ 50 nm).
33

 Various theories have 

predicted that in a particle-filled polymer composite, the Young’s modulus will increase 

significantly if the filler particles have high stiffness and high aspect ratios, assuming a 

uniform array of filler particles in the matrix.
32, 35

 For example, Figure 1.5d shows the 

calculated effect of the stiffness and aspect ratio of disk-shaped fillers on the modulus of 

nylon-based nanocomposites (in-plane modulus, E11) according to the popular Mori-

Tanaka model.
32

 Clearly, the reinforcing effect becomes much more dramatic if the filler 

particle has a higher stiffness and aspect ratio.  

It is worth noting that the polymer-filler interaction is also strong in intercalated 

structures, so intercalated nanocomposites also exhibit property enhancements, although 

in most cases, not as high as exfoliated nanocomposites. For example, the Young’s 

modulus of thermoplastic polyurethane (TPU) was improved by 114 % with 5 wt% of 

exfoliated nanoclays, whereas intercalated TPU-nanoclay composites only showed a 71 

% increase in modulus. 
25

  

Although the incorporation of nanoclay improves the modulus of the polymer-clay 

nanocomposites almost unanimously, the tensile strength of the nanocomposites varies 

strongly, depending on the nature of the polymer matrix and polymer-filler interactions.  

For polar polymers, such as nylon, polyurethanes, poly(methylmethacrylates), higher 

tensile strength values are observed for nanocomposites than for neat polymers, due to 

strong polymer-filler interactions, such as polar dipole, hydrogen bonding, ionic or even 

covalent bonding. However, for nanocomposites that lack strong interfacial adhesion, no 

or only a very slight enhancement in tensile strength results. For example, polystyrene-

clay nanocomposites prepared by emulsion polymerization showed a decrease in tensile 
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strength with increasing filler content, which was attributed to the weak interactions 

between polystyrene and clay particles. 

 

Figure 1.5 (a) Comparison of reinforcement of nylon 6 by organically modified MMT and glass fibers. (b) 

Modulus at 120 °C versus the clay diffraction intensity (Im) in the XRD of nylon-MMT nanocomposites. 

Lower Im indicates a higher degree of clay exfoliation. (c) Dependence of the modulus of nylon-6 

nanocomposites at 120 °C on clay content. The filler is MMT (size: 100 nm) for NCH and saponite (size: 

50 nm) for NCHP. (d) The effect of filler aspect ratio and modulus on the longitudinal reinforcement of 

composites based on disk-like fillers as determined by Mori-Tanaka theory. E, Em and Ef are the 

longitudinal modulus of the composite, matrix and filler, respectively; vm and vf are the Poisson’s ratio of 

the matrix and filler, respectively. (Reproduced with permission: (a) and (d) from ref
32

, (b) from ref
34

, (c) 

from ref
33

.) 

 

Another noted improvement of polymer-clay nanocomposites is in their barrier 

performance. Clay nanosheets are crystalline and impermeable to gas or liquid molecules. 

When clays are introduced into a polymer matrix, gas molecules have to go through a 

tortuous path created by the clay nanosheets, as illustrated in Figure 1.6a.
36

 Compared to 

the neat polymer matrix, gas molecules have to travel a much longer path to permeate the 

matrix in nanocomposites, so that the permeability decreases subsequently. It is clear that 
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a higher aspect ratio (L/W) of filler particles results in lower gas permeability of the 

nanocomposites. Osman et al. measured the oxygen and water barrier performance of 

epoxy-MMT nanocomposites with two levels of clay dispersion. Lower oxygen 

permeability and water transmission rate were observed for nanocomposites with a higher 

level of clay exfoliation.
37

 This can be easily seen from Figure 1.6b, given that with a 

higher level of clay exfoliation, the filler particles possess smaller thickness and thus 

higher aspect ratio.  

Various models have been proposed to predict the change in permeability of polymer 

clay nanocomposites.
36

 For example, Cussler et al. suggested that for composites with 

flake-shaped filler particles in a regular array similar to Figure 1.6a, the relative 

permeability of the composites to matrix polymers can be estimated by 

  

  
    

    

   
   ,  

where pc and po are the permeability coefficients for composites and matrix polymer, 

respectively, and α and ϕ are the aspect ratio and volume fraction of filler particles, 

respectively.
38

  

The change in relative permeability coefficient is plotted for different aspect ratio 

values in Figure 1.6b. It can be seen that the effect of the aspect ratio of flake-shaped 

fillers on the barrier performance becomes more dramatic for high aspect ratio fillers. The 

change can be correlated to nanocomposites with different clay dispersion states. Despite 

their simplicity and many assumptions, the permeation models can give an idea of the 

aspect ratio of filler particles in nanocomposites. Simulated results can be plotted with 

experimental results for comparison. By fitting the experimental results for different clay 

contents, the aspect ratio values can also be extracted.
39

 It should be noted that the barrier 

performance of a nanocomposite is the interplay of clay dispersion and polymer-clay 

interaction. For instance, an increase in oxygen transmission rate was observed for one 

type of polyurethane-clay nanocomposites, which was attributed to the impact of phase 

separation and an increase in free volume after the incorporation of the nanoclay.
40
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Figure 1.6  (a) Schematic illustration of the tortuosity in polymer composites with flake-shaped platelets in 

a parallel array. (b) The change of relative permeability coefficient on composites with different filler 

aspect ratios (α). Pc and Pm are the permeability coefficient for the composite and matrix. (Reproduced with 

permission from ref 
36

 for (a).) 

 

1.3  Graphene and polymer-graphene nanocomposites 

1.3.1 Graphene and synthesis of graphene 

Graphene has a two-dimensional, single layer structure of carbon atoms in a 

hexagonal lattice. It can be considered as the basic building block of other carbon 

allotropes that are obtained, in principle, by rolling, zipping or stacking graphene sheets, 

as shown in Figure 1.7.
41

 Although it has been well known for decades that the structure 

of graphite is composed of stacked graphene layers, deriving a 2D graphene from 

graphite was regarded to be impossible. When in 2004 a single layer graphene was 

isolated from graphite by repeated peeling using a Scotch-tape,
2
 the field of graphene 

research was ignited, and there have been extensive studies on its preparation, properties, 

and applications. Defect-free graphene was reported to have a Young’s modulus of 1 TPa 

and a tensile strength of 130 GPa,
42

 a thermal conductivity of ~5000 W/(m K)
43

 and an 

electrical conductivity of 6000 S/cm.
44

 These exceptional properties, as well as a high 

surface area and high aspect ratios, have attracted tremendous attention in many 

applications, making graphene one of the most intensively studied materials to-date.  

 



 

12 

 

Figure 1.7 Schematic representation of the transformation from 2D graphene to 0D buckyballs, 1D carbon 

nanotubes and 3D graphite. (Reproduced from ref 
41

 with permission.) 

 

A lot of synthetic routes have been developed to produce graphene with well-defined 

sheets, as summarized in Figure 1.8. The “Scotch tape” method, chemical vapor 

deposition, and direct liquid exfoliation of graphite can be used to prepare high quality 

graphene, but they are not suitable for large scale production of graphene, due to the low 

yield and slow process. An alternative route is to produce graphene from exfoliation of 

graphite derivatives, namely a graphite intercalation compound (GIC) or graphite oxide 

(GO). Thermal expansion of GIC often results in less exfoliated nanoplatelets with 

hundreds of carbon layers. In contrast, GO is much more promising and widely used in 

the literature, because it can be easily reduced to single- or few-layered graphene by 

chemical treatments (CRG) or rapid thermal treatments (TRG). The cheap cost of 

graphite minerals and the scalable process from GO provide the opportunity to produce 

graphene on a large scale for applications involving polymer nanocomposites, catalysts, 

energy storage materials, etc. As such, the following introduction is focused on GO-

derived graphene materials. 



 

13 

 

Figure 1.8 “Top-down” methods of graphene production from graphite. (Adapted from ref 
6
 with 

permission.) 

GO is synthesized by treating graphite with strong oxidants and acids. The synthesis 

can be dated back to over 150 years ago,
45

 and various methods have been developed 

with different strong oxidants and acids, such as KClO3, KMnO4 and NaNO3, and H2SO4, 

H2SO4/HNO3 and H2SO4/H3PO4.
46-48

 Despite the difference in synthesis, GO typically 

contains a number of oxygen-containing groups resulting from the oxidation process, 

such as hydroxyl, carbonyl, epoxide groups on the basal plane, and carboxyl and carbonyl 

groups on the edge, as shown in the proposed structure (Figure 1.9a).
49-50

 GO is highly 

hydrophilic and can be easily exfoliated in water, because of the presence of abundant 

surface polar groups. Also, after the oxidation, the d-spacing is increased substantially 

from 0.34 nm for graphite to 0.6 – 1.2 nm for GO (depending on the humidity). It is 

worth noting that oxidation of graphite destroys the conjugated carbon lattice, so GO is 

insulating.  

The high conductivity of graphene can be restored in GO by various reduction 

methods. The most commonly used approaches involve a chemical reducing agent, such 

as hydrazine,
51

 or thermal treatment,
52

 and Figure 1.9 shows the reducing mechanism. It 

should be noted that the obtained graphene nanosheets are not the same as pristine 

graphene, because they contain many structural defects. The oxidation of graphite can 

create defects in GO due to the attack of strong oxidants, which could not be restored 
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after reduction to graphene.
53-54

 Additionally, in the thermal exfoliation method, lattice 

carbon is lost in the form of gaseous COx, leaving vacancies and topological defects.
52

 

The graphene materials synthesized from the reduction of GO always have a small 

amount of oxygen, resulting from incomplete removal of surface groups. For example, 

the C/O atomic ratio can be as high as 2:1, but in the hydrazine-treated or thermally 

reduced graphenes, the C/O atomic ratio is decreased to 10:1, suggesting the presence of 

some remaining surface or edge groups in the graphene nanosheets.
51-52

 In spite of the 

structural defects and elemental impurities, GO-derived graphene still possesses high 

aspect ratios and reasonably high conductivity, which are beneficial for polymer 

nanocomposites. In fact, the structural defects and remaining surface groups provide 

possible sites to allow further surface functionalization of graphene, offering better 

design and fine-tuning of the graphene materials for specific applications.  

 

Figure 1.9 (a) Proposed structure of GO by Lerf-Klinowski (carboxyl groups on the edge are omitted). (b). 

Proposed pathway for epoxide reduction with hydrazine. (c) Atomistic model of the GO-to-graphene 

transition by thermal treatment. CO2 molecules are emitted, leaving vacancies and structural defects on the 

graphene plane. (Carbon and oxygen atoms are depicted in blue and red, respectively). (Reproduced with 

permission: (a) from ref 
50

, (b) from ref 
51

, (c) adapted from ref 
52

.) 
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1.3.2 Functionalization of graphene materials for polymer nanocomposites 

Graphene materials are typically large neutral sheets, and compared to clay 

nanosheets, the interactions between graphene and polymer matrix are improved. Still, 

due to the lack of surface functional groups, restacking or aggregation of graphene can 

easily result if the graphene-polymer compatibility is poor.  

In the last section, it was mentioned that some functional groups are still present in 

GO-derived graphene, which could aid the graphene dispersion in polymer 

nanocomposites. For example, TRG has shown significant property enhancement in 

several polymer matrices without any surface treatment. Exfoliation of TRG was 

observed in TPU by mixing in dimethylformamide, and the modulus was doubled with 

only 0.5 wt% of TRG.
55

   

However, chemically reduced graphene (CRG) tends to aggregate after the reduction 

if no functionalization or stabilizing agents are present, and the filtration of CRG out of 

the dispersion causes restacking of graphene sheets to form a paper.
17

 Different 

functionalizations have been pursued to improve the dispersion of CRG in polymers. As 

mentioned above, the GO-derived graphenes have structural defects, so they are prone to 

radical attack. For example, diazonium chemistry was employed to create an ATRP 

initiator on the basal plane of CRG, and then polystyrene chains were further grown on 

the surface (Figure 1.10a).
56

 The polystyrene-functionalized CRG showed a 57.2 % 

improvement in modulus and a 69.5 % increase in strength, which are ascribed to the 

better dispersion and strong PS-graphene interface. Polymer chains can also be grafted on 

the basal plane of GO before it is reduced to graphene (Figure 1.10b). When the C=C 

bond in GO was subjected to radical addition during the free-radical polymerization of 

vinyl monomers, the grafted GO and GS showed good dispersity in organic solvents.
57

 

The remaining hydroxyl groups on CRG can also be used for functionalization. 

Diisocyanate was used to create –NCO group on GO so that it could be covalently bound 

to the matrix during in situ polymerization with polyurethanes (Figure 1.10c).
58
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Figure 1.10 Schematic illustrations of functionalization of CRG by (a) ATRP reaction, (b) free-radical 

polymerization, and (c) isocyanate-hydroxyl reaction. (Reproduced with permission: (a) from ref 
56

, (b) 

from ref 
57

, and (c) from ref 
58

.) 

 

With abundant surface groups, GO can be actually considered as heavily 

functionalized graphene. The polarity of GO enables strong polymer-graphene 

interactions for a wide range of polar polymers, such as polyethylene oxide, 

polyvinylalcohol, poly(methylmethacrylate) or epoxies. GO can be dispersed in water 

with PEO or PVA,  and nanocomposites with well exfoliated GO can be obtained after 

removal of water.
59

 GO was also dispersed in epoxy resin and the in situ polymerized 

epoxy-GO nanocomposites showed great improvements in flexural properties and 

fracture toughness.
60

 GO can also be modified to be hydrophobic. Octadecyl groups were 
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grafted onto GO by the reaction of octadecylamine (ODA) with epoxide or carboxyl 

groups on GO, prior to the reduction, and the ODA-GS can be easily dispersed in 

nonpolar solvents such as toluene, DMF.
61

 The reaction based on epoxide and carboxyl 

groups has been mentioned for the ODA functionalization, while the hydroxyl group can 

react with organic isocyanates to render the hydrophobicity, as shown in Figure 1.11.
62-63

  

The resulting isocyanate-modified GO shows good dispersity in DMF and polystyrene.
62

 

When a diisocyanate is used to react with the hydroxyl group on graphene surface, the 

remaining isocyanate groups can be used to extend the grafted groups, such as a diamine 

or a diol.
64-65

 Multiple functionalizations can also be carried out on graphene to enrich the 

surface with different functionalities. Pramoda et al. modified the GO surface with ODA 

and methacryloyl chloride, resulting in C=C-GO with good compatibility to polymer 

matrix and reactive groups to radical polymerization.
66

 The GO-C=C was incorporated to 

bulk polymerized PMMA, and the nanocomposite showed a 55 % increase in modulus 

and a 12 °C increase in glass transition temperature with 0.5 wt% of graphene loading.  

 

Figure 1.11 Schematic representation of the reaction between organic isocyanate and GO. (Reproduced 

from ref 
62

 with permission.) 

 

1.3.3 Properties of polymer-graphene nanocomposites 

The aspect ratios of graphene filler particles and polymer-graphene interactions are 

the key aspects in polymer nanocomposites. In many cases graphene is already in a 

relatively exfoliated state before the incorporation into polymers, so the challenge is to 

prevent graphene from restacking or aggregating during the processing. As discussed in 

section 1.3.2, a variety of functional groups can be created based on reactions with 

hydroxyl, epoxide, carboxyl, and unsaturated C=C groups to improve the polymer-
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graphene compatibility and adhesion. The commonly used processing methods for 

polymer-graphene nanocomposites are the same as those mentioned in section 1.2.2, 

including solvent mixing, in situ polymerization and melt processing.
14

 For each method, 

a proper surface functionalization will aid the graphene dispersion and the interfacial 

strength in the final nanocomposite. For example, by taking the advantage of the polar 

groups on GO, nanocomposites with water soluble polymers, such as PEO, PVA and 

nafion, can be prepared by a solvent mixing method.
59, 67-68

  

Graphene has high aspect ratios and a high modulus, so significant improvements in 

mechanical properties of polymer nanocomposites usually can be obtained at small 

loadings, especially for elastomeric matrices. The Young’s modulus of silicon 

foam/graphene nanocomposites showed a 200% increase with only 0.25 wt% graphene.
69

 

A 10-fold improvement in modulus was observed for thermoplastic 

polyurethane/graphene nanocomposites with 3 wt% of modified GO prepared via a 

solvent mixing method. The significant reinforcing effect is an indication of good 

dispersion of graphene in the polymer matrix, but it should be noted that such high 

improvements can only be observed for low-stiffness polymers. According to composite 

theories, the reinforcement is higher for composites with greater stiffness contrast 

between the filler and matrix.
35

 For example, with 0.25 wt% of TRG in poly(urethane-

acrylate), the improvement in modulus was 70 % above the glass transition temperature, 

whereas no noticeable reinforcement was observed in the glassy state below the glass 

transition temperature.
70

 Still, a 38 % improvement in modulus was observed in PVA-GO 

nanocomposites at 1 wt% of GO,
71

 and ~50 % improvement in modulus in epoxy-TRG 

nanocomposites at 0.1 wt% of TRG.
72

 A surprising improvement was reported with 33% 

at 0.01 wt% of TRG in PMMA by Ramanathan et al., and the author attributed the 

significant reinforcement to the mechanical interlocking effect of the wrinkled graphene 

surface and the strong interactions between TRG and PMMA via H-bonding.
73

 

Another great advantage for graphene is that it can provide a percolated network for 

electron transfer. Graphene-based nanocomposites of polystyrene, epoxies, polyurethanes 

and PMMA have shown significantly improved conductivity.
6
 Although similar effects 

can be obtained with carbon black or expanded graphite, the high conductivity and aspect 
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ratio allow the network percolation at significantly low loadings.
6
 Percolation is a good 

indicator of the graphene dispersion states. According to percolation theory, the electrical 

conductivity of the composite, above the percolation threshold, is given by 

          
  , for ϕ> ϕc 

where σ and σf are the conductivity of the composite and filler, respectively, ϕ  the 

volume fraction of filler, ϕc the percolation volume fraction of fillers, and t the critical 

exponent.
74

 As shown in Figure 1.12, the electrical conductivity increases dramatically at 

the percolation loading. The percolation concentration of graphene (ϕc) can be obtained 

by fitting the measured conductivity values versus the volume fracture of graphene 

according to the above equation.
63, 70

 The conductive nanocomposites can be used in 

conductive coatings, EMI shielding, or antistatic coatings.   

 

 

Figure 1.12 Change of conductivity (σ) of polymer composites with graphene volume fraction. 

(Reproduced from ref 
75

 with permission.) 
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1.4  Assembly of graphene into macroscopic nanostructures 

1.4.1 Graphene papers 

    Self-assembly is an important approach to produce macroscopic materials from 

nanostructured particles in a controlled manner. There can be many types of interactions 

between different graphene or GO sheets, such as hydrogen bonding, π-π interactions, 

and van der Waals interactions. Although many studies have extensively focused on how 

to mitigate these interactions to achieve better layer separation, in some systems, such 

interactions can be utilized to build a “bottom-up” graphene nanostructure.
76-77

  

It has been known that under directed flow conditions, such as vacuum filtration, long 

aspect ratio particles, such as expanded vermiculites or carbon nanotubes, can self-

assemble into a paper-like macroscopic film.
78-79

 By using this method, the assembly of 

graphene oxide nanosheets into a free-standing paper was achieved first by Adkin, et al. 

when an exfoliated aqueous GO dispersion was passed through a membrane filter under 

vacuum (Figure 1.13a).
18

 The GO paper was composed of well-stacked GO nanosheets, 

and despite the flexibility, it exhibited excellent mechanical properties, such as a modulus 

of 32 GPa and a strength of 80 MPa, which outperformed a carbon nanotube paper.
18

 The 

mechanical properties can be further improved by introducing crosslinking between the 

GO sheets. This was achieved by doping the GO paper with less than 1 wt% of divalent 

metal ions, such as Mg
2+

 and Ca
2+

, and a ~200 % increase in modulus was reported.
80

 

The surface of GO paper could be rendered hydrophobic by ODA treatment, and a 

thermal reduction further improved the superhydrophobicity, as evidenced by the contact 

angle measurements (Figure 1.13c).
81

 GO paper is insulating, but if a colloidal dispersion 

of graphene is used, an electrically conductive graphene paper can be obtained. After 

thermal annealing, such a graphene paper displayed an extraordinary conductivity of 350 

S/cm and improved thermal stability compared to GO paper.
17

 The stiffness was observed 

to increase with thermal treatment at higher temperatures due to better ordering, 

enhanced contact and interactions between graphene sheets.  
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Figure 1.13 (a) Optical (a’, b”) and SEM (c’, d’) images of the assembled GO paper. (b) Schematic 

representation of the crosslinking of GO sheets by divalent metal ions (a’) and the proposed mechanism for 

the enhanced mechanical properties of GO paper after metal modification(b’). (c) Schematic illustration of 

the ODA modification of GO paper (a’) and the contact angle measurements for GO, ODA-GO and 

thermally treated ODA papers (b’). (Reproduced with permission: (a) from ref 
18

, (b) from ref 
80

, (c) from 

ref 
81

.) 

 

Highly conductive graphene paper is of great interest as an electrode material for 

energy storage, not only because it can serve as the electrode or conductive electrode 

support for batteries or supercapacitors, but also because its high flexibility makes it a 

promising candidate to power flexible devices, such as a bendable reader or wearable 

electronic device. The advantage of a free-standing electrode is that no binder is needed, 

so that the fraction of active material in the composite can be increased compared to 

conventional composite electrodes with a binder. Graphene paper was first tested as a 
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free-standing electrode for lithium batteries. A high initial discharge capacity but poor 

cycling performance was first reported for annealed graphene paper, so it could only be 

used in primary batteries.
82

 However, Abouimrane et al. found that the reversible 

discharge capacity increased for a non-annealed graphene paper anode.
83

 As a support for 

electrodes, graphene paper was coated with a layer of amorphous V2O5 by pulsed laser 

deposition and assembled in a flexible battery.
84

 The V2O5 coated on graphene paper 

showed a much higher capacity compared to V2O5 on Al foil, but the distribution of V2O5 

throughout the film was uneven. Active materials can be incorporated into the paper in a 

co-assembly process to ensure even distribution of active materials in the composite 

electrode. Si nanoparticle-graphene paper was obtained by filtrating a mixture of Si 

nanoparticles and an aqueous dispersion of reduced graphene. The composite paper 

showed a much higher discharge capacity than the graphene paper as anode materials for 

Li ion batteries. The significantly improved cycling performance indicates that the 

graphene funtions as a flexible mechanical support for the strain release for the volume 

change of Si nanoparticles during the lithium insertion/extraction.
85

 Metal oxide 

nanoparticles, polyaniline, carbon blacks and carbon nanotubes have been incorporated 

into the graphene paper to increase the electrochemical performance significantly,
86-89

 

demonstrating that the integrated graphene nanosheets can provide a mechanically stable 

support while maintaining excellent electrical contact.  

 

1.4.2 Graphene hydrogels or aerogels 

Besides the self-assembly induced by directed flow, the GO aqueous dispersion have 

also been recently reported to undergo a sol-gel self-assembly in certain conditions. The 

resulting monolithic hydrogels can be dried to form highly porous aerogels by freeze-

drying or treatment with supercritical CO2. Due to the large size of GO sheets, they form 

contacts with each other at very low concentrations upon gelation. A good and stable 

dispersion of GO or graphene nanosheets is typically required to start the self-assembly, 

which is readily achieved with GO in water. The assembly of GO can be triggered by the 

presence of a gelator (organic molecule or metal ions, nanoparticles) or by a simple 
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reduction. The structural and physical properties of GO nanosheets are translated into 

good mechanical properties, hierarchical porosity, large accessible surface for GO-

derived gels, as well as good conductivity after reduction.  

Organic monomers and polymers have been reported to assemble GO nanosheets. For 

example, epichlorohydrin can react with the carboyxyl groups on both GO nanosheets 

and poly(N-isopropylacrylamide) (PNIPAM) microgels, which provides cross-linking to 

form the GO/PNIPAM hydrogel.
90

 The hydrogel has better mechanical strength due to 

the efficiency of the cross-linking reaction, and still maintains good pH- and temperature-

responsive properties because of the remaining carboxyl groups. A gelation of a CRG 

dispersion (stabilized with Pluronic copolymers) with α-cyclodextrin also resulted in 

hydrogel formation.
91

 A macroporous, sponge-like 3D architecture was formed after 

freeze-drying. GO nanosheets can also be incorporated into the sol-gel reaction of 

resorcinol and formaldehyde, resulting a conductive graphene aerogel after drying and 

pyrolysis.
92

 The graphene aerogel exhibits a high BET surface area of 584 m
2
/g and good 

electrical conductivity of 87 S/m. By reducing the concentration of the resorcinol and 

formaldehyde, the surface area was increased to 1199 m
2
/g, but a lower conductivity was 

observed.
93

  

GO can be readily dispersed in water to form a colloidal dispersion, but similar to 

other colloidal systems, it may undergo gelation if the electrostatic repulsion between the 

GO nanosheets is changed during reduction. Shi et al. prepared an electrically conductive 

graphene hydrogel after hydrothermal treatment of a GO dispersion at 180 °C and  

proposed that the gelation was due to π-π stacking of the reduced graphene nanosheets 

during hydrothermal reduction (Figure 1.14a).
94

 The graphene hydrogel displayed 

mechanical stability and a good supercapacitive performance with a specific capacitance 

of 160 F/g at 1 A/g. Bi studied the absorption properties of graphene aerogels synthesized 

by hydrothermal treatment, and they demonstrated high absorption efficiency and easy 

regeneration of absorption properties by a simple heat treatment.
95

 Zhang et al. reported 

the assembly of GO by the reduction with L-ascorbic acid; the resulting graphene aerogel 

could support 14000 times its weight and showed a specific capacitance of 128 F/g with 

good rate performance as electrode materials for supercapacitors.
96

 Self-assembly with 
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other reducing agents, such as hypophosphorous acid/iodine
97

 or mercaptoacetic acid,
98

 

were also reported. By adding pyrrole to the GO dispersions, an N-doping graphene 

aerogel was prepared.
99

  Besides the good solvent absorption performance, it also showed 

excellent electrochemical performance as electrodes for supercapacitors.  

The reduction-induced assembly can be facilitated by adding metal ions or 

nanoparticles. A noble metal salt was used to promote the assembly of GO in the 

presence of glucose, and a mechanical strong aerogel was formed.
20

 Noble metal 

nanoparticles were first formed due to the reduction of glucose, which were anchored on 

GO sheets and acted as assembly sites (Figure 1.14c). Similarly, other metal ions, or 

metal oxide nanoparticles have been reported to induce GO assembly, resulting in 

multifunctional composite graphene aerogels with outstanding catalytic, absorption, 

energy storage performance.
19, 100-101

 

 

Figure 1.14 (a) Scheme of the formation of graphene hydrogel during hydrothermal treatment of GO 

dispersion. (b) SEM of the hydrothermally synthesized graphene aerogel. (c) Scheme of the proposed 

mechanism for GO assembly with noble metal nanoparticles. (d) TEM of a GO-Pd composite aerogel with 

Pd nanoparticles decorating the GO sheet. (Reproduced with permission: (a) and (b) from ref 
94

, (c) and (d) 

from ref 
20

.) 
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1.5 Thesis overview 

This thesis focuses on modifications of clay and graphene nanosheets with desired 

surface functionalities for use in polymer nanocomposites. It also includes the study of 

noval macroscopic graphene nanostructures formed via the self-assembly of graphene 

nanosheets. 

Chapters 2–4 deal with the preparation of the polyurethane−vermiculite (PU−VMT) 

composites, aiming to improve the mechanical and barrier performance. Bulk 

polymerization was carried out to synthesize the nanocomposites. Organic modification 

showed efficacy in facilitating the clay dispersion in polyurethanes. A prepolymer route 

was developed to exfoliate the vermiculite in PU to improve the barrier performance, but 

it lowered the modulus. A catalyst-modification method was also developed to achieve 

vermiculite exfoliation, resulting in improvements in both modulus and barrier 

performance. 

Chapters 5–6 focus on the toughening effects of various types of graphene on brittle 

thermosetting epoxies and unsaturated polyesters (UPs). The graphene content was kept 

low to mitigate the high cost of graphene. Organic functionalization was carried out on 

graphene oxide (GO) to improve the dispersion of graphene in polymers, as well as 

ensuring a strong polymer-graphene interface. Impressive toughening was observed for 

epoxy-graphene nanocomposites at 0.02 wt% or 0.04 wt% loadings. A toughening 

mechanism was proposed to explain the interesting toughening behavior. 

Chapters 7–8 explore the assembly of graphene nanosheets into novel structures for 

energy storage applications. With the assistance of surfactant, graphene and vanadium 

oxide (V2O5) nanowires were assembled into free-standing, flexible composite films. By 

self-assembly of GO with phenolic resol resin, a highly porous graphene aerogel was 

obtained after drying and pyrolysis. Detailed structural characterization was carried out to 

understand the assembly mechanism, and the performance of these materials as advanced 

electrode materials for energy storage applications was also evaluated.  
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*Chapter 2   

Synthesis and Properties of PU-Vermiculite Nanocomposites: 

Efficacy of Organic modification to Better Clay Dispersion 

 

2.1 Introduction 

Polyurethane (PU) is one of the most versatile polymers. By changing the type and 

functionality of the polyol and isocyanate precursors, the properties of PU can be easily 

tailored, ranging from rigid solid to flexible elastomer. PU elastomers have been widely 

used as coatings, adhesives and foams due to their excellent flexibility, elasticity, and 

damping ability.
1
 The mechanical properties can be further improved by incorporation of 

a variety of fillers, such as clays,
2-3

 glass or carbon fibers,
4-5

 carbon nanotubes,
6
 and 

graphene sheets
7
 into PU formulations.  

In particular, clays and layered silicate minerals have been extensively studied as 

low-cost fillers to enhance the mechanical and physical properties of polymer 

composites.
2-3, 8-10

 Since the discovery of nano-reinforcement of nylon-6 composites with 

clay nanosheets by Toyota researchers in the 1980s,
8
 a number of polymers have been 

reported to exhibit similar reinforcement when nanocomposites with clay are formed. PU 

elastomer-clay nanocomposites were first reported by Pinnavia et al., who showed that 

montmorillonite modified by long-chain alkylammonium cations could be solvated by 

polyols and that the final composites exhibited improved tensile properties.
2
 Different 

types of polyols,
11

 organomodifiers,
12-13

 and processing techniques
14

 have been studied 

for preparing elastomeric PU nanocomposites. In situ polymerization is widely employed 

to form nanocomposites by intercalating the monomers or prepolymers into the clay 

interlayer spacing before adding curing agents.
2-3, 11-12, 15

 Mechanical properties, 

flammability, and barrier properties of polyurethane clay composites have also been 

investigated extensively. 
15-20

 The incorporation of well-dispersed clay nanosheets into 

                                                 
*
 This chapter was reproduced from  ACS Appl. Mater. Interfaces 2011, 3, 3709-3717. 

©copyright 2011, American Chemical Society. 
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polymer matrices increases the tensile modulus and tensile strength in most of cases,
15-16

 

and a delay in heat release during combustion is also observed.
17-18

 As high-aspect-ratio 

nanofillers, clays also reduce the gas and water vapor permeability rate in PU coatings or 

films.
19-20

  

Interestingly, in spite of the broad selection of available clays, most studies of PU 

clay composites have focused on montmorillonite, and only few consider other types of 

clay minerals, like mica,
21-22

 kaolin
23

 and laponite.
24

 One clay of potential interest is 

vermiculite. Just like montmorillonite, vermiculite is a 2:1 phyllosilicate, in which the 

negatively charged aluminosilicate layer is composed of one octahedral sheet sandwiched 

by two tetrahedral sheets. Magnesium and iron sites are also present within the sheets of 

typical vermiculites.
25-26

 In addition, metal cations, mainly hydrated Mg
2+

 for natural 

vermiculite, are located between the layers to balance the charge. Compared with 

montmorillonite, the clay sheets in vermiculite have a higher charge density, a key 

parameter facilitating the incorporation of cationic organic modifiers to generate larger 

interlayer spacings.
27

 Vermiculite forms macroscopic crystals, that are potentially 

suitable for producing high-aspect-ratio nanofillers, and its natural abundance makes it 

economically attractive for industrial applications. Although vermiculite is widely used 

as a packaging or absorbing material, only few studies have focused on vermiculite-

reinforced polymer composites. 
25-26, 28-31

  

To facilitate nanocomposite formation, interlayer metal ions in clay can be exchanged 

with quaternary alkyl ammonium ions, rendering the clay surface more organophilic. 

Solvents, such as dimethylformamide or tetrahydrofuran, are commonly used to help 

swell the organoclay to facilitate intercalation of monomers or polymer chains or to 

conduct the synthesis of PU nanocomposites. However, the resulting composites have a 

high content of volatile organic compounds, and the removal of solvents adds to the 

processing cost. For thermoset polymers, the solvent can be trapped in the cross-linked 

network and complete removal of solvent can be hard to achieve. Therefore, the presence 

of organic solvents limits applications, and it is worthwhile to study syntheses of 

composites formed in situ without using any organic solvent.  
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In this work, natural vermiculite was modified with two types of organomodifiers and 

dispersed in polyether-based polyols, and then solvent-free polymerization was carried 

out to synthesize PU-vermiculite nanocomposites. Polyols with different ethylene oxide 

(EO) to propylene oxide (PO) ratios were used to study the swelling behavior of 

organovermiculite (OVMT). The polyol with the best swelling capability was chosen for 

the PU composite synthesis, in which both pristine and organo-modified vermiculites 

were used for comparison. The extent of clay exfoliation in the final composites was 

characterized by X-ray scattering and electron microscopy. Thermal, mechanical and gas 

barrier properties of the composites were also evaluated. 

 

2.2 Experimental 

2.2.1 Materials  

Natural vermiculite (Grade 3, Sigma-Aldrich, thermally expanded at 650 ˚C) was jet-

milled (Hosokawa Micron, UK) to a particle size less than 4 μm before use. Sodium 

chloride (VMR Inc.), cetyltrimethylammonium bromide (CTAB, 99%, Sigma) and 

octadecyl bis(hydroxyethyl)methylammonium chloride (OBMAC, 90%, Faen Industry 

Co., Shandong, China) were used as received to modify vermiculite (Figure 2.1). 

Methylene diphenyl diisocyanate (MDI, Suprasec
®
 3050, Huntsman Polyurethanes, 1:1 

mixture of 2,4’- and 4,4’- MDI), silicone defoamer (BYK
®
-88, BYK), and amine catalyst 

(DABCO
®
 S-25, Air Products) were used as received. 1,4-butanediol (BDO, ≥ 99%, 

Sigma-Aldrich) was dried under vacuum before use.  

 

Figure 2.1 Chemical structures of the CTAB and OBMAC modifiers. 
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Three polyether-based polyols for PU elastomers were used. Their properties, 

provided by Huntsman Polyurethanes, are listed in Table 2.1. 

 

Table 2.1 Specifications of the polyols selected in this study. 

Notation 
Polyol 

trade name 

Functionalit

y 

Molecular 

weight 
Composition* 

PL1 Daltocel
®
 F555  3 6000 

EO tipped, central EO/PO  

random copolymer, overall 

EO/PO=75/25 

PL2 Jeffol
®
 G31-28  3 6000 15% EO tipped, central all PO 

PL3 
Jeffol

®
 PPG-

2000  
2 2000 All PO 

* EO tipped refers to the PEO block at the end of the polyol chains, leaving a primary hydroxyl group. 

 

2.2.2 Modification of vermiculite 

The jet-milled vermiculite (VMT) was modified according to a method reported 

elsewhere.
32

 Vermiculite powder (20 g) was dispersed in 100 mL of 4 M NaCl solution 

and the mixture was refluxed for 2 d. The exchange was carried out twice using fresh 

NaCl solution to replace interlayer ions by Na
+
 more completely. The product was 

separated by centrifugation and washed several times with deionized water and ethanol 

until it was Cl
-
 free (tested using a 0.1 M AgNO3 solution), then dried overnight in a 

vacuum oven at 90 °C. OVMT was synthesized by exchanging Na-VMT with the 

organomodifier solution, which contained excess CTAB or OBMAC (120% of the 

measured effective cation exchange capacity (CEC) of Na-VMT), at 80 °C for 2 d. The 

exchange was repeated for a second time, and the product was separated by 

centrifugation, washed until it was halide free and dried under vacuum at 90 °C 

overnight. The organomodified VMTs were denoted CTAB-VMT or OBMAC-VMT, 

respectively.  
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2.2.3 Dispersion of VMT in polyols  

Different amounts of CTAB-VMT and OBMAC-VMT were added to the polyols to 

form dispersions with 2.0, 3.8, or 7.4 wt% of clay. The mixtures were stirred at 2000 rpm 

for 30 min and then subjected to probe ultrasonication (5 mm tapered tip, 25% amplitude, 

VCX-750 ultrasonic processor, Cole Parmer) for 30 min (2 s sonication / 2 s rest, T < 60 

°C) while being magnetically stirred.  

2.2.4 Synthesis of PU and PU-VMT nanocomposites 

A formulation of a PU with 30% hard block is listed in Table 2.2. Polyol or polyol-

VMT dispersions were dried under vacuum at 90 °C for at least 3 h before use. The 

defoamer (BYK-88) and 1,4-butanediol were added to the polyol dispersion, which was 

then mixed at ~500 rpm and vacuum degassed. The desired amount of diisocyanate was 

added, and the blend was mixed at ~300 rpm for 2 min followed by vacuum degassing. 

Catalyst (DABCO S-25) was added dropwise with gentle hand mixing. For the 

composites with 2.7 and 5.3 wt% OVMT, no catalyst was added. When the mixture 

began to heat up, it was poured on a high-density polyethylene (HDPE) plate and covered 

with another HDPE plate to minimize exposure to moisture and to control the film 

thickness. The polymer was cured at room temperature for 1 d and then at 100 °C for 2 d. 

The resulting composites were denoted as PU_X-VMT_Y (X is the modifier, Y is the 

clay weight percentage in the final composite). 

 

Table 2.2 Formulation of the PU elastomer. 

Ingredient Parts by weight 

Polyol (Jeffol
®
 G31-28) 70 

1,4-butanediol 6.54 

MDI (Suprasec
®
 3050) 23.38 

Defoamer (BYK
®
-88) 0.5 

Catalyst (Dabco
®
 S-25) <0.15 

 



 

36 

2.2.5 Characterization 

X-ray diffraction (XRD) patterns were acquired using a PANalytical X-Pert Pro MPD 

X-ray diffractometer equipped with a Co source (45 kV, 40 mA, λ= 1.790 Å) and an X-

Celerator detector. X-ray scattering patterns of the polyol dispersion and PU composites 

were acquired on a Rigaku RU-200BVH 2D SAXS instrument with a Cu X-ray source 

(45 kV, 40 mA, λ= 1.542 Å) and a Siemens Hi-Star multi-wire area detector with sample-

to-detector distances of 58 cm for the polyol dispersions and 30 cm for the PU 

composites. Fourier transform-infrared (FT-IR) spectroscopy was carried out using a 

Nicolet Magna-IR 760 spectrometer. Compositions of clay samples were analyzed using 

a Thermo Scientific iCAP 6500 dual-view, inductively-coupled plasma-optical emission 

spectrometer (ICP-OES). Transmission electron microscopy (TEM) images were 

obtained on a FEI Tecnai T12 microscope using an accelerating voltage of 100 kV. 

Samples were cryo-microtomed (Leica Ultracut) at -100 °C into 100 nm sections before 

being picked up on carbon-coated Cu grids. Thermogravimetric analyses were carried out 

with a Netzsch STA 409 PC instrument in air for the modified clay and with a Perkin 

Elmer Pyris Diamond TG/DTA 6300 in nitrogen for the PU composites, using a ramping 

rate of 10 °C/min. Differential scanning calorimetry (DSC) measurements were carried 

out with TA Instruments DSC Q1000. Thermal history was removed at 200 °C, and scans 

were performed from -100 °C to 200 °C at a heating rate of 10 °C /min. Rheological 

properties of the polyol dispersions were measured using a TA Instruments AR-G2 

rheometer with a 40 mm cone plate. Viscosity profiles were obtained under steady state 

flow as the shear rate was increased in logarithmic increments from 0.01 s
-1

 to 100 s
-1

. 

Tensile moduli were measured using a Rheometric Solid Analyzer-II with 3 mm  3 cm 

sample strips. Dynamic sweeps at 1 rad/s with a pretension of 1% strain were performed 

at room temperature to accurately determine the modulus, and the temperature 

dependence of the modulus was determined by a temperature ramp from -100 °C to 150 

°C. Ultimate tensile strength and the hysteresis were measured on Rheometric Scientific 

Minimat using dumbbell-shaped samples (5 mm gauge length and 2.6 mm width) at 

100% strain per second. The hysteresis loss was determined as the area between the 
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hysteresis loop divided by the area below the loading curve, and the permanent set was 

determined as the strain at zero stress in the unloading curve after the fifth cycle. Gas 

permeation measurements were performed with a homemade manometric permeation 

cell.
33

 Both the upstream and downstream pressures were maintained at 40 psi initially 

before the valve at the downstream side was quickly opened to ambient pressure and then 

closed. The pressure change on both sides was then monitored and converted to the 

permeability coefficient of the test gas.
33

 

 

2.3  Results and Discussion 

2.3.1 Modification of vermiculite 

The vermiculite used in this study was a hydrated magnesium aluminum iron silicate. 

It contained mixed divalent and monovalent interlayer cations as revealed by elemental 

analysis (see Table 2.3), and the exchangeable cations were replaced by Na
+
. Elemental 

analysis was used to determine the effective cation-exchange capacity (CEC) of Na-VMT 

under the exchange conditions used here (99 mequiv/100 g, calculated from Na2O wt%). 

After ion exchange with CTAB to form CTAB-VMT, almost all Na
+
 was exchanged and 

there were also slight decreases in the Mg
2+

 and K
+
 contents, assuming the relative 

content of SiO2 did not change. 

 

Table 2.3 Composition of vermiculites measured by ICP-OES. 

  Sample SiO2
*
 Al2O3 Fe2O3 CaO MgO K2O Na2O 

VMT wt% 40.57 10.37 7.95 0.76 26.02 5.98 0.12 

molar ratio 100 15.06 7.38 2.01 95.57 9.4 0.29 

Na-VMT wt% 41.2 10.71 8.1 0.4 26.09 2.99 3.06 

molar ratio 100 15.31 7.4 1.06 94.4 4.63 7.19 

CTAB-

VMT 

wt% 32.99 8.41 6.33 0.30 20.01 2.14 0.01 

molar ratio 100 14.99 7.19 0.98 91.01 4.14 0.04 

* The relative content of SiO2 was assumed to be unchanged during the modification, and the molar ratios 

of other species were calculated based on the content of SiO2. 
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XRD was also used to monitor the exchange process. As can be seen from Figure 2.2, 

pristine vermiculite shows a major broad peak at d = 12.0 Å and a weaker peak at d = 

14.4 Å, corresponding to the layer spacings of vermiculite in the mono- and double-

hydrated Mg
2+

 forms, respectively.
34

 Another peak at 10.1 Å could result from mica 

(biotites) impurities, as suggested from previous reports.
35

 Vermiculite can form 

interstratified structures with other clays, such as biotites, and the random distribution of 

vermiculite layers causes peak broadening.
36

 Na-VMT also exhibits a major peak at d = 

12.0 Å. Incorporation of alkylammonium ions generates a d001-spacing of 26.6 Å for 

CTAB-VMT and 28.5 Å for OBMAC-VMT. Compared with montmorillonite modified 

with similar modifiers,
12

 the d001-spacing of OVMT is larger, which may be related to 

closer packing of interlayer alkyl chains with a paraffin-type configuration in the 

OVMT.
27

 

 

 

Figure 2.2 XRD patterns of vermiculite samples before and after modification. XRD traces are offset for 

comparison. The intensities of the VMT and Na-VMT peaks are relatively low because the same narrow 

slit was used during data collection as for the other two samples, whose low-angle features required use of 

a narrow slit to avoid oversaturation of the detector. 
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The presence of organic groups was confirmed by FT-IR as shown in Figure 2.3. 

VMT showed three regions of interest, which are assigned to the stretching vibrations of 

structural hydroxyl groups (3716 and 3665 cm
-1

) and interlayer water (3418 cm
-1

), and 

bending modes of interlayer water (1635 and 1436 cm
-1

). After ion exchange with 

organic ammonium ions, the absorption band corresponding to interlayer water 

disappears, indicating the removal of metal ions, while new absorptions appear around 

2920, 2850, and 1475 cm
-1

, corresponding to –CH2– in the alkyl chains, as confirmed by 

the reference spectrum of CTAB. 

 

Figure 2.3 FT-IR spectra of VMT, OVMT, and CTAB. ν stands for stretching vibrations and δ for bending 

vibrations. 

 

The organic content of OVMT was determined by thermogravimetric analysis in air 

by comparing its response curve up to 900 °C to that of VMT. The weight loss below 150 

°C was due to surface-adsorbed water, so the weight loss (WL) from 160 °C to 860 °C 

was used to determine the content of organic components (OCwt%) in OVMT by the 

following equation:  
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WL(OVMT) OC % VMT % WL(VMT)wt wt    

where WL(OVMT) and WL(VMT) are the weight loss values of OVMT and VMT, 

respectively, and OCwt% and VMTwt% are the relative contents of the organic 

component and the inorganic vermiculite component, respectively. The weight losses of 

pristine and organomodified vermiculites are listed in Table 2.4, which also tabulates the 

organic contents calculated from both TGA results and CEC estimations. CTAB-VMT 

has an organic content of 22.3%, slightly lower than that of OBMAC-VMT, mainly due 

to the difference in molecular weights of the two modifiers (see structures in Figure 2.1). 

Both values are close to the corresponding calculated values based on the CEC, which 

indicates nearly complete exchange of Na
+
 with CTAB or OBMAC. 

 

Table 2.4 Weight loss and organic contents of VMT and OVMT. 

Sample Weight loss / % 
Organic content  

from TGA / % 

Organic content  

from CEC calculation / % 

VMT 3.6 -- -- 

CTAB-VMT 25.1 22.3 22.4 

OBMAC-VMT 27.8 25.1 27.4 

 

 

2.3.2 Polyol-VMT dispersions  

Probe sonication proved to be effective in dispersing clay particles in polyol, 

producing homogeneous dispersions. Whereas VMT dispersions showed some 

sedimentation with time, the appearance of CTAB-VMT dispersions did not change over 

a period of six weeks (see Figure 2.4). Formation of a good polymer-clay nanocomposite 

by in-situ polymerization requires intercalation of the monomer into the clay interlayer 

space, followed by expansion and exfoliation of the clay sheets as polymer chains grow 

during the polymerization process. The intercalation step is highly dependent on the 

compatibility between the monomer or prepolymer and the interlayer modifier. Once 

intercalation begins, the clay layer spacing increases. As can be seen from the X-ray 
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scattering patterns in Figure 2.5a and 2.5b, all of the polyols tested here can be 

intercalated into the clay and increase the d-spacing to different levels. CTAB-VMT 

swells to 36.2 Å in PL1, the most hydrophilic polyol, and to 38.0 Å in PL3, the most 

hydrophobic one, whereas in PL2, the d-spacing is increased to 92.3 Å, i.e., several times 

larger than the original clay d-spacing (26.6 Å). OBMAC-VMT showed a similar 

behavior and also exhibited the largest d-spacing in PL2 dispersion. The EO/PO 

segments in the polyol have been reported to affect the intercalation of polyol in clay.
37-38

 

The EO tips help the polyol to access the interlayer space. In addition, the intercalation is 

affected by the structure of the polyol. PL1 has a random EO/PO central block, and due 

to the large content of EO (75% overall), the chain is slightly hydrophilic and interacts 

more with the clay surface. PL3 is composed of only PO, so except for the few –OH end-

groups that interact with the clay surface, the PO chain mainly interacts with the 

interlayer modifier. PL2 contains 15% EO end groups that interact strongly with the clay 

surface. The less polar PO blocks (85%) interact strongly with the organomodifier, 

causing increased expansion of the interlayer spacing upon intercalation. The distinct EO-

PO-EO block structure makes PL2 similar to the Pluronic
®
 series of amphiphilic 

surfactants, which has been widely used as soft templates to synthesize mesoporous 

materials,
39

 and a dispersion of CTAB-VMT in Pluronic
®

 P123 showed a similar spacing. 

It is therefore reasonable to propose that PL2 adopts a lamellar structure with EO on the 

surface and PO in the center. Figure 2.5c clearly shows that X-ray scattering intensity, 

but not spacing, increases with the concentration of CTAB-VMT in PL2. 

 

Figure 2.4 Photographs of (a) VMT and (b) CTAB-VMT dispersions in PL2 polyol that had been allowed 

to stand undisturbed for six weeks. The arrow points at the top of the sediment. 
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Figure 2.5 X-ray scattering patterns of polyol dispersions with 3.8 wt% of (a) CTAB-VMT, (b) OBMAC-

VMT, and (c) PL2 dispersions with different contents of CTAB-VMT. 
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The polyol-VMT dispersions were also characterized by rheology. The analysis was 

focused on dispersions in PL2 since it produced the largest extent of swelling. Figure 2.6a 

shows the viscosity of PL2 dispersions with 7.4 wt% of VMT and OVMT. With OVMT, 

the dispersion showed strong shear thinning, whereas Newtonian behavior was observed 

for neat polyol and the dispersion with VMT. Shear-thinning resulted from swelling of 

OVMT by the polyol and from a 3D network of clay sheets within the polyol matrix. 

Another indication of the formation of a solid-like network is that the storage shear 

modulus, G’, becomes nearly independent of frequency even at 2.0 wt% (Figure 2.6c) for 

PL2_CTAB-VMT dispersions. G’ can be used to evaluate the strength of the network. 

Figure 2.6b shows that G’ of a PL2_CTAB-VMT dispersion is twice as large as for a 

PL2_OBMAC-VMT dispersion with the same content of OVMT (7.4 wt%), indicating 

CTAB-VMT forms a stronger network in PL2 and thus a better dispersion.  

As mentioned above, the intercalation of reactive monomers into the interlayer space 

of a clay is affected by the interlayer spacing, and a larger spacing can increase 

intercalation and can also facilitate the exfoliation of clay platelets as the chain grows 

during polymerization. Therefore, guided by the above X-ray scattering and rheological 

data, we chose the PL2_CTAB-VMT system to synthesize PU composites and to study 

the effect of vermiculite addition on the properties of PU elastomers. 
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Figure 2.6 (a) Viscosity profiles of polyol dispersions with 7.4 wt% VMT and OVMT dispersions. (b) 

Dynamic frequency sweep of PL2 dispersions with 7.4 wt% CTAB-VMT and OBMAC-VMT. (c) 

Concentration dependence of storage shear modulus of PL2 dispersions with CTAB-VMT. 
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2.3.3 PU-VMT elastomer nanocomposites  

Figure 2.7 shows the X-ray scattering patterns of neat PU and composites prepared 

from PL2. The absence of scattering peaks from the clay fillers is often considered to be a 

good indication of exfoliation. However, this applies only if the scattering signal of the 

original clay is reasonably strong and the concentration is above the detection limit. For 

the composite with CTAB-VMT, the scattering peak at 2.3° 2θ is assigned to the clay, 

and it starts to be observable with at least 2.7 wt% of clay, corresponding to a d-spacing 

of 38.3 Å. It is worth noting that even though polyol PL2 can swell CTAB-VMT to a d-

spacing of 92.3 Å, after polymerization, the change in surrounding environment (polyol 

to PU) caused a shrinkage of the swelled clay structure (d-spacing of 38.3 Å). 

Nevertheless, the d-spacing of clay in the composites is larger than that observed for the 

CTAB-VMT by itself (d-spacing of 26.6 Å), which is attributed to the intercalation of 

polymer chains, and the broadness of the peak suggests partial exfoliation and random 

expansion of clay platelets. In contrast, for the VMT composites, no scattering peaks 

were observed due to the weak scattering contribution of VMT, as shown in Figure 2.2.  

 

 

Figure 2.7 X-ray scattering patterns of neat PU and PU-VMT composites prepared from PL2. 
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TEM analysis was used as a complementary tool to characterize the state of clay 

dispersion. The images in Figure 2.8a and 2.8b reveal that VMT is mainly present as 

primary particles in the composite with no observable exfoliation or intercalation. The 

particles are about 0.5 μm-thick and several micrometers long. Small cavities around the 

particles are believed to be created during microtoming of the 100-nm thick sections 

containing the rigid thick particles. These observations lead us to conclude that the 

absence of scattering peaks for PU_VMT composites was largely due to the weak 

intensity of VMT reflections in the composite, rather than exfoliation. In contrast, CTAB-

VMT particles in a PU composite, whose TEM images are shown in Figure 2.8c and 

2.8d, are delaminated into much smaller clay tactoids and exhibit a high degree of 

intercalation and exfoliation, in agreement with the above X-ray scattering results. Figure 

2.8d shows exfoliated clay sheets with dimensions of <3 nm in thickness and >100 nm in 

length in the polyurethane matrix. The size reduction from VMT likely resulted from the 

exfoliation and sonication processes. As discussed above, the intercalated tactoids 

contributed to the scattering peak at 2.3° 2θ and to the increased intensity at the low angle 

region of the scattering pattern, while the exfoliated platelets would not contribute to 

defined X-ray scattering peaks. Two factors may contribute to this intercation-exfoliation 

mixed state. As indicated by its XRD pattern in Figure 2.2, the as-received vermiculite 

contains mica impurities, which have even higher charge densities and are therefore 

harder to exfoliate. From Figure 2.8c and 2.8d we can see that the intercalated clay 

tactoids are corrugated, but the stresses developed during the in-situ polymerization are 

insufficient to break them apart completely. In contrast to Figure 2.8b, no cavities were 

observed in the thin sections because of the much smaller size of the delaminated 

particles.  
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Figure 2.8 TEM images of PU composites with VMT at 1.4 wt% (a, b), with CTAB-VMT at 1.4 wt% (c, 

d). 

 

2.3.4 Thermal properties of PU-VMT nanocomposites  

The thermal properties of the PU-VMT composites were analyzed by DSC. The DSC 

traces are shown in Figure 2.9. The neat PU and the composite samples exhibit very 

similar low-temperature behavior, all showing a Tg around -58 °C to -60 °C, which is 

assigned to the glass transition of the soft segment in this polymer. The addition of the 

clay caused only a slight decrease in soft segment Tg as shown in Table 2.5, while it also 
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led to the appearance of another feature around 90 °C, which corresponds to the Tg of the 

hard segment. Similar behavior was previously observed by Chen et al.
3
 A decrease in Tg 

after addition of clay has also been observed in epoxy-clay nanocomposites, and it has 

been argued that the organic modifier, which formed the interphase between the clay and 

the polymer matrix, can act as a plasticizer.
40

 However, the composites with unmodified 

vermiculites also showed this behavior. It is generally considered that in polymer clay 

nanocomposites, an interphase forms between the hydrophilic clay surface and the 

polymer matrices, in which polymer components and functional groups on the clay 

surface interact strongly.
41-42

 For PU, the hard segment has stronger interactions with the 

clay platelets through hydrogen bonding with siloxane oxygens or direct chemical 

bonding with silanol groups,
41

 and thus the hard segment selectively concentrates at the 

interphase, inducing better microphase separation between soft and hard segments. 

Compared to neat PU, the soft-segment-rich domains within the composites contain 

fewer hard segments, so relaxation of those domains could occur at a lower temperature. 

The emergence of the hard segment endotherms in composites, features not found in the 

DSC trace of the neat PU, indicates that the clay induced partial condensation of hard 

segments; relaxation of the hard segments resulted in the observed endotherm. Even 

though the change in Tg of the soft segment was relatively small, the soft-segment Tg 

decreased slighly more for CTAB-VMT composites than for VMT composites, which 

could be due to the greater extent of exfolixation observed for the CTAB-VMT platelets, 

so that more clay surface was exposed to form the interphase. 
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Figure 2.9 DSC curves of neat PU and PU-VMT composites. The glass transitions for the soft segments 

and the hard segments are indicated by arrows. 

 

Table 2.5 Soft segment Tg of neat PU and composites (°C). 

PU 
PU_VMT (wt%) PU_CTAB-VMT (wt%) 

1.4 2.7 5.3 1.4 2.7 5.3 

-58.2 -58.4 -58.6 -59.1 -59.6 -59.4 -60.6 

 

 

2.3.5 Mechanical properties of PU-VMT nanocomposites 

An important goal in forming polymer-clay nanocomposites is to achieve significant 

enhancements in mechanical properties with a clay content of only a few percent. 

According to the TEM observations, CTAB-VMT dispersed and exfoliated in PU much 

better than VMT, and as a consequence, platelets in this material have a much higher 

aspect ratio and show more remarkable effects in tensile properties, as demonstrated 

clearly by the stress-strain curves shown in Figure 2.10. The tensile modulus, tensile 

strength, and strain at break are summarized in Table 2.6. Both composites showed a 

steady increase in tensile modulus as clay content was increased, and the composites with 
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CTAB-VMT showed much more significant improvement than those with VMT. At a 

loading of 5.3 wt% clay, the tensile modulus increased by 133% and 276% over neat PU 

for PU composites with VMT and CTAB-VMT, respectively. Adding VMT had little 

effect on tensile strength. In contrast, PU_CTAB-VMT composites showed a significant 

increase in tensile strength from 11.6 MPa to 15.5 MPa at 1.4 wt% and 19.0 MPa at 5.3 

wt%. Despite the distinct difference in tensile strength, both composites showed a very 

similar trend in strain at break compared to neat PU, increasing slightly at first and then 

decreasing at 5.3 wt% of clay. However, different from thermoplastic PU systems, the 

composites here showed much less change in strain at break. In thermoplastic PUs, only 

physical cross-links (induced by phase separation of soft and hard segments) exist 

between linear polyols. In contrast, the thermoset composites synthesized here used a tri-

functional polyol, capable of additional chemical crosslinking. The ultimate tensile 

behavior of these composites is dominated by the PU matrix, so that the strain at break is 

not affected much by the addition of clay. 
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Figure 2.10 Stress-strain curves for neat PU and for PU composites with (a) VMT and (b) CTAB-VMT. 

Insets show the stress-strain curves for small strains. 
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Table 2.6 Mechanical properties of the neat PU and PU-VMT composites. 

Sample 

Tensile modulus  

(MPa) 

Tensile strength  

(MPa) 

Strain at break  

(%) 

PU 5.66 ± 0.14 11.6 ± 1.1 502 ± 28 

PU_CTAB-

VMT_1.4 12.9 ± 0.23 15.5 ± 1.2 554 ± 24 

PU_CTAB-

VMT_2.7 15.7 ± 0.31 16.3 ± 0.7 525 ± 17 

PU_CTAB-

VMT_5.3 21.3 ± 0.46 19.0 ± 0.8 464 ± 17 

PU_VMT_1.4 8.13 ± 0.24 10.3 ± 0.9 542 ± 20 

PU_VMT_2.7 9.70 ± 0.36 12.8 ± 0.4 516 ± 26 

PU_VMT_5.3 13.2 ± 0.55 11.0 ± 0.6 498 ± 23 

 

Since the addition of CTAB-VMT induced significant increases in tensile modulus 

and tensile strength, it is worthwhile to examine the temperature dependence of the 

tensile modulus of the composite materials. These measurements were done by dynamic 

scanning tests from -100 °C to 150 °C, and data are shown in Figure 2.11. The storage 

modulus of all the samples undergoes two distinct decreases as the temperature rises. The 

first decrease appears at around -50 °C and corresponds to relaxation of the soft segment. 

Similar to the values of soft Tg measured by DSC, the peaks in tan δ for neat PU and for 

all the composites are very close, indicating that soft segment relaxation is insensitive to 

clay addition. The second decrease, however, is more different between neat PU and the 

composites. This relaxation did not produce a distinct peak in tan δ and the temperatures 

are close to, but higher than, the hard segment Tg observed in DSC measurements (Figure 

2.9). No annealing step was employed in this test, so the second relaxation is caused by 

the rearrangement of hard segments. The relaxation temperatures for the composites are 

much higher than that of neat PU, but no clear trend was observed as a function of clay 

content. This change is similar to the observable DSC endotherms for hard segments in 
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composites. This behavior is attributed to restricted motion of hard segments by surface 

tethering or intergallery confinement of clay sheets.  

 

Figure 2.11 Dynamic mechanical analysis (DMA) of the neat PU and PU_CTAB-VMT composites. (a) 

Storage tensile modulus (E’) and (b) loss factors (tan δ) profiles. 

 

The incorporation of nanofillers into the polymer matrix affects the energy dissipation 

during the loading-unloading cycles, which is reflected in the hysteresis test. The 

hysteresis loss for the unfilled polymer is mainly attributed to crystallization, internal 

friction between polymer chains, breaking of hydrogen bonds, etc., and the resistance to 

deformation leads to unrecoverable strain, i.e., permanent set, after cycling.
16

 On addition 

of nanoclay, the large interfacial interaction between the clay and the polymer matrix 

increases the internal friction, and the orientation of clay platelets also requires extra 

energy and increases the permanent set.
43

 Figure 2.12 shows the hysteresis curve in the 

first cycle for neat PU and for the composites, and the hysteresis loss ratios in the first 

and fifth cycle. The permanent set values developed in the fifth cycle are listed in Table 

2.7. A comparison between Fig 2.12a and 2.12b shows that for composites with VMT, 
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the areas of the hysteresis loops did not change much compared to the neat PU, while for 

those with CTAB-VMT, the areas increased significantly. The permanent set of the 

composites with CTAB-VMT increased compared to neat PU. The orientation of the clay 

platelets led to unrecoverable deformation. While for the composites with VMT, the 

increase was relatively small at 1.4 wt% and 2.7 wt%, it became even larger than for the 

CTAB-VMT counterpart at 5.3 wt%. This could be due to poor dispersion of VMT, so 

that at low content the deformation did not induce much orientation of the platelets, 

whereas at higher content, the orientation of large clay particles could lead to higher 

values of permanent set. 

 

 

Figure 2.12 Hysteresis of the neat PU and composites in the first loading-unloading cycle. 
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Table 2.7 Hysteresis properties of the neat PU and PU-VMT composites. 

Sample 
Hysteresis loss(%) Permanent set (%) 

1st cycle 5th cycle 5th cycle 

PU 31.8 14.1 6.6 

PU_CTAB-VMT_1.4 43.4 20.5 10.9 

PU_CTAB-VMT_2.7 51.3 24.5 11.6 

PU_CTAB-VMT_5.3 49.6 21.5 11.9 

PU_ VMT_1.4 34.2 12.1 7.8 

PU_ VMT_2.7 40 20.4 9.4 

PU_ VMT_5.3 59.5 33.8 14.3 

 

 

2.3.6 Barrier properties of PU-VMT nanocomposites 

Compared to other high-aspect-ratio fillers, such as fibers or nanotubes, clay 

materials have sheet-like morphology, and the platelets can act as diffusion barriers when 

they are incorporated in polymer composites. Carbon dioxide and nitrogen were used as 

model test gases to study the barrier properties of the composites, and composites with 

both unmodified VMT and CTAB-VMT were tested for comparison. The measured 

permeability coefficients are listed in Table 2.8. For the composites with CTAB-VMT, 

the permeability coefficient was reduced by 30% for N2 and 19% for CO2 at the highest 

volume fraction tested. For the same sample, the lower reduction in permeability of CO2 

observed here could be due to the higher solubility of CO2 in the polyurethane-clay 

interphase than that of N2, since permeability is the product of diffusion coefficient and 

solubility. In contrast, for the composite with the same content of VMT (higher vol%), 

the permeability coefficient was reduced by 10.3% for nitrogen but increased a little for 

carbon dioxide. It has been argued that the permeability of polymer composites is 

dependent on a number of factors, such as the volume fraction, orientation, degree of 

dispersion, surface properties of the filler.
44-45

 The first three factors affect the tortuousity 

of the path around clay particles as gas molecules pass through the film. Surface 
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properties of the clay particles affect the interface in the composite, and an incompatible 

surface tends to create voids in the interfacial region, which can increase the free volume 

and consequently the permeability. Bearing the above factors in mind, the poor 

compatibility between VMT and PU led to little or no reduction in permeability, whereas 

the more compatible surface and greater extent of exfoliation of CTAB-VMT reduced the 

permeability significantly. The reductions in permeability obtained for PU_CTAB-VMT 

composites are similar to or exceed literature values for PU coatings, adhesives with 

montmorillonites,
19, 20, 46

 or epoxy coatings with vermiculite.
29

 The process of composite 

formation can affect the clay orientation, and differences are typically observed when a 

bar coater or shear forces are used. Solvent-based processes tend to result in better 

dispersion of clay, so it is expected that the permeability can be decreased even further 

with an optimal synthetic process and a higher clay content. 

 

Table 2.8 CO2 and N2 permeability coefficients of neat PU and PU-VMT composites. 

Sample PCO2 (Barrer) PN2
(Barrer) 

PU 104±2 3.5±0.3 

PU_CTAB-VMT _2.8 95±2.5 3.1±0.2 

PU_CTAB-VMT _5.6 84±2 2.4±0.2 

PU_VMT_5.6 106±1 3.1±0.1 

 

2.4  Conclusions 

Natural vermiculite was modified by exchange with quaternary ammonium cations, 

XRD, FT-IR, and elemental analysis were used to monitor and characterize the 

modification process. The change in surface properties and increased interlayer spacings 

upon ion exchange resulted in better dispersion of the organoclay in polyether polyols. 

Significant shear-thinning effects were observed in all three polyols that were studied. 

The hydrophobicity of the polyol, represented by the EO:PO ratio, affected the 

intercalation of polyol into the clay interlayer space. The structure of polyol was another 

important factor influencing the intercalation process. The polyol with EO-tips and PO-
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central blocks swelled the modified clays best and the dispersions with CTAB-VMT 

showed the largest layer spacing and greatest shear thinning, and thus they were used for 

synthesis of PU composites.  

TEM of PU composites with CTAB-VMT showed highly intercalated and partially 

exfoliated clay platelets, in contrast to the primary large clay particles in the composite 

with unmodified vermiculite. Compared to neat PU, a 276% increase in tensile modulus, 

a 64% increase in tensile strength and increased hysteresis were observed for PU-VMT 

composites with CTAB-VMT. The better dispersion state of the clay was crucial to 

improve the mechanical properties. The thermal properties did not change as much, 

probably due to incomplete exfoliation of clay, but increases in hard segment relaxation 

temperatures were observed in both DSC and DMA tests, suggesting strong interactions 

between hard segment and clay platelets. Better dispersion of clay platelets, combined 

with more the compatible surface of the organoclay to the polymer matrix, also induced 

greater reductions in the gas permeability coefficient. 
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Chapter 3   

Polyurethane-VMT Nanocomposites: Effects of Processing 

Route on Clay Exfoliation 

 

3.1 Introduction   

Ever since the demonstration of reinforcement of polyamide with exfoliated clay by 

Toyota researchers,
1-2

 polymer-clay nanocomposites (PCNs) comprising well-dispersed 

clay nanosheets have attracted tremendous interest. Significant property enhancement can 

be achieved at much smaller filler loadings in PCNs than in conventional composites 

with microsized fillers.
3
 Polyurethane (PU) elastomers are widely used in coatings, 

adhesives and foam applications, and the incorporation of clay nanosheets has led to great 

improvement in mechanical, thermal, and barrier properties.
4-12

 PU elastomers are 

synthesized from long-chain polyols, diisocyanates, and chain extenders (short diol or 

diamine molecules). Due to the intramolecular hydrogen bonding, PUs exhibit a phase 

separation between hard segments (from diisocyanate and chain extender) and soft 

segments (from long-chain polyols).
13

 The microphase separation provides PUs with 

good elasticity and damping properties. Although the property enhancement in PU-clay 

nanocomposites is the combined result of phase separation of PU, clay reinforcement, 

and PU-clay interactions, exfoliation of clay is often desirable, because clays are better 

utilized in an exfoliated structure with high aspect ratios and large surface areas.
14-15 

Various processing techniques have been developed to optimize clay dispersion in 

PU, including solvent processing,
9-10

 melt processing,
11, 14

 and in situ intercalative 

polymerization.
8, 16-17

 The use of solvents increases the processing cost and therefore 

prevents the industrial implementation. Melt processing usually involves high 

temperatures, under which conditions thermoplastic PUs tend to degrade,
14

 resulting in 

deterioration of mechanical properties of the matrix. In situ intercalative polymerization, 

on the other hand, is promising for practical preparation of nanocomposites, because clay 

materials can first be dispersed in monomers with relatively low viscosity, and no 
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solvents are involved during the polymerization. Wang et al. found that organomodified 

clays were easily solvated/intercalated by polyols in polyol dispersions, and the gallery 

expansion was further increased after curing with diisocyanates.
8
 Rhoney et al. compared 

the clay dispersing level in polyol dispersions prepared by high speed mixing, high shear 

mixing, and probe ultrasonication, and they found that the best clay dispersion was 

achieved by probe sonication.
18

 In Chapter 2, we also showed that probe sonication is 

effective in dispersing vermiculite (VMT) clay into polyols, because the sonication probe 

can generate intense localized stress to break down the stacked clay particles. We have 

used an EO-tipped polyol which can greatly swell the clay intergallery spaceing to ~ 9 

nm in polyol dispersions, but surprisingly, after adding other ingredients and forming the 

final composites, the d-spacing of VMT had shrunk to 3.8 nm. The collapse of the highly 

intercalated clay structure has motivated us to study the structural change of VMT during 

the preparation of PU with the goal to achieve better clay exfoliation in PU.  

As described in this chapter, we studied the change in clay structure by X-ray 

scattering and rheology before polymerization and found that the addition of a chain 

extender into polyol-VMT dispersions disrupted the swollen clay structure. By first 

forming a prepolymer between the polyol-clay dispersion and the diisocyanate, we were 

able to preserve the large intergallery spacing during polymerization, and an exfoliated 

structure was achieved in the final nanocomposites. The structures of PU-VMT 

nanocomposites from both routes were characterized, and the effects of the processing 

scheme on clay exfoliation, as well as mechanical and barrier properties were 

investigated. 

3.2 Experimental 

3.2.1 Synthesis of PU and PU-VMT nanocomposites  

Procedures for the modification of VMT by cetyltrimethylammonium bromide 

(CTAB) and the preparation of polyol-VMT dispersion are given in Chapter 2. The 

scheme for the preparation of PU-VMT nanocomposites via two processing routes is 

shown in Figure 3.1. Route 1 is the process used in Chapter 2. For this route, 1,4-

butanediol (BDO) was first added to the polyol-VMT dispersion to form a mixed alcohol 
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dispersion (Mix1_R1) after stirring for at least 5 min at 500 rpm. Methylene diphenyl 

diisocyanate (MDI) was then added and subsequently the resulting Mix2_R1 was stirred 

at ~1000 rpm for 5 min, followed by degassing and curing. For Route 2, MDI was first 

added to the polyol-VMT dispersion, followed by vigorous stirring (~1000 rpm) for ~3–5 

min, and then BDO was added. The resulting Mix2_R2 was stirred for another ~5 min, 

then degassed and cured. As noted in Figure 3.1, before polymerization, the mixtures at 

different steps were denoted as Mix1 or Mix 2, and the final composite was denoted as 

NC. R1 or R2 was added to the notation to indicate Route 1 or Route 2, respectively. The 

clay content in this study is 7.8 wt% in the polyol dispersion and 5.3 wt% in the resulting 

PU-VMT nanocomposites. 

 

Figure 3.1 Schemes of the two preparation processes for PU-VMT nanocomposites. 

 

3.2.2 Characterization 

Details about X-ray scattering, transmission electron microscopy (TEM), differential 

scanning calorimetry (DSC), and rheological measurements of the polyol dispersions can 

be found in Chapter 2. Fourier transform infrared spectroscopy (FT-IR) in attenuated 

total reflection (ATR) mode was conducted on Thermo Nicolet Avatar 370 FT-IR 

spectrometer equipped with a Ge ATR crystal. Dynamic mechanical analysis was 

performed on a Rheometric Solid Analyzer-II with 3 mm  3 cm sample strips. Samples 

were exposed to a pretension of 7 gram force and the temperature was ramped up 
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from -100 °C to 100 °C. Gas permeation measurements were performed with a 

homemade manometric permeation cell with a pressure difference of ~40 psi between 

upper and lower compartments. The cell was immersed in a water bath maintained at 25 

°C.
19

 Both the upstream and downstream pressures were initially maintained at 40 psi 

before the valve at the downstream side was quickly opened to ambient pressure and then 

closed. The pressure change on both sides was then monitored and converted to the 

permeability coefficient of the test gas.
19

 

 

3.3 Results and Discussion 

3.3.1 Clay structure change in the two routes 

In Chapter 2, CTAB-VMT was shown to be significantly swelled in EO-tipped polyol 

resulting in a more than 200% increase in d-spacing that is believed to be due to the 

lamellar phase formation of polyol within the intergallery space. With such a large 

intergallery spacing, the van der Waals interactions between clay nanosheets are 

diminished, and diffusion of other ingredients is facilitated. It is, therefore, of great 

advantage to maintain a large clay spacing during polymerization. However, we observed 

shrinkage of the clay structure from the polyol dispersion to the PU-VMT nanocomposite 

when the nanocomposites were prepared by Route 1.  

   To monitor how the clay structure changes during the mixing of reactants, starting from 

the polyol dispersion with CTAB-VMT, we used SAXS to determine the d-spacing after 

the addition of other reactants, i.e., MDI and BDO. Figure 3.2a shows that for Route 1, 

after the addition of BDO, the d-spacing of VMT decreased from 10.2 nm in the polyol 

dispersion to 3.6 nm in Mix1_R1, indicating a significant shrinkage of the clay structure. 

Only little change was observed after the following addition of MDI, from 3.6 nm in 

Mix1_R1 to 3.7 nm in Mix2_R1. However, when MDI was first added as shown in Route 

2, the large d-spacing was almost maintained. The d-spacing of VMT only decreased to 

8.1 nm in Mix1_R2 (Figure 3.2b), much less than in the case of Route 1. After further 

addition of BDO, the d-spacing of VMT in Mix2_R2 was slightly increased to 9.0 nm. 

The SAXS results suggest that the choice of the first added reagent is crucial to the 
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structure of clay. We proposed in Chapter 2 that the EO-tipped polyol can form a lamellar 

structure in the clay interlayer space as shown in Figure 3.2c. The phase separation 

between the tip EO block and the central PO block in polyol provides enough “pillaring 

force” to swell the clay to a large d-spacing. BDO, with two hydroxyl groups, has 

stronger affinity to clay than polyol, so when it is added to the polyol-VMT dispersion in 

Route 1, it can adsorb on the clay surface and replace the EO-tip from polyol. BDO may 

also compatibilize the EO and PO blocks in the interlayer space, so the EO/PO phase 

separation disappeared in Mix1_R1, and the loss of the “pillaring force” caused the clay 

structure to shrink (Figure 3.2c, left arrow). On the other hand, in Route 2, MDI can react 

with the EO tips of polyol to form polar urethane bonds, which still have an affinity to the 

clay due to hydrogen bonding. As a result, the PO/EO phase separation in the polyol 

dispersion could be converted to PO/urethane phase separation in Mix1_R2, which could 

still provide enough “pillaring force” to intercalate the clay with a large d-spacing (Figure 

3.2c, right arrow). 
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Figure 3.2 X-ray scattering patterns of mixtures prepared by (a) Route 1 and (b) Route 2. (c) The proposed 

mechanism for the change of clay structure by the two routes.  
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In Route 1, the addition of BDO caused a change in rheological properties, which 

could support our previous hypothesis. In Figure 3a, compared to the neat polyol, the 

polyol-VMT dispersion showed a shear-thinning behavior indicated by a dramatic 

viscosity decrease at a critical shear rate. The high viscosity at low shear rate is due to the 

formation of 3D network by clay nanosheets. When the nanosheets are aligned at the 

critical shear rate, which is the inflection point in the viscosity curves, the network is 

disrupted, resulting in a decrease in viscosity. The high viscosity at low shear rates and 

the high critical shear rate are indications of strong clay-matrix interaction, assuming that 

the clay dispersion levels are the same for the two mixtures. In Figure 3.3a, Mix1_R1 

displayed a higher viscosity at low shear rates and a higher critical shear rate than polyol 

dispersion, so the interaction between clay and polyol+BDO is stronger than that between 

clay and only polyol. We propose that the hydroxyl groups in BDO and its small 

molecular size help to strengthen the clay-matrix interaction. The higher strength of the 

network for Mix1_R1 compared to the polyol dispersion was also confirmed by the 

increase of the storage shear modulus (G’) in Figure 3.3b. On the other hand, the 

viscosity at high shear rate is affected by the volume fraction of filled particles. Since the 

clay structure shrank in Mix1_R1, the volume fraction of clay particle (with the 

intercalated polyol or polyol+BDO) became smaller in Mix1_R1 than in the polyol 

dispersion, and therefore the high-shear-rate viscosity was lower than that for the polyol 

dispersion, as seen in Figure 3.3a.    
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Figure 3.3 Viscosity profiles (a) and dynamic frequency sweep (b) of polyol, polyol-VMT dispersion and 

Mix1_R1.   
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3.3.2 Morphology and structure of PU-VMT nanocomposites 

Given the difference of clay structures obtained by Routes 1 and 2, it is of great 

interest to see how the processing affects the clay dispersion in the final PU-VMT 

nanocomposites. As shown in Figure 3.4a, the NC_R1 has a clay d-spacing of 3.8 nm, 

very close to the value for Mix2_R1. The peak at 1° 2θ in NC_R1 likely originated from 

the microphase separation of the PU matrix, as the neat PU also displayed this peak. In 

order to prove the origin of the 1° 2θ peak, NC_R1 was heated to 200 °C, i.e., above the 

order-disorder transition temperature of the PU matrix, and the peak at 1° 2θ disappeared, 

but recovered when the sample was cooled down again. During the heating and cooling 

process shown in Figure 3.4a, the peak at 2.3° 2θ was observed in all traces, indicating 

that it was associated with the intercalated clay structure. Also notice that the d-spacing 

of the clay in NC_R1 decreased slightly to 3.5 nm after heating to 200 °C, possibly 

because of the rearrangement of the polymer chains between the clay layers. In Figure 

3.4b, no peaks related to the clay structure were observed for NC_R2, and the peak at 1° 

2θ was similarly shown to be from the PU matrix. When the clay d-spacing is more than 

8 nm, the van der Waals interactions between clay nanosheets become negligible, and the 

clay can be considered as exfoliated.
20-21

 The absence of clay scattering peaks up to a d-

spacing of 10 nm indicates that clay exfoliation is now achieved in the Route 2 reaction 

scheme.  
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Figure 3.4 X-ray scattering patterns of PU and PU-VMT nanocomposites prepared by (a) Route 1 and (b) 

Route 2. The blue and pink traces were obtained from NC sample heated to 200°C and cooled down to 

room temperature, respectively. 

 

The clay dispersion level was also characterized by TEM analysis. Figure 3.5a and 

3.5b show that, although clay particles in NC_R1 were more delaminated in the 

nanocomposites compared to the original microsized CTAB-VMT particles, they were 

mainly present in stacked form. The stacked clay particles contribute to the clay signal in 

X-ray scattering in Figure 3.4a. Much more significant delamination of clay particles was 

observed in NC_R2 (Figure 3.4c). The high magnification TEM image in Figure 3.4d 

shows that most clay sheets are exfoliated with a particle size of ca. 100 nm and a 
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thickness of ca. 1 nm. The exfoliation of clay particles caused the disappearance of the 

clay scattering peak in X-ray scattering because the exfoliated clay layers are almost 

randomly oriented.  

 

Figure 3.5 TEM images of NC_R1 (a, b) and NC_R2 (c, d). 

 

Clay exfoliation by Route 2 was confirmed by combining the X-ray scattering and 

TEM results, and we propose two possible reasons for clay exfoliation. The main reason 

is the large d-spacing of clay nanosheets that was maintained throughout the Route 2 

process, so that the interactions between clay sheets were very weak, allowing the sheets 

to be delaminated easily. Another reason is the high viscosity of the dispersing matrix in 

Route 2. We found that CTAB-VMT exhibits a catalytic effect on the urethane reaction,
5
 

so once MDI was added into the polyol dispersion, prepolymers formed in Mix1_R2. The 

increase in chain length caused a significant increase in viscosity. As a result, during the 
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following mixing with BDO, the shear stress was large enough to exfoliate the clay 

sheets. Panttanayak and Jana also observed clay exfoliation when clay was added after all 

the components for PU were mixed, and concluded that the high shear stress during 

mixing was responsible for clay exfoliation.
22

     

The addition of clay can affect the morphology of the PU matrix. From the TEM 

images in Figure 3.6, we can see that neat PUs synthesized from our formulation 

displayed macroscopic phase separation with multimodal spherulites distributed in the 

PU structure. Such a morphology has been observed previously for segmented PU, and 

the crystallization of hard segments caused the formation of the spherulitic hard-segment-

rich phase.
23

 For NC_R1 in Figure 3.5a, the hard-segment-rich phase appeared in the 

vicinity of the clay particles. In Route 1, hard segments can be formed before chemical 

crosslinking with tri-functional polyol, so they are able to crystallize around clay 

particles, resulting in the observed morphology in Figure 3.5a. Although the shape of the 

hard-segment-rich phase was altered by the clay nanoparticles, extensive macroscopic 

phase separation was still observed. In contrast, for NC_R2 (Figure 3.5b), the 

macroscopic phase separation of the PU matrix was much less distinct, indicating that the 

hard segment dispersed more uniformly by Route 2. The suppression of hard segment 

crystallization could be due to the prepolymer formation in Route 2, because the chemical 

crosslinking of tri-functional polyol restricted the rearrangement of hard segments. Due 

to the affinity of hard segments to the hydrophilic clay surface, the hard segments failed 

to crystallize in the presence of highly exfoliated clay sheets.  



 

72 

 

Figure 3.6 TEM images of neat PU made by (a) Route 1 and (b) Route 2. 

 

The interactions of hard segments with clay may also affect the microphase structure 

of PU. Figure 3.7 displays a typical FT-IR spectrum for neat PU, and the signal of 

carbonyl group in the urethane bond can be fitted with two peaks. Hydrogen bonding 

between hard segments or between PU and clay causes a shift in frequency toward lower 

wavenumbers for the C=O vibration; the peak at 1732 cm
-1

 corresponds to free C=O and 

that at 1709 cm
-1

 to hydrogen-bonded C=O. The fraction of carbonyl groups participating 

in hydrogen bonding is X = AHCO/(ACO+AHCO), where ACO is the area under the free C=O 

peak and AHCO the area under the H-bonded C=O peak. From Table 3.1, the X values for 

neat PU_R1 and PU_R2 are very close, indicating that the structure of the PU matrix is 

not affected by the different reaction schemes. For NC_R1, the X value was slightly 

increased to 0.55, an 8 % increase compared to neat PU_R1, due to the hydrogen bonding 

between C=O groups and hydroxyl groups on the clay surface. For NC_R2, a 27 % 

increase in X value was observed compared to PU_R2, indicating that a significant 

amount of C=O groups form hydrogen bonding with clay sheets due to the large surface 

provided by the exfoliated structure. The viscoelastic properties of PU result from phase 

separation between soft segments and hard segments formed by hydrogen bonding 

between C=O groups on the polymer chains. In the PU-clay nanocomposites, the 

hydroxyl groups of the clay sheets and/or the modifiers compete in the hydrogen bonding 
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of hard segments, and the confinement between clay nanosheets can also potentially alter 

the phase structure of the PU matrix.
24-25

  

 

Figure 3.7 FT-IR spectrum for neat PU from Route 1.  

3.3.3 Properties of PU-VMT nanocomposites 

Although clay exfoliation was achieved by Route 2, the morphology and structure of 

PU were affected, which can lead to adverse effects on the thermo-mechanical properties 

of PU-VMT nanocomposites. DMA results for PU and NC prepared by the two routes are 

shown in Figure 3.8. Neat PUs from both routes showed similar glass transition behavior 

in the elastic modulus (E’) curve, but PU_R2 showed a slightly smaller E’ value and a 

less well-defined damping factor (tan δ) peak than PU_R1. In Route 2, slight chemical 

crosslinking could occur before the formation of hard segments, so the arrangement of 

polymer chains could be restricted. The structural hindrance to the microphase separation 

caused the broad tan δ peak at a higher temperature and lower modulus than in Route 1. 

Unlike neat PUs, PU-VMT nanocomposites from the two routes showed much different 

thermo-mechanical behaviors. For NC_R1, above the glass transition temperature (Tg), a 

rubbery plateau was observed from 0 °C to 100 °C. Similar to the neat PU_R1, this 

elastic behavior was due to microphase separation of the PU matrix. However, because of 

the preferred adsorption of hard segments around clay particles, NC_R1 displayed a 

lower tan δ peak temperature, i.e., a lower Tg, compared to PU_R1. On the other hand, 

for NC_R2, when the temperature increases above Tg, the modulus decreases rapidly 
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without a rubbery plateau in the E’ curve. Tan δ is defined as the ratio of viscous 

modulus to elastic modulus of a material, so the higher tan δ value of NC_R2 compared 

to those of the other samples suggests an increase in viscous properties by Route 2. The 

lack of elasticity supports the microscopy and FT-IR results in that the microphase 

separation of the PU matrix in NC_R2 was disrupted, resulting in the lowest Tg (Table 

3.1). Due to the structural change in the polymer matrix, NC_R2 showed a lower 

modulus than NC_R1 at temperatures above -2 °C, even though both composites have the 

same clay content, and the former showed better clay exfoliation. The enhancement in 

modulus by Route 2 was not as good as by Route 1, but fortunately, NC_R2 still showed 

significant improvement at low temperatures over neat PU with a 190% increase in 

modulus at -80 °C and a 144 % increase at 25 °C with 5.3 wt% of CTAB-VMT.  

 

Figure 3.8 (a) The elastic modulus (E’) and (b) damping factor (tan δ) curves for PU and NC samples 

prepared by the two routes.  
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Table 3.1 H-bonded C=O fractions (X), tan δ peak temperatures, elastic moduli E' and 

permeability coefficients of neat PU and NC samples 

Sample 
X 

(±0.01) 

Tan δ peak 

/ °C 

E' CO2 permeability 

coefficient 

/Barrer 

-80 °C 

/Gpa 

25 °C 

/MPa 

100 °C 

/MPa 

PU_R1 0.51 -48.2 1.47 6.04 3.05 122±3
 

NC_5.3_R1 0.55 -51.1 3.78 20.5 10.4 102±1 

PU_R2 0.52 -40.1 1.24 5.03 2.49 112±4 

NC_5.3_R2 0.66 -53.9 3.60 12.3 2.70 79±7 

 

The barrier properties of polymers can be improved by incorporation of clay fillers, 

because impermeable clay nanosheets can create a tortuous path to slow down the 

permeation process for diffusants, like gas or liquid molecules.
26

 The rate of a certain 

diffusant molecule permeating through the barrier membrane, i.e., the permeability 

coefficient, is greatly affected by clay dispersion in the polymer membrane, because clay 

exfoliation can generate high-aspect-ratio nanosheets to create high tortuosity. CO2 was 

used as a test gas to evaluate the barrier performance of PU and PU-VMT 

nanocomposites, and the permeability coefficients are summarized in Table 3.1. The 

permeability coefficients of neat PUs were slightly affected by the process. In either 

route, the incorporation of clay sheets can reduce the gas permeability coefficient. At 5.3 

wt% loading, the intercalated NC_R1 showed a 16 % improvement in barrier 

performance compared to PU_R1, whereas the exfoliated NC_R2 showed a 29 % 

improvement compared to PU_R2.  

 

3.4 Conclusions 

The clay structure change from polyol dispersions to PU nanocomposites was studied 

as a function of the method of nanocomposite preparation. The intercalated structure of 

vermiculite in polyol dispersion collapsed if BDO was added first, following Route 1 in 

this study, and the synthesized nanocomposites showed an intercalated clay structure. 
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However, if MDI was added first in a prepolymer route, i.e., Route 2, the large d-spacing 

of the clay structures could be maintained, resulting in exfoliated PU-VMT 

nanocomposites. The clay addition affected both macroscale and microscale phase 

separation of the PU matrix. Because hard segments have strong affinity to the 

hydrophilic clay surface, clay exfoliation was observed to disrupt the phase separation of 

the PU matrix in NC_R2, which had an adverse effect on the enhancement of the 

mechanical modulus. Still, with 5.3 wt% of clay loading, NC_R2 showed a 190% 

increase in modulus at -80 °C and a 144 % increase at 25 °C. The barrier performance 

was also evaluated, and the exfoliated NC_R2 showed a 29 % reduction in CO2 

permeability coefficient, whereas the intercalated NC_R1 only showed a 16 % 

improvement. This study has provided a processing scheme to achieve clay exfoliation in 

polyurethane nanocomposites, which possess good barrier performance and maintain 

good mechanical properties.  
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*
Chapter 4   

Polyurethane-Vermiculite Nanocomposites: Tertiary Amine 

Catalyst-Modification Improves Clay Dispersion 
 

4.1 Introduction 

Polymer-clay nanocomposites have attracted much attention ever since the pioneering 

work by Toyota that demonstrated the exfoliation of clay in polyamide-6 more than two 

decades ago.
1-2

 Since then, extensive studies have been carried out to investigate the 

reinforcing effects of clay in other polymer matrices, such as polyolefins, epoxies, 

polyesters, and polyurethanes (PU).
3
  

It is generally recognized that the compatibility between clay particles and either the 

monomers or the polymer matrix is crucial to achieve nanodispersion of clay. Therefore, 

to improve the compatibility, hydrophilic clays are modified by organomodifiers, 

commonly quaternary alkylammonium ions, that render the clay surface organophilic. 

More complex, multifunctional organomodifiers can also be designed to enhance the 

interfacial interactions between the organoclay and the polymer or specifically aid the 

interaction/exfoliation process. Reactive modifiers can form covalent bonds with polymer 

chains, creating a stronger interface; this approach has shown positive effects in a number 

of polymers, including polystyrene,
4
 polycarbonates,

5
 and polyurethanes.

6
 

To aid the clay dispersion and exfoliation, one can also modulate the relative reaction 

rate between intragallery and extragallery regions of the clay by intercalating a catalyst 

between clay sheets. Ziegler-Natta type catalysts can be fixed into the interlayer space by 

ion exchange
7-8

 or by anchoring them on the modifiers,
8-10

 and clay intercalation and 

exfoliation occurs in situ with the polymerization of olefins or acrylates. Alkylammonium 

modifiers have been shown to exhibit catalytic effects in epoxy systems,
11

 and Jana 

suggested that clay was exfoliated in epoxy by the elastic force of the growing polymer 

                                                 
*
 This chapter is reproduced in part from Polymer 2012, 53, 5060-5068. 
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chain balanced by the viscous force of the extragallery matrix.
11

 The polymerization 

reaction occurs faster in the intragallery space of catalytically modified clay. Due to the 

confined space, polymer chains exert an elastic force on the clay sheets, which acts as the 

driving force to break clay aggregates apart. Cao et al. grafted an organotin catalyst on 

the modifier of MMT, aiming to improve clay dispersion in reactive PU foaming 

process.
12

 They found that tin catalyst-modified MMT particles are much better 

exfoliated in the PU matrix than those without such modification, and the exfoliation of 

clay may result from the intragallery catalysis of organotin.  

PUs are a class of industrial polymers widely used in coating, adhesive, and foaming 

applications, and they can be synthesized as thermoplastic, thermoset, elastomeric, or 

rigid PUs. Given the versatility and importance of PUs, it is valuable to explore efficient 

ways of preparing PU-clay nanocomposites with good dispersion of clay sheets. In this 

work, we explore the efficacy of interlayer catalysts in vermiculite (VMT) to enhance 

clay exfoliation in PU. In Chapter 2 we demonstrated that VMT modified with 

cetyltrimethylammonium ions can be intercalated and partially exfoliated by PU 

elastomers.
13

 Here we synthesized quaternary ammonium modifiers starting with 

commercially available urethane catalysts to introduce catalytic tertiary amine sites in the 

interlayer space. These novel modifiers were used to prepare organomodified VMTs 

(OVMTs). The structures of the modifiers and the OVMTs were characterized, and the 

dispersion of VMT in polyol monomer and PU nanocomposites was evaluated. 

Mechanical and diffusion barrier properties of the nanocomposites were also tested. A 

modifier was identified that raised the tensile modulus of nanocomposites at 25 ˚C by 

390% and reduced CO2 permeability by 40% at a loading of 5.3 wt% of catalyst-modified 

clay. The great improvements in mechanical modulus and gas barrier properties of the 

nanocomposites make them promising materials for coating and adhesive applications.  

4.2 Experimental 

4.2.1 Materials  

Natural vermiculite (Grade 3, Sigma-Aldrich, thermally expanded) was jet-milled 

(Hosokawa Micron, UK) to a particle size less than 4 μm before use. Sodium chloride 
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(VMR Inc.), cetyltrimethylammonium bromide (CTAB, 99%, Sigma), 1-

bromohexadecane (98 %, Alfa Aesar), ethanol (200 proof, Decon Labs, Inc), acetone 

(99.5 %, Macron Chemicals), dimethylformamide (DMF, ≥99.8%, Sigma-Aldrich), ethyl 

ether (HPLC grade, Fisher Scientific), methylene diphenyl diisocyanate (MDI, Suprasec
®

 

3050, Huntsman Polyurethanes, 1:1 mixture of 2,4'- and 4,4'- MDI), silicone defoamer 

(BYK
®
-88, BYK), and amine catalyst (DABCO

®
 S-25, Air Products, only for neat PU 

synthesis) were used as received. Jeffol
®
 G31-28 (trifunctional, 15% EO tip, molecular 

weight = 6000, Huntsman Polyurethanes) and 1,4-butanediol (BDO, ≥ 99%, Sigma-

Aldrich) were dried under vacuum before use. Three commercial urethane catalysts, 

Jeffcat
®
 ZR-40 and ZR-50, were provided by Huntsman Polyurethanes and used as 

received. Their structures are shown in Figure 4.1. 

4.2.2 Synthesis of catalytic modifiers 

The catalytic modifiers were synthesized based on simple nucleophilic substitution of 

the bromine atom in 1-bromohexadecane by one amine group. Typically, 0.4 mole of 

amine catalyst was added to 100 mL DMF, and with the protection of nitrogen gas, the 

mixture was heated to 100 °C. An amount of 0.1 mole of 1-bromohexadecane was slowly 

added (dropwise, about 10 s per drop) into the mixture which was stirred and then 

maintained at 100 °C for two days. Excess amine was removed by distillation at a 

vacuum of about 50 mTorr and a temperature up to 100 °C. 
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Figure 4.1 Structures of amine catalysts, their corresponding quaternary ammonium salts, and CTAB. 

4.2.3 Modification of vermiculite and preparation of polyol dispersions  

The modification protocols for OVMTs can be found in Chapter 2. The obtained 

OVMTs are denoted X-VMT, where X is the modifier. In this paper, the term "catalyst-

modified VMT" refers to OVMT samples containing tertiary amine groups in the 

modifiers, Q40 and Q50. CTAB-modifed VMT is denoted as CTA-VMT in this chapter. 

4.2.4 Synthesis of PU and PU-VMT nanocomposites  

The formulation and synthesis procedures for PU and PU-VMT nanocomposites are 

shown in Chapter 2. Noting that since the organomodifier contains the catalytic sites for 

PU reaction, the Dabco S-25 catalyst was only added for neat PU. The resulting 

composites were denoted as PU_X-VMT where X is the modifier. Starting from 3.8 wt% 

and 7.4 wt% OVMT in polyol, loadings of OVMT in the final composites were 2.7 wt% 

and 5.3 wt%, respectively. 

4.2.5 Characterization 

Details about transmission electron microscopy (TEM), X-ray diffraction (XRD), X-

ray scattering, thermogravimetric analyses (TGA), differential scanning calorimetry 
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(DSC), and rheological property measurements of the polyol dispersions, were described 

in Chapter 2. 
1
H nuclear magnetic resonance (NMR) spectra of organic modifiers were 

obtained on a Bruker AV-500 spectrometer with CDCl3 as the solvent. Fourier transform 

infrared spectroscopy (FT-IR) in attenuated total reflection (ATR) mode was conducted 

on a Thermo Nicolet Avatar 370 FT-IR spectrometer equipped with a Ge ATR crystal. 

Dynamic mechanical analysis (DMA) of cured samples was performed on a Rheometric 

Solid Analyzer-II with 3 mm  3 cm sample strips. A pretension of 7 gram force was 

maintained for each sample and the temperature was ramped up from -100 °C to 100 °C. 

Gas permeation measurements were performed with a homemade manometric 

permeation cell.
14

 Test disks with a diameter of 2.5 cm were cut directly from the sample 

films and placed between the upper and lower compartments. The cell was immersed in a 

water bath maintained at 25 °C. Both the upstream and downstream pressures were 

initially maintained at 40 psi before the valve at the downstream side was quickly opened 

to ambient pressure and then closed. The pressure change on both sides was then 

monitored and converted to the permeability coefficient of the test gas.
14

  

4.3 Results and Discussion 

4.3.1 Modification of vermiculite 

In the synthesis of the organic modifier, the large excess of amine (molar ratio of 

amine to BrC16H33 is 4:1) and slow addition of BrC16H33 ensured that the product should 

be predominantly mono-quaternized. Excess amine was removed to the greatest extent by 

distillation under high vacuum. Although no further purification step was carried out, 

amine impurities would not affect the cation exchange between ammonium ions and 

interlayer metal ions in clay, since such impurities carried no charge and thus would be 

removed during the washing step after the modification.  

The 
1
H-NMR spectra of the purified modifiers are shown in Figure 4.2 and the peak 

assignments are shown in the structures. Successful quaternization was confirmed by the 

appearance of NMR peaks around a chemical shift (δ) of 3.5 ppm, which originate from 

H atoms in the vicinity of quaternized N atoms. Since the amines have more than one 

nucleophilic nitrogen atom, unavoidably, quaternization can occur at either a terminal or 
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a central nitrogen atom, or even at multiple nitrogen atoms. For example, the peak at δ = 

2.57 ppm in the NMR spectrum of Q40 could be assigned to a side product in which both 

the central nitrogen and one terminal nitrogen were quaternized by the long alkyl chain. 

Judging from the very low intensity of peaks in the NMR spectra that could not be 

assigned to the main products, the side products were present at a small fraction. They 

could not be excluded from the target product, but given the fact that the amine reactants 

were present in large excess, mono-quaternized products should be dominant. It is worth 

noting that the position of quaternization does not matter for the subsequent clay 

modification process, and as long as quaternization takes place, cationic sites are created 

in the modifier, making modification of the clay by cation exchange possible.  

 

Figure 4.2 
1
H-NMR spectra for synthesized quaternary ammonium bromide catalysts.  
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XRD patterns of the organically modified clays are shown in Figure 4.3. The peaks at 

the lowest angle result from the (001) plane diffraction, and the corresponding d-spacings 

are listed in Table 4.1. Pristine vermiculite showed multiple peaks, so it could be a 

mixture of minerals as suggested by the previous literature.
15

 After modification, the 

peaks corresponding to the (001) plane shifted toward lower angles, indicating an 

increase in layer spacing. Interestingly, although the modifier became bulkier from 

CTAB to Q50, the intercalated OVMT had similar d-spacing values. This behavior 

implies that the layer spacing was determined by the hexadecyl group, which formed a 

paraffin complex in the interlayer space.
16

 The modified products also displayed two 

(001) peaks, again suggesting that the heterogeneity of the pristine vermiculite and the 

different charge densities of the components may result in different d-spacings.
16

  

 

Figure 4.3 XRD patterns of pristine VMT and OVMTs. 

 

The organic content in the OVMT samples was determined by TGA as shown in 

Figure 4.4 and listed in Table 4.1. Q40-VMT and Q50-VMT contained less of the organic 

component than CTA-VMT. This can be explained by the bulkier head groups of Q40 

and Q50, which render the interlayer space more crowded. 
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Figure 4.4 TGA curves of pristine VMT and the OVMT materials. 

 

Table 4.1 Organic content and d-spacing values of pristine VMT and OVMTs 

Sample Weight loss / % 
Organic content 

from TGA / % 

D-spacings from 

XRD
*
/ nm 

VMT 3.6 -- 1.20, 1.11, 1.01 

CTA-VMT 25.1 22.3 3.52, 2.78  

Q40-VMT 19.8 16.8 3.55, 2.65 

Q50-VMT 20.4 17.4 3.42, 2.54 

*: Due to the heterogeneity of the vermiculite, multiple peaks corresponding to (001) planes of different 

components in the mineral were observed, and the values are listed here. 

 

4.3.2 Polyol-OVMT dispersions 

The swelling of clay particles in the dispersions can be monitored by X-ray scattering 

as an increase in the interlayer spacing, reflected by a shift of scattering peaks towards 

lower angles. In our previous work we showed that for the polyol used here, a glycerine-

initiated triol with PO backbones and EO tips, the EO tips selectively interact with clay 
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sheets, while PO central blocks expand the layer spacing.
13

 As a result, the polyol can 

swell the structure to a d-spacing of > 9 nm, as shown in Figure 4.5 for dispersions with 

7.4 wt% of OVMTs. The swelling effect had no concentration dependence up to the 

highest clay concentration studied here (7.4 wt%); a dispersion with a lower content of 

clay also showed the peak at the same position. Note that all dispersions only showed one 

peak for (001), probably because the swelling was mainly determined by the polyol, not 

by the charge density of the clay. 

 

Figure 4.5 X-ray scattering patterns of the neat polyol Jeffol
®
 G31-28 and polyol dispersions with 7.4 wt% 

of different OVMTs. The cartoon in the figure shows the structures of the polyol and the swollen clay. The 

polyol is a glycerine-initiated triol with PO backbones (blue) and EO tips (red).  

 

Rheological properties of the dispersions were also studied. As shown in Figure 

4.6(a), all dispersions exhibited significant shear thinning effects, typical for colloidal 

dispersions with high-aspect-ratio particles, in contrast with the Newtonian flow behavior 

of the neat polyol. This indicates a solid-like network formation between the clay 

particles in the polyol. The yield stress values and storage shear moduli at 1 rad/s of all 

the polyol-OVMT dispersions are shown in Table 4.2. Once the shear stress is increased 

to a certain value (the yield stress), the clay network breaks down, at which point the 

viscosity decreases substantially. The strength of the network was evaluated by the yield 
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stress, which followed the sequence Q50 ~ CTAB > Q40 for the different modifiers in 

this study. The extent of clay dispersion and interfacial interactions between the clay and 

the polyol can affect the network strength. Organomodifiers play an important role in 

compatibilizing the clay with the organic media, and the interfacial interactions are 

dominated by the structure of the modifiers. All the modifiers have electrostatic 

attractions with the clay, but Q50 has additional interactions through –OH groups that can 

form hydrogen bonds with the polyol, enhancing the interfacial strength. The formation 

of a gel-like structure in polyol dispersions was confirmed from the dynamic frequency 

sweeps in which the storage moduli, G', were almost independent of frequency, 

showing a solid-like character. Despite the difference in yield stress between polyol 

dispersions with CTA-VMT and Q50-VMT, their storage moduli are similar, and the 

dispersion with Q40-VMT shows the lowest G’. In contrast, for the neat polyol G' was 

very low and increased with 
 2

, demonstrating a liquid-like character. 

 

Table 4.2 Yield stress and storage shear modulus of neat polyol and polyol dispersions 

with 7.4 wt% OVMTs 

 neat with CTA-VMT with Q40-VMT with Q50-VMT 

σyield (Pa) NA 2.1 < 0.1 4.6 

G' (Pa) 

at 1 rad/s 
0.001 64 3.3 52 
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Figure 4.6 (a) Viscosity and (b) dynamic storage shear modulus profiles of neat polyol and polyol 

dispersions with 7.4 wt% of OVMTs. 

 

4.3.3 Reaction kinetics during polymerization 

In situ intercalative polymerization was used to produce polyurethane 

nanocomposites, in which a polyol dispersion of the clay materials was first mixed with 

1,4-butanediol chain extender and then with MDI in one batch. Since a catalytic amine 

was present in the mixture, the reaction should be accelerated compared to the reaction in 

neat PU. The kinetic effect of the OVMT materials on polymerization rates was 

monitored by measuring the temperature of the mixtures during polymerization, as shown 
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in Figure 4.7. It is clear that the OVMT materials accelerate the reaction, causing a faster 

heat release compared to the control PU mixtures. From the observation that the reaction 

was accelerated by CTA-VMT, one can deduce that the quaternary ammonium ion also 

had a catalytic effect on the urethane reaction. Although it is well known that the 

quaternary ammonium is a good catalyst for the trimerization of isocyanates,
17

 no report 

on the catalytic effect of CTAB on the urethane reaction was found. The catalytic effect 

may involve a combination of ammonium ions and the anionic clay surface. However, 

with different catalyst-modified VMTs, the mixtures showed very different kinetic 

behavior. The sequence of maximum temperatures observed for all modifiers was Q40 > 

CTAB > Q50. The temperature measurement can be considered to represent the overall 

effects of the different catalytic abilities of the modifiers, the amounts of catalytic sites, 

and the mobility of modifiers in the reactants. Q50 have hydroxyl groups that actively 

participated in the reaction, tethering the catalytic modifiers onto the polymer chains. The 

restricted mobility of the catalytic modifiers prevented a continuous catalytic reaction, so 

that Q50-VMT did not cause a rapid heat release. On the other hand, the modifier in Q40-

VMT is more catalytically active (it has two tertiary amine sites) and more mobile in the 

reactants, so it catalyzed the reaction continuously and accelerated the reaction, 

producing the highest temperature increase (Figure 4.7). 
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Figure 4.7 (a) Temperature profiles of the reaction systems for syntheses of control PU and 

nanocomposites with 5.3 % of OVMTs. (b) Schematic of the experimental set-up for this measurement. (c) 

Digital image showing the accelerated gel formation with the addition of OVMTs compared to the control 

PU synthesis. Image was taken after 1 h of mixing.  

 

4.3.4 Structure and properties of PU-VMT nanocomposites 

The extent of dispersion of the different OVMT samples in PU was characterized by 

X-ray scattering as shown in Figure 4.8. Polyurethane elastomers are phase-separated 

systems, and hard domains formed due to hydrogen bonding between hard segments act 

as physical cross-linkers. Due to the phase-separated structure of hard and soft segments, 

neat PU displayed a peak at d = 10.7 nm, which became much less pronounced for the 

nanocomposites. Although clay particles induced strong scattering in the low-angle 

range, one can still conclude from these data that the phase separation was influenced by 

the clay. Another notable observation is that none of the nanocomposites containing a 

catalytic modifier showed the characteristic peak for clay scattering, i.e., the peak at d = 

3.8 nm present in the pattern of the composite of polyurethane with CTA-VMT 

(PU_CTA-VMT). Considering the strong scattering at the lowest angles, the d-spacing of 

VMT must be larger than 8 nm, which is conventionally considered an exfoliated state.
18
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In order to exclude the possibility that the broad low-angle peaks in Figure 4.8(a) are 

caused by the clay rather than the phase-separated structure of the PU matrix, 

nanocomposites were annealed at 200 °C for 10 min and analyzed by in situ X-ray 

scattering measurements, as shown in Figure 4.8(b). The order-disorder transition 

temperature (TODT) of MDI-BDO based PU elastomers is generally around 150 °C,
19

 so at 

200 °C no phase separation could be observed, as indicated by the disappearance of the 

broad low-angle peaks. Notice that for PU_CTA-VMT the peak for clay scattering was 

present after annealing. 

 

Figure 4.8 X-ray scattering patterns of neat PU and nanocomposites with 5.3 wt% of OVMTs. (a) as-

synthesized, room temperature; (b) after annealing at 200 °C for 10 min, using in situ measurements. 
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TEM was used to investigate the local dispersion of VMT sheets. On the basis of 

high-magnification TEM images in Figure 4.9 (right panel), the extents of intercalation of 

VMT in PU_Q40-VMT and PU_Q50-VMT were generally much greater than that in 

CTA-VMT, which resulted from the strong catalytic tertiary amine sites in Q40 and Q50 

modifiers. This observation is in agreement with the X-ray scattering results. However, 

the low-magnification TEM images (left panels) showed a great difference in 

macroscopic dispersion of VMT particles in PU_40-VMT and PU_Q50-VMT, the latter 

being significantly more dispersed. Clay sheets can be separated from each other further 

by the use of the catalytic modifiers, but under some conditions, the driving force is not 

enough to delaminate the sheets, which is the case for PU_Q40-VMT. This could be 

explained by the clay exfoliation mechanism provided by Park and Jana for an epoxy 

system.
11

 Clay exfoliation is determined by the relative intragallery to extragallery 

reaction rates. For the more active and mobile catalyst Q40, although the intragallery 

reaction is accelerated, the flexible catalytic center can quickly catalyze the extragallery 

reaction (rapid temperature rise in Figure 4.7a). In addition, the temperature increase 

caused by the faster intragallery reaction can also speed up the extragallery reaction. In 

contrast, for the mobility-restricted catalyst Q50, the catalytic effect mainly takes place in 

the intragallery space, so it provides time for monomers to diffuse and polymerize in the 

intragallery region before the extragallery viscous force becomes too large (slow 

temperature rise in Figure 4.7a). The restrictive effect caused by hydroxyl groups also 

helps to localize the modifiers to prevent extragallery catalytic effects. As a result, 

PU_Q50-VMT composites showed a high degree of intercalation, as well as a high 

degree of delamination of the clay particles. 
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Figure 4.9 TEM images of nanocomposites (5.3 wt% clay loading) at different magnifications. 

 

Zeng et al. studied the interfacial structure of PU-organoclay composites by 

molecular dynamics, and their results suggested that phase separation between hard and 

soft segments in PU can be disrupted due to the interfacial interactions: hydrogen 

bonding between hard segments and the clay surface, and van der Waals interactions 

between soft segments and the alkyl chains of the modifiers.
20

 FT-IR and DSC analyses 

were used here to investigate the effects of clay addition on the structure of the 

nanocomposites.  
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Figure 4.10 shows a typical FT-IR spectrum for neat PU. The vibrational frequency 

of carbonyl groups in the urethane bond is influenced by the hydrogen bonding between 

hard segments. This frequency shifts toward lower wavenumbers with hydrogen bonding. 

As can be seen in the inset of Figure 4.10(a), the carbonyl region splits into two peaks, 

one at 1732 cm
-1

 for free C=O and the other one at 1709 cm
-1

 for H-bonded C=O. Thus 

the extent of phase separation can be evaluated by the fraction of carbonyl groups 

participating in hydrogen bonding (X), defined here as X = AHCO/(ACO+AHCO), where 

ACO is the area under the free C=O peak and AHCO the area under the H-bonded C=O 

peak. From Table 4.3 one can see that X values of PU_OVMT nanocomposites were very 

close to that of neat PU, indicating that the degree of microphase separation was similar 

for these systems. The slight variation of X originates from the competing effect of clay 

on hydrogen-bonding to hard segments. The hydrogen bonding between hard segments 

and the hydroxyl groups of the clay sheets and/or the modifiers cause an increase in X 

value, whereas the hydrogen bonding within those hard segments decreases X. It is clear 

that the interplay between these two competing effects did not alter the degree of phase 

separation, which is consistent with early findings for TPU-montmorillonite composites 

prepared via a solvent route.
21

 

The glass transition temperatures (Tg) of the soft segments of the composites obtained 

from DSC are listed in Table 4.3. As a general trend, addition of clay causes a slight 

decrease in Tg, which was also seen in TPU-montmorillonite nanocomposites.
21

 This 

slight decrease could be due to the plasticizing effect of the organic modifiers in 

OVMT,
22

 and the preferential concentration of hard segments around clay sheets via H-

bonding to aid the separation from soft segments. The latter cannot be identified directly, 

but can be derived from the previous observation that composites with unmodified VMT 

also showed a slight decrease in Tg compared to neat PU.
13

 Since the variation of Tg of all 

composites studied here was small, within 59.5 ± 1 °C, the effect of clay addition on the 

phase separated structure of the PU matrix was very limited, consistent with the FT-IR 

results.  
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Figure 4.10 FT-IR spectrum (a) and DSC curve (b) of neat PU. The inset in (a) is the expanded view of the 

carbonyl peak with fitted peaks for free and H-bonded carbonyl groups.  

 

DMA data of the neat PU and nanocomposite samples are shown in Figure 4.11. The 

peak values of the tan δ curves and storage tensile moduli E' at different temperatures are 

listed in Table 4.3. All samples underwent a glass transition resulting in a sharp decrease 

in tensile modulus around -50 °C. The glass transition temperature, reflected by the tan δ 

peak, also decreased slightly from neat PU to the nanocomposites, similar to the DSC 

results. As for the storage tensile moduli, all nanocomposites showed great improvement 

over the full range of temperatures examined. At -80 °C, the storage moduli of all 

nanocomposites were similar at the same clay loadings. The storage moduli were 

increased by >150 % at 2.7 wt% loadings of catalyst-VMTs and by >170 % at 5.3 wt% 

loading, compared to the E’ of neat PU (1.46 GPa). At temperatures above Tg, different 
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extents of reinforcement were observed. With the same amount of clay, the E’ value of 

PU_Q40-VMT was lower than those of PU_CTA-VMT and PU_Q50-VMT. At a 5.3 

wt% loading, the increase in E’ compared to PU was 110% at 25 °C and 126 % at 100 

°C. The less prominent reinforcing effect of Q40-VMT was expected due to the 

inhomogeneous macroscopic dispersion of Q40-VMT clay sheets in the nanocomposites, 

as shown in Figure 4.9. At 25 °C, PU_Q50-VMT showed a similar reinforcing effect as 

PU_CTA-VMT with 2.7 wt% of clay, but it outperformed PU_CTA-VMT at 5.3 wt% of 

clay loading. Compared to neat PU, the E’ of PU_Q50-VMT was increased by 185 % and 

390 % at 2.7 wt% and 5.3 wt% of clay loadings, respectively. At 100 °C, PU_Q50-VMT 

still had higher E’ than PU_CTA-VMT, and a 273 % increase in E’ over that of neat PU 

was observed with 5.3 wt% of Q50-VMT. The remarkable improvement in tensile 

modulus of PU_Q50-VMT nanocomposites was due to the high degree of exfoliation of 

VMT sheets. 
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Figure 4.11 Storage tensile modulus E' profiles for all nanocomposites at (a) 2.7 wt% and (b) 5.3 wt% of 

clay loadings, respectively. The black trace is for neat PU as a comparison.  
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Table 4.3 H-bonded C=O fractions (X), glass transition temperatures Tg from DSC tests, 

tan δ peak values, and storage tensile moduli E' of neat PU and the nanocomposites 

sample 
clay loading 

/wt% 

X 

(±0.01) 

Tg 

/ °C 

tan δ peak 

/ °C 

E' 

-80 °C 

/Gpa 

25 °C 

/MPa 

100 °C 

/MPa 

Neat PU 0 0.51 -58.6 -48.2 1.46 6.08 3.06 

PU_CTA-VMT 
2.7 0.54 -59.4 -51.8 3.69 15.6 6.64 

5.3 0.55 -60.5 -51.1 3.78 20.5 10.4 

PU_Q40-VMT 
2.7 0.49 -59.9 -51.7 3.66 10.5 4.43 

5.3 0.51 -59.7 -51.1 3.96 12.8 6.92 

PU_Q50-VMT 
2.7 0.52 -60.2 -52.0 3.95 17.3 7.13 

5.3 0.54 -60.5 -51.9 4.67 29.8 11.4 

 

Another effect of clay sheets is to improve the barrier properties of a polymer by 

creating a tortuous path for molecular diffusion. Here CO2 was used to evaluate the effect 

of OVMTs on the barrier properties of PU, and the permeability results were fitted using 

Cussler's model to estimate the average aspect ratio (α) of the clay sheets in the 

nanocomposites.
23-24

 As shown in Figure 4.12, PU_CTA-VMT exhibited the least 

reduction with an estimated aspect ratio of 13, which is corroborated by X-ray scattering 

and TEM results that clay sheets of CTA-VMT were closely stacked. Even with a less 

uniform dispersion of clay particles (see Figure 4.9, left panel for PU_Q40-VMT), 

PU_Q40-VMT showed a larger reduction in CO2 permeability compared to PU_CTA-

VMT. This could be due to the large extent of intercalation in Q40-VMT, as confirmed 

by TEM observations, so that those clay sheets could still be spread out to act as effective 

diffusion barriers. Owing to the large extent of clay intercalation/exfoliation, PU_Q50-

VMT showed the highest reduction, 40% at a 5.3 wt% loading, and an estimated aspect 

ratio 54 for clay sheets. 
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Figure 4.12 Relative CO2 permeability (Pc/P0) of the nanocomposites compared to neat PU. Aspect ratio 

(α) values were obtained by fitting the data to Cussler's model; Cussler’s equation and the fitted curves are 

shown. The volume fraction of clay () was calculated assuming values of 2.6 g/cm
3
 and 1.1 g/cm

3
 for the 

densities of vermiculite sheets and PU, respectively.  

 

4.4 Conclusions 

Two organic modifiers with tertiary amine catalytic sites and long alkyl chains were 

used to modify VMT by a cation exchange process. Polyol dispersions of the resulting 

OVMT materials showed significant shear thinning. Modifiers containing hydroxyl 

groups in addition to the tertiary amine sites enhanced the interactions between clay 

particles and the polyol. An industrially friendly in situ intercalative polymerization 

method was used to synthesize PU-VMT nanocomposites. This method resulted in high 

degrees of intercalation/exfoliation of VMT modified by the catalytic modifiers. An 

analysis of the hydrogen bonding and glass transition of the neat PU and the composites 

showed that the microphase-separated structure of the PU matrix remained relatively 

unchanged after the addition of clay. Compared with neat PU, the composites were stiffer 

and less permeable to CO2. A PU composite with 5.3 wt% loading of Q50-VMT showed 

a 390% increase in tensile modulus at 25 °C and a 40% reduction in CO2 permeability. 
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*
Chapter 5 

Epoxy Toughening with Low Loadings of Graphene 

 

5.1 Introduction 

Epoxy polymers are widely used as adhesives, coatings, and structural materials. As 

thermosetting materials, epoxies exhibit a high degree of crosslinking, which endows 

them with useful properties, such as high rigidity and strength. However, the crosslinked 

structure also makes epoxies intrinsically brittle and vulnerable to cracks, which limits 

their applications in aerospace or automotive parts. It is therefore of great interest to 

improve the fracture toughness of epoxies. Traditionally-applied tougheners, such as 

liquid rubbers and thermoplastic polymers, can increase the toughness of epoxies by 

forming microsized secondary phases,
1-5

 but typically, 5 – 20 wt% of toughener are 

required, causing a noticeable reduction in modulus and a suppression of glass transition 

temperatures. Inorganic nanofillers, such as metal oxides and carbon nanomaterials, have 

also been extensively studied to improve the fracture toughness of epoxies.
6-9

 Different 

from polymeric tougheners, increases in the modulus and glass transition temperatures 

are often observed due to the high stiffness of inorganic nanofillers. 

Graphene consists of a single layer of carbon atoms and has recently emerged as a 

promising material for polymer nanocomposites, energy storage and electronic 

applications, due to its unique structure and its excellent mechanical and electrical 

properties.
10-14

 The introduction of graphene nanosheets into polymers resulted in 

improved mechanical, electrical, and barrier performances. Because of the high aspect 

ratio of graphene nanosheets, the property enhancement can be obtained at relatively 

small loadings less than 0.5 wt%.
10, 13, 15

 For epoxy toughening, Rafiee et al. compared 

the fracture performance of epoxy composites with 0.1 wt% of pristine graphene, single-

walled and multi-walled carbon nanotubes, and demonstrated that the composites with 

graphene showed the highest fracture toughness.
16

 They also found that the improvement 

                                                 
*
 Mechanical results were measured by Dr. Yong Tae Park. 
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in fracture toughness peaked at 0.125 wt% of graphene with a 65 % increase.
17

 Since 

many industrial applications of graphene are still obstructed by the relatively high cost of 

graphene, the improvements at low loadings of graphene provide opportunities to 

produce cost-effective epoxy-graphene nanocomposites. Epoxy nanocomposites with 

surface functionalized graphene and graphene oxide (GO) were also studied, and the 

fracture toughness increased with higher graphene loading.
18-20

 However, the use of 

solvents still places limitations on industrial implementation. 

Motivated by the above results, we sought to investigate the toughening effects of 

graphene nanosheets in bulk polymerized epoxy nanocomposites. To satisfy the purpose 

for practical application, no solvent was used in the nanocomposite preparation. The 

content of graphene in the nanocomposites was kept lower than 0.3 wt%, so that 

graphene dispersions were not too viscous to process. Pristine graphenes, graphene oxide 

(GO), and surface modified GO were employed to prepare epoxy nanocomposites. The 

toughening effects of different graphene materials were demonstrated at loadings less 

than 0.1 wt%. Interestingly, a maximum toughening effect was observed at 0.02 wt% or 

0.04 wt% of graphene loading for all the composite samples, and GO modified with 

specific surface groups outperformed the pristine graphenes and GO. Fractographs of the 

composite samples were collected to investigate the toughening mechanism. The 

proposed mechanism contributes to the better understanding of polymer composites with 

low loading levels of graphene.  

 

5.2 Experimental 

5.2.1 Materials  

The following materials were used as received: Epon 828 epoxy resin (MW ~ 377 

g/mol, Momentive), Jeffamine D230 curing agent (MW = 250 g/mol, Huntsman), 4, 4’-

methylene diphenyl diisocyanate (MDI, 98%, Sigma-Aldrich), NaNO3, and KMnO4 

(Fisher Scientific), H2SO4 and HCl (VWR International), H2O2 (30 %, Macron Fine 

Chemicals). Two grades of pristine graphene nanosheets (Angstron Materials), GS1 and 

GS2, were dried under vacuum before use, and their specifications are listed in Table 5.1 
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according to the manufacturer. Natural graphite flakes (SP-1, 45 μm, Bay Carbon) were 

used to prepare graphene oxide. Hycar 1300x42 primary amine-terminated 

poly(butadiene-acrylonitrile) (MW = 900 g/mol, Emerald Performance Materials) was 

also dried under vacuum before functionalization of graphene oxide. Dimethylformamide 

(DMF) and dichloromethane were dried with molecular sieves before use. 

 

Table 5.1 Specifications of pristine graphene nanosheets from Angstron Materials. 

Notation Product name Thickness Size Oxygen content  Surface area 

GS1 N006-P 10-20 nm ~ 14 µm 1.5 % ≤ 21 m
2
/g 

GS2 N002-PDR ~ 1 nm ≤ 10 µm 2.1 % 400-800 m
2
/g 

 

5.2.2 Preparation of graphene oxide (GO) 

Graphene oxide (GO) was synthesized from natural graphite according to the 

Hummers method.
21

 Typically, 115 mL concentrated H2SO4 was added to a 1 L beaker 

which was then placed in an ice bath. A mass of 2.5 g NaNO3 was added and dissolved, 

followed by the addition of 5 g of graphite flakes while stirring. An amount of 15 g 

KMnO4 was then added slowly. After the ice bath was removed, the temperature of the 

mixture increased slowly, but it was controlled to maintain a temperature between 35 °C 

and 40 °C. The reaction proceeded for 1 h, and a dark slurry was formed. A volume of 

230 mL of deionized (DI) water was then added to dilute the mixture, and the 

temperature increased quickly to above 80 °C (Caution: strong exotherm). After 15 min, 

the mixture was further diluted with 700 mL DI water in 1 L beaker, and then H2O2 

solution (30 wt%) was slowly added to stop the oxidation until the color turned to bright 

brown or yellow brown. The resulting slurry was centrifuged and washed with 2 M HCl 

until it was SO4
2− 

free. Then the brown dispersion was dialyzed several times in 

deionized water until the pH reached a value of ~3 and remained unchanged. The pH of 

the GO dispersion was adjusted to around 6 with ammonia, and then bath sonication was 

used to aid the exfoliation of GO. GO was obtained as a powder by freeze-drying the 

dialyzed solution and further drying in a vacuum oven at 60 °C overnight.  
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5.2.3 Preparation of ATBN-modified GO (GA) 

 ATBN chains were grafted onto GO by using MDI as the coupling agent, as 

illustrated in Figure 5.1. First, 200 mg of dried GO were dispersed in 50 mL of DMF by 

bath sonication. The dispersion was purged with nitrogen for 30 min, followed by 

addition of 4 g of MDI. The reaction was carried out in an oil bath at 60 °C for 24 h, and 

then the mixture was flocculated by adding dichloromethane. The solid product was 

washed with dichloromethane at least five times to remove any excess MDI. The 

centrifuge tubes were sealed with parafilm to minimize exposure to moisture from the air. 

The isocyanate-modified GO (GO-NCO) was dispersed in 100 mL of DMF without 

drying. After bath sonication, 20 g of 10 wt% ATBN in DMF was added while stirring. 

The reaction was carried out at 60 °C with nitrogen purging for two days. Acetone was 

used to flocculate the mixture, and the solid product was collected by centrifugation. 

After washing with acetone at least five times, the ATBN-modified GO (GA) was 

dispersed again in tert-butanol. GA was obtained as a powder after freeze-drying the tert-

butanol dispersion and further drying in a vacuum over at 60 °C for 6 h.  

 

Figure 5.1 Scheme illustrating the modification of GO with ATBN molecules. The di-isocyanate linkage in 

GA is omitted for clarity. 
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5.2.4 Synthesis of epoxy-graphene nanocomposites 

The desired amount of graphene nanofillers was first weighed and dispersed in 

Jeffamine D230 using an ultrasonic probe sonicator (Misonic S4000 equipped with an ¼” 

microtip)  for 3 h (90 °C for GS1 and GS2, 70 °C for GO and GA, 100 % amplitude). 

After the D230-graphene dispersion had cooled down to room temperature, it was added 

to Epon 828 epoxy resin, and the mixture was mechanically stirred with a Cowles blade 

at 700 rpm for 2 min and then 300 rpm for 15 min. The amounts of epoxy resin and 

amine curing agent were 100 and 35 parts by weight, respectively. Next, the mixture was 

degassed for 15 min in a vacuum oven, followed by pouring into glass molds which were 

treated by the releasing agent (Frekote 700-NC, Henkel). The nanocomposites were 

obtained after curing at 60 °C for 2 h and 120 °C for another 12 h. The final 

nanocomposites were denoted as EPJ_graphene. 

5.2.5 Characterization 

Fourier transform-infrared (FT-IR) spectroscopy was carried out using a Nicolet 

Magna-IR 760 spectrometer. X-ray diffraction (XRD) patterns were acquired using a 

PANalytical X-Pert Pro MPD X-ray diffractometer equipped with a Co source (45 kV, 40 

mA, λ= 1.790 Å) and an X-Celerator detector. Transmission electron microscopy (TEM) 

images were obtained on a FEI Tecnai T12 microscope using an accelerating voltage of 

100 kV. Graphene samples were picked up on carbon-coated Cu grids from dispersions, 

and polymer samples were first microtomed (Leica Ultracut) at room temperature into 70 

nm sections before being picked up on Cu grids. Thermogravimetric analyses (TGA) 

were carried out with a Netzsch STA 409 PC instrument in flowing nitrogen using a 

ramping rate of 10 °C/min. Scanning electron microscopy (SEM) images were taken 

using a JEOL 6500 FEG-SEM with an accelerating voltage of 5 kV. Samples were 

mounted on Al stubs, and a 5 nm Pt coating was applied on insulating samples.  

For mechanical testing, samples were cut into specimens with specific geometries as 

shown in Figure 5.2. Flexural modulus and strength were measured using an RSA-G2 

solids analyzer (TA Instruments) according to ASTM D790-10 at a span-to-thickness 

ratio of 16 and a crosshead rate of 0.25 mm/min (0.01 min
–1

 strain rate). Fracture 
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behavior was measured with crack-opening tests on compact tension specimens 

according to ASTM D5045-99. A precrack with an average length of 2 mm was initiated 

by tapping a fresh liquid-N2-chilled razor blade into the notch. Specimens were loaded to 

failure at 10 mm/min using an Instron 3344 single column testing system equipped with a 

5 kN load cell. At each weight fraction of graphene additives, we tested 15 different 

samples to check for reproducibility of the results, and then the mode-I critical-stress-

intensity factor (K1C, fracture toughness) and critical strain energy release rate (G1C, 

fracture energy) were calculated based on Equations 5.1 and 5.3, respectively.  

 

Figure 5.2 Geometries of ASTM specimen for three-point bending tests (a) and compact tension test (b). 

Units: mm. 

 

The mode-I critical-stress-intensity factor (K1C) is defined as  

    
   

 √ 
    (5.1) 

where Pc is the maximum loading force in the compact-tension test, H and W are sample 

thickness and width, respectively. Q is the geometric factor and defined as 
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where a is the crack length. 

The critical strain energy release rate (G1C) is defined as  



 

107 

    
   

 

 
          (5.3) 

where E is the elastic modulus and v is the Poisson ratio of the epoxy, which is taken to 

be 0.39. 

5.3 Results and Discussion 

5.3.1 Modification of graphene oxide 

Figure 5.3 shows the FT-IR spectra for GO and modified GOs. During the  ummers’ 

oxidation of graphite, the conjugated carbon lattice is attacked by strong oxidants, such as 

potassium permanganate and nitric acid. Structural defects are created subsequently and 

oxygen-containing groups decorate the surfaces or edges of the nanosheets.
22

 Strong O-H 

absorption was observed for GO from 3000 to 3700 cm
-1

. Vibrations from O-H bending, 

C=O and C=C stretchings are also clearly shown in Figure 5.3.
23

 Organic isocyanates 

were reported to react with the hydroxyl groups on GO,
24-25

 so here di-isocyanate MDI 

was used to create –NCO groups on GO. The resulting GO-NCO showed an absorption 

of –NCO groups at 2269 cm
-1

, indicating the successful grafting of –NCO groups on GO. 

The weak intensity of the –NCO peak is due to the consumption of –NCO groups by 

moisture during the preparation of the FT-IR specimen of GO-NCO. MDI is quite 

sensitive to moisture, and the reaction between –NCO groups and H2O can produce –NH2 

groups and CO2, which are responsible for the peaks at 3400 cm
-1

 and 2339 cm
-1

, 

respectively, in the FT-IR spectrum of GO-NCO. In order to avoid the reaction with 

moisture, GO-NCO was not dried in air, but immediately after washing with 

dichloromethane, it was directly dispersed in DMF for the following reaction with 

ATBN. The spectrum in Figure 5.3 of the resulting GA shows C–H vibrations at 2850 

cm
-1

 and 2920 cm
-1

 from the grafted ATBN chains. The –NCO signal from GO-NCO 

disappeared in GA, confirming the reaction between –NCO groups on GO-NCO and the 

amine groups on ATBN.   
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Figure 5.3 FT-IR spectra of GO, GO-NCO and GA. The reaction of GO-NCO with moisture in the air 

contributed to the peaks with asterisks. 

 

Graphite consists of closely stacked graphene sheets with an interlayer spacing of 

0.355 nm. The  ummers’ oxidation process created hydroxyl and epoxide groups on GO 

nanosheets,
22

 so the d-spacing of GO increased to 0.74 nm, as shown in Figure 5.4. After 

surface modification, the d-spacing increased to 1.10 nm for GO-NCO and 1.38 nm for 

GA, consistent with the growth of grafted functional groups from GO to GA. The 

increase of d-spacing from GO to GO-NCO is higher than that from GO-NCO to GA, 

probably because the molecular structure of the aromatic MDI is more rigid than the 

aliphatic ATBN chain.  
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Figure 5.4 XRD patterns of GO, GO-NCO and GA. X-ray source: Co anode. 

 

TGA was used to determine the content of organic functional groups on GA. As 

shown in Figure 5.5, GO displays a major weight loss of 30 % from 150 °C to 250 °C, 

which is due to the decomposition of labile surface hydroxyl groups. As for GA, two 

weight loss processes were observed from the derivative TGA curve in Figure 5.5. The 

first weight loss with a derivative TGA peak at 175 °C was assigned to the loss of surface 

hydroxyl groups, similar to the one in GO. The second weight loss with a broad peak in 

the derivative TGA curve at 370 °C was assigned to the loss of covalently bonded 

organic functional groups. The organic content of GA was calculated to be 26.5 wt% 

from the second weight loss of GA.  
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Figure 5.5 TGA and first derivative TGA curves of GO and GA from room temperature to 900 °C in 

nitrogen. 

 

5.3.2 Morphology of graphene nanofillers 

The morphologies of the graphene nanofillers were characterized by electron 

microscopy. In Figure 5.6, all the graphene materials are observed as thin nanosheets 

with sizes of several micrometers. The wrinkled morphology of GS2, GO, and GA is due 

to the flexibility of the 2D nanosheets. However, fewer wrinkles are observed for GS1 in 

Figure 5.6a, because the stacking of many graphene layers in GS1 makes it graphite-like 

and thus more rigid than individual nanosheets. The contrast in the TEM image of GA is 

likely the result of uneven surface functionalization with ATBN molecules.  
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Figure 5.6 TEM images of (a) GS1, (b) GS2, (c) GO, and (d) GA. Specimens were prepared from ethanol 

(a, b, c) or DMF (d) dispersion. The network pattern in (d) is from lacey carbon on the TEM grid. 

 

Bulk morphologies of the obtained graphene powders were revealed by SEM. The 

pristine graphene samples, GS1 and GS2, were received as fluffy powders. In Figure 5.7, 

GS1 appeared to have a flake-like morphology similar to the TEM observation (Figure 

5.6a), whereas the thin graphene sheets of GS2 are corrugated into a ball-like 

morphology due to their high flexibility. As for GO, it is difficult to obtain these powders 

in bulk form by filtering the GO dispersion, because GO nanosheets block the pores of 

the membrane filter. Also, by filtration, GO was obtained as a stacked and dense paper,
26

 

which would be hard to disperse in the amine curing agent. Freeze-drying is a simple and 

scalable method to separate nanoparticles from their dispersions, and keep them from 
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aggregation.
27

 The SEM images of GO and GA after freeze-drying are shown in Figure 

5.7c and 5.7d, respectively. It can be clearly seen that they still maintain high aspect 

ratios, and there is no substantial stacking of the nanosheets.   

 

Figure 5.7 SEM images of (a) GS1, (b) GS2, (c) GO, and (d) GA powders. GS1 and GS2 specimens were 

prepared as received from manufacture, and GO and GA specimens were prepared after freeze-drying. 

Scale bar: 2 µm. 

5.3.3 Dispersion of graphene nanofillers in epoxy nanocomposites 

Because Jeffamine D230 is much less viscous than the epoxy resin, in this study, 

graphene nanofillers were first dispersed in the D230 curing agent by ultrasonication. The 

dispersion state of graphene nanofillers in the final epoxy polymer is greatly affected by 

the compatibility between epoxy/amine and the surface of different graphene materials.  

TEM is a powerful tool to visually illustrate the state of dispersion of nanofiller particles 

in polymer matrices. As can be seen in Figure 5.8a and 5.8b, good dispersions of 

graphene nanosheets can be observed for EPJ_GS1 and EPJ_GS2, which are present in 

the epoxy matrix as high-aspect-ratio nanosheets. The thickness values of the nanosheets 
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were ca. 15 nm and 3 nm for GS1 and GS2 in TEM, respectively. Similar to the TEM 

images of pristine graphenes (Figure 5.7), GS1 displays less corrugation than GS2 due to 

the high rigidity of the multilayered nanosheets. Despite the good dispersity of GO in 

water, the dense stacking of GO nanosheets is clearly seen in EPJ_GO even after intense 

ultrasonication treatment (Figure 5.8c). The aggregation of GO nanosheets resulted from 

the unmatched surface properties between hydrophilic GO and the D230/epoxy matrix. 

After modification with ATBN, intercalation and exfoliation of GA was observed in 

EPJ_GA (Figure 5.8d). The thicknesses of GO and GA in the nanocomposites are ca. 30 

nm and 6 nm, respectively, estimated from TEM.  

 

Figure 5.8 TEM images of epoxy nanocomposites with 0.16 wt% of (a) GS1, (b) GS2, (c) GO, and (d) GA. 
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5.3.4 Mechanical properties of epoxy-graphene nanocomposites 

Mechanical properties of the graphene/epoxy nanocomposites are measured and 

shown in Appendix Table A-1. Their modulus and strength values are plotted against 

graphene loadings in Figure 5.9a and 5.9b. The moduli of epoxy nanocomposites with 

pristine graphenes fluctuate as a function of graphene contents from 0.01 wt% to 0.3 

wt%. The insignificant effect of pristine graphenes on modulus is due to the weak 

interface between epoxy and the unmodified surfaces of GS1 and GS2. EPJ_GO also 

displayed negligible change in modulus compared to the neat epoxy, because of the 

aggregation of GO nanosheets in the epoxy matrix. A slight increase in modulus was 

observed for EPJ_GA and was attributed to the good dispersion of GA nanosheets and 

the covalently bonded GA/epoxy interface. Because the graphene loading levels were 

very low, the change in modulus was within 5 % for all graphenes under this study. All 

the epoxy nanocomposites showed a slight decrease in tensile strength, which is 

commonly observed for polymer nanocomposites with stiff nanofillers. However, overall 

the mechanical modulus and strength of the epoxy matrix are not highly responsive to the 

incorporation of graphene nanofillers at the low loading levels.  

Graphene nanofillers have a more significant impact on the fracture toughness, K1C, 

and fracture energy, G1C, of the epoxy matrix, as shown in Figure 5.9c and 5.9d. The KIC 

of the neat epoxy, 0.97 MPa m
1/2

, shows a good correlation with other epoxy polymers in 

previous studies.
16-17

 For EPJ_GS1, the K1C increased by 35 % with only 0.02 wt% of 

graphene loading, compared to the base value of epoxy. A sharp decrease of K1C was 

observed at 0.04 wt% of graphene loading, which was followed by a trend of slow 

increase upon higher graphene loadings. Surprisingly, similar peak behavior in the 

toughening effect can also be seen in Figure 5.8c for the composites with other graphene 

nanofillers at 0.02 wt% or 0.04 wt% graphene loading, and the maximum improvements 

of K1C were 32 %, 40 % and 52 % for EPJ_GS2, EPJ_GO and EPJ_GA, respectively.  

The best performance of EPJ_GA is because of the good dispersion of GA and strong 

epoxy-GA interface in the nanocomposites. Correspondingly, EPJ_GA displayed a 

maximum improvement in fracture energy, G1C, of 140 % at 0.04 wt% of graphene 

loading. The observed significant epoxy toughening at small graphene loadings was 
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reported in a previous study on graphene-based epoxy composites, but at a larger 

graphene loading (> 0.1 wt%) than those shown here.
17

 In contrast, continuous 

toughening with the increase of graphene loading was reported in several other studies, 

but they required at least 10-times higher loadings of graphene to obtain the improvement 

in K1C or G1C comparable to this study, and they have no data for the low graphene 

loading levels that we studied here.
18-20

  

 

 

Figure 5.9 Modulus (a), tensile strength (b), fracture toughness (c), and fracture energy (d) plots of epoxy 

nanocomposites. To highlight the effect at small loadings, the increment is 0.04 for x<0.1 and 0.1 for 

x>0.1. The scale change in the x-axis is indicated by the dashed line.  

 

5.3.5 Toughening mechanism of epoxy nanocomposites at small graphene loadings 

The failure of polymers is a very complicated process and involves the loss of 

structural integrity at microscopic and macroscopic levels under deformation. The 



 

116 

intrinsic brittleness of neat epoxy polymers results in catastrophic fracture because of the 

lack of energy absorbing events during the crack propagation. Inclusion of a secondary 

rubbery phase in the crosslinked structure has shown great effectiveness, because the 

yielding of the rubbery phase during debonding with the matrix can dissipate a significant 

amount of energy to an increase in the toughness.
1, 28

 However, for epoxies filled with 

inorganic particles, due to the high rigidity of the filler particles, the toughening 

mechanism involves the plastic yielding of the matrix around particles and subsequent 

void formation, as well as the interference of rigid particles on crack propagation, such as 

crack deflection and crack pinning,
6-7

 as illustrated in Figure 5.10. When the crack front 

encounters a rigid particle, the crack plane can be deflected by tilting or twisting, and 

thus a larger crack area results compared to undeflected propagation. The crack tip can 

also be pinned by the particulate obstacles, and thus the crack length will be increased. 

Tails are usually formed behind the particles before the unification of the pinned crack 

into the primary crack plane, contributing to the increase of fracture line energy. Notice 

that because the rigid filler acts as a stress concentrator, the localized stress field 

surrounding the rigid filler may cause the debonding between the particle and the matrix. 

Thus a void forms around the particle before the crack tip opening, initiating the 

secondary crack propagation. Various studies have proposed that crack pinning and 

debonding effects are the two main mechanisms contributing to the overall toughening 

effect.
6-7, 29

  

 

Figure 5.10 Toughening mechanisms in rigid particle-filled epoxies. (a) Crack deflection; (b) crack 

pinning; (c) debonding/microcrack formation. The direction of crack propagation is indicated by the red 

arrow. 
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SEM fractography was employed to investigate the fracture mechanism in epoxy-

graphene nanocomposites. The fractographs of neat epoxy and EPJ_GS1 with different 

graphene loadings are shown in Figure 5.11. The neat epoxy displayed a very smooth 

fracture surface, and almost no events were observed during the crack propagation due to 

the brittleness of the matrix. After incorporation of GS1, some geometric markings were 

seen on the fracture surface. The “tail” morphology indicates that the marking was 

generated by crack pinning involving rigid GS1 particles. From the high magnification 

image in Figure 5.11e, microcracks were also observed around the particles, indicating 

the debonding between the graphene and the matrix. The amount of crack pinning and 

microcrack increased with higher GS1 loading (Figure 5.11c and 5.11d). At 0.16 wt% of 

GS1 loading, because of the short interparticle distances, the microcracks could be pinned 

again before they were unified into the primary crack. The crack deflection, pinning, and 

the coalescence of microcracks resulted in a very rough surface.   

It is clear that at higher graphene loading, crack deflection and crack pinning increase 

accordingly, which should result in an increase in fracture toughness. In contrast, in our 

study, a peak in K1C at a small graphene loading was observed, followed by a slow 

increase of K1C. In a previous study, it was suggested that crack deflection was the main 

mechanism for the peak of K1C at small graphene loadings, and the subsequent decrease 

of K1C was attributed to the aggregation of graphene.
17

 However, there were more crack 

deflections in the composites with higher graphene loadings, and no significant 

aggregation of GS1 was observed in the composite with a higher loading (Figure 5.11). It 

is worth noting that the microvoids may be formed before the crack tip reaches the 

particles. If the microvoids are still independently distributed, they may have a 

toughening effect like a crazing behavior. Crazing is commonly considered as an 

effective toughening mechanism for polymers, because the process of crazing absorbs 

fracture energy.
30

 In fact, preformed microvoids in epoxy were reported to show 

toughening effects similar to rubber tougheners.
31

 On the other hand, if the microcracks 

are close to each other, the crazing behavior disappears due to the coalescence of 

microcracks. In addition, the coalescence of microcracks may facilitate crack 

propagation. Therefore, as shown in Figure 5.12, we propose that the crazing of 
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microcracks contributes most to the maximum toughening at small graphene loadings. As 

the graphene loading increases, no crazing can be formed and crack pinning and crack 

deflection become more important in the epoxy toughening. In this case, the trend for the 

increase of K1C on the graphene loading is less steep because the coalescing microcracks 

may facilitate the propagation of the primary crack.  

 

 

Figure 5.11 SEM fractographs of (a) neat epoxy and EPJ_GS1 composites at graphene loadings of (b) 0.02 

wt%, (c) 0.04 wt%, (d) 0.16 wt. The images in (e) and (f) are higher magnification images for 0.02 wt% 

and 0.16 wt% loadings, respectively. The red arrows indicate the crack propagation direction. 
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. 

 

 

 

Figure 5.12 TEM images of EPJ_GS1 at 0.04 wt% and 0.16 wt% of graphene loadings. 

 

Figure 5.13 The correlation of the proposed microcrack crazing mechanism to the K1C of EPJ_GS1 at 

different graphene loadings. At 0.02 wt% loading, the microcracks can be independently distributed, 

whereas at loadings higher than 0.04 wt%, microcracks coalesce due to the short interparticle distance. 

 

GS2 nanosheets are similar to GS1 in structure but much thinner. From Figure 5.14a 

we can see that the tails around the particles in EPJ_GS2 are much shorter than those in 

EPJ_GS1, possibly because thin GS2 sheets can be easily broken, and thus are not able to 

induce as effective microcrack formation and crack pinning as GS1. However, the 

number of GS2 particles is much greater than that of GS1 in the composite with the same 
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graphene loading, so EPJ_GS2 still exhibits significant toughening at graphene contents 

of 0.02 and 0.04 wt%. The coalescence of secondary microcracks in EPJ_GS2 should 

follow a similar manner to that in EPJ_GS1, causing the decrease of K1C after 0.04 wt%. 

With 0.16 wt% graphene, the surface roughness of EPJ_GS2 is much less than that of 

EPJ_GS1, indicating a lower K1C (Figure 5. 8c).  

According to the proposed microcrack-crazing mechanism for the epoxy toughening 

at small graphene loadings, if the energy consumption for the microcrack formation is 

higher, then higher fracture toughness should be observed. For EPJ_GO and EPJ_GA, the 

functional groups on GO and GA can induce a reaction between epoxy and graphene 

fillers during the curing process. The interfacial covalent bonding increases the energy 

dissipation to form microcracks, and therefore the corresponding composites exhibit 

higher fracture toughness then composites with pristine graphene. For EPJ_GA, because 

the grafted rubber chain can further store elastic energy, the highest fracture toughness is 

observed. The interfacial bonding also affected the morphology at higher graphene 

loadings. In Figure 5.14d and 5.14e, EPJ_GO and EPJ_GA displayed a pattern with 

stretched lines throughout the fracture surface, rather than a random coalescence of 

microcracks observed in the composites with pristine graphenes (Figure 5.11e). Due to 

the covalent tethering to the filler particle, the epoxy matrix may undergo plastic yielding 

around GO or GA. During crack propagation, the matrix surrounding the graphene is 

pulled out to form the stretched lines in the same direction of crack propagation. The 

higher K1C values of EPJ_GO compared to EPJ_GS1 may be ascribed to the absence of 

significant coalescence of microcracks and the increase of the fracture line energy. 
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Figure 5.14 SEM fractographs of (a, b) EPJ_GS2, (c, d) EPJ_GO, and (e, f) EPJ_GA. Graphene loadings 

are shown as weight fractions. Red arrows indicate the crack propagation direction. 

 

5.4 Conclusions 

In this study, four types of graphene nanosheets were incorporated into an epoxy 

matrix via a facile, solvent-free route. GO was modified with ATBN molecules to 

improve the dispersion in epoxy and increase the interfacial strength. Good dispersions of 

graphene in the nanocomposites were demonstrated by TEM, except that stacking of GO 
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nanosheets was observed in the nanocomposites. An impressive toughening effect was 

observed for nanocomposites with less than 0.1 wt% of graphene, and EPJ_GA showed a 

52% improvement in K1C and a 140 % improvement in G1C at 0.04 wt% of graphene 

loading. Interestingly, all the composite systems showed a toughness peak at loadings as 

small as 0.02 wt% or 0.04 wt%. SEM fractography provided a better understanding of the 

fracture behavior of epoxy-graphene composites, and a microcrack-crazing mechanism 

was proposed to explain the fracture results. Due to the significant improvement at small 

loading levels, it may be possible to improve the performance of epoxies in an 

economical process by incorporation of graphene nanosheets. 
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*
Chapter 6   

Improved Fracture Toughness for Covalently Bonded 

Unsaturated Polyester-Graphene Nanocomposites at Small 

Graphene Loadings 

 

6.1 Introduction 

Graphene, a one-atom-thick layer of carbon atoms in a honeycomb structure, has 

emerged as the most promising nanofiller for polymer nanocomposites, owing to its 

exceptional mechanical, electrical, and thermal properties.
1-4

 Being the thinnest material, 

graphene is reported to have the highest modulus and strength among all materials to 

date,
5
 so incorporation of well-dispersed graphene has resulted in significant 

enhancement in mechanical properties, including stiffness, toughness, fracture and 

fatigue performances, in various polymer matrices, such as polystyrene,
6-7

 

polyurethanes
8-10

 and epoxies.
11-12

  

Unsaturated polyesters (UPs) are among the most widely-used thermoset polymers 

because of their low cost, versatility in processing, and high stiffness.
13

 Commercial UP 

resin contains UP oligomers dissolved in styrene. Upon radical curing, a highly 

crosslinked network is formed which results in an inherent brittleness of UPs. 

Consequently, there is a great demand for UP materials with improved fracture 

toughness, i.e., resistance to crack.
14-16

 Despite the popularity of both UP and graphene 

materials, there is no report on the mechanical properties, especially fracture properties, 

of UP–graphene composites. Graphite nanoplatelets were previously used in UP 

composites as conductive fillers, and only the electrical percolation and curing kinetics 

were studied.
17-18

 However, graphene has been extensively reported to improve the 

mechanical properties of thermosets, such as epoxies.
11-12, 19-20

 Interestingly, Rafiee et al. 

reported that epoxy-graphene showed better improvement in tensile and fracture 

properties than composites with carbon nanotubes, and the improvement in fracture 
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toughness can be obtained at graphene loadings as small as 0.1 wt%.
11, 19

 Given the fact 

that the current cost of graphene is still too high for many practical applications, this 

toughening effect at small loading levels provides an opportunity to reach a balance 

between cost and performance.  

   Similar to clay materials, it is challenging to exfoliate graphene nanosheets in 

polymer matrices due to the incompatibility between graphene surfaces and the polymer 

matrix. Strong π-π interactions between graphene sheets tend to cause aggregation of 

sheets during processing, which reduces the effective aspect ratios and the property 

enhancements. Surface modifications have been carried out to match the graphene-

polymer compatibility and thus mitigate the graphene aggregation problem.
21

 Graphene 

in reduced form contains few surface or edge groups, whereas for the graphene oxide 

synthesized by oxidation of graphite, the abundance of surface and edge groups provides 

more sites for further modifications of GO and thus better tailoring of the surface 

properties.
2, 22

 Organic modifications are carried out by way of reactions with the 

hydroxyl, epoxide, or carboxyl groups on GO,
 22

 which facilitates the dispersion of 

modified GO nanosheets in polymers, and thus enhances the mechanical properties of the 

composites. Covalent bonding between GO and polymer matrices can also be induced 

during polymerization if reactive groups are grafted onto GO, so that more significant 

enhancement can result from the stronger polymer-filler interface. 

   In this study, we report the enhancement of mechanical and fracture properties of 

UP by covalently bonded GO nanosheets. GO was functionalized with oleyl groups to 

improve its compatibility with UP resin and methacryloyl groups to participate during the 

in situ polymerization. Greater enhancements in mechanical and fracture properties were 

observed for UP nanocomposites with modified GO than for those with pristine GO. This 

is attributed to better graphene dispersion and stronger polymer-graphene interfaces for 

modified GO, as revealed by fractography.  
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6.2 Experimental 

6.2.1 Preparation of oleyl-modified GO (OA-GO) and methacryloyl-modified GO 

(GO-C=C) 

  The scheme for the modification of graphene oxide is shown in Figure 6.1. A mass 

of 200 mg of GO synthesized by  ummers’ method
23

 was dispersed in 100 g of water, 

and then a 40 mL of ethanol solution with 0.15 g of oleylamine was added with vigorous 

stirring. The mixture was sonicated for 2 h and then stirred for 20 h in an oil bath 

maintained at 95 °C. The precipitate was separated by centrifugation, washed with 

ethanol at least five times, and then dispersed in tert-butanol. Oleyl-modified graphene 

oxide (OA-GO) was obtained after freeze-drying the tert-butanol dispersion. It was dried 

in a vacuum oven at 60 °C for 6 h.  

An amount of 100 mg OA-GO was dispersed in 50 mL of dimethyl formamide by 

bath sonication. The dispersion was then cooled down in an ice bath and purged with N2 

for 1 h. Triethylamine (1.0 mL) was then added while the dispersion was magnetically 

stirred, followed by the addition of 0.5 mL of methacryloyl chloride. The mixture was 

kept in an ice bath for another 2 h. After reaction at room temperature for 20 h, acetone 

was added to the mixture to flocculate the modified GO, and the solid product was 

collected by centrifugation at 4k rpm for 15 min. The solid product was washed with 

acetone and ethanol and centrifuged at least 5 times, and then dispersed in tert-butanol. 

GO-C=C was obtained after freeze-drying the tert-butanol dispersion and further drying 

in a vacuum oven at 60 °C for 6 h.  
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Figure 6.1 Scheme for the organic functionalization of GO. 

 

6.2.2 Preparation of UP nanocomposites 

The desired amount of GO or GO-C=C was added to UP resin in a glass jar, and the 

mixture was subjected to high intensity probe sonication with 4-s pulse on/2-s pulse off 

sequences and a total sonication time of 2 h at 40% amplitude. The glass jar was placed 

in a water bath at room temperature, and the sonication was paused when the temperature 

of the water bath exceeded 30 °C. The apparatus was equipped with a condenser to 

prevent evaporation of styrene during sonication. After sonication, a calculated amount of 

Luperox DDM-9 (a ketone peroxide from Arkema Inc.) was added into the mixture to 

give a weight ratio of DDM-9: UP resin of 1.5:100. The mixture was stirred at 300 rpm 

for 10 min and then degassed in a vacuum oven for another 5 min. After degassing, the 

mixture was poured into a glass mold and cured at room temperature for 1 day, at 70 °C 

for 3 h, and at 120 °C for 3 h. 

6.2.3 Characterization 

Fourier transform-infrared (FT-IR) spectroscopy was carried out using a Nicolet 

Magna-IR 760 spectrometer. X-ray diffraction (XRD) patterns were acquired using a 

PANalytical X-Pert Pro MPD X-ray diffractometer equipped with a Co source (45 kV, 40 
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mA, λ= 1.790 Å) and an X-Celerator detector. Transmission electron microscopy (TEM) 

images were obtained on a FEI Tecnai T12 microscope using an accelerating voltage of 

100 kV. Graphene samples were picked up on carbon-coated Cu grids from dispersions, 

and polymer samples were first microtomed (Leica Ultracut) at room temperature into 70 

nm sections before being picked up on Cu grids. Scanning electron microscopy (SEM) 

images were taken using a JEOL 6500 FEG-SEM with an accelerating voltage of 5 kV. 

Transmission electron microscopy (TEM) images were obtained on a FEI Tecnai T12 

microscope using an accelerating voltage of 120 kV.  

The standard methods and specimen geometries for measurements of flexural 

properties and fracture toughness can be found in Chapter 5. The equations for the 

calculation of the mode-I critical-stress-intensity factor (KIC) and the critical strain energy 

release rate (GIC) are also shown in Chapter 5. In the calculation of G1C, the Poisson ratio 

of the unsaturated polyester polymer is taken to be 0.39.  

 

6.3 Results and Discussion 

6.3.1 Modification of graphene oxide 

Upon oxidation of graphite by the Hummers method, many oxygen-containing groups 

are generated on the graphene lattice, and the van der Waals attraction of graphene layers 

is decreased significantly due to the increased interlayer spacing from graphite to GO.
22-23

  

The polar surface groups facilitate the dispersion of GO in water and other polar solvents, 

and they also provide reaction sites for further functionalization. As shown in Scheme 1, 

oleylamine can react either with epoxide groups based on a ring-opening reaction or with 

carboxyl groups based on amidation.
6
 The long-chain alkyl groups improve the 

compatibility between the GO surface with less polar polymer matrices, as reported 

previously in polymer-clay systems.
24-25

 Further reaction of methacryloyl chloride with 

hydroxyl and amine groups produces unsaturated bonds on the surface.
26

 

FT-IR and XRD was used to monitor the modification process. As shown in FT-IR 

spectra in Figure 6.2, the O-H groups in GO contributed to strong absorption bands 

around 3400 cm
-1

, 3190 cm
-1

 (stretching) and 1720 cm
-1

 (bending). C=C, C=O and C–O–
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C (epoxide) groups were also clearly identified from the peaks at 1720 cm
-1

, 1616 cm
-1

 

and 1062 cm
-1

, respectively.
6
 Reaction with oleylamine to OA-GO resulted in a decreased 

intensity of the C–O–C absorption at 1062 cm
-1

 and the emergence of a C–H absorption 

at 2920 cm
-1

 and 2850 cm
-1

. No water was adsorbed on OA-GO due to its 

hydrophobicity,
27

 as shown by the significant decrease in O-H absorption. Esterification 

with methacryloyl chloride to GO-C=C was confirmed by the peak at 1732 cm
-1

, which 

was assigned to the C=O vibration in ester groups. As for the C=C groups, it was difficult 

to resolve the contribution from oleyl and methacryloyl groups, because of the abundancy 

of C=C groups in the graphene lattice. 

 

 

Figure 6.2 FT-IR spectra of GO, OA-GO and GO-C=C. 

 

The modifications of GO created organic functional groups in between the 

nanosheets, and thus changed the d-spacing correspondingly.
6, 27

 As shown in Figure 6.3, 

after oleylamine modification, the d-spacing increased from GO (0.74 nm) to OA-GO 

(1.5 nm) due to the presence of long-chain oleyl groups at the interlayer space. Similar to 

organoclays modified with alkyl quarternary ammonium salts,
28

 the long alkyl chains are 

arranged in a paraffin-type array between hydrophilic GO sheets, given that the d-spacing 
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(1.5 nm) is smaller than the chain length of oleyl group (2.3 nm).  From OA-GO to GO-

C=C, the d-spacing of GO-C=C was still maintained at a higher value than that of GO, 

although a slightly decrease compared to OA-GO was observed, which may be due to the 

removal of strongly absorbed oleylamine (shown by the intensity decrease of the C-H 

absorption from OA-GO to GO-C=C in Figure 6.2).  

 

Figure 6.3 XRD patterns of GO, OA-GO and GO-C=C. 

 

The morphology of GO nanosheets before and after the organic modification was 

characterized by TEM. GO had been exfoliated into thin sheets with lateral dimensions of 

several micrometers (Figure 6.4a). Wrinkles can also be observed, which reveal the 

flexibility of the GO nanosheets. Any sp
3
-hybridized carbon atoms present introduce 

defects into the 2D planes,
22

 which also contribute to the wrinkled morphology. After 

organic modification, the morphology of GO-C=C (Figure 6.4b) was similar to that of 

GO, indicating that the 2D morphology was maintained after modification and GO-C=C 

still maintained high aspect ratios.  
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Figure 6.4 TEM images of (a) GO and (b) GO-C=C. 

 

6.3.2 Morphology and properties of UP-graphene nanocomposites 

Probe ultrasonication, the technique used in this study to disperse GO or GO-C=C 

into the UP resin, is highly effective in dispersing clay nanosheets into monomer matrices 

for polymer nanocomposites.
24

 Although GO exfoliated in water very easily, it restacked 

and aggregated into large particles in the final composites, because of its incompatibility 

with the UP resin, as shown in Figure 6.5 (a, b). The aggregated particles had thicknesses 

around several hundred nanometers, and compared to the original GO, they had 

substantially reduced aspect ratios. In contrast, GO-C=C nanosheets maintained large 

lateral dimensions after they were incorporated into UP, and the small thickness resulted 

in low contrast between GO-C=C and UP, as can be seen in Figure 6.5(c, d). A certain 

extent of restacking also took place during processing, yet the thickness of GO-C=C in 

the composites was only around 20 nm, indicating that a much better dispersion with GO-

C=C nanosheets in UP had been achieved. The reason for better dispersion of GO-C=C is 

the organic modification of GO, which changed the surface properties to hydrophobic, 

making the sheets more compatible with the UP resin, so that they could be well 

dispersed after probe ultrasonication and maintained in a highly dispersed state in the 

polymer matrix after curing.  
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Figure 6.5 TEM images of UP nanocomposites with (a, b) GO and (c, d) GO-C=C. 

 

The mechanical properties are summarized in Figure 6.6. Because the graphene 

content in the composites was small and UP is a glassy polymer, the change in modulus 

after incorporation of GO and GO-C=C was relatively small. Nonetheless, UP_GO-C=C 

showed a higher increase in flexural modulus than UP_GO, due to better dispersion of 

GO-C=C in the composites.  UP_GO-C=C also showed less decrease in flexural strength 

than UP_GO, indicating more effective load transfer from the polymer to grapheme, 

owing to the strong covalently-bonded interface. More significant changes were observed 

in the fracture toughness and energy results, and the improvements for UP_GO-C=C 

were more significant than for UP_GO at all loading levels studied. The fracture 

toughness, K1C, of UP_GO-C=C started to show a rapid increase at 0.04 wt% of graphene 

loading and then slowly increased at higher loading, whereas UP_GO showed the 

increase at 0.08 wt%, and then further improvement was very limited for higher loadings. 
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The onset of improvement in fracture properties for UP_GO-C=C at small graphene 

loadings is due to the better dispersion of GO-C=C in UP after organic functionalization 

and the stronger UP-graphene interface compared to UP_GO. At 0.04 wt% and 0.3 wt% 

of GO-C=C loadings, the improvements were 27 % and 42 % respectively for K1C, and 

53 % and 86 % respectively for G1C, a parameter that is comparable to impact strength.  

So far we have not found any reports on toughening results of UP by graphene 

materials, so we compared our modified GO with other filler materials. Kornmann 

reported a 48 % improvement in K1C at 3 wt% of MMT clay.
14

 A similar improvement 

was achieved at a much lower loading with GO-C=C. A 28 % increase in impact strength 

was obtained with 1 wt% of modified TiO2,
29

 whereas G1C was improved by 86 % at only 

0.3 wt% of GO-C=C. It is clear that a great improvement in fracture toughness can be 

achieved with quite a low content of GO-C=C, due to its high aspect ratio, good surface 

compatibility, and strong UP-graphene interface. 

 

 

Figure 6.6 Relative mechanical properties of UP_GO and UP_GO-C=C nanocomposites. All results were 

normalized relative to neat UP for easier comparison. 
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6.3.3 Toughening mechanism of UP nanocomposites with GO and GO-C=C 

In order to investigate the toughening mechanism, we studied SEM fractographs of 

the nanocomposites. As shown in Figure 6.7, neat UP showed a very smooth fracture 

surface as the crack propagated because of the homogeneity and brittleness of neat UP. 

After the incorporation of a second phase, the nanocomposite samples showed more 

complicated surface features, such as crack pinning and plastic deformation/debonding, 

which has been observed commonly for composite samples and attributed to the 

toughening effect of filler materials.
30-31

 When the crack propagates to a rigid particle, the 

crack front is diverged by the particle and then converges after passing the particle, 

forming “tails” after the encountered particle. Crack pinning increases the crack length, 

and thus the “line energy” consumption contributes to the increase in fracture toughness. 

Plastic deformation and filler-polymer debonding take place in the vicinity of the filler 

particle, because the particle can act as a stress concentrator during crack propagation. 

Debonding is indicated by voids or cavitation near the filler particles. For UP_GO, crack 

pinning can be recognized by the “tails” after some particles, and more crack pinning was 

observed with higher GO loading. However, for UP_GO-C=C with 0.04 wt% of 

graphene, the “tail” generated by crack pinning was much longer than that in UP_GO, 

and different “tails” converged and extended along the crack propagation direction. At 

higher loadings, due to the large number of GO-C=C particles, the tails coalesced, which 

greatly increased the surface roughness. Another clear difference is that large cavitations 

were created for UP_GO because of the weak interface between UP and aggregated GO 

particles. In contrast, for UP_GO-C=C, except for some small cavitations, significant 

plastic deformation was associated with the crack pinning, which we attribute to the 

strong UP-graphene interface around well-dispersed GO-C=C particles. Instead of being 

easily debonded for UP_GO, the polymer matrix around the UP-graphene interface 

underwent shear yielding due to the stress concentration by filler particles, eventually 

resulting in debonding to absorb extra energy. Due to the shear yielding, the pinned crack 

needed a longer distance to converge, so that long “tails” were observed for UP_GO-

C=C. Due to greater contributions from crack pinning and plastic deformation, UP_GO-

C=C displayed higher fracture toughness than UP_GO.  
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Figure 6.7 SEM fractographs of (a) neat UP, (b, c) UP_GO and (d, e) UP_GO-C=C at 0.16 wt% of 

graphene loading. Red arrows indicate the direction of crack propagation. 
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6.4 Conclusions 

We have functionalized GO with oleyl and methacryloyl groups to increase its 

compatibility and provide covalent bonding with UP resin.  Better dispersion of graphene 

nanosheets was achieved with GO-C=C than with GO, and therefore UP_GO-C=C 

showed greater improvements in mechanical and fracture properties. A 42 % increase in 

K1C and an 86 % increase in G1C can be achieved at 0.3 wt% loading of GO-C=C, which 

makes the modified graphene a promising filler for UP resin, compared to previously 

reported clay or metal oxides fillers. SEM fractographs were investigated to reveal the 

toughening mechanism by GO and GO-C=C. More substantial crack pinning and plastic 

deformation were observed for UP_GO-C=C due to the better dispersion of GO-C=C and 

the strong covalently-bonded UP-graphene interface, which resulted in the observed 

higher fracture toughness. The improvement in fracture properties of UP polymer at 

small loading levels provides an opportunity to use graphene materials economically to 

achieve optimized performance of polymer nanocomposites. 
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*
Chapter 7   

V2O5-Graphene Composite Films as Free-standing Cathodes 

for Rechargeable Lithium Batteries 

 

7.1 Introduction  

Due to the growing interest in flexible electronics, such as roll-up displays, 

stretchable integrated circuits, and wearable multimedia or medical devices, there is a 

need to develop energy storage devices with flexible structures, including capacitors and 

batteries. Owing to their high energy densities and reasonably long cycle life, 

rechargeable lithium batteries are widely used in conventional electronic devices. They 

are also promising candidates for powering flexible devices if they can be fabricated with 

the necessary structures. Although transition metal oxides or phosphates such as LiCoO2, 

and LiFePO4 have been extensively studied as electrode materials for lithium ion 

batteries and are commercially used,
1
 they typically need 5–10 wt% of insulating binder 

to ensure contact between particles, which reduces the energy density and the 

conductivity of electrodes. Therefore it is important to develop flexible and binder-free 

elelctrodes with high capacity, good cycling and rate capability for high performance 

batteries.  

Carbon-based nanomaterials such as carbon nanotubes and graphene sheets can be 

fabricated into films or papers by simple filtration of the dispersion over a porous 

membrane.
2-3

 Because of their high aspect ratios, the carbon nanotubes (CNTs) or 

graphene sheets (GSs) stack onto each other, forming a free-standing paper with 

reasonable mechanical strength and flexibility that can be used as a self-supporting 

electrode material.
2-5

 Different types of CNTs have been employed to form free-standing 

carbon films by filtration, so-called “bucky” papers, and tested as anodes for lithium 

batteries; among these, multiwalled nanotubes exhibited the best electrochemical 

                                                 
* This chapter is reproduced with permission from J. Electrochem. Soc. 2012, 159, A1135-A1140. 
©Copyright 2012, The Electrochemical Society 



 

139 

performance.
5
 Graphene nanosheets have also been assembled into papers suitable for 

anodes in lithium ion batteries. Wang et al. observed poor cycling performance for 

annealed graphene paper so that it could only be used for primary batteries,
3
 but 

Abouimrane et al. reported an increase in reversible capacity for a non-annealed 

graphene paper anode.
4
 CNT paper or graphene paper can also be used as supports for 

other electroactive materials, acting at the same time as the conductive phase to enhance 

the electrical conductivity of the composite electrodes.
6-11

 Because these composite films 

do not require a binder, the fraction of active material in the composite can be increased 

compared to typical electrodes with a binder. Silicon particles have been incorporated 

into CNT or graphene paper to increase the discharge capacities significantly, 

demonstrating that the nanostructured carbon support can help to mitigate structural 

degradation of silicon during cycling.
6, 8

 Metal oxides can also be incorporated into the 

carbon nanotubes paper or graphene paper to function as binder-free electrodes.
7
 
9-11

  

Vanadium oxide (V2O5) has been widely studied as an electrode material for rechargeable 

lithium batteries due to its low cost and high energy density.
12-14

 It has a layered 

structure, and the intercalation of Li
+
 results in the formation of LixV2O5 with x typically 

smaller than 2 for a reversible reaction, corresponding to a theoretical capacity of 294 

mAh g
-1

 within a voltage window from 4.0 to 2.0 V.
12

 V2O5 can form various low-

dimensional nanostructures, such as nanodisks,
15

 nanorods
16-17

 or nanowires,
14, 18-19

 and 

nanotubes,
20

  which can shorten the ion transport path in the solid phase, the rate-limiting 

step in the lithium insertion-desertion process.
21

 V2O5 nanowires have been reported to 

show good performance as cathode materials for lithium ion batteries.
14

 V2O5 

nanowire/graphene composites have also been prepared by hydrothermal treatment of a 

V2O5-H2O2 sol that contained graphene; due to the improved conductivity, the composite 

exhibited a good high rate performance, delivering a discharge capacity of 110 mAh g
-1

 

at 1.6 A g
-1

 after 100 cycles between 4.0 V and 1.5 V.
22

 Porous V2O5 sphere/graphene 

composites showed good cycling stability and rate performance, with a discharge 

capacity of 93 mAh g
-1

 at 5.7 A g
-1

 after 200 cycles from 4.0 V to 2.0 V.
23

 The above 

composites were all in powder form and needed to be combined with binder and 

assembled in coin cells. Gwon et al. coated a layer of V2O5 on free-standing graphene 
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paper by pulsed laser deposition, and employed it in a flexible battery.
24

 Although the 

capacity of V2O5 coated on graphene paper was increased compared to that on Al foil, the 

distribution of V2O5 was uneven throughout the film. Recently, Seng et al. incorporated 

CNTs in a free-standing V2O5 film by a filtration method to increase conductivity, and 

the composites showed improved cycling performance and rate capability compared to 

the single phase.
9
  

Herein we report the preparation of free-standing V2O5/graphene composite films 

which contain crystalline V2O5 nanowires embedded in stratified graphene nanosheets. 

The facile process shown in Figure 7.1 allows easy adjustment of the composition and 

can be readily adapted to other systems. The integrity of the obtained films permits their 

use directly as cathode electrodes without any binder, which, to our knowledge, has not 

been reported yet for crystalline V2O5/graphene composites. Owing to their high 

flexibility (Figure 7.1), the composite films are promising candidates for electrical energy 

storage devices that require flexible electrodes. The structure and morphology of the 

composites were characterized and the effects of thermal treatment and graphene content 

on the film conductivity were studied. Binder-free lithium cells were assembled and their 

electrochemical performance was evaluated.  

 

Figure 7.1 Scheme summarizing the preparation of V2O5/GS films by vacuum filtration. The images on the 

right show the integrity and flexibility of a typical composite film. 
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7.2 Experimental 

7.2.1 Materials 

The following chemicals were used as received: natural graphite flakes (SP-1, 45 μm) 

from Bay Carbon, Inc.; NaNO3, KMnO4, and V2O5 from Fisher Scientific; H2SO4 and 

HCl from VWR International; acetone and H2O2 (30 %) from Macron Fine Chemicals; 

Pluronic P123 from BASF; N2H4·H2O, Triton X-100, LiClO4 and ethylene carbonate 

from Alfa Aesar; dimethyl carbonate from Aldrich. 

7.2.2 Preparation of GS dispersions  

Graphene oxide (GO) was synthesized according to the Hummers’ method.
25

 The 

resulting slurry was centrifuged and washed with 2 M HCl until SO4
2-

-free. Then the 

brown dispersion was dialyzed several times in deionized (DI) water until the pH reached 

a value of ~6 and remained unchanged. GO was obtained as a powder by freeze-drying 

the dialyzed solution. Reduction of GO followed a literature method with addition of the 

surfactant Pluronic P123.
26

 Briefly, GO was first dispersed in water by mild sonication at 

a concentration of 1 mg/mL. Pluronic P123 (2.5 g) was dissolved in 100 mL of the above 

dispersion, N2H4·H2O (2.5 mL) was added, and the reduction was then carried out at 40 

°C overnight under the protection of nitrogen. The surfactant helped to disperse 

chemically reduced graphene sheets and prevented them from aggregating.
26-27

 The 

mixture was then dialyzed to remove excess hydrazine and surfactant. The final 

dispersion was used as the graphene source.  

7.2.3 Preparation of V2O5 dispersions 

V2O5 nanowires were synthesized via a hydrothermal sol-gel process.
18

 Briefly, V2O5 

powder (0.92 g) was added to DI water (75 mL) and dissolved to form a clear solution 

after addition of hydrogen peroxide (30 wt%, 12.5 mL). This solution was poured into a 

125 mL autoclave with a Teflon liner and treated at 205 °C for 4 days. After the 

autoclave was cooled to room temperature, the precipitates were collected, washed with 

DI water and acetone, and dried in air. The V2O5 dispersion was then prepared by 
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dispersing V2O5 powder (10 mg) in DI water (5 mL), followed by bath sonication. Triton 

X-100 (0.25 g) was added to the dispersion and dissolved by stirring. 

7.2.4 Assembly of V2O5/GS films 

An aliquot of the V2O5 dispersion (5 mL) and the desired volume of GS dispersion 

were mixed together and then subjected to sonication for 10 min to form a black, 

homogeneous dispersion. The mixture was flocculated by acetone and then slowly 

filtered through a 0.22 µm PVDF membrane filter (EMD Millipore, Inc.). The filter cake 

was rinsed with acetone to remove excess surfactant, air-dried, and peeled off as a free-

standing film. Composite films were denoted as VmGn, where m and n refer to the 

milliliters of V2O5 and GS suspensions, respectively. Separately, a graphene dispersion (5 

mL) and a V2O5 dispersion (10 mL) were also filtered to form films denoted as GS and 

V2O5 films, respectively. To remove surface oxygen-containing groups and thus increase 

the conductivity, the films were subjected to thermal annealing at 300 °C for 30 min in 

air. 

7.2.5 Characterization  

Scanning electron microscope (SEM) images were taken using a JEOL 6500 FEG-

SEM with an accelerating voltage of 5 kV. Transmission electron microscopy (TEM) 

images were obtained on a FEI Tecnai T12 microscope using an accelerating voltage of 

120 kV. Samples were sonicated in ethanol and then dropped onto a carbon film 

supported on a Cu grid. X-ray diffraction (XRD) patterns were acquired using a 

PANalytical X-Pert Pro MPD X-ray diffractometer equipped with a Co source (45 kV, 40 

mA, λ = 1.790 Å) and an X-Celerator detector. Thermogravimetric analysis (TGA) was 

performed on a Netzsch model STA 409 instrument. The sample was heated in an 

alumina crucible under air flow to 700 °C at a ramping rate of 10 °C/min. The electrical 

conductivities of graphene and V2O5/GS composite films were measured via the van der 

Pauw technique using a homemade four-point probe setup.
28

 Each of the four copper wire 

probes was glued to a corner of the sample using colloidal silver paste (Ted Pella, Inc). 

The measurements were carried out on an Arbin battery-testing system after the silver 

paste had dried in air for one day. 
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7.2.6 Electrochemical tests 

Galvanostatic charge-discharge measurements were performed with a sandwich-type, 

two-electrode cell as shown in Figure 7.2, in which a V2O5/GS film cathode was used as 

the working electrode, lithium foil as the counter and reference electrodes, a porous 

polypropylene membrane (Celgard 2400) as a separator, and Al foil and Ni mesh as the 

current collectors for the cathode and anode, respectively. All samples used in the 

electrochemical tests had been thermally annealed. The electrolyte was 1.0 M LiClO4 

dissolved in a mixture of ethylene carbonate and dimethyl carbonate (1:1 v/v). The cells 

were purged with Ar for about 12 h before testing. Electrochemical cycling was 

conducted on an Arbin battery-testing system with a voltage range from 2.1 V to 4.0 V 

(vs. Li/Li
+
) and a rest time of 5 min before each discharge and charge step.  

 

Figure 7.2 Illustration of the cell assembly used to test the electrochemical performance of the film 

cathodes. 

 

7.3   Results and Discussion 

7.3.1 Structure and morphology of GS/V2O5 composite films 

Graphene nanosheets (GSs) were synthesized in a two-step process starting from 

graphite. Graphite was first oxidized according to the Hummers method to form graphite 

oxide (GO),
25

 a process which introduced significant amounts of hydrophilic oxygen-

containing groups on the graphene layers and improved dispersibility and exfoliation of 

GO in water under mild sonication.
29

 Upon reduction of GO in an aqueous dispersion 

containing the nonionic surfactant Pluronic 123 as an additive, graphene nanosheets with 

conjugated structure were recovered, which remained highly exfoliated due to protection 
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by the surfactant.
26-27

 After the dialysis to remove excess surfactant, the dispersion was 

used directly as the graphene source. 

Figure 7.3 shows the XRD patterns for natural graphite, GO, and the reduced GS. 

Natural graphite displayed a spacing of 0.34 nm, which corresponds to the distance 

between the densely packed graphene layers. After oxidation through the Hummers 

process, the d-spacing increased to 0.75 nm in the resulting graphite oxide, which is due 

to the introduction of oxygen-containing groups on the basal plane.
29

 After filtration of 

the reduced graphene dispersion, the GS film displayed a peak at 25.2° 2θ, which 

corresponds to a d-spacing of 0.39 nm. Reduction of GO removes surface functional 

groups and can restore the conjugated graphene structure, but plenty of structural defects 

remain so that the basal planes are no longer perfectly flat 2D sheets as those contained in 

graphite. Therefore the d-spacing of GS was smaller than that of GO, but slightly larger 

than that of natural graphite.
3
 The other weak peak observed for the GS film at 16.1° 2θ 

suggests that surface groups were not completely removed after reduction. Based on the 

observation that the major reflection for GS is broader and much weaker than those of 

GO and pristine graphite, we conclude that graphene sheets restacked into aggregates 

with only a few layers in the vacuum-filtered films. 

 

Figure 7.3 XRD patterns of graphite, graphite oxide, and a graphene film. 
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TEM analysis was used to study the morphology of the GO and GS sheets. The 

representative image in Figure 7.4a clearly shows that graphite oxide exfoliates to form 

thin sheets with typical lateral dimensions of several micrometers. Wrinkles in the sheets 

manifest the flexibility of the GO sheets. Any sp
3
-hybridized carbon atoms present 

introduce defects into the 2D planes,
29

 which could also contribute to the wrinkled 

morphology. After reduction by hydrazine, GS particles retained their sheet morphology, 

indicating that the removal of surface oxygen groups did not cause aggregation of 

graphene sheets in the presence of the surfactant P123.  

V2O5 nanowires were prepared from V2O5 powders by first forming a peroxyvanadic 

acid sol with H2O2 and then decomposing the sol under hydrothermal conditions.
18

 The 

morphologies of the V2O5 nanowires are shown in Figure 7.4c and 7.4d. The nanowires 

have lengths of several micrometers and diameters less than 100 nm. The diffraction 

contrast of the nanowires along the growing direction suggests that these wires are 

crystalline, which was confirmed by XRD analysis. For the as-made V2O5, all reflections 

could be indexed to the orthorhombic V2O5 phase (JCPDF# 41-1426), and no crystalline 

impurity phase was observed (Figure 7.5).  

To prepare the composite films, an aqueous dispersion of V2O5 was first stabilized by 

Triton X-100 before mixing it with the desired volume of GS suspension used for 

vacuum filtration. A comparison of XRD patterns of the as-made V2O5 powder, the 

vacuum-filtered V2O5 film, and the V5G5 composite film (Figure 7.5) provided 

important information about the alignment of V2O5 nanowires in the films. The V2O5 film 

formed by filtration still displayed the typical reflections of a crystalline phase, but all 

peaks corresponding to crystal planes in the [010] direction were absent (in contrast to the 

pattern of V2O5 powders). The absence of the [010] reflections suggests a highly 

preferred orientation of nanowires in the plane of the film, given that the nanowires grew 

along the [010] direction.
18

 The V5G5 film prepared in the same manner showed almost 

the same XRD pattern as the V2O5 film, and no graphite peaks were observed, indicating 

that graphene sheets remained exfoliated. 
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Figure 7.4 TEM images of (a) GO, (b) GS, (c-d) V2O5 nanowires. 

 

Figure 7.5 XRD patterns of the as-made V2O5, the vacuum-filtered V2O5 film, and the V5G5 composite 

film. 
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SEM images of the vacuum-filtered GS, V2O5 and V2O5/GS films are shown in 

Figure 7.6. GS formed a relatively flat film surface. The cross-section view of this sample 

showed the stacking of wrinkled graphene sheets. After filtration, V2O5 formed a web-

like morphology with stacked nanowires. As expected, the nanowires line up with 

preferred orientation in the plane of the film (Figure 7.6c). Together with the missing 

peaks in the XRD pattern, this confirmed that the wires grew in the [010] direction,
18

 and 

that, upon filtration, all nanowires were aligned with their [010] directions parallel to the 

film surface. The top-down view of the V2O5/GS film (Figure 7.6e) does not clearly show 

any graphene sheets due to the penetration of electrons through the thin sheets, but the 

edges of some sheets can be distinguished because they are wrinkled. Another indication 

of the presence of graphene sheets is the different contrast compared to Figure 6c. From 

the cross-sectional view (Figure 7.6f), it is easy to see the interstratified structure formed 

by graphene sheets where V2O5 nanowires are sandwiched between the sheets. This 

sandwich morphology ensures good contact between V2O5 and conductive graphene 

sheets, so that the graphene network can act as an electron pathway and the 

nanostructured V2O5 network acts as the Li
+
 host during electrochemical cycling. 
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Figure 7.6 SEM images of (a, b) GS, (c, d) V2O5 and (e, f) V5G5 film. Scale bar: 2 µm. 

 

7.3.2 Properties of GS/V2O5 composite films 

TGA data were used to determine the content of V2O5 in the composite films. On the 

basis of the TGA traces shown in Figure 7.7a, as-prepared composite films exhibited two 

weight losses around 200 °C and 400 °C, respectively, in flowing air. The weight loss at 

the lower temperature is due to removal of surfactant and residual surface groups on 

graphene, whereas the weight loss at the higher temperature corresponds to the 

combustion of graphene sheets. In order to remove the residual surface groups, films 
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were annealed at 300 °C in air, and then the weight loss around 200 °C was no longer 

observed for annealed samples (Figure 7.7a). The decomposition of surface groups was 

also revealed in XRD patterns of these samples (Figure 7.7b), as the broad peak of the GS 

film at 16.1° 2θ disappeared. The shift of this peak towards higher 2θ values indicates a 

more compact stacking of GS after thermal treatment, whereas no change was observed 

for the structure of V2O5. The V2O5 content in these samples determined from the TGA 

data is listed in Table 7.1, which illustrates that the composition of the composites can be 

adjusted simply by changing the amounts of precursor dispersions. 

 

 

Figure 7.7 (a) TGA traces of composite films with different compositions. The dashed trace corresponds to 

a sample before annealing and the solid lines to samples after annealing. (b) XRD patterns of GS and V5G5 

films before and after annealing at 300 ºC. 
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The conductivity (σ) of the films was measured via the four-point van der Pauw 

method,
28

 and values are listed in Table 7.1. The effect of thermal annealing was 

investigated using the V5G5 film as an example. After annealing at 300 ˚C, the 

conductivity of this film increased 30-fold, owing to the removal of the insulating 

surfactant and surface groups on graphene. The neat V2O5 film showed a low 

conductivity of 2.5 S m
-1

, but in composite films the conductivity increased significantly 

with increasing graphene content (Figure 7.8). This trend is similar to observations for 

polymer-graphene composites.
30-31

 In those systems, the conductivity of the composite, 

above the percolation threshold, was proposed to follow a power law equation as  

,  

where σc and σg are the conductivity of the composite and of graphene, and Φg and Φp are 

the actual concentration (vol%) and percolation concentration of graphene, respectively.
32

 

Graphene has shown very low percolation thresholds (typically Φp< 1 vol%) in 

composites,
31

 so that Φg – Φp ≈ Φg.  Therefore σc approximately follows a power law 

relationship as a function of Φg, as shown by the fitted line in the log σc vs. log Φg plot in 

the inset of Figure 7.8.  

 

Figure 7.8 Plot of conductivity values vs. composition of the films. The inset figure shows the log-log plot 

with a power law fitting of σc and Φg for the last five data points. In the calculation of Φg, densities of V2O5 

and graphene were assumed to be 3.4 g cm
-3

 and 2.1 g cm
-3

, respectively.  
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Table 7.1 V2O5 content and conductivity values of the single-component and composite 

films. 

Sample
a)

 
V2O5 content  

/wt%
b)

 

Conductivity σ  

/S m
-1c)

 

V2O5 film 100 2.5 

V5G3 annealed 85.1 46 

V5G5 

before 

annealing 
54.5 4.4 

annealed 75.8 136 

V5G10 annealed 66.0 184 

V3G10 annealed 42.8 752 

GS film annealed 0 4880 

 

a)
 Composite films are denoted as VmGn, where m and n refer to the milliliters of V2O5 and GS 

suspensions. See the Experimental section for the amounts of single component dispersions used for film 

preparation. 
b) 

V2O5 content was determined from the residual weight after heating the sample from 50 to 

600 ˚C in air in a TGA; 
c)

 Conductivities were measured by the four-point van der Pauw method. 

7.3.3 Electrochemical performance of GS/V2O5 composite films 

The galvanostatic charge-discharge curves and cycling performance behavior for 

V5G3, V5G5, and V5G10 cathodes in these cells are shown in Figure 7.9. The 

composites displayed four phase transitions at 3.3, 3.1, 2.5, and 2.2 V, corresponding to 

stepwise insertion of Li
+
 during discharge.

12
 It is worthwhile to point out that the minor 

plateau at 2.5 V suggests the presence of some V2O5 in gel form due to incomplete 

crystallization during the hydrothermal reaction. The theoretical discharge capacity of 

V2O5 in the 4.0–2.1 V range is 298 mAh g
-1

 based on 2 Li
+
 insertion into one formula 

unit of V2O5, and therefore each Li
+
 is inserted into one V2O5 unit above and below 2.5 

V, respectively. The discharge capacities for V5G10, V5G5, V5G3 and V2O5 are 243 

mAh g
-1

, 261 mAh g
-1

, 159 mAh g
-1

 and 0.7 mAh g
-1

, respectively, for the first cycle at a 

current density of 200 mA g
-1

. Neat V2O5 film barely stores Li
+
 due to its low 

conductivity, which causes polarization of the electrode during cycling. For the same 
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reason, V5G3 exhibited the lowest capacity among the composite materials. V5G10 is 

most conductive, but it did not have the highest capacity, likely because the graphene 

sheets can create a tortuous path for Li
+
 ions, and the high GS content slows down ion 

transport. V5G5 has reasonable conductivity and medium graphene content, giving it the 

highest capacity among these samples. The discharge capacities decreased to 208 mAh g
-

1
, 218 mAh g

-1
 and 114 mAh g

-1
 at the 100

th
 cycle for V5G10, V5G5 and V5G3, 

respectively. 

The rate performance of the composite films with varying V2O5 content was also 

evaluated and is shown in Figure 7.9c. At lower current densities, i.e., 50, 100, and 200 

mA g
-1

, the V5G5 film with the smallest graphene content delivered a larger capacity 

than the V5G10 and V3G10 films. The most likely reason for this behavior is that V5G5 

is least affected by the abovementioned barrier effect of graphene on ion transport. At 

higher current densities, such as 500 mA g
-1

 and 750 mA g
-1

, the conductivity of the 

samples becomes crucial to the performance. V3G10, the most conductive sample, can 

deliver a discharge capacity of 189 mAh g
-1

 at current density of 750 mA g
-1

, compared 

to 112 mAh g
-1

 for V5G10 and 48 mAh g
-1

 for V5G5. When the current density was 

decreased again to 50 mA g
-1

, the original capacity was largely recovered. These results 

demonstrate the importance of optimizing the composition of these composite cathodes 

depending on the expected power requirements of the battery.  
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Figure 7.9 Charge-discharge curves (a), cycling performance (b) and rate performance (c) of composite 

film cathodes. Current densities are noted above the data points in (c). 
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7.4 Conclusions 

The simple vacuum filtration method proved to be a convenient process for preparing 

free-standing, flexible V2O5/GS composite films suitable as binder-free electrodes in 

lithium ion batteries for flexible devices. The use of a surfactant in the synthesis mixture 

facilitated good dispersion of the two nanoparticle components in the composite films. 

Thermal annealing was necessary to increase the electrical conductivity of the composite 

films. The electrical conductivity also increased with higher graphene content. The 

integrated composite structure, composed of flatly-aligned, crystalline V2O5 nanowires 

embedded within stacks of graphene sheets, endowed the films with excellent 

lithiation/delithiation properties, good cyclability, and, depending on the relative 

V2O5:GS content, high specific capacity and/or high rate capabilities. Composite films 

with a higher content of active material (75.8 wt% V2O5) delivered an initial discharge 

capacity of 283 mAh g
-1

 and a reversible capacity of 252 mAh g
-1

, and films with a 

higher graphene content (42.8 wt% V2O5) delivered an appreciable capacity of 189 mAh 

g
-1

 at high current density of 750 mA g
-1

. Because the V2O5:GS ratio can be easily 

adjusted during the film synthesis, it can be optimized for specific rate or capacity 

requirements. 

 

 



 

155 

References: 

1. Wang, Y.; Cao, G. Z. Adv. Mater. 2008, 20, 2251-2269. 

2. Ng, S. H.; Wang, J.; Guo, Z. P.; Wang, G. X.; Liu, H. K. Electrochim. Acta 2005, 51, 23-28. 

3. Wang, C. Y.; Li, D.; Too, C. O.; Wallace, G. G. Chem. Mater. 2009, 21, 2604-2606. 

4. Abouimrane, A.; Compton, O. C.; Amine, K.; Nguyen, S. T. J. Phys. Chem. C 2010, 114, 12800-

12804. 

5. Chew, S. Y.; Ng, S. H.; Wang, J. Z.; Novak, P.; Krumeich, F.; Chou, S. L.; Chen, J.; Liu, H. K. 

Carbon 2009, 47, 2976-2983. 

6. Wang, J. Z.; Zhong, C.; Chou, S. L.; Liu, H. K. Electrochem. Commun. 2010, 12, 1467-1470. 

7. Chou, S. L.; Wang, J. Z.; Chew, S. Y.; Liu, H. K.; Dou, S. X. Electrochem. Commun. 2008, 10, 

1724-1727. 

8. Chou, S. L.; Zhao, Y.; Wang, J. Z.; Chen, Z. X.; Liu, H. K.; Dou, S. X. J. Phys. Chem. C 2010, 

114, 15862-15867. 

9. Seng, K. H.; Liu, J.; Guo, Z. P.; Chen, Z. X.; Jia, D. Z.; Liu, H. K. Electrochem. Commun. 2011, 

13, 383-386. 

10. Ban, C. M.; Wu, Z. C.; Gillaspie, D. T.; Chen, L.; Yan, Y. F.; Blackburn, J. L.; Dillon, A. C. Adv. 

Mater. 2010, 22, E145-E149. 

11. Perera, S. D.; Patel, B.; Nijem, N.; Roodenko, K.; Seitz, O.; Ferraris, J. P.; Chabal, Y. J.; Balkus, 

K. J. Adv. Energy Mater. 2011, 1, 936-945. 

12. Whittingham, M. S. Chem. Rev. 2004, 104, 4271-4301. 

13. Sakamoto, J. S.; Dunn, B. J. Electrochem. Soc. 2002, 149, A26-A30. 

14. Mai, L. Q.; Xu, L.; Han, C. H.; Luo, Y. Z.; Zhao, S. Y.; Zhao, Y. L. Nano Lett. 2010, 10, 4750-

4755. 

15. Ren, L.; Cao, M. H.; Shi, S. F.; Hu, C. W. Mater. Res. Bull. 2012, 47, 85-91. 

16. Takahashi, K.; Limmer, S. J.; Wang, Y.; Cao, G. Z. J. Phys. Chem. B 2004, 108, 9795-9800. 

17. Zou, C. W.; Yan, X. D.; Han, J.; Chen, R. Q.; Gao, W. J. Phys. D: Appl. Phys. 2009, 42, 145402. 

18. Zhai, T. Y.; Liu, H. M.; Li, H. Q.; Fang, X. S.; Liao, M. Y.; Li, L.; Zhou, H. S.; Koide, Y.; Bando, 

Y.; Goberg, D. Adv. Mater. 2010, 22, 2547-2552. 

19. Li, G. C.; Pang, S. P.; Jiang, L.; Guo, Z. Y.; Zhang, Z. K. J. Phys. Chem. B 2006, 110, 9383-9386. 

20. Krumeich, F.; Muhr, H. J.; Niederberger, M.; Bieri, F.; Schnyder, B.; Nesper, R. J. Am. Chem. 

Soc. 1999, 121, 8324-8331. 

21. Wang, Y.; Takahashi, K.; Lee, K.; Cao, G. Z. Adv. Funct. Mater. 2006, 16, 1133-1144. 

22. Liu, H. M.; Yang, W. S. Energy Environ. Sci. 2011, 4, 4000-4008. 

23. Rui, X. H.; Zhu, J. X.; Sim, D.; Xu, C.; Zeng, Y.; Hng, H. H.; Lim, T. M.; Yan, Q. Y. Nanoscale 

2011, 3, 4752-4758. 



 

156 

24. Gwon, H.; Kim, H. S.; Lee, K. U.; Seo, D. H.; Park, Y. C.; Lee, Y. S.; Ahn, B. T.; Kang, K. 

Energy Environ. Sci. 2011, 4, 1277-1283. 

25. Hummers, W. S.; Offeman, R. E. J. Am. Chem. Soc. 1958, 80, 1339. 

26. Zu, S. Z.; Han, B. H. J. Phys. Chem. C 2009, 113, 13651-13657. 

27. Lomeda, J. R.; Doyle, C. D.; Kosynkin, D. V.; Hwang, W. F.; Tour, J. M. J. Am. Chem. Soc. 2008, 

130, 16201-16206. 

28. van der Pauw, L. J. Philips Tech. Rev. 1958, 20, 220-224. 

29. Dreyer, D. R.; Park, S.; Bielawski, C. W.; Ruoff, R. S. Chem. Soc. Rev. 2010, 39, 228-240. 

30. Kim, H.; Miura, Y.; Macosko, C. W. Chem. Mater. 2010, 22, 3441-3450. 

31. Kim, H.; Abdala, A. A.; Macosko, C. W. Macromolecules 2010, 43, 6515-6530. 

32. Stauffer, D.; Aharony, A., Introduction to percolation theory. 2nd revised edition. Taylor & 

Francis: London, 2003; p 89. 

 

 



 

157 

Chapter 8   

Ultralight, High-Surface-Area, Multifunctional Graphene 

Aerogels from Self-assembly of Graphene Oxide and Resol 

 

8.1 Introduction 

Graphene consists of two-dimensional, one-atom-thick sheets of sp
2
-hybridized 

carbon atoms and has attracted tremendous interest in a variety of fields, due to its 

outstanding electronic, thermal, and mechanical properties.
1-2

 As such, fabrication of 

graphene into three-dimensional (3D) materials with high surface area and porosity that 

also maintain some of these properties is tremendously attractive to materials chemists 

and greatly desirable in advanced applications, such as absorption and energy storage.  

Aerogels are a class of light-weight, porous solids with large surface areas and pore 

volumes. They have been widely studied in various applications including thermal 

insulation, absorption, and catalysis supports.
3-4

 It was recently found that carbon 

aerogels composed of interconnected graphene sheets can be obtained by simple 

assembly of graphene oxide (GO) nanosheets.
5-13

 Compared to traditional carbon 

aerogels which are typically polymer-derived glassy carbon,
14

 graphene aerogels permit 

the opportunity to achieve ultralow density, high surface area and porosity, combined 

with good conductivity for improved absorption, catalytic, and electrochemical 

performance.
10-11, 15-16

 Bi reported the use of graphene aerogels obtained from 

hydrothermal assembly of GO as absorbent materials with an absorption capacity of 86 

g/g for chloroform, much higher than that obtained with natural products and polymeric 

foams.
17

 The absorption capabilities of the graphene aerogels can be easily restored by a 

simple heat treatment. Zhao prepared N-doped graphene aerogels by hydrothermal 

assembly of GO in the presence of pyrrole, and the product showed improved absorption 

capacity (~480 g/g for chloroform) resulting from its low density (density = 2.1 

mg/cm
3
).

11
 In addition, it also showed a high conductivity of 1200 S/m and superior 

capacitance of 484 F/g due to the N-doped graphene structure. The least dense graphene 
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aerogel up to date, reported by Sun et al., was prepared by assembly of carbon nanotubes 

and giant GO sheets, has a density 0.16 mg/cm
3
, and exhibited a very high absorption 

capacity of 568 g/g for chloroform.
13

 Although the materials are ultralight, the surface 

areas of the above aerogels are all less than 300 m
2
/g, far less than the theoretical value of 

single-layered graphene (2600 m
2
/g). High-surface-area graphene aerogels were obtained 

with resorcinol and formaldehyde to provide crosslinks, the highest reported surface area 

being 763 m
2
/g for these systems, but their densities were all above 10 mg/cm

3
.
6, 18

 Even 

though a number of methods have been reported for the preparation of graphene aerogels, 

it is still challenging to achieve ultralight graphene aerogels (10 mg/cm
3
) with high 

surface areas (> 1000 m
2
/g) and good bulk electrical conductivity (>10 S/m). Tunability 

of the physical properties of graphene aerogels is rarely studied, so it is of great interest 

to explore preparations of ultralight, high-surface-area graphene aerogels with controlled 

properties.  

Here we report the preparation of graphene aerogels with densities as low as 3.2 

mg/cm
3
 and specific areas as high as 1019 m

2
/g from the assembly of graphene oxide and 

a resol-type phenolic resin, and control the properties of the resulting graphene aerogels 

by adjusting the amounts of GO and resol precursor. Use of resol resin as the mediating 

agent for the assembly of GO also offers better control of the shape of the aerogel 

because the volume of the original precursor mixture is nearly retained, and the aerogels 

replicate the interior shape of the reactor. We also propose an adsorption-assembly 

mechanism to explain the gelation mechanism of the GO-resol mixture and the difference 

in textural properties of the aerogels. Due to their highly porous structure, the aerogels 

have outstanding absorbing performance and can absorb hydrocarbons and chloroform up 

to 400 times their weight, which ranks among the best absorbing materials. The aerogels 

also displayed reasonably good electrochemical performance as binderless monolithic 

electrodes for supercapacitors with specific capacitance values of 99 F/g and 80 F/g at 

current densities of 100 mA/g and 2 A/g, respectively.   
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8.2 Experimental  

8.2.1 Synthesis of graphene oxide 

Graphene oxide (GO) was synthesized according to the Hummers method, as reported 

elsewhere.
19-20

 The resulting slurry was centrifuged and washed with 2 M HCl until it 

was SO4
2-

-free. Then the pH of the brown dispersion was adjusted to 5~6 to promote 

exfoliation of GO, and unoxidized graphite impurities were removed by centrifugation at 

4000 rpm. The pH of the resulting supernatant was adjusted back to 3, and the 

supernatant was dialyzed several times in deionized (DI) water until its pH became close 

to 5 and remained unchanged. The dispersion was then diluted to obtain a GO 

concentration of 1 mg/mL.  

8.2.2 Synthesis of phenolic resol resin  

Resol resin was prepared according to a literature procedure.
21

 In a 500 mL flask, 64 

g phenol was melted at 50 °C before 13.6 g 20 wt% NaOH aqueous solution was added 

slowly over a period of 10 min while stirring. An amount of 110.4 g formaldehyde 

solution (37 wt%) was added to the solution dropwise, using an addition funnel. The 

temperature was increased to 70 °C, and the solution was stirred for 60 min. Then, after 

the solution was cooled down to room temperature, it was adjusted to pH 7 with 0.6 M 

HCl solution. After neutralization, water was removed by vacuum treatment at 50 °C 

overnight. Then, 100 mL ethanol was added and sodium chloride was precipitated out of 

the solution. After vacuum filtration, a clear orange solution with 50 wt% of resol was 

obtained. 

8.2.3 Preparation of graphene aerogels 

In a typical synthesis, 15 mL GO dispersion (1 mg/mL) was adjusted to pH 3, and 

then 0.30 g of resol solution (50 wt%) was added while stirring. The mixture was then 

transferred to a 23 mL autoclave with a Teflon liner and hydrothermally treated at 180 °C 

for 24 h. The graphene aerogel with phenolic polymers was obtained after freeze-drying 

of the resulting hydrogel and was denoted as G1P2 aerogel. The graphene aerogel with 

pyrolyzed carbon was obtained after pyrolysis at 900 °C for 2 h in flowing nitrogen and 
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was denoted as G1C2 aerogel. Aerogels with various precursor compositions were also 

prepared, and they were denoted as GxPy aerogels, where x is the concentration of GO 

dispersion in units of mg/mL, and y is the number of aliquots of 0.15 g of resol solution, 

which corresponds to the GxCy aerogel after pyrolysis. Syntheses using only resol 

prepolymers or GO were conducted similarly, and the freeze-dried and pyrolyzed 

products were denoted as PF-HT and PFC, or GO-HT and GS, respectively. 

8.2.4 Characterization  

Scanning electron microscopy (SEM) images were taken using a JEOL 6500 FEG-

SEM with an accelerating voltage of 5 kV. Transmission electron microscopy (TEM) 

images were obtained on a FEI Tecnai T12 microscope using an accelerating voltage of 

120 kV. Samples were sonicated in ethanol and then dropped onto a carbon film 

supported on a Cu grid. X-ray diffraction (XRD) patterns were acquired using a 

PANalytical X-Pert Pro MPD X-ray diffractometer equipped with a Co source (45 kV, 40 

mA, λ = 1.790 Å) and an X-Celerator detector. An alpha 300R confocal Raman 

microscope equipped with a UHTS200 spectrometer and a DV401 CCD detector from 

WITec (Ulm, Germany) was employed to collect Raman spectra. An Ar-ion laser with a 

wavelength of 514.5 nm and a power of 6 mW was used for excitation. The electrical 

conductivities of graphene aerogels were measured via the van der Pauw technique using 

a homemade four-point probe setup.
22

 Each of the four copper wire probes was glued to a 

corner of 1-mm-thick aerogels using colloidal silver paste (Ted Pella, Inc). The 

measurements were carried out on an Arbin battery-testing system after the silver paste 

had dried in air for one day. 

8.2.5 Electrochemical tests 

Galvanostatic charge-discharge measurements were performed with a sandwich-type, 

symmetric cell as shown in Figure 8.10a, in which two 1-mm-thick aerogel blocks were 

used as monolithic electrodes, a porous cellulose filter paper as separator, and strips of Ni 

foam (MTI Corp.) as the current collectors. The cell was sandwiched between plastic 

substrates that were pressed together with a binder clip. The electrolyte was a 6.0 M 

KOH aqueous solution, and the cell was immersed in the electrolyte under static vacuum 
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for two hours. Electrochemical cycling was conducted on an Arbin battery-testing system 

with a voltage range from 0.001 V to 0.8 V.  

8.3 Results and discussion 

8.3.1 Morphologies and structures of G1P2 and G1C2 aerogels 

The process to prepare the graphene aerogels is shown in Figure 8.1. After 

hydrothermal treatment and subsequent drying, the aerogel G1P2 replicated the interior 

shape of the reactor, as indicated by the cylindrical monolith in Figure 8.1c. Pyrolysis of 

the phenolic polymer in the aerogel resulted in a conductive G1C2 graphene aerogel 

without noticeable volume shrinkage. However, when only resol or graphene oxide were 

used as precursors, powdery products were obtained, as seen in Figure 8.1a and 8.1b.  

 

Figure 8.1 Top: Scheme of the synthesis of graphene aerogel. Bottom: (a) PF-HT, (b) GO-HT, (c) G1P2 

and (d) G1C2. 

 

Resol resin is a common precursor for microporous carbon spheres obtained by 

pyrolysis of phenolic polymer spheres that are formed by the condensation and 

crosslinking of resol resin.
23-25

 In our study, PFR microspheres can be observed in the 

SEM image in Figure 8.2a for the sample containing only resol resin during the 

hydrothermal synthesis. Multimodal PFC carbon spheres with diameters ranging from 

submicrometer to several micrometers were obtained after pyrolysis, which resulted in 
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some volume shrinkage, as shown in Figure 8.2b. Under the same hydrothermal 

conditions, graphene oxide undergoes a dehydration process in which a conjugated 

graphene lattice is partially recovered.
26-28

 Although a macroporous structure was formed 

for both GO-HT and GS, as shown in Figure 8.2c and 8.2d, the reduction caused the 

graphene sheets to be restacked and aggregated, which resulted in a powdery product. 

Hydrothermal condensation of resol in the presence of graphene oxide produced a 

monolithic G1P2 aerogel with very open macropores and thin walls composed of 

graphene/phenolic resin nanosheets (Figure 8.2e). From the observation that no spherical 

particles formed when resol and GO were present at the same time, we conclude that 

resol molecules coated the graphene sheets and then underwent a condensation reaction. 

After pyrolysis, the structure of the G1C2 aerogel (Figure 8.2f) was more open compared 

to G1P2 due to the pyrolysis of phenolic polymers. As the structure was maintained by 

the assembled graphene nanosheets, there was no noticeable shrinkage of the structure, in 

contrast to the observed volume shrinkage for PF-HT spheres. Due to the 

abovementioned resin coating, the walls of G1C2 aerogel became thicker than those of 

the GS powders, so in Figure 8.3, the wrinkles of the G1C2 aerogel walls are more 

discernible, compared to the thin sheets present in GS powders.  
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Figure 8.2 SEM images of hydrothermal products before (left) and after (right) pyrolysis. (a) PF-HT, (b) 

PFC, (c) GO-HT, (d) GS, (e) G1P2 and (f) G1C2. Scale bar: 10 µm. 

 

 

Figure 8.3 TEM images of GS (a and b) and G1C2 (c and d). 
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The structure of the carbon products was analyzed by XRD and Raman spectroscopy. 

The PFC sample contained glassy carbon, as revealed by the d002 peak centered around 

25.5° 2θ in Figure 8.4a, which has been reported previously for resol-type carbons.
29-30

 

The peak broadening in this spectrum is due to turbostratic ordering of small graphitic 

grains.
29

 For GS, the d002 peak appeared at a higher 2θ value and was sharper than that of 

the PFC sample, indicating closer packing of large graphene layers. The d002 spacing of 

GS was calculated to be 0.344 nm, very similar to that of graphite (0.335 nm) due to the 

recovery of the graphene structure from GO after pyrolysis. The d002 peak of G1C2 

aerogel was the broadest among all the samples, and its peak value corresponded to 0.354 

nm. In this material, the graphene sheets were in a highly exfoliated state, and the glassy 

carbon from resol pyrolysis was highly dispersed on the graphene sheets.  

All pyrolyzed carbon products displayed two peaks around 1348 cm
-1

 and 1600 cm
-1

 

in Raman spectra (Figure 8.4b), which are characteristic of symmetry breakdown at the 

edge of graphene sheets (D band, 1348 cm
-1

) and the E2g vibrational mode of graphitic 

plane (G band, ~1580-1600 cm
-1

), respectively.
31

 For PFC with a glassy carbon structure, 

the peaks were broad and the ID/IG ratio was 0.96. For GS, although the XRD pattern 

indicated that the stacking of graphene layers was similar to that in graphite, its Raman 

spectrum showed a higher ID/IG ratio of 1.27, consistent with previous reports for 

chemically converted graphene materials.
32-33

 The high ID/IG value of GS indicates that 

the graphene stacks contain a large amount of structural defects introduced during the 

preparation of graphene oxide by intensive oxidation
34

 and subsequent loss of surface 

groups during reduction.
33

 With both GO and resol resin in the precursor, G1C3 showed 

an ID/IG ratio of 1.15, in between those of GS and PFC, indicating the presence of both 

GO-derived and resol-derived carbon.   
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Figure 8.4 XRD patterns (a) and Raman spectra (b) for PFC, GS and G1C2.  

 

8.3.2 Adsorption-assembly mechanism for gel formation 

In order to investigate the mechanism for the self-assembly of GO and resol resin, we 

adjusted the amounts of these two components in the hydrothermal reaction to see how 

their concentrations affect gel formation. The results are summarized in Table 8.1, in 

which x is the concentration of GO in units of mg/mL and y is the number of aliquots of 

75 mg of resol in the mixture. A black slurry was obtained after hydrothermal treatment 

when the amount of resol was reduced to 37.5 mg, which indicated it was inadequate to 

form a strong interconnected network with the G1P0.5 composition. Although a 
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completely gelled network was obtained for G1P1, which could absorb all the water in 

the mixture, for G2P1 with a higher GO concentration, the solid gel was not able to hold 

all the water, which could be an indication of a reduced surface hydrophobicity for the 

nanosheets. Similar behavior was observed for G3P2 and G5P2. For the compositions 

above the diagonal line in Table 8.1, completely gelled networks were obtained.    

 

Table 8.1 The gelation states of hydrothermal products with various amounts of GO and 

resol precursors.* 

x 
y 

0.5 1 2 3 

1 slurry gel gel gel 

2 N/A gel and water gel  gel 

3 N/A N/A gel and water N/A 

5 N/A N/A gel and water N/A 

*: x is the concentration of GO in units of mg/mL and y is the number of aliquots of 75 mg of resol in the 

mixture. 

 

With the above observations, we propose an adsorption-assembly mechanism as 

shown in Figure 8.5 to explain the different behaviors for GO, resol and GO+resol during 

hydrothermal treatment. Under hydrothermal conditions, GO nanosheets undergo a self-

reduction process by losing the oxygenated surface groups,
26-27

 and consequently are 

prone to aggregate due to the large π- π and van der Waals interactions between the 

nanosheets. Resol prepolymers, on the other hand, polymerize and crosslink, eventually 

precipitating out from water and forming spherical nanoparticles to minimize the surface 

energy. The nanoparticles aggregate into micrometer-sized particles due to further aging 

under hydrothermal conditions. When both GO and resol are present in the mixture, due 

to the large surface area of GO nanosheets, resol is adsorbed on the GO surface and 

forms hydrogen bonds with GO. The coated GO sheets have a relatively hydrophilic 

surface even after self-reduction under hydrothermal conditions. Meanwhile, 

polymerization and crosslinking of resol prepolymers take place on the GO surface. This 
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drives the formation of an interconnected network of nanosheets because of crosslinking 

reactions at the interface between overlapping sheets. Due to the exfoliated morphology 

of the nanosheets and their large hydroxyl-rich surfaces, a hydrogel is formed which 

holds all the water present in the mixture.  

 

Figure 8.5 A scheme of the adsorption-assembly mechanism for the formation of graphene aerogels with 

resol resin. 

 

According to the proposed mechanism, resol prepolymers help to prevent the stacking 

of GO nanosheets and promote the formation of a 3D network. So, compared to G1P1, 

reducing the amount of resol prepolymers to G1P0.5 prevents the full coverage of GO 

surfaces and effective linking between overlapping sheets. Similarly, increasing the 

amount of GO to G2P1 also results in insufficient coverage of GO, so the exposed 

surfaces undergo self-dehydration and restack. Since the concentration of nanosheets is 

increased, an interconnected network can still be formed, but the hydrogel cannot hold all 

the water because of the reduction in hydroxyl-rich surfaces. The proposed adsorption-

assembly mechanism is also consistent with the SEM observations. The SEM image of 

G1P1 shows a grainy topology (Figure 8.6a), indicating incomplete surface coverage. 

Such a patchy coating behavior was not observed for G1P2 (Figure 8.6b), indicating 

almost complete surface coverage in that sample.  
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Figure 8.6 SEM images of G1P1 (a) and G1P2 (b). Scale bar: 100 nm. 

 

8.3.3 Morphology and properties of GxCy graphene aerogels 

All the GxCy graphene aerogels showed a similar foam-like morphology (Figure 8.7). 

With the least amount of precursors, G1C1 showed the largest macropores and a very 

open structure, With an increasing amount of resol precursor (from Figure 8.7a to 8.7c), 

the structure became denser with smaller macropores, which could be due to more 

exfoliation of graphene sheets facilitated by the increased amount of resol precursors, 

according to the proposed mechanism. Comparing Figure 8.7b, 8.7c, and 8.7d, with 

increased GO concentration, the resulting aerogels also became much denser, because of 

the higher concentration of nanosheets present in the structure.  
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Figure 8.7 SEM images of graphene aerogels with different precursor compositions. (a) G1C1, (b) G1C2, 

(c) G1C3, (d) G2C2, (e) G3C2. Scale bar: 10 µm. 

 

The density, textural properties, and bulk conductivity of the GxCy graphene aerogels 

are summarized in Table 8.2. All the aerogels can be classified as ultralight materials 

since they have densities less than 10 mg/cm
3
. The G1C1 aerogel, which was obtained 

from the least amount of precursor, has a density of 3.2 mg/cm
3
, the lightest among all 

synthesized samples and one of the lightest graphene aerogels that have been reported.  
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The nitrogen-sorption isotherms of graphene aerogels have Type IV adsorption 

hysteresis loops (Figure 8.8), which indicate the presence of mesoporosity. Since the 

proposed mechanism relies on surface adsorption of resol prepolymers, the mesoporosity 

is believed to result from the aging of the PF polymer, forming textural mesopores. The 

mesopores can be seen from the TEM image in Figure 8.9 as the randomly distributed 

bright spots. When the GO concentration was fixed at 1 mg/mL, more resol prepolymers 

in the precursor resulted in an increase of BET surface area, and a decrease of pore 

volume and pore radius. Interestingly, when the amount of resol was fixed at 0.15 g, a 

higher concentration of GO dispersion resulted in the opposite trends for the above 

textural properties. This can be explained by the adsorption-assembly mechanism. Resol 

prepolymers adsorbed on the GO surface forms a very thin layer of phenol-formaldehyde 

polymers, which is subsequently converted to a very thin layer of high-surface-area 

carbon coated on the large graphene surface, and the surface porosity is affected by the 

density of condensed phenolic polymers. Therefore a higher resol:GO ratio in the 

precursor resulted in a higher surface area, as well as smaller pore volume and average 

pore radius. 

Table 8.2 Physical properties of GxCy aerogels. 

Sample 
Density

1
 

(mg/cm
3
) 

SBET
2
 

(m
2
/g) 

Vtotal
2
 

(cm
3
/g) 

Pore 

radius
2
 

(nm) 

Conductivity
3
 

(S/m) 

G1C1 3.2 640 2.92 9.14 6.15 

G1C2 6.0 872 2.54 5.83 6.56 

G1C3 7.9 1019 1.56 3.13 13.1 

G2C2 7.2 577 1.97 6.82 8.31 

G3C2 8.4 352 1.34 7.63 10 

1. The density was determined by the weighed mass of aerogel divided by the measured 

volume. 

2. The BET specific surface area, pore volume, and average pore radius were determined 

from N2 sorption analysis. 

3. The conductivity was measured by the van der Pauw method.
 22

 

 



 

171 

 

Figure 8.8 N2 sorption isotherms of G1Cy (a) and GxC2 (b) aerogels. The isotherm of PFC is shown for 

comparison. 

 

Figure 8.9 TEM image of G1C3 showing the surface texture and porosity. 
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8.3.4 Absorption performance of the graphene aerogels 

Aerogels have a macroporous structure with open pores and large pore volumes, and 

these properties endow aerogels with good absorbing properties. The graphene aerogels 

prepared in this study have densities as low as 3.2 mg/cm
3
, so 99.8% of the aerogel can 

be filled with air (assuming the carbon density is 2.0 g/cm
3
), which is of great advantage 

for absorption applications. To evaluate the absorption capability of the aerogels, we cut 

a block of G1C1 aerogels with a volume of 0.8 cm
3
 and then immersed it into a container 

with red-dyed dodecane floating on water. The mass of dodecane was 150 times the mass 

of the aerogel, and within 2 s, all the dodecane was absorbed into the aerogel. The 

absorbing ability for different solvents was also tested by immersing an aerogel block 

into each solvent for at least 10 minutes. The solvent-filled aerogels were taken out, 

wiped gently, and then weighed. The absorption capacities were calculated as the ratio of 

the mass of absorbed organic solvent to the mass of aerogel (MOS/MAG) or the ratio of the 

volume of the absorbed organic solvent to the mass of aerogel (VOS/MAG). The results are 

summarized in Table 8.3. It is worth noting that the weight-based absorption capacity 

was greatly affected by the density of the solvent, so volume-based absorption capacity 

was also calculated to obtain information on solvent wettability. As can be seen from 

Table 8.3, the aerogels can absorb organic solvents with 200–400 times their original 

mass, depending on the density of the solvents. These values are much higher than for 

polymeric foams (5−25 g/g) and other high-density graphene aerogels (< 200 g/g).
9, 17

 It 

is also interesting to see that the volume-based capacity for toluene and nitrobenzene is 

higher than that for dodecane and chloroform, because the aromatic solvents have higher 

affinity for grapheme aerogels and wet them better than the aliphatic solvents. The high 

VOS/MAG value of pump oil is due to the fact that its high viscosity slowed down the 

effluence when the aerogel was taken out of the solvent. 
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Table 8.3 Absorption capacities of G1C1 aerogel for organic solvents. 

Organic solvent 
Density of solvent 

(g/mL) 

Absorption capacity  

MOS/MAG (g/g) VOS/MAG (mL/g) 

Dodecane 0.749 216 288 

Chloroform 1.483 400 270 

Toluene 0.866 279 322 

Nitrobenzene 1.205 370 307 

Pump oil 0.87 273 314 

8.3.5 Electrochemical performance of graphene aerogels 

The interconnected porosity and conductivity of the aerogels are also preferred in 

electrochemical applications, such as electrode materials for supercapacitors or batteries. 

Electrochemical cells can be assembled with pieces of aerogels cut from the original 

monoliths. As illustrated in Figure 8.10, two 1-mm-thick aerogel pieces were assembled 

into a symmetric supercapacitor cell with cellulose paper as the separator and nickel foam 

as current collectors. The assembly was secured with a binder clip so that the aerogel and 

the current collector were in close contact. A capacitance of 99 F/g was achieved at a 

current density of 100 mA/g, and gradually the capacitance dropped to 93 F/g after 10 

cycles. The capacitance decreased to 80 F/g at the higher current density of 2 A/g. The 

capacitance of our aerogels is lower than that of previously synthesized aerogels,
11, 15, 18, 

35
 and one reason is that we used a monolithic electrode, with no added polymeric binder 

or conductive additive. The other reason is that during the assembly of the cell, the 

structure of the aerogel was damaged when pressurized by the binder clip. It is speculated 

that some pieces of graphene sheets lost contact with the conductive matrix and thus 

failed to contribute to the capacitance. Still, the capacitance drop from 200 mA/g to 2 A/g 

was only 10%, which is similar or better than previous reports,
18, 35

 and after returning to 

200 mA/g, the capacitance recovered to 89 F/g, indicating high capacitance retention and 

good stability after about 10 cycles. 
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Figure 8.10 (a) Scheme of the assembled supercapacitor cell. (b) The capacitance of the G1C3 aerogel at 

various current densities. 

 

8.4 Conclusions 

We have demonstrated the preparation of ultralight graphene aerogels with high 

surface areas and porosity, good conductivity, and well-defined bulk shape by assembly 

of graphene oxide and resol-type phenolic prepolymers. The properties of the aerogels 

can be easily controlled by adjusting the amount of GO and resol in the precursor 

mixture, and aerogels with a density as low as 3.2 mg/cm
3
 (G1C1) or a surface area as 

high as 1018 m
2
/g (G1C3) could be prepared. Based on the observed structures and 

properties of the aerogels, we have proposed an adsorption-assembly mechanism for the 
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assembly of GO nanosheets and resol prepolymers under hydrothermal conditions. Due 

to the high porosity, the G1C1 aerogel showed quick absorption rates for organic solvents 

as well as high absorption efficiencies by absorbing chloroform as high as 400 times of 

its weight. The aerogels also displayed good conductivity and good supercapacitive 

performance as binderless monolithic electrodes with a capacitance of 99 F/g at 100 

mA/g. 
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Chapter 9  

Summary and Outlook 

 

9.1 Summary of Thesis 

9.1.1 PU-VMT nanocomposites 

Organically modified vermiculites were demonstrated to improve the mechanical and 

barrier performance of polyurethane elastomers. Vermiculites were first dispersed in 

polyols and the nanocomposites were synthesized by the industrially friendly in situ 

intercalative polymerization method. The better compatibility between organovermiculite 

and polyols resulted in significant swelling, and in one polyol with EO-tips and PO-

central blocks, the d-spacing of CTA-VMT was increased from 2.6 nm to 9.2 nm due to 

intercalation by the polyol. Highly intercalated and partially exfoliated clay platelets were 

observed in the PU composites with CTA-VMT, in contrast to the large clay particles in 

the composites with pristine VMT. Better clay dispersion resulted in more improved 

mechanical and barrier performance for PU_CTA-VMT compared to composites with 

pristine VMT.  

A prepolymer route was employed to achieve vermiculite exfoliation by maintaining 

a highly intercalated/swelled clay structure in the polyol dispersion. The clay structure 

shrinkage in a conventional route from the polyol dispersion to the PU composites has 

been attributed to the disruption of an interlayer polyol lamellar phase by BDO. Due to the 

better clay exfoliation achieved by the prepolymer route, the barrier performance of the 

nanocomposite was improved compared to the nanocomposite obtained by the 

conventional route. However, the clay exfoliation was observed to disrupt the phase 

separation of the PU matrix by the prepolymer route. A catalyst-clay modification was 

then developed to achieve clay exfoliation by the conventional route. Two organic 

modifiers with tertiary amine catalytic sites and long alkyl chains were synthesized to 

modify VMT. Modifiers containing hydroxyl groups in addition to the tertiary amine sites 
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enhanced the interactions between clay particles and the polyol. The better clay exfoliation 

in the composites with catalyst-modified VMT is attributed to the intra-gallery catalysis, 

which provides the driving force to facilitate clay exfoliation. The microphase-separated 

structure of the PU matrix remained relatively unchanged after the addition of clay. A PU 

composite with 5.3 wt% loading of Q50-VMT showed a 390% increase in tensile modulus 

at 25 °C and a 40% reduction in CO2 permeability. 

Although vermiculites have stronger electrostatic interactions between clay sheets 

and thus could be harder to exfoliate than the commonly-used montmorillonites, our 

research shows that the interlayer interaction in vermiculites can be mitigated by suitable 

organic modification and good swelling by polyols. Intragallery catalysis can also be 

adopted to further improve the clay dispersion in polymer matrices. Due to the facile 

organic modification and significant property enhancement in polyurethane 

nanocomposites, naturally abundant vermiculites are demonstrated to be a new class of 

low-cost, promising filler materials for polymer nanocomposites. 

9.1.2 Thermoset toughening with small loadings of graphene 

An impressive toughening effect has been observed with less than 0.1 wt% graphene 

materials in epoxies. A toughness peak at loadings as small as 0.02 wt% or 0.04 wt% was 

displayed for all four types of graphene under this study. We have proposed a 

microcrack-crazing mechanism to explain the fracture results based on the SEM 

observations. Due to the stress concentration by graphene nanosheets, microcracks may 

be formed to absorb the fracture energy, similar to the crazing behavior. However, above 

a certain graphene concentration, the coalescence of microcracks may facilitate crack 

propagation, lowering the K1C value. Crack pinning and deflection could contribute to the 

slow increase in K1C at higher loadings. We also developed a facile method to modify GO 

with amine-terminated poly(butadiene-acrylonitrile) (ATBN), aiming to improve the 

dispersion in epoxy and increase the interfacial strength. An epoxy nanocomposite with 

modified GO showed a 52% improvement in K1C and a 140 % improvement in G1C at 

0.04 wt% of graphene loading, ascribed to the covalently-bonded strong interface. 
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The toughening effect of unsaturated polyesters (UPs) by GO was investigated. GO 

was modified with oleylamine and methacryloyl chloride to improve the compatibility 

with UP resin and the interfacial strength with UP polymer. The C=C groups on modified 

GO can be covalently bonded to the UP matrix during the radical curing process, 

improving the adhesion between GO and the UP matrix. The modification improved the 

graphene dispersion in the final composites. A much rougher surface was observed in 

fractographs of UP composites with modified GO than those with unmodified GO. A 

higher toughening effect was observed for modified GO, which is attributed to the better 

dispersion of modified GO and strong UP-graphene interfaces.  

The improvement in fracture properties of the epoxy or UP thermosets at small 

loading levels provides an opportunity to use graphene materials economically to achieve 

an optimized performance. 

9.1.3 Self-assembly of macroscopic graphene nanostructures 

Free-standing, flexible V2O5/GS composite films have been prepared by a vacuum-

directed filtration method, which allows easy control over the V2O5/GS ratio in the 

obtained films. V2O5/GS films displayed an integrated structure, composed of flatly-

aligned, crystalline V2O5 nanowires embedded within stacks of graphene sheets. Due to 

the presence of the surfactant and residual surface groups on graphene, it was necessary 

to carry out thermal annealing to increase the electrical conductivity of the composite 

films. The electrical conductivity also increased with higher graphene content. The 

obtained films are suitable as binder-free electrodes in lithium ion batteries. The 

composite films showed excellent lithiation/delithiation properties and good cyclability. 

Composite films with a higher content of active material (75.8 wt% V2O5) delivered an 

initial discharge capacity of 283 mAh g
-1

 and a reversible capacity of 252 mAh g
-1

, and 

films with a higher graphene content (42.8 wt% V2O5) delivered an appreciable capacity 

of 189 mAh g
-1

 at high current density of 750 mA g
-1

. Because the V2O5:GS ratio can be 

easily adjusted during the film synthesis, it can be optimized for specific rate or capacity 

requirements. 
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The self-assembly between graphene oxide nanosheets and resol-type phenolic 

prepolymers was investigated. After freeze-drying and subsequent pyrolysis of the 

assembled hydrogels, ultralight graphene aerogels with high surface areas and porosity, 

good conductivity, and well-defined bulk shape were obtained. By adjusting the amount 

of GO and resol in the precursor mixture, aerogels with a density as low as 3.2 mg/cm
3
 or 

a surface area as high as 1019 m
2
/g could be prepared. It is proposed that resol molecules 

are first adsorbed on the surface of GO nanosheets, and then the surface-coated 

nanosheets are crosslinked by the polymerization of resol prepolymers. The adsorption 

performance was evaluated for the aerogel with the lowest density. Due to the high 

porosity, the aerogel displayed fast adsorption rates for organic solvents as well as high 

adsorption efficiencies. The high conductivity of the aerogels permits good performance 

as binderless monolithic electrodes for supercapacitors. 

9.2 Outlook 

9.2.1 Polymer-clay nanocomposites (PCN) 

One advantage for developing polymer-clay nanocomposites is that the technology 

can be immediately applied to practical applications. Even though a universal property 

enhancement can be observed in almost all engineering polymers, only a few lead to real 

applications. The pioneering work in nylon-6/clay nanocomposites resulted in the first 

commercialization of PCN technology, followed by the use of polyolefin/clay in 

automotive components and polyethylene terephthalate/clay in barrier beverage bottle 

applications. One drawback of quaternary alkylammonium modified clays is their low 

thermal stability, as they start to degrade at temperatures as low as 170 °C. Quaternary 

phosphonium ions are more thermally stable, but they are too expensive for commercial 

use. Another challenge is to exfoliate clay in thermosetting engineering polymers. The 

intercalation of clay with monomers for thermosets can affect the cross-linking reaction 

of polymers, which could have adverse effect on the final properties of engineering 

polymers. Therefore, it is necessary to develop suitable clay modifications to facilitate the 

clay exfoliation and also covalently bond to the matrix during the polymerization. In 

summary, low cost, thermally stable, functional organomodifiers should be developed to 
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expand the applicable temperature range for polymer-clay processing, as well as to 

ensure a better adhesion between polymer and clay in the final composite. 

The significant swelling of clay by the EO-tipped polyol with PO-central blocks is 

very interesting, as clay nanosheets have weak interactions and are thus prone to 

exfoliation. We have demonstrated in another publication that EO-tipped polyol can 

assist clay exfoliation in rigid PUs. It would be interesting to see if clay can be also 

greatly swelled in EO-tipped diamine or other functional monomers similar to the polyol 

we used. It would also be interesting to see if other 2D nanosheets can be produced from 

significantly swelled polyol dispersions, such as layered zeolites, or double layered 

hydroxides.  

9.2.2 Polymer-graphene nanocomposites 

Because currently the cost of graphene is still a hurdle for commercialization, 

performance improvements at low loadings shown here are particularly interesting. One 

remaining question is why the epoxy-graphene system displays the peak of K1C at 0.02 

wt% or 0.04 wt% graphene loading, but the UP-graphene system does not. We have 

proposed a mechanism to explain the fracture behavior in epoxy, but apparently it does 

not apply to the more rigid and brittle UP system. Of course, the fundamental difference 

in molecular structure and polymerization reactions can be the reason, so a more 

mechanistic study should be carried out to better understand the interactions between 

graphene and the polymer matrix during the fracture process. Optical or transmission 

electron microscopy images of the partially cracked sample could be used to verify the 

microvoid formation at the crack tip and the stress localization by graphene fillers. Also, 

useful information about the graphene-polymer interactions may be obtained by 

investigating the effects of graphene-matrix interfacial strength on fracture toughness 

using pristine, medium-, and heavily-functionalized graphenes. Therefore it is of great 

help to develop facile and reliable functionalization methods to provide controllable 

functionalization density on the graphene surface. In terms of performance, the maximum 

K1C value at the low loading levels may never reach the value required for practical 
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applications, so it may be worthwhile to pursue the synergistic toughening effect of 

graphene with liquid rubers, thermoplastics, or glass fibers. 

9.2.3 Macroscopic graphene nanostructures 

The assembly of graphene nanosheets into macroscopic multifunctional materials is 

essential for the utilization of their good properties. Similar to other studies on graphene-

paper-based composite electrode materials, only the electrode performance was 

evaluated. It is interesting to explore the fabrication of a whole flexible battery cell. 

Therefore for our V2O5/graphene paper, a lithiated graphene paper will be suitable as the 

anode. Because V2O5/graphene paper can also be used as supercapacitor electrode 

materials, a symmetric cell can be fabricated with two composite papers. It is necessary 

to use a solid state electrolyte, such as PEO/LiClO4, or ion gel membranes for both 

battery and supercapacitor cells. It will be crucial for the electrode to maintain an 

integrated structure for flexible devices; therefore, the electrode or cell performance 

under bent conditions needs to be studied and optimized for practical applications. 

The high electrical conductivity, ultralow density, and high surface area of the 

graphene aerogels have benefited their absorption and energy storage applications. One 

challenge is to improve the accessibility of the graphene surface in a structure with a very 

high surface area and a very low density, while maintaining reasonable conductivity. The 

assembly process needs to be better controlled to achieve full utilization of graphene 

properties in 3D aerogels. Although there are quite a few reports on the preparation of 

graphene aerogels, the synthetic routes are definitely not fully explored and optimized. 

Most studies focus on the preparation and properties of as-prepared 3D structure, but it is 

still a challenge to employ these novel 3D structures in practical functional devices. Also, 

chemical functionalization and supramolecular engineering of the macroscopic structures 

may improve their performance even further.  
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Appendix 

Mechanical Properties of Epoxy-Graphene Nanocomposites 

Table A-1. Mechanical properties of epoxy-graphene nanocomposites 

Sample Graphene 

loading  

/ wt% 

Young’s  

modulus  

(E) / GPa 

Tensile  

strength  

(σ) / MPa 

Fracture  

toughness  

(K1C)/MPa m
0.5

 

Fracture  

energy  

(G1C) / J m
-2

 

Neat epoxy 0 2.57±0.02 69.8±2.3 0.97±0.08 329.1+54.5 

EPJ_GS1 0.01 2.62±0.02 68.7±0.5 1.08±0.06 394.7±47.2 

0.02 2.57±0.03 67.3±1.5 1.31±0.11 595.0±98.9 

0.03 2.52±0.02 64.8±0.3 1.11±0.08 436.8±64.1 

0.04 2.48±0.04 64.3±0.5 1.08±0.13 426.6±110.2 

0.08 2.60±0.05 68.5±0.3 1.16±0.06 455.8±51.2 

0.16 2.53±0.02 68.4±0.4 1.22±0.08 519.1±66.6 

0.30 2.56±0.04 64.6±0.2 1.26±0.04 546.3±33.2 

EPJ_GS2 0.02 2.57±0.01 64.4±0.5 1.31±0.10 592.6±91.0 

0.04 2.52±0.03 61.0±1.4 1.32±0.10 611.7±91.3 

0.087 2.63±0.02 65.8±0.7 0.98±0.05 323.7±31.2 

0.16 2.47±0.02 65.4±0.9 0.99±0.06 354.0±47.5 

0.30 2.61±0.01 60.5±0.9 1.04±0.07 365.1±47.0 

EPJ_GO 0.02 2.60±0.01 65.7±0.6 1.07±0.14 397.0±104.1 

0.04 2.52±0.02 61.9±0.6 1.40±0.06 685.4±60.3 

0.08 2.48±0.01 62.5±1.8 1.28±0.06 553.9±51.9 

0.16 2.61±0.03 61.6±1.0 1.38±0.05 646.2±49.3 

0.32 2.61±0.02 62.3±0.3 1.41±0.13 682.1±127.1 

EPJ_GA 0.02 2.61±0.02 62.1±1.5 1.37±0.08 635.3±71.3 

0.04 2.60±0.01 62.5±0.8 1.52±0.10 789.5±107.5 

0.08 2.69±0.03 61.9±0.7 1.29±0.07 551.1±60.5 

0.16 2.71±0.02 62.8±0.4 1.24±0.05 506.1±38.0 

 


